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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—37th ANNUAL 
CONVENTION, PHILADELPHIA, OCTOBER 15-21, 1955 


OR the purposes of record and for the benefit of members who 
Rye. not in attendance at the Thirty-Seventh Annual Conven- 
tion of the Society, held in Philadelphia, October 15-21, 1955, the 
Programs of the Technical Papers and Educational Lectures together 
with the Reports of Officers for 1955 are herewith published in full. 


ASM Seminar on Theory of Alloy Phases 


Saturday, October 15 
Crystal Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Presiding Officer 
E. R. Jette, Los Alamos Scientific Laboratory, 
University of California, Los Alamos, New Mexico 

Bonding Forces in Solids, by Fred Seitz, University of Illinois, Urbana, Illinois 
Band Theory of Bonding in Metals, by J. C. Slater, Massachusetts Institute of 

Technology, Cambridge, Mass. 
Density of States as Determined by Soft X-Ray Spectroscopy, by C. H. Shaw, 

Ohio State University, Columbus, Ohio 


Crystal Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Presiding Officer 
T. Read, Jr., Bell Telephone Laboratories, Murray Hill, New Jersey 

Intermediate Phases and Electronic Structure, by TY. Massalski, University of 

Chicago, Chicago 
Crystal Structure and Atomic Size, by F. Laves, Polytechnic Technical Institute, 

Zurich, Switzerland 
Bonding Forces in Alkali Metals, by Dr. H. Brooks, Cruft Laboratory, Harvard 

University, Cambridge, Mass. 


Crystal Ballroom, Benjamin Franklin Hotel—8&:00 P.M. 
Presiding Officer . 
C.S. Barrett, University of Chicago, Chicago, Illinois 


The Electronic Structure of Metals and Alloys, by L. Pauling, California Institute 
of Technology, Pasadena, California 


Sunday, October 16 
Crystal Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Presiding Officer 
J. C. Fisher, General Electric Company, Research Laboratory, 
Schenectady, New York 
Intermediate Phases in Alloys of the Transition Elements, by Pol Duwez, California 
Institute of Technology, Pasadena, California 
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Ferromagnetism, Antiferromagnetism and Crystal Structure, by Clarence Zener, 
Westinghouse Research Laboratory, East Pittsburgh, Pa. 

Atomic and Magnetic Ordering in Intermediate Phases, by ]. S. Kasper, General 
Electric Company, Schenectady, New York 


Crystal Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Presiding Officer 
R. Maddin, University of Pennsylvania, Philadelphia, Pa. 
Atomic Moments of Transition Elements in Solid Solution Alloys, by C. Shull, 
Brookhaven National Laboratory, Long Island, New York 
Solid Solutions and Ordering, by B. L. Averbach, Massachusetts Institute of 
Technology, Cambridge, Mass. 
Alloy Phase Diagrams, by G. V. Raynor, Birmingham University, Birmingham, 
England 


Technical Program of the American Society for Metals 


Monday, October 17 
Crystal Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Titanium 
Presiding Officers 
W. L. Finlay, Rem-Cru Titanium, Inc., Midland, Pa. 
P. D. Frost, Battelle Memorial Institute, Columbus, Ohio 
Rate of Diffusion of Carbon in Alpha and Beta Titanium, by F. C. Wagner, 
E. J. Bucur and M. A. Steinberg, Horizons, Inc., Cleveland, Ohio 
Hydrogen Contamination in Descaling and Acid Pickling of Titanium, by G. A. 
Lenning, C. M. Craighead and R. I. Jaffee, Battelle Memorial Institute, 
Columbus, Ohio 
Mechanical Properties of Ti-Cr-Mo Alloys as Affected by Grain Size and Grain 
Shape, by H. R. Ogden, F. C. Holden and R. I. Jaffee, Nonferrous Physical 
Metallurgy Division, Battelle Memorial Institute, Columbus, Ohio 
Investigation of the Heat Treatabitlity of the 6% Aluminum-4% Vanadium-Titan- 
ium-Base Alloy, by R. G. Sherman and H. D. Kessler, Titanium Metals 
Corp. of America, Henderson, Nevada 


Franklin Room, Benjamin Franklin Hotel—9:30 A.M. 
Mechanical Properties 
Presiding Officers 
J. F. Libsch, Lehigh University, Bethlehem, Pa. 
V. H. Patterson, Climax Molybdenum Co., New York, N. Y. 

Notch Ductile High-Strength Nodular Irons, by G. A. Sandoz, H. F. Bishop and 
W. S. Pellini, Metal Processing Branch Metallurgy Division, Naval Re. 
search Laboratory, Washington, D. C. 

Fatigue and Anistropy in Copper, by M. L. Ebner and W. A. Backofen, Metals 
Processing Lab., Massachusetts Institute of Technology, Cambridge, Mass. 

Influence of Vibration on the Solidification of An Aluminum Alloy, by R. S. 
Richards, Titanium Metals Corporation, Henderson, Nevada and W. 
Rostoker, Supervisor, Armour Research Foundation, Metals Research, 
Chicago 


Conference on Ductile Chromium Metal and Its High Alloys 


(Jointly sponsored by Office of Ordnance Research, U.S. Army and ASM) 
World Wide Research on Ductile Chromium . 

Betsy Ross Room, Benjamin Franklin Hotel—10:30 A.M. 
Presiding Officer { 


J. W. Dawson, Chemical Sciences Division, Office of Ordnance Research, 
U.S. Army, Durham, North Carolina 


Introductory Remarks, by P. N. Gillon, Office of Ordnance Research, U.S. Army, 
Durham, North Carolina 
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Research on Chromium in America, by William J. Kroll, Consulting Metallurgis 
Corvallis, Oregon 

Research on Chromium in Australia, by Henry L. Wain, 
Laboratories, Melbourne, Australia 

Research on Chromium in Europe, by A. H. Sully, The British Steel C 
Research Association, Sheffield, England 


Aeronautical Research 


astings 


Crystal Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Titanium-=Zirconium 
Presiding Officers 
G. W. Birdsall, Reynolds Metals Co., Richmond, Virginia 
J. L. Wyatt, Horizons, Inc., Cleveland, Ohio 
Tensile Properties of Zirconium-Chromium Alloys-Particle-Strengthening Effects, 
by J. H. Keeler, General Electric Co., Schenectady, N. Y. 
Nature and Decomposition Kinetics of Alpha Prime in Titanium-Vanadium Alloys, 
by F. R. Brotzen, Rice Institute, Houston, Texas, E. L. Harmon 
A. R. Troiano, Case Institute of Technology, Cleveland 
Metallography of Tempering of Alpha-Prime in Titanium Alloys, by R. F. 
Domagala, and W. Rostoker, Armour Research Foundation, Chicago 
Progress in the Development of Creep-Resistant Zirconium Alloys, by Walston 
Chubb, Battelle Memorial Institute, Columbus, Ohio 


and 


Conference on Ductile Chromium Metal and Its High Alloys 
Betsy Ross Room, Benjamin Franklin Hotel—2:00 P.M. 
Physical Metallurgy of High Chromium Alloys 
Presiding Officer 
J. H. Holloman, General Electric Research Laboratory, Schenectady, N. Y. 

Influence of Chromium Metal Purity on the Properties of Chromium Alloys, by 
D. J. Maykuth and Robert I. Jaffee, Battelle Memorial Institute, Columbus, 
Ohio 

Solubility of Nitrogen and Oxygen in Solid Chromium, by D. Caplan, M. J. Fraser, 
and A. A. Burr, Rensselear Polytechnic Institute, Troy, N. Y. 

Chromium-Nickel- Nitrogen Ternary Diagram, by E. P. Abrahamson II and N. J. 
Grant, Massachusetts Institute of Technology, Cambridge, Mass. 

Kinetics of the Formation of the Sigma Phase in Chromium-Iron Alloys, by Pol 
Duwez and Howard Martens, California Institute of Technology, Pasadena, 
California 

Volume Change and Evolution of Gases on Heating Electrolytic Chromium, by 


Kenneth A. Moon and George A. Consolazio, Watertown Arsenal, Water- 
town, Mass. 


Panel Discussion on Vacuum-=Melted Metals 
Crystal Ballroom, Benjamin Franklin Hotel—4:30 P.M. 

Ihe discussion started with presentation on current applications of vacuum 
melted metals, particularly antifriction bearings and jet engine components, 
Engineering properties and workability were considered next, with dis 
cussions of statistical data on the ranges of properties obtained from a 
large number of consecutive heats. Other topics dealt with included com- 


parisons of different ingot sizes, properties of bar stock versus forged com- 

i ponents, induction compared with arc melting, control of process variables, 
trends in specifications for vacuum-melted metals and in the melting equip- 
ment. 


| 


Presiding Officer 
W. E. Jones, General Electric Co., Detroit, Michigan 
Panel Members 
F. N. Darmara, Utica Drop Forge & Tool Corp., Utica, N. Y. 
S. G. Demirjian, General Electric Co., West Lynn, Mass. 


W. W. Dyrkacz, Allegheny Ludlum Steel Corp., Wate rvliet, N.Y. 
G. A. Fritzlen, Haynes Stellite Company, Kokomo, Indiana 
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James H. Moore, Vacuum Metals Corp., Syracuse, N. Y. 
James D. Nisbet, Universal-Cyclops Steel Corp., Bridgeville, Pa. 
C. E. Norton, General Motors Corp., Bristol, Conn. 

W. H. Sharp, Pratt & Whitney Aircraft, East Hartford, Conn. 
R. G. Ulrech, Consolidated Vacuum Corp., Rochester, N. Y. 


Crystal Ballroom, Benjamin Franklin Hotel—8&:00 P.M. 
Continuation of panel discussion. 

Tuesday, October 18 

Crystal Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Tempering of Steel 

Presiding Officers 
F. IT. McGuire, Deere and Co., Moline, III. 

P. Payson, Crucible Steel Co. of America, Pittsburgh. 

Some Effects of Silicon on the Mechanical Properties of High Strength Steels, by 
C. H. Shih, B. L. Averbach and Morris Cohen, Massachusetts Institute of 
lechnology, Cambridge, Mass. 

Some Relationships Between Endurance Limit and Torsonial Properties of Steel, by 
S. T. Ross, R. P. Sernka and W. E. Jominy, Chrysler Corporation, Detroit, 
Mich. 

Influence of Molybdenum and Tungsten on Temper Embrittlement, by A. E. Powers, 
General Electric Co., Schenectady, N. Y. 

Hardness of Tempered Martensite in Carbon and Low Alloy Steels, by R. A. 


Grange, Fundamental Research Laboratory, and R. W. Baughman, U. S 
Steel Corp., Kearny, New Jersey 


Franklin Room, Benjamin Franklin Hotel—9:30 A.M. 
Deformation 
Presiding Officers 
N. J. Grant, Massachusetts Institute of Technology, Cambridge, Mass. 
W. D. Manly, Oak Ridge National Laboratory, Oak Ridge, Tenn. 

Deformation of Beryllium Single Crystals at 25 to 500°C., by H. T. Lee, University 
of Pennsylvania, Philadelphia and R. M. Brick, Continental Can Co., 
Inc., Chicago 

Grain Boundary Creep in Aluminum Bicrystals, by F. N. Rhines, W. E. Bond 
and M. A. Kissel, Metals Research Laboratory, Carnegie Institute of 
lechnology, Pittsburgh 

Deformation of Fracture Mechanisms of Polycrystalline Magnesium at Low Tem- 
peratures, by F. E. Hauser, P. R. Landon and J. E. Dorn, University of 
California, Berkeley, California 

Influence of Cold Work on Strength of Steel at Elevated Temperatures, by Paul 
Shahinian, High Temperature Alloys Branch, Metallurgy Division, Naval 
Research Laboratory, Washington, D. C. 


Conference on Ductile Chromium Metal and Its High Alloys 
Betsy Ross Room, Benjamin Franklin Hotel—9:00 A.M. 
Ductile Chromium Metal 
Presiding Officer 
A. B. Kinzel, Union Carbide & Carbon Research Laboratory, New York, N.Y. 
Properties of High Purity Iodide Chromium, by 1. E. Campbell, Battelle Memorial 
Institute, Columbus, Ohio 
First Commercial Plant for Electrowinning Chromium from Trivalent Salt Solutions, 
by M. C. Carosella and J. D. Mattler, Electro Metallurgical Co., Division 
of Union Carbide & Carbon Co., Niagara Falls, N.Y. 
Melting Point of High Purity Chromium, by LeRoy L. Wyman and J. T. Sterling, 
National Bureau of Standards, Washington, D. C. 
Mechanical Properties of Bureau of Mines Chromium, by G. Asai and E. T. Hayes, 
U.S. Bureau of Mines, Albany, Oregon 
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Effects of Impurities on the Ductility of Chromium, by W. H. Smith and A. | 
Sevbolt, General Electric Research Laboratory, Schenectady, N. 


Betsy Ross Room, Benjamin Franklin Hotel—2:00 P.M. 
High Chromium Alloys 
Presiding Officer 
P. Rk. Kosting, Watertown Arsenal, Watertown, Mass. 
Ductility and Toughness of High Chromium Ailoys, by R. W. Fountain and J. L. 
Lamont, Electro Metallurgical Co., Niagara Falls, N.Y. 
Mechanical Properties and Toughness of Chromium-Iron Alloys, by H. Kato and 
E. T. Hayes, U. S. Bureau of Mines, Albany, Oregon 
Some Structures and Properties of the Chromium-Nickel-Nitrogen Ternary Alloys, 
by E. P. Abrahamson II and N. J. Grant, Massachusetts Institute of 
Technology, Cambridge, Mass. 
A Forgeable Chromium-Iron-Based Alloy, by D. P. Moon, H. A. Blank and A. M. 
Hall, Battelle Memorial Institute, Columbus, Ohio 
Metallography of Chromium, by W. D. Forgeng and G. T. Motock, Electro 
Metallurgical Company, Niagara Falls, N. Y. 


Crystal Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Steel 
Presiding Officers 
R. D. Chapman, Chrysler Corp., Detroit, Mich. 
A. R. Troiano, Case Institute of Technology, Cleveland, Ohio 

Inhibition by Nitrogen of Graphitization in Steel, by G. V. Smith, Cornell University 

and B. W. Royle, American Steel & Wire Div., U.S. Steel Corp., Cleveland 
An Approach to the Study of the Effect of Rare-Earth Additions to Steel by Use of 

Radioactive Tracer Techniques, by C. S. DuMont and J. E. Gates, Battelle 

Memorial Institute, Columbus, Ohio, and C. N. Henderson, Mallinckrodt 

Chemical Works, St. Louis 
Optimum Boron Content for Hardenability, by J. C. Shyne, E. R. Morgan and 

D. N. Frey, Ford Motor Company, Dearborn, Mich. 
On Banding in Steel, by C. Jatezak, D. J. Girardi and E. S. Rowland, The Timken 

Roller Bearing Co., Canton, Ohio 


Furnaces, Combustion Equipment and Induction Heating 
Ballroom, Convention Hall—2:00 P.M. 
Presented by the Industrial Heating Equipment Association 
Under the Auspices of the American Society for Metals 
Presiding Officer 
Alfred E. Tarr, Leeds and Northrup Co., Philadelphia 
Vacuum Melting By Induction and Arc, by Frank Chestnut, Ajax Electrothermic 
Corp., Trenton, N. J. 
Batch-Type Strip Annealing Furnaces— Multiple and Single Stack, by Fred 
Olmstead, Lee Wilson Engineering Co., Cleveland 
Combustion Systems in Steel Mills, by Fred Bloom, Bloom Engineering Co., 
Pittsburgh 
Wednesday, October 19 
Crystal Ballroom, Benjamin Franklin Hotel—9:00 A.M. 


ASM Annual Meeting 
Edward DeMille Campbell Memorial Lecture 
Walter E. Jominy, Chrysler Corp., Detroit, Chairman 


Low-Carbon Martensites, by Robert H. Aborn, Director of Fundamental Re- 
search Laboratory, U. S. Steel Corp., Kearny, N. J. 
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Crystal Ballroom Benjamin Franklin Hotel—2:00 P.M. 
Steel 
Presiding Officers 
H. S. Avery, American Brakeshoe Co., Mahwah, N. J. 
J. A. Berger, University of Pittsburgh, Pittsburgh, Pa. 

Some Effects of Metal Removal and Heat Treatment on the Surfaces of Hardened 
Steel, by Karl E. Beu, Goodyear Atomic Corp., Portsmouth, Ohio and 
Donald P. Koistinen, Research Laboratories Division, General Motors 
Corp., Detroit 

Effect of Temperature on Delayed Yielding of Mild Steel for Short Loading Duration, 
by Joseph M. Krafft, Naval Research Laboratory, Washington, D. C. 

Effect of Tempering Temperature on Stress Corrosion Cracking and Hydrogen 
Embrittlement of Martensitic Stainless Steels, by P. Lillys and A. E. Nehren- 
berg, Crucible Steel Company of America, Pittsburgh 

Static Fatigue of High Strength Steel, by R.H. Raring, N.A.C.A., Washington, D.C. 
and J. A. Rinebolt, Republic Steel Co., Canton, Ohio 


Betsy Ross Room, Benjamin Franklin Hotel—2:00 P.M. 
Molybdenum-Vanadium-Tantalum 
Presiding Officers 
D. J. McPherson, Armour Research Foundation, Chicago 
G. Timmons, Climax Molybdenum Co., Detroit 

Initiation of Discontinuous Yielding in Ductile Molybdenum, by J. A. Hendrick- 
son, D. S. Wood and D. S. Clark, California Institute of Technology, 
Pasadena, California 

Properties of Vanadium Consolidated by Extrusion, by C. E. Lacy and C. J. 
Beck, Knolls Atomic Power Laboratory, General Electric Co., Schenectady, 
N. Y. 

Mechanical Properties of Vanadium-Base Alloys, by W. Rostoker and A. S. 
Yamamoto, Armour Research Foundation, Chicago, Ill. and R. E. Riley, 
Rem-Cru Titanium Corp., Midland, Pa. 

Rolling Textures in Tantalum, by J]. W. Pugh and W. R. Hibbard, Jr., General 
Electric Co., Schenectady, N. Y. 

Mechanized Heat Treating Equipment 
Ballroom, Convention Hall—2:00 P.M. 

Presented by the Industrial Heating Equipment Association 
Under the Auspices of the American Society for Metals 
Presiding Officer 
Alfred E. Tarr, Leeds and Northrup Co., Philadelphia 

Mechanized Molten Baths, by Leon Rosseau, Ajax Electric Co., Trenton, N. J. 

Mechanized Batch-T ype Furnaces, by Martin Neumeyer, Sunbeam Corp., Chicago 

Mechanized Continuous-T ype Furnaces, by George McCormick, Industrial Heat- 
ing Equipment Co., Detroit 

Metallurgical Aspects Associated With Induction Heating, by Harry Osborn, 
Tocco Division, Ohio Crankshaft Co., Cleveland 

Thursday, October 20 
Crystal Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Stainless Steels 
Presiding Officers 
D. J. Carney, U. S. Steel Corp., Chicago, Ill. 
G. A. Fritzlen, Haynes Stellite Co., Kokomo, Ind. 

Influence of Alloying Elements on the Impact Transition Behavior of 12% Cr Steels 
Aged at 900°F., by E. J. Whittenberger and E. R. Rosenow, U. S. Steel 
Corp., Chicago 

Creep Rupture Properties of Cold Worked Type-347 Stainless Steel, by N. J. Grant, 
A. G. Bucklin and Warren Rowland, Massachusetts Institute of Technology, 
Cambridge, Mass. 
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Notch Ductility of Type-410 (12% Cr) Stainless Steel, by F. A. Brandt, H. F. 
Bishop and W. S. Pellini, Metal Processing Branch, Metallurgy Division, 
Naval Research Laboratory, Washington, D. C. 

Influence of Strain Rate and Temperature on the Ductility of Austenitic Stainless 
Steel, by G. W. Form, Ecole Polytechnique, Montreal, Canada, and W. M. 
Baldwin, Jr., Case Institute of Technology, Cleveland 


Powder Metallurgy in Atomic Energy 
(Jointly Sponsored by U.S. Atomic Energy Commission 
and American Society for Metals) 
Betsy Ross Room, Benjamin Franklin Hotel—9:30 A.M. 
Presiding Officer 
Henry H. Hausner, Manager of Atomic Energy Engineering, 
Sylvania Electric Products, Inc., Bayside, N. Y. 

General Metallurgical Problems in the Design of Nuclear Power Reactors, by 
Vincent P. Calkins, Aircraft Nuclear Propulsion Project, General Electric 
Co., Cincinnati 

Preparation of Metal Powders for Nuclear Reactor Purposes, by Premo Chiotti 
and Harley A. Wilhelm, Institute for Atomic Research, Iowa State College, 
Ames, Iowa 

Latest Developments in the Theory of Sintering, by Leslie L. Seigle and A. Pranatis, 
Fundamental Metallurgy Section, Sylvania Electric Products, Inc., Bayside, 
N. Y. 

Powder Metallurgy of Beryllium and Zirconium, by Harold Hirsch, Knolls Atomi 
Power Lab., General Electric Co., Schenectady, N. Y. 


Crystal Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Stainless Steels 
Presiding Officers 
W. O. Binder, Electro Metallurgical Co., Niagara Falls, N. Y. 
: G. V. Smith, Cornell University, Ithaca, N. Y. 
High Nitrogen Austenitic Cr-Mn Steels, by V. F. Zackay, Scientific Laboratory, 
Ford Motor Co., Dearborn, Mich., J. F. Carlson, Hoskins Mfg. Co., Detroit, 
Mich., and P. L. Jackson, Misco Precision Casting Co., Whitehall, Mich. 


: Effect of Composition and Structure on the Creep Rupture Properties of 18-8 Stain- 
: less Steels, by F. C. Monkman, P. E. Price and N. J. Grant, Massachusetts 
: Institute of Technology, Cambridge, Mass. 


Austenitic Fe-Cr- C-N Stainless Steels, by G. F. Tisinai, J. K. Stanley and C. H. 
Samans, Standard Oil Co. (Indiana), Whiting, Indiana 

Effects of Chemical Composition and Heat Treatment Upon the Microstructure and 
Corrosion Resistance of AISI Types 309 and 310, by D. J. Carney and E. R. 
Rosenow, U. S. Steel Corp., Chicago 


Powder Metallurgy in Atomic Energy 


(Jointly Sponsored by U. S. Atomic Energy Commission 
and the American Society for Metals 


Betsy Ross Room, Benjamin Franklin Hotel—2:00 P.M. 


Alloy Formation By Powder Metallurgy, by Henry A. Saller and Frank Rough, 
Battelle Memorial Institute, Columbus, Ohio 

New Methods of Powder Metallurgy for Nuclear Reactor Purposes, by John H. 
Cooks and W. D. Manly, Oak Ridge National Laboratory, Oak Ridge, Tenn. 

Safe Handling of Pyrophoric and Radioactive Materials, by A. B. Shuck, L. R. 
Kelman, R. C. Goertz and W. D. Wilkinson, Argonne National Laboratory, 
Lemont, III. 

Summary of Recently Disclosed Information on Thorium, Uranium and Special 
Metals for Nuclear Reactors, by Henry H. Hausner, Manager of Atomic 
Energy Engineering, Sylvania Electric Products, Inc., Bayside, N. Y. 
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ASM—LECTURE COURSE 
Tuesday, October 18, 4:30 P.M. 
All Sesstons in Room 200, Convention Hall, Benjamin Franklin Hotel 


Embrittlement Phenomena 
Presiding Officer 
Otto Zmeskal, University of Florida, Gainesville, Fla. 
E-mbrittlement of Metals, by B. R. Queneau, U.S. Steel Corp., Duquesne, Pa. 


Tuesday, October 18, 8:00 P.M. 
Presiding Officer 
C. H. Lorig, Battelle Memorial Institute, Columbus, Ohio 
Temper Embritileness, by B. R. Queneau, U.S. Steel Corp., Duquesne, Pa 


Wednesday, October 19, 4:30 P.M. 
Presiding Officer 
J. Harry Jackson, Battelle Memorial Institute, Columbus, Ohio 
Tempered Martensite Brittleness, by B. R. Queneau, U.S. Steel Corp., Duquesne, Pa. 


Wednesday, October 19, 8:00 P.M. 
Presiding Officer 
James J. Heger, U.S. Steel Corp., Pittsburgh 
Embrittlement of Stainless Steels, by B. R. Queneau, U.S. Steel Corp., Duquesne, Pa. 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Crystal Ballroom, Benjamin Franklin Hotel, 9:00 A.M 
The annual meeting was called to order by President George A. Roberts. 
lhe order of business was: 
1. President's address 
Printed in this volume of TRANSACTIONS, page 9. 
2. Report of the Treasurer 
Printed in this volume of TRANSACTIONS, page 15. 
3. Report of the Secretary 
Printed in this volume of TRANSACTIONS, page 20. 
+. Report of ASM Foundation for Education and Research 
Printed in this volume of TRANSACTIONS, page 31. 
5. Presentation of President’s Medal and Certificate to James B. Austin. 
6. Presentation of Henry Marion Howe Medal to: 
A. E. Nehrenberg and Peter Lillys for their paper entitled, “High 
lemperature Transformations in Ferritic Stainless Steels Containing , 
17 to 25% Chromium” adjudged the paper of highest merit published 
in the ASM TRANSACTIONS in 1954. 
7. Presentation of ASM Teaching Award to: ’ 
Kenneth E. Rose, University of Kansas 
Election of Officers 
lhe report of the election of officers appears on page 35. 
», Campbell Lecture 
Printed in this volume of TRANSACTIONS, beginning on page 51. 
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ANNUAL ADDRESS OF THE PRESIDENT 
GEORGE A. ROBERTs, President 


Thirty-seventh Annual Meeting, Philadelphia, October 19, 1955 


OST people, upon greeting the President of a National Tech- 
M nical Society, and particularly of the American Society for 
Metals, look upen his healthy countenance with surprise and express 
astonishment that one could fare so well physically in the face of 
such an arduous task. They evidently cannot remember that which 
has been so often pointed out to them that this job is not a chore 
but a privilege, an honor, and an experience full of lasting memories. 
| have been particularly fortunate in serving during a year in which 
several special events have taken place, particularly the highly suc- 
cessful Western Metals Congress and the Joint Metallurgical Soci- 
eties Meetings in Europe. In the course of these duties I have trav- 
eled seventy-three thousand seven hundred fifteen miles—enjoy ing 
travel to its fullest, this could not be better. I am only sorry that 
preparations for the Western Metals Congress and other important 
events prevented our National Secretary, William H. Eisenman, 
from being with me on some of my chapter visits. His absence was 
noted, not only by the Chapters but by your President. 

I am sure, although I say this hopefully, that the American 
Society for Metals has continued to further its aims and objectives 
during the year. Three years ago, John Chipman pointed out that 
the communities in which Chapters of the American Society for 
Metals are located have come to regard their Chapter as the fountain 
head of all knowledge on the metallic subjects. Certainly there has 
been no lessening of this aspect, but there has been a heightening of 
others, including an awareness of the many responsibilities of tech 
nical and professional people in providing for proper influx of gradu- 
ates into their profession. The American Society for Metals’ pro- 
gram to encourage this influx of properly qualified people has, after 
many years, been firmly implanted at the local level. We can be 
proud of our individual Chapters for their activities in this regard. 

A report of this scope should probably consider the biggest 
things first. One year ago, at this Meeting, there was presented a 
report entitled ‘“The ASM of Tomorrow.”’ We are now one year into 
this “Tomorrow” and I know that many of you are anxious to learn 
what action your Board of Trustees has taken with regard to the 
five points put forth in that program. Action on two of these points 
is started—indeed was started during the preceding official year. 
Action on a third has just been authorized, but has not been taken 
on the remaining two. 

President Austin referred last year to the appointing of a Site 
Committee (Van Horn, Wilson, Austin, Roberts, Schaefer) to study 
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the matter of improving facilities for the National Office. During the 
year this Committee made a preliminary report to the Board, as a 
result of which additional studies were authorized. These were to 
include on an architectural and an engineering basis 

1.) An urban site 

2.) A suburban site, 
both to be in the metropolitan Cleveland area. It is possible that 
within the next few months final reports of these groups will be 
available for Board consideration. 

Point number two, the Metals Engineering Institute has like- 
wise been started. Under the direction of Anton Brasunas these are 
the correspondence type educational courses, also designed for in- 
plant training and home study. That such course material will also 
serve local Chapters is apparent. 

The Board approved, in principle, the establishment of the 
American Society for Metals Metallurgical Institute (called Sem- 
inars in last year’s report) to cover point three of the program 
entitled “The ASM of Tomorrow.” It is expected that this program 
will be formulated in detail during the coming year. 

So many have asked about the establishment of an American 
Society for Metals Research Laboratory, and an American Society 
for Metals Institution for Higher Learning in Metallurgy, thinking 
that these were accomplished facts or at least approved in principle. 
It is important to note here that absolutely no formal consideration 
of either of these proposals has been given by the Board of Trustees. 
In the original program it was pointed out by the Secretary that 
these were, in his opinion, long range objectives, and were not to be 
initiated in the immediate future. There will be ample time for the 
proper debate regarding the feasibility and advisability of both pro- 
grams. In the meantime, the Site Committee is establishing plans 
for space requirements, based on the currently approved portions 
of our plan. 

During the year, the Board of Trustees held three meetings. 
Your President visited thirty-seven Chapters and participated in 
two Regional Meetings, which included an additional eight Chap- 
ters. Other Trustees visited 26 Chapters and 2 Regional Meetings, 
thus bringing the total to 63 Chapters and 4 Regional Meetings. 

It has often been said that the strength of the American Society 
for Metals lies in the local Chapter, and I am sure that those of us 
who have been privileged to speak to so many Chapters and to dis- 
cuss problems with their Officers are more firmly convinced of this 
than ever. Your comments are not only an inspiration but a stim- 
ulant to the work of those temporarily assigned to tasks at the 
national level. During the year new Charters were granted to the 
following Chapters: 
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Old South (Greenville, S. C.) 
Southern Technical Institute (student group) (Macon, Ga.) 
Quebec (from Montreal) 
Edmonton, and 
Long Island 
bringing the total number to 93. 

Regarding our student chapters the Board considered and ap- 
proved an interpretative change so that any student in the engineer- 
ing department of a school should be privileged to enroll for student 
membership in the ASM, if he desires. 

The Treasurer’s report will make it apparent that the manage- 
ment of your Society has kept adequate controls over the purse 
strings. The incidence of a record year in funds available for appro- 
priation is not, in any sense, a source of embarrassment but a source 
of pride. The incidence of two expositions, Western and National, in 
one year, has contributed to the excellent position. You will note 
that a significant appropriation has been made to the Building Fund. 
It is hoped that within another year there will be sufficient money in 
this Fund to begin a Building or Purchasing Program that will result 
in a headquarters of which we can all be proud. In addition, you 
should note a substantial contribution to the American Society for 
Metals Foundation for Education and Research. 

Following much consideration, the Board of Trustees made, on 
September 1, a significant reduction in its holdings of common 
stocks, bringing the level of these holdings, based on market value, 
from about 48.3 to about 41.9%. The level, based on cost or carrying 
value, is about 31% —a substantially conservative position. 

That we are now about ready to embark upon a program of 
investing these funds in facilities, educational courses, etcetera, is 
proof of the foresight of those who have insisted upon the establish- 
ment of such funds over the years. It is further a cogent argument 
for the retention of exposition functions in the hands of the Tech- 
nical Societies, and for the unqualified support of such technical 
society-managed industrial expositions on the part of industry. 

The Pension Committee of the Society has been active in re- 
viewing the present pension and insurance program for its full-time 
employees. A possible alteration of the program may be recom- 
mended during the coming year. 

I could report to you a continuation of many of our engineering 
educational functions. The program of support in the junior and 
senior high schools; of support at the collegiate and post-graduate 
levels through scholarships; visiting lectureships, and support at the 
vocational level through our active Vocational Education Commit- 
tee continues as in the past. In addition, your President is serving as 
Chairman of a Special Study Group to point out where the several 
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programs on stimulating collegiate enrollment for Engineering need 
to be coordinated and intensified. This group will be particularly 
concerned with Metallurgical Engineering, Mining Engineering, and 
the field of Ceramics. 

During the year, it was felt important to review our entire 
policy with regard to the publication of papers and the programming 
and presentation of these papers and technical reports at our Na- 
tionally Sponsored Congresses. Accordingly, the Board of Trustees 
authorized the appointment of a Committee, under the direction of 
William E. Mahin, to review this entire matter in an effort to stim- 
ulate interest, raise quality, and provide efficiency of service to the 
members. A report from this Committee will be received soon. 

In the Treasurer’s report you may note an appropriation for a 
new service of literature indexing. 

A committee composed of Trustee Walter Crafts, Don Hilty, 
Dan Girardi, Amos Shaler, Mrs. Hyslop and Ernie Thum has studied 
this problem throughout the past year and the Board has approved 
the Committee’s recommendation that the American Society for 
Metals sponsor a pilot operation testing the feasibility and utility of 
the application of computing-type equipment to the indexing and 
correlation of metallurgical literature. The Secretary is prepared to 
expand on the implementation of this aim. 

Your Officers and Trustees, with one exception, attended, upon 
invitation of the European Metallurgical Societies, the Joint Metal- 
lurgical Societies Meetings in Europe during the month of June, 
1955. In the course of this stimulating, though somewhat exhaustive, 
event, we had an opportunity to meet with industrial leaders of 
england, Scotland, Wales, Germany, Belgium, France, Sweden, and 
Italy. Representatives from other countries, principally Spain, 
Switzerland, Yugoslavia, The Netherlands, and Finland were also in 
attendance. Approximately two hundred and fifty Americans who 
attended came away highly impressed with what they saw. In the 
course of these deliberations, Honorary Life Memberships in the 
American Society for Metals were presented, in your behalf, to the 
following: 

Kenneth Headlam-Morley, Secretary, 
British Iron and Steel Institute 
Lt. Col. S. C. Guillan, Secretary, 
British Institute of Metals 
Sir Charles Bruce-Gardner, President, 
British Iron and Steel Institute 
Dr. Maurice Cook, President, 
British Institute of Metals 
Dr. Kurt Thomas, Secretary, 
Verein deutscher Eisenhuttenleute 
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r. Herman Schenck, President, 
Verein deutscher Eisenhuttenleute 
Dr. P. Brenner, President, 
Deutsche Gesellschaft fur Metallkunde 
r. Bernard Trautmann, Secretary, 
Deutsche Gesellschaft fur Metallkunde 
Pierre Coheur, Director, 
Centre National de Recherches Metallurgiques 
lransois Perot, President, 
Centre National de Recherches Metallurgiques 
Raoul de Vitry, President, 
Societe Francaise de Metallurgie 
Eugene DuPuy, Secretary, 
Societe Francaise de Metallurgie 
Dr. Aldo Dacco, President, 
Associazione Italiana di Metallurgia 
Dr. Sancho-Plana, President, 
Spanish Iron and Steel Institute 
Howard Biers, 
Union Carbide and Carbon Corp. 
S. Fornander, 
Jernkontoret, Sweden 

Your President received, in behalf of the Society, honors from 
the British Institute of Metals, The Verein Deutscher Eisenhutten- 
leute, The Societe Francaise de Metallurgie, and The Association of 
engineering Alumni of the University of Liege. In addition, he was 
presented with a Silver Medal of the City of Paris. 

Your Secretary was honored by receiving honorary member- 
ship in The British Iron and Steel Institute, The Deutsche Gesell- 
schaft fur Metallkunde as well as by the French and Belgium groups 
mentioned before. 

We are greatly indebted to all of the members of these host 
Societies who participated with us in this event. 

Further on the international scene, the Board gave final author- 
ization for the Second World Metallurgical Congress to be held in 
Chicago two years from now on November 2-8, 1957, at the time 
of the 1957 National Metals Congress and Exposition. Invitations 
to England, Germany, Belgium, France, Spain, and Italy have 
already been extended. 

Acta METALLURGICA has now completed its third year of oper- 
ation and is expected to be on a nearly self-supporting basis in one 
more year. The net operating deficit for the coming vear is expected 
to be only Ten Thousand Dollars. The number of subscriptions 
stands at 1791. The American Society for Metals is extremely dis- 
appointed in the fact that it has been the only sponsoring Society for 
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this International Scientific Journal. It would welcome any mani- 
festation of greater interest in the affairs of the Journal which would 
be occasioned by additional sponsoring support. 

It is with regret that we note the passing during the year of one 
of our distinguished Past Presidents. Herbert J. French, who was 
President of your Society in the year ending 1943, succumbed on 
August 17, 1955, after an illness of moderate duration. Mr. French 
presented the Campbell Memorial Lecture in 1933, and was the 
Henry Marion Howe Medalist in 1930; a truly remarkable man 
whom we shall all miss. 

It is customary for the President’s report to record the awards 
and outstanding events of the previous National Metals Congress. 
In Chicago in 1954, the President’s Medal was presented to Ralph 
L. Wilson. The ASM Medal for the Advancement of Research was 
awarded to William E. Unstattd, President of Timken Roller Bear- 
ing Company, and the Albert Sauveur Award was given to Dr. 
Alexander L. Feild, Associate Director, Research Division, Armco 
Steel Corporation. The Gold Medal of the Society was not awarded 
in 1954. The Henry Marion Howe Medal was awarded to F. L. Ver 
Snyder and H. J. Beattie, Jr. of the General Electric Company. The 
Campbell Memorial Lecture was presented by Kent R. Van Horn, 
Director of Research, Aluminum Research Laboratories, Aluminum 
Company of America and Past President of the American Society 
for Metals. ASM Teaching Awards were presented to Joseph F. 
Libsch, Lehigh University, Maurice J. Sinnott, University of Mich- 
igan, and Ele E. Stansbury of the University of Tennessee. 

On behalf of the American Society for Metals, I wish to express 
our thanks to those Societies which have joined us in this National 
Metals Congress for their fine cooperation. The programs of the 
Institute of Metals Division of the American Institute of Mining 
and Metallurgical Engineers of the American Welding Society, of 
the Society for Non-Destructive Testing, and of the Industrial 
Heating Equipment Association, Special Libraries Association, 
Atomic Energy Commission and United States Army Ordnance 
Department have made a significant contribution to the success of 
this unique gathering. 

I wish to also express my appreciation for the wholehearted 
support that I have received from Chapter Officers and my col- 
leagues on the Board of Trustees. Particularly, should the support 
and cooperation shown throughout the past few years by our retiring 
members of the Board of Trustees not go unnoticed; to Past Pres- 
ident and retiring Trustee James B. Austin for his specific encour- 
agement and for his extreme contribution to the success of the 
European Meeting this Summer; to our retiring Treasurer William 
A. Pennington, whose good humor and sound judgment have been 
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stimulating; to retiring Trustee Robert J. Raudebaugh and G. M. 
Young. And in the same breath, may I welcome the new Officers to 
be elected this morning. 

No President’s report would be complete without a repetition 
of the heartfelt sentiment and gratitude that he carries out of office 
with him for the genius of and creative assistance given by Bill 
Eisenman. His staff, performing their tasks in exemplary and effi- 
cient manner, are likewise a tribute to his skill as a Manager for your 
Society's affairs. Without this support no Presi 


lent could even begin 
to do some of the things assigned to his office. 


TREASURER’S REPORT 


WILLIAM A. PENNINGTON, Treasurer 
N August 31, 1955, as the year closed, the net assets of the 
American Society for Metals were $3,003,772.75, a gain of 
$247,473.85, for the year. The ninety-three chapters have kept pace 
by increasing their net worth by some $22.000 te 


) an approximate 
value of $302,000. 


The carrying value of all securities was $2,044,631.48. The esti- 
mated market value was $2,660,254.17, an increase of $629,402.62 
(in market value) for the year. Part of this increase resulted from 
new investments made in the special accounts set up for 


~ 


the building 
site and building; the rest of the increase came from the rise in the 
market. 

Dividends and interest amounted to $85,806.47, which is 4.20% 
of the carrying value of the total securities: last vear it was 4.35% 

The general cash account contained $1 10,268.92; the cash in the 
fund for building site and building was $132,553.92. 

At the last meeting of the Board of Trustees a complete review 
of the investment situation was made. As of August 8, 1955,— 
52.4% of the Society’s funds (market value) were invested in stocks, 
48.3% being in common stocks: 41.0% in bonds; 4.4% in cash: and 
2.2% in land trust certificates. The entire cx st of stocks was $550,735. 
but the value on August 8, was $1,150,072. It was decided to reduce 
the percentage of common stock to be in line with the 40-60 policy 
previously set by the Board. As a result. approximately $150,000 
(market value) worth of stock was sold bringing the percentage of 
common stock in the portfolio at that time down to 41.9¢ 0: 

Total income and expenses are shown in Table I. 


Table | 
Income and Expenses— Fiscal Year Ended August 31, 1955 
Income..... ; , $1,946,621.31 
ee 1,495,552.96 


Net Income $451,068.35 
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Appropriations: 


Educational Purposes... . ers eee eee ...$ 100,578.35 

Building Site and Building............. eee... 350,490.01 

Total appropriations................. bev ken dala aaa . .$451,068.35 
Unappropriated net income... . ery err rere $000,000.00 


The relative income and expense for various items are shown in 


Table II where the values are expressed in percentage of total 
income. Like last year, about 75% of the income came from Metal 
Table II 


ASM Income and Its Disposition— Fiscal Year Ended August 31, 1955 
Income (%) Outgo (%) 


Metal Progress 41.7 31.5 
Metal Expositions 34.2 18.7 
Membership (Net) 8.4 3.2 
Books 5.6 4.7 
Dividends and Interest 4.4 _ 
Metals Handbook a 2.2 
Metals Review 1.2 3.3 
Transactions 0.6 2.7 
General and Administrative 10.0 
Other 0.8 0.5 

100.0 76.8 
Appropriations 23.2 

100.0 100.0 


Progress and the Metal Expositions. The net dues from membership 
amounted to about 8.5%. Metal Progress and the Metal Expositions 
also accounted for the greater part of the out-go, amounting to 
approximately 65% of the total expenses. The net income was 23.2% 
of the total income; the entire amount was appropriated for educa- 
tional purposes and for the building site and building. 
Appropriations for 1955 are shown in Table III, and a history 


Table III 
Appropriations for 1955 

No. Amount 
1 ee I ee ois sake beet a dank ad $ 10,000.00 
2 I i pia i draw aadies 2,500.00 
3. Chapter Educational Activities............... 1,891.77 
4. World Metallurgical Congress................. 25,000.00 

5 Program with National Science Teachers Asso- 
ON tis cae cele oe ile oie ig We is pee a 11,662.53 
6. Ween IIIOIND «on go 5 ccc cecctccseves 4,524.04 
7. Weow Reppeereere Sete... ... 2... cece 0.00 
Be ee ee aie tik ded doees 350,490.01 
9. Metals Handbook Revision................... 0.00 
10. Cooperative Activities with Defense Activities... 0.00 

11. Grant to American Society for Metals Founda- 
tion for Education and Research. ........... 25,000.00 
12. Mechanical Literature Searching.............. 15,000.00 
13. ee eee eee 5,000.00 


ASP RETR ERE eced eH $451,068.35 

of the appropriations, over the past five years, is shown in Table IV. 
In the latter table, the identification by Item Number is the same 
as that in the preceding table. 
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Table IV 
History of Appropriations (1951-55 Incl. 


No. A pbpropriated Expended Balance (8-31-55) 
- $ 80,521.50 $ 65,521.50 $ 15,000.00 
z. 25,000.00 19,732.93 5,267.00 
3. 46,891.77 36,891.77 10,000.00 
. 115,000.00 65,760.79 19 239.21 
(See No. 10) 
5. 51,662.53 36,662.53 15,000.00 
6 22,524.04 12.524.04 10,000.00 
ae 150,000.00 0.00 150,000.00* 
8. 608,706.35 0.00 608,706.35* 
9. 30,000.00 0.00 30,000.00 
10. 10,000.00 3,207.28 6,792.72** 
Pi. OK 4k ee 
12. 15,000.00 0.00 15,000.00 
13. 5,000.00 0.00 5,000.00 
$1,160,306.19 $240,300.84 $920,005.35 


*Does not include earned interest or dividends. Special funds have been set up with the 


Cleveland Trust Company for investment; the interest earned to date is $14,155.16, making a 
total in both funds of $772,861.51. 


**Transferred to the appropriations for 
in the Congress item—$56,031.93. 
***See Foundations separate report 


The World Metallurgical Congress making the total 


Again it is a pleasure to face the fact that the Society has had a 
good year financially. As a matter of fact, it is our best year to date. 
Last year our good Secretary, W. H. Eisenman, said, ‘“‘We must go 
forward;’’ we are on our way—we did just that during the year. It 
is with more than satisfaction that your Treasurer acknowledges his 
leadership in the management of the Society. We wish to call atten- 
tion to the cooperation of and the hard work performed by the Assist- 
ant Treasurer, A. A. Hess. 

We, the Officers and Members of the Board of Trustees, wish to 
express our appreciation of the advice and guidance of the Trust 
Officers, Messrs. W. W. Horner and A. W. Marten of the Cleveland 
Trust Company. 


FINANCIAL STATEMENT 
Board of Trustees, 


American Society for Metals, 
Cleveland, Ohio 


We have examined the balance sheet of American Society for Metals as of 
August 31, 1955, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with generally 
accepted auditing standards, and accordingly included such tests of the account- 
ing records and such other auditing procedures as we considered necessary in 
the circumstances. 


In our opinion, the accompanying balance sheet and statement of income 
and expenses present fairly the financial position of American Society for Metals 
at August 31, 1955, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 

ERNST & ERNST 
Certified Public Accountants 
Cleveland, Ohio 


September 24, 1955 
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BALANCE SHEET 
AMERICAN SOCIETY FOR METALS 
August 31, 1955 
ASSETS 
CASH $ 110,268.10 


SECURITIES (approximate market or redemption 
prices aggregate $2,083,832.96) 
Bonds, stocks, and land trust certificates 


at cost $1,458,576.79 
Accrued interest are 6,842.58 1,465,419.37 
CASH SURRENDER VALUE OF LIFE 
INSURANCE 83,581.60 
ACCOUNTS RECEIVABLE 
Advertising accounts $81,730.15 
National Metal Exposition— Philadelphia 
October, 1955 55,835.00 
Miscellaneous 24,322.25 $ 161,887.40 
Less allowance for doubtful accounts 2,000.00 159.887 .40 
INVENTORIES—at cost or lower 
Bound and unbound publications, books, et« $ 203,453.75 
Less allowance for obsolescence 6,000.00 197.453.75 
OTHER ASSETS 
Officers, employees, and sundry accounts and 
deposits 7,469.17 
FUND FOR BUILDING SITE AND BUILDING 
Principal cash $ 132,553.92 
Bonds—at cost (approximate redemption prices 
$576,421.21)... 586,054.69 
Accrued interest 3,762.89 722,371.50 
REAL ESTATE (at cost less allowances for 
depreciation) 44,250.00 
OFFICE FURNITURE, FIXTURES, AND EQUIP- 
MENT (at cost less allowances for deprec lation). 95,320.62 
DEFERRED CHARGES 
Prepaid exposition expenses 
National Metal Exposition— Philadelphia 
October, 1955 $ §7,271.85 
Prepaid sundry expenses 33,127.54 
Prepaid insurance yma tei 7,351.85 97,751.24 
$3,003.772.75 
LIABILITIES, RESERVES, AND SURPLUS 
LIABILITIES 
Accounts payable 
For purchases, expenses, etc..... , $ 96,035.49 
Payroll taxes and taxes withheld from employees 4,614.01 
For apportionment of dues to local chapters 4.477.68 $ 105,127.18 
INCOME APPROPRIATED FOR EDUCATIONAL PURPOSES 186,299.00 
INCOME APPROPRIATED FOR BUILDING SITE AND 
es acca rrere, uhh a aa calol od sees nee Sk ed es ee i aerate ante a be a 50,490.01 
RESERVES 
For METALS HANDBOOK $ 85,786.34 
For conventions 60,000.00 
For dues paid in advance 50,000.00 
Campbell Memorial lecture fund 15,000.00 
H. M. Howe medal fund 5,000.00 
Sauveur Achievement award............... 5,000.00 220,786.34 
FUND FOR BUILDING SITE AND BUILDING 
Reserve errr rT ree ee aa 722,371.50 
DEFERRED INCOME 
National Metal Exposition— Philadelphia—October, 1955 wove 012,582.75 
Advance receipts on publications ~~ 3,707.40 416,090.15 
SURPLUS 
Balance at September 1, 1954, and August 31, 1955 
no change during the year). . ; ; 1,302,608.5 


$3,003,772.75 





es om 


1956 PTREASURER’S REPORT 19 


STATEMENT OF INCOME AND EXPENSES 
AMERICAN SOCIETY FOR METALS 
INCOME 
M rAL PROGRESS 1 ynthly publicatior 
Metal expositions 667,401.78 
Memberships 164,856.14 


Book sales 90,868.46 
Dividends and interest earned 


Year Ended August 31, 1955 


$ 886,710.72 


85,806.47 
METAL PROGRESS—special issue 58.524.65 
METALS HANDBOOK sales 39 425 50 
THE METALS REVIEW—monthly publicatio1 14 991.72 
METALS HANDBOOK SUPPLEMENT 21,102.32 
Review of Metal Literature 18.379 36 
TRANSACTIONS sales 11.277.41 
Ceneral reprints 6,742.89 
Sul dry sales, et« 3,539.00 
Increment in cash value and dividends on life insurar 2,643.23 
Discount earned 1.577.84 
Sale of pur hased books 334 67 


TOTAL INCOME 


$2.084,182.16 
EXPENSES 


METAL PROGRESS—monthly publication $ 683,774.43 
National Metal Exposition—Chicago— November, 1954 251,806.25 
Western Metal Show—Los Angeles— March, 1955 114,799.10 
General expenses 83,429.13 
Books published 77,585.46 
THe METALS REVIEW—monthly publication 70,030.32 
Me mberships 63,792.55 
METAL PROGRESS—special issue 62,515.97 
[TRANSACTIONS 52,738.70 
METALS HANDBOOK 34,047.39 
Secretary's office 33,791.48 
\ccounting department 26,156.63 
Headquarters 16,379.50 
Warehouse 12.989 00 
Review of Metal Literature 12,255.31 
Transfer of net income to fund for building site and building 10,440.14 
National committees 7,849.03 
METALS: HANDBOOK SUPPLEMENT 7,109.05 
President’s office 4,143.28 
rrustees 2,530.54 
Medals, awards, and lectures 2,242.67 
Technical books 1,208.68 
Miscellaneous merchandise 611.53 
Special committees 492.49 
I ibrary 395.18 

TOTAL EXPENSES 1,633,113,81 

NET INCOME—Note A ; $ 451,068.35 

me appropriated as authorized by the Board of Trustees 

For educational purposes $100,578.34 

For building site and building 350,490.01 $ 451,068.35 


UNAPPROPRIATED NET INCOME 


LP 


0 


Note A—In addition to expenses shown above, expenditures in the amount of $74,346.30 were 
made during the year from prior years’ appropriations (see accompanying statement) 


STATEMENT OF APPROPRIATED INCOME 


INCOME APPROPRIATED FOR BUILDING SITE AND BUILDING 
Balance September 1, 1954. $258,216.34 
Add amount appropriated during year. 350,490.01 


$608,706.35 
Less amount transferred to fund for building site and building 558,216.34 


BALANCE AUGUST 31, 1955 $ 50,490.01 
INCOME APPROPRIATED FOR EDUCATIONAL PURPOSES 


Balance September 1, 1954. $160,066.96 
Less expenditures during year: 

World Metallurgical Congress $29,689.65 

Science award program.... 12,181.77 

Acta Metallurgica... ; 10,000.00 

Chapter educational courses 7,928.65 

Teaching awards.. 6,201.30 

Visiting lectureships. . . 4,622.92 

\.S. M. Foundation for Education and Research 3,500.00 

Metallurgical Advisory Board esa 222.01 74,346.30 


$ 85,720.66 
Add amount appropriated during year. . 100,578.34 
BALANCE AUGUST 31, 1955 $186,299.00 
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ANNUAL REPORT OF THE SECRETARY 
WILLIAM H. EISENMAN, Secretary 


THe ASM or ToMoRROW 
\ A reminder to those who were present at the Annual Meeting 


a year ago and for the benefit of those who were not present, | 
wish your indulgence while I restate, briefly, the five points I pro- 
posed in my plan for THE ASM OF TOMORROW. 


No. 1—(APPROVED) 
A New, ADEQUATE, IMPOSING ASM HEADQUARTERS BUILDING 

Leadership is the sum total of many things, not the least of 
which is looking the part! The present ASM headquarters lack the 
sufficient space, are susceptible to fire, burglary and are located in a 
down-trend area. To correct this, it has been approved that a new 
headquarters site be selected and a new concept of ASM’S present 
and future needs be incorporated in today’s planning of the building. 


No. 2—(APPROVED) 
THe ASM METALS ENGINEERING INSTITUTE 
This vital and aggressive idea was born of an urgent national 
need ... that of developing on-the-job and home-study courses to 
produce a vast and extremely useful number of skilled technicians in 
industry. With fewer than 9,000,000 skilled men in our current labor 


force of some 62,000,000 . . . this nation needs millions more men 
in the metals industries who will know not only what is happening 
to the metals they work with... but why... and how. 


To create these on-the-job and home-study courses, the best 
talent in the country has been selected and men of real achievements 
in metallurgy, in metals engineering, production and development 
were assigned to write clear... easily understandable . . . nontech- 
nical courses on the subjects in which they excel. Some of these 
courses have been completed and they offer a quick, concise and 
workable method of turning millions of skilled men into the skilled 
and knowing technicians! There will be forty such courses available 
... for ASM Chapter Educational Courses. . . for on-the-job train- 
ing... for home-study by individuals. 


No. 3—(APPROVED) 
THE ASM METALLURGICAL SEMINARS 


Top metals scientists and metals specialists will head intensive 
one-week and two-week seminars on current phases of metallurgy 
and metals engineering. Scheduled throughout the year, these ASM 
Metallurgical Seminars would fill a great need . . . will provide work- 
ing metals engineers with quick, effective and profitable refresher 
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courses... or highly informative and helpful introduction to new 
metals, methods and processes. 


No. 4—(To BE CONSIDERED AT A LATER DATE) 
THE ASM METALS RESEARCH LABORATORY 


[In line with the dynamic expansion plans so far approved, the 
Metals Research Laboratory, properly organized and directed, 
would fill an area now unoccupied and perform important functions 
now neglected, yet of great importance to America’s metallurgical 
advances. At present, laboratories in and for the metals industry 
may be roughly subdivided as follows: (1) laboratories in the individ- 
ual plant or in a central location of a single corporation... (2) 
Government laboratories, essentially in the same categories as those 


mentioned above .. . (3) Commercial testing laboratories, many of 
which are doing development work. However, in metallurgy these 
are largely confined to inspection and representation .. . (4) Univer- 


sity and endowed (or self-supporting) research institutes, whose 
work is principally an extension of that listed in subdivisions 1 and 2 
upon well-defined problems beyond the manpower or instrumenta- 
tion available in the sponsor’s own laboratory ... (5) Laboratories 
for fundamental research, of which there are but a few. 

With only one of the above listed laboratory groups working at 
the advanced frontiers of knowledge, it may be readily seen that 
there is a very wide—and fruitful—field open to the ASM Metals 
Research Laboratory ... the whole area of industrial problems in 
metals of widest generality, useful to the whole metals industry, or 
to the whole heat treating industry, or to the whole super-power in- 
dustry, etc. Since—there is nothing like it in America... the ASM 
Metals Research Laboratory with the objective of solving general 
problems concerning the use, improvement and application of metals 
in industry —would not be competing with existing effort, but would, 
in fact, fill a great gap in American metallurgical research. 


No. 5—(To BE CONSIDERED AT A LATER DATE) 
THe ASM MetTAL SCIENCE UNIVERSITY 


An intriguing and provocative idea, a natural step from the re- 


search desk to the teaching platform ... certain to attract to it the 
top metal scientists, engineers and researchers. It would offer courses 
only in metal sciences... beginning with third-year students 


and continuing through the post-graduate studies. To such student 
body, the great teaching abilities of the best in America would be 
offered ... and from such a group of teachers and students would, 
of necessity, come important achievements and trained scientists. 
These five points represent large plans. 

I can think of no better way to enlist your support for the Asm 
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OF TOMORROW than to recall the supplication made last year when 
the original plans were presented which was “‘the asm should make 
no LITTLE plans.” 

May I repeat the statement of the eminent architect, David H. 
Burnham, who wrote: 


‘Make no little plans 

They have no magic to stir one’s blood and probably them- 
selves will not be realized. 

Make only big plans 

Aim high in hope and work 

Remembering that a noble, logical diagram once recorded 

Will never die 

But long after we are gone 

Will be a living thing 

Asserting itself with ever growing insistency.”’ 


I am sure a new life of service and usefulness is unfolding for the 
\sM. It has and will continue to grow in stature and prestige. You 
have established its leadership. These plans for the present and fu- 
ture have kindled for the members a brilliant vision of new progress, 
expansion and services. 

The receipt from many members of commendations and their 
assurances of support and cooperation in the fulfillment of these 
plans has been a source of great satisfaction to all concerned. It 
proves that the members also aim high in hope, and are deep in the 
belief that no logical plan is impossible of accomplishment when 
united effort goes to work. The AsM has taken on new life and vigor 
by directing its capabilities in new and constructive channels. 

If the ASM is not to grow old and stagnant and travel in the same 
old yearly rut, one must ask this question: “Is the Asm continually 
widening its interests? Is it looking to the future and planning for 
the great events ahead, of which it is so capable?” 

I can give you the answer. With my knowledge of your whole- 
hearted support and tremendous abilities to grasp and do new 
things, I can state with every assurance that the first 38 vears of this 
Society's existence have witnessed only the beginning of its ac- 
complishments. The years to come will sparkle with magnificent 
achievements that you are now constructing on today’s firm founda- 
tion. 

The AsM will never grow old—for a society becomes old only 
when it ceases to grow. ‘““Cease to grow”’ could never be the motto 
of the ASM OF TOMORROW. 


1955—ANNUAL REPORT OF THE SECRETARY 


The American Society for Metals on October’ 1, 1955 had a total 
membership of 25,250, a gain of 950 members since last October. 
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Of this number 21,690 are regular members, 1170 are student 
members, 2211 are sustaining members, 78 are honorary and life 
members and 101 are in the armed forces. 


PUBLICATIONS COMMITTEE 

Seventeen persons constitute the membership of the Publica- 
tions Committee for 1955, under the chairmanship of Peter Payson, 
Crucible Steel Co. of America, Pittsburgh. The members of the 
Committee and their Chapter affiliation are: B. L. Averbach, Bos- 
ton; Howard S. Avery, New Jersey; J. Alfred Berger, Pittsburgh; W. 
QO. Binder, Buffalo; G. W. Birdsall, Louisville; D. J. Carney, Chi- 
cago; R. D. Chapman, Detroit; H. J. Elmendorf, Worcester; G. A. 
Fritzlen, Purdue; J. L. Gregg, Oak Ridge; Robert I. Jaffee, Colum- 
bus; Joseph F. Libsch, Los Angeles; W. D. Manly, Oak Ridge; G. V. 
Smith, Southern Tier; James L. Wyatt, Cleveland and Ray T. Bay- 
less, Secretary, Cleveland. 

During the year the Committee has reviewed 96 papers. Of this 
number 47 papers were approved for publication in TRANSACTIONS, 
39 of which were selected for presentation at the October National 
Metal Congress and 8 for publication in TRANSACTIONS only. Forty- 
nine papers were not approved for publication and returned to 
authors. A few of these may be revised according to Committee 
suggestions and returned to the Society for re-review. Ten papers 
are now in the process of review. 

The Publications Committee held one formal meeting on July 
14 and 15, 1955, at which time the final arrangements for the tech- 
nical program at this Convention were made. 


EDUCATIONAL COMMITTEE 


The Educational Committee for the year 1955 was composed of 
the following personnel: C. H. Lorig, Columbus, Chairman; D. J. 
Blickwede, Bethlehem; W. J. Buechling, Warren; J. M. Edge, Bir- 
mingham; R. S. Guinan, Rochester; W. T. Lankford, Pittsburgh; 
Melvin R. Meyerson, Washington, D. C.; A. U. Seybolt, Schenec- 
tady; Harold J. Smith, Louisville and Ray T. Bayless, Secretary, 
Cleveland. 

This Committee held one formal meeting on January 20, 1955 
at which time the educational lectures for this Convention were dis- 
cussed and the lectures for the 1956 Convention were arranged. 
These lectures are: 


1955 


Four Lectures on ‘‘Embrittlement Phenomenon’’ 
by B. R. Queneau, United States Steel Corporation 
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1956 
‘Residual and Trace Elements in Metals and Their Effect on 
Properties” 

It was planned that this would be a series of 4 or 5 one-hour 
lecture sessions to be held Monday and Tuesday morning and after- 
noon. The coordinators for this symposium are A. U. Seybolt and 
D. J. Blickwede, but no authors were selected to take part in this 
series at this meeting. 


EDUCATIONAL FILMS 


It is interesting to know that the 3 different films produced 
under the guidance of the Educational Committee have had a re- 
markable usage by the Chapters and other educational groups. 


Metal Crystals............726 times 
Iron-Carbon Alloys.........330 times 
Heat Treatment of Steel.... 27 times 


No plans were laid for additional or future motion pictures pro- 
duced as an ASM activity under this committee. 


ASM METALS HANDBOOK COMMITTEE 


The work toward the next full edition of the ASM METALS 
HANDBOOK continues, with the contributions of the author com- 
mittees for the past year being made immediately available to the 
members as a Supplement. This second Supplement was again issued 
as a 13th issue of METAL PROGRESS, dated August 15, 1955. 

Nineteen author committees submitted reports on 21 subjects 
selected by the Handbook Committee. These reports, which were 
approved for publication by the Handbook Committee, include re- 
visions of Handbook articles as well as new subjects. 

Additional committees are being formed to bring the Handbook 
articles up to date. 

Sales of the 1948 edition were 1722. 


SPECIAL LIBRARIES ASSOCIATION 


The Metals Division of the Special Libraries Association is 
again presenting its popular display of current reference sources and 
services at the National Metal Exposition. It is also sponsoring a 
three-day meeting including technical sessions and inspection trips. 
One session is a symposium on the indexing systems in industrial 
libraries, and another is on the literature of powder metallurgy. 
Field trips are scheduled to Bethlehem Steel Co., Franklin Institute 
and the American Society for Testing Materials. 

At the Exposition literature specialists are in attendance at the 
S.L.A. booth to demonstrate library service on current problems and 
suggest pertinent sources for requirements in individual fields. 
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MECHANIZED LITERATURE SEARCHING 

At the meeting of the Board of Trustees on March 29, 1955 a 
committee was appointed to investigate the feasibility of ASM 
activity in the field of literature searching by mechanical methods 
using computing type of equipment. This committee was under the 
chairmanship of D. C. Hilty, Metals Research Laboratories of the 
Electro Metallurgical Company. As a result of the committee's 
investigation and report, the Board of Trustees at its meeting on 
August 22 approved a pilot plant study of mechanized searching to 
be conducted under a contract with the Center for Documentation 
and Communication Research at Western Reserve University. This 
contract, which will be executed by J. W. Perry and Allen Kent, 
respectively Director and Associate Director of the Center for Doc- 
umentation and Communication Research, provides for the index- 
ing of informative abstracts in current metallurgical literature and 
preparation of a coding system for machine searching and corre- 
lating. 

It is estimated that the pilot operation will take from 2 to 5 
vears and will encompass the indexing of some 23,000 documents. 
The contract is written on an annual basis at a cost of $15,000 per 
vear. During the pilot operation test searches will be conducted 
periodically, and as soon as the system has been worked out satis- 
factorily and determined to be successful, it will be turned over to 
ASM to operate as a bibliographic service to members and the 
metals industry. During the pilot operation a steering committee 
of ASM members will provide guidance and evaluation of progress 
at appropriate intervals. 

Assuming that the system is proved successful, services of 
various types will be possible—answers to specific questions, com- 
pilation of bibliographies, monthly lists of references in certain spe- 
cific branches of metallurgy. Thus the ASM will not only be able to 
offer a greatly expanded literature service to its members and to the 
profession, but is also taking the lead in solving a problem that is 
most pressing in all scientific fields. 


‘TRANSACTIONS 


Since the last National Metal Congress, Vol. 47 and Vol. 474A 
of the Transactions were published and distributed in May to those 
in our membership who requested them. Vol. 47 totals 1068 pages 
and contains 48 technical papers and their discussions. It contains 
all of the papers that were presented at the 1954 Convention held 
in Chicago, together with 8 interim papers. The president’s, secre- 
tary’s and treasurer’s reports for 1954 and other current items of 
record were included in Vol. 47 together with a report of the 1954 
Convention. 
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Vol. 47A contains 12 papers (238 pages) presented at the Sem- 
inar on “Impurities and Imperfections” held on Saturday and Sun- 
day, October 30 and 31, 1954, during the National Metal Congress 
and Exposition in Chicago. This seminar was sponsored by the 
American Society for Metals, the subject being selected by a com- 
mittee appointed by the Board of Trustees. The personnel of this 
committee was: David Turnbull, chairman; P. A. Beck, Harvey 
Brooks, Bruce Chalmers, R. L. Cunningham, Eric Jette, L. K. 
Jetter, E. S. Machlin, R. Maddin, O. T. Marzke, A. S. Nowick and 
Frederick Seitz. The preparation and coordination of the series of 
subjects and solicitation of authors was conducted by O. T. Marzke. 


PREPRINTS OF CONVENTION PAPERS 


Thirty-nine papers were selected by the Publications Com- 
mittee for presentation at this convention. These papers were pre- 
printed and distributed to members of the Society. The total num- 
ber of pages in this series of preprints is 834. A total of 46,000 pre- 
print copies was distributed free to those members who requested 
them. 


METAL PROGRESS 


This report concerns the 12 regular monthly issues of Metal 
Progress, prepared by the editorial staff. The 13th issue in mid- 
August will be noted in the report of the Metals Handbook Com- 
mittee. 

Fiscal 1955 was the most successful financial year in the history 
of your monthly engineering magazine. Although the total adver- 
tising volume (1911 pages) has been exceeded five times by small 
margins, the slightly higher rates per page and lower printing costs 
have resulted in a surplus of income over expenditure of nearly 
$203,000.00. Editorial pages in the 12-months’ issues totalled 854 
pages—also an all-time high. High quality of content and appear- 
ance was maintained, as indicated by the continuing reader survey 
conducted by the R. O. Eastman organization, and also by a most 
favorable critique held in New York City at the February meeting 
of the American Institute of Graphic Arts with Charles Tudor, 
Art Editor of Life as moderator. 

The January issue of Metal Progress, which was its third inter- 
national review of metallurgy, contained 14 articles from foreign 
experts who described progress currently being made in their re- 
spective specialties. These articles came from all over the free world 
—England, Australia, Sweden, Japan, Belgium, West Germany, 
France and Switzerland—together with one not very flattering ap- 
praisal of metallurgical conditions in Russia as gleaned from bits of 
escaping information. Other notable series of articles were on 
furnace atmospheres and atmosphere generation, on brittle failure 
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of steel structures, and on molybdenum metal and its allovs. The 
usual departments were continued, such as ‘‘Critical Points,” 
“Atomic Age,” “Book Reviews,” “Biographies”? and ‘Digests of 
[Important Articles.” 

Shortly after the turn of the year, John Parina, Jr., Associate 
Editor, transferred to the editorial staff of METALS HANDBOOK and 
was replaced by John F. Tyrrell, a metallurgist who had been in 
the New York business office for several years. The present staft 
consists of E. E. Thum, Editor: John F, Tyrrell, Associate Editor: 
Marjorie R. Hyslop, Managing Editor; George H. Loughner, Pro- 
duction Manager; and Edith W. Bennington, head of the secre 
tarial staff. 

With the end of the 1955 fiscal year, METAL PROGRESS is com- 
pleting the first 25 years of its life, and it is being commemorated 
with an anniversary issue dated September, wherein 17 interesting 
articles on as many branches of the metals industry describe the 
existing situation, tell how we got that way and venture an opinion 
about where we go from here. Mr. Thum and Mrs. Hyslop were 
present 25 years ago when METAL PROGRESS was born and are re 
sponsible for its safe upbringing to maturity. Sale of advertising 
space has been under the direction of A. P. Ford for almost 20 years, 
and from a financial standpoint the magazine has more than justified 
the hopes of the Board of Trustees when it was conceived. The 
consolidated profit-and-loss statement, 1931 to 1955 inclusive, shows 
a net gain of $1,294,195.75. 


METALS REVIEW 

During the twelve months from October 1954 through Septem- 
ber 1955 METALS REVIEW published a total of 632 pages—359 pages, 
or 57%, devoted to news of chapter activities, doings of members 
and headquarters actions; 273 pages, or 43% devoted to the ASM 
Review of Metal Literature. Special features carried during the 
vear included the annual Student Members Placement Service in 
the February issue, a series of special stories on the Joint Metal- 
lurgical Societies Meeting in Europe, and programs of the National 
Metal Congress and Western Metal Congress. 

One of the noteworthy developments during the year has been 
an increase of more than 100% over 1954 in amount of paid adver- 
tising. Most of this is for company recruitment of personnel, which 
supplements the Society's free employment service to members. 
During the months of August and September the increase was three- 
fold—144 column-inches (six-pages) in September 1955 as against 
43 column-inches in September 1954. 

The monthly Review of Metal Literature was again correlated 
into the 11th bound volume, which carries a total of 831 pages and 
9303 annotations. 








































28 TRANSACTIONS OF THE ASM Vol. 48 


Books 
During the past fiscal year 30,161 books published by the 
Society were sold to members of the Society and others. This figure 
includes 1953 ASM Metals Handbooks and 4757 Metals Handbook 
Supplements printed in July 1954 and 2978 Transactions. 
During this period 7 titles were added to the publication list. 
They are: 
Basic Metallurgy 
Behavior of Metals Under Impulsive Loads 
Transactions of ASM - Vol. 47 
Impurities and Imperfections 
Review of Metal Literature - Vol. XI 
The Metal Beryllium - 39 Authors 
Utilization of Heat Resistant Alloys - 17 Authors 


SEMINAR ON THEORY OF ALLOY PHASES 

The Seminar on Theory of Alloy Phases this year was indeed 
an outstanding success in every respect. It was arranged into five 
sessions, three on Saturday and two on Sunday with the meeting 
room filled to capacity. This interest is a great compliment to the 
Committee and especially to the authors who presented their sub- 
ject matter so splendidly. 

The Seminar Committee on arrangements consisted of the 
following personnel: P. A. Beck, Chairman, Peoria; B. L. Averbach, 
Boston; Bruce Chalmers, Boston; R. L. Cunningham, Ottawa Val- 
ley; J. C. Fisher, Eastern New York; Eric Jette, Los Alamos; E. S. 
Machlin, New York; R. Maddin, Baltimore; A. S. Nowick, New 
Haven; Thornton Read, New Jersey; Frederick Seitz, Urbana and 
O. T. Marzke, Washington. The preparation and coordination of 
the series of subjects and solicitation of the speakers were under the 
direction of Paul A. Beck. 


ASM ScleENcE ACHIEVEMENT AWARDS 

The ASM’s Fifth Annual Program of SCIENCE ACHIEVEMENT 
AWARDS for students in the Junior and Senior High Schools, public, 
parochial and private in the United States and Canada has just been 
announced by the National Science Teachers Association under 
whose auspices the program is carried out. There are 140 awards 
totaling $10,000 in Government bonds for projects in any field of 
science or mathematics. 

In addition, projects at any grade level which deal with metals 
and metallurgy will be considered for 20 special national awards of 
$100 each. 

The principal purpose behind these awards is to create an inter- 
est on the part of the student in science, hoping he will ultimately be 
prepared and will wish to enter an engineering school. 
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While many groups are working at the High School level to 
recrult students for the engineering schools, the ASM is the only 
society extending its activities into both the Junior and Senior 
orades. 

After four years of operation and now at the beginning of the 
fifth program, we have definite evidence that the results are very 
encouraging indeed and is a movement forward in the right direction. 


HONORARY LIFE MEMBERSHIPS 

Honorary life memberships in the Society were conferred on the 
following: Howard Biers, Union Carbide & Carbon Corp., New York, 
N.Y.; Paul Albert Brenner, Deutsche Gesellschaft fiir Metallkunde, 
Germany; Sir Charles Bruce-Gardner, The Iron and Steel Institute, 
England; Pierre Coheur, Centre National de Recherches Metallur- 
giques, Belgium; Dr. Maurice Cook, Institute of Metals of Great 
Britain; Aldo Dacco, Associazione Italiana di Metallurgia, Italy; 
Raoul de Vitry, Societe Francaise de Metallurgie, France; Docteur 
Eugene L. Dupuy, Secretary-General, Societé Francaise de Métal- 
lurgie, France; S. Fornander, Jernkontoret, Sweden; S. C. Guillan, 
The Institute of Metals, England; K. Headlam-Morley, The Iron 
and Steel Institute, England; F. Perot, Centre National de Recher- 
ches Métallurgiques, Belgium; Augustin Plana, Instituto Del Hierro 
yv Del Acero, Spain; Dr. Hermann Schenck, Verein Deutscher Eisen- 
hiittenleute and Deutsche Gesellschaft fiir Metallkunde, Germany; 
IXurt Thomas, Verein Deutscher Eisenhiittenleute and Deutsche 
Gesellschaft fiir Metallkunde, Germany; Dr. B. Trautmann, 
Deutsche Gesellschaft fiir Metallkunde, Germany. 


NATIONAL METAL CONGRESS 

The program for the Congress this year was more varied and 
intense than any during the previous years. 

The general trend of the Convention program has been greater 
diversification of the subjects presented, and while this leads to a 
more varied technical program, nevertheless it serves the wide inter- 
ests of the Metal Congress attendance and in this manner creates a 
greater attendance, with the resultant wider dissemination of valu- 
able technical information. 


NATIONAL METAL EXPOSITION 


The National Metal Exposition now in session equals the num- 
ber of exhibitors, some 450, and the amount of square feet, 150,000 
net, that has characterized the expositions in the past. 

It has been three years since the National Metal Congress was 
in the East, consequently, the new developments and the new 
processes being shown at the Exposition represent new ideas and 
profitable projects to the group of spectators who found it impossible 
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to follow the Show in its procession to Cleveland and Chicago and 
return. 

This is the 6th Metal Exposition that has been held in Philadel- 
phia, and is the 37th in number. 

The first Exposition was held in Chicago in 1919, and the sec- 
ond was held in Philadelphia, just 35 years ago. 

We are all especially appreciative of the fine displays and oper- 
ating exhibits that are placed before the members and their guests 
They have made the Exposition an outstanding one. Until today it 
is the largest annual exhibit held in America. 

YOUNG ENGINEERS’ Day 

The Society again extended an invitation to all student mem- 
bers of all educational institutions within a radius of 100 miles to be 
the guests of the Society on Friday, October 21, to visit the Exposi- 
tion and attend the Distinguished Service Luncheon, given by the 
Society in honor of the 25-year members. 

Some 200 student members and faculty attended this event 
together with over 200 of the 25-year members. 

VOCATIONAL EDUCATION COMMITTEE 

The VOCATIONAL EDUCATION COMMITTEE under the capable 
chairmanship of William Collins of the Boston Chapter, has had as 
its principal field for the past three years Vocation Teacher Training 
in Metals Technology. This activity has the full cooperation of top 
state level administration. The states cooperating are— 


New York Illinois 
Connecticut Indiana 
Massachusetts Kansas 
Pennsylvania California, and 
Michigan British Columbia 


The momentum inaugurated by the Committee has been such 
that the Teacher Training is now proceeding on its own, and the 
Committee is now turning its concentrated energies to work in 
cooperation with Technical Institute. 

ASM VIsITING LECTURESHIP 

These Lectureships have become increasingly popular and 12 
schools made application for lecturers to conduct a two-day seminar 
on the campus. The reports from the schools express their thanks 
for the service and indicated complete satisfaction. 

Those schools availing themselves of this ASM Service were— 
Laval University, British Columbia University, McGill University, 
Toronto University, Missouri School of Mines, University of Cin- 
cinnati, South Dakota School of Mines, New York University, 
Illinois Institute of Technology, Notre Dame University, University 
of Wisconsin, and Johns Hopkins University. 
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METALLOGRAPHIC EXHIBIT 

The METALLOGRAPHIC EXHIBIT held each year during Conven 
tion Week at the Exposition Hall has assembled some of the top 
metallographic studies of the year. It always seemed a shame that 
some of those members who could not get to the Convention should 
fail to see them. 

Consequently a traveling exhibit of the prize winners, and a 
few Honorable Mentions were mounted and started on a Chapter 
circuit. The panels were placed on display before some 19 chapters 
and several educational schools. 

Comments from the Chapters were very flattering and the 
“Traveling Micrograph Galleries’? will become our annual feature. 


American Society for Metals 
Foundation for Education and Research 
Annual Report of the President 


James B. Austin, President 


HIS report covers the twelve months from September 1, 1954 to 

August 31, 1955. During this period the Trustees have contin- 
ued the policy of concentrating on support for metallurgical educa- 
tion. As in earlier years an undergraduate scholarship of $400 was 
awarded to each college in the United States and Canada having a 
day-school degree course in metallurgy or metallurgical engineering. 
The list of such colleges was again carefully reviewed and a total of 
49 such scholarships were granted to the following schools: 


REPORT ON SCHOLARSHIPS FOR 1954-55 
lhe following is a listing of the 48 participating schools in U. S. and Canada 
with the scholarship winners: 
Scholarship 


School Location Dept. Head Winner Address 
University of University, E. C. Wright Harry Duane Messick, Va. 
Alabama Ala. Bradshaw 
University of fucson, Ariz. J.B.Cunning- CletisC. Land Yuma, Ariz. 
Arizona ham 
University of Vancouver, F. A. Forward Grenville Rob- 5619 Kerr St. 
sritish Se. . ert Mason Vancouver 16, 
Columbia B.C. 
Carnegie Inst. Pittsburgh, R. F. Mehl Paul Borland Aspinwall, Pa 
ot Tech. Pa. (Repeat) 
University of | Cincinnati,O. Wm. Licht James Myers 719 Charles St. 
Cincinnati Middletown, O. 
University of Berkeley, E.R. Parker Charles Arlen 2600 Ridge Rd. 
California Calif. Kindness Berkeley, Calif. 
Case Institute Cleveland,O. A.R.Troiano Kenneth 1282 E. 152nd 
ol lechnology Fetheroff St. 
. Cleveland, O. 
Colorado Golden, Colo. H. Gordon Stanley G. Colorado 
School of Poole Young Springs, Colo. 


Mines 
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Columbia 
University 

Cornell 
University 


Drexel 
Institute of 
Technology 

University of 
[llinois 


Illinois 
Institute of 
Technology 

University of 
Kansas 


University of 
Kentucky 

Lafayette 
College 


Universite 
Laval 
Lehigh 
University 
Massachusetts 
Institute of 
Technology 
McGill 


University 


University ol 
Michigan 
Michigan 
College of 
Mining and 
Technology 
Michigan State 


University of 
Minnesota 


Missouri Schoc y| 
of Mines 


Montana 
Schox yl of 
Mines 

New York 
University 

University of 
Notre Dame 

Nova Scotia 
Technical 
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Location 
New York, 
N. Y. 
Ithaca, N. Y. 


Philadelphia, 
Pa. 
Urbana, Ill. 


Chicago, Ill. 


Lawrence, 
Kan. 


Dept. Head 


M. Gensamer 


F. H. Rhodes 


A. W. 


Grosvenor 


T. A. Read 


L. F. Mondolfo 


K. E. Rose 


Lexington, Ky. C.S. Crouse 


Easton, Pa. 


Quebec City, 
Quebec 
Bethlehem, 
Pa. 


Cambridge, 
Mass. 


Montreal, 
Que. 


Ann Arbor 


Houghton, 
Mich. 


East Lansing, 


Mich. 


Minneapolis, 


Minn. 


Rolla, Mo. 


Butte, Mont. 


New York, 
N. Y. 

South Bend, 
Ind. 

Halifax, N.S. 


L. Donovan 


Clark 
L. Letendre 
Allison Butts 
John Chipman 
J.U. 
MacEwan 
Donald L. 


Katz 
C. T. Eddy 


A. J. Smith 

R. L. Dowdell 

A. W. 
Schlechten 


F. A. Hames 


J. P. Nielsen 
E. A. Peretti 


A. E. 
Campbell 


THE ASM 


Scholarship 
Winner 
Ernst B. 
Weglein 
Robert Hillis 
Steels 


Richard 
Dampman 


Joseph Francis 
Enrietto 


Lawrence N. 
Hjelm 


Robert Wayne 
Reck 


Geo. D. 
Ravencraft 
John P. Smith 


Paul-Henri 
Doyon 
John E. 
Brokloff 
Ronald 
Stanley 
Kintisch 
Richard 
Arthur 
Winter 
Dwight Alan 
Kraai 
Auvo I. 


Kemppinen 


Neal T. 
Saunders 


Willmar K. 


Boeder 


Warren 
Lieberman 


Samuel A. 
Worcester 


Arnold Lent 
Dewey C. 


Antrobus 
Gordon 


Samuel 
Trivett 
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Address 
New York, 
N. Y. 
903 Hamilton 
Ave. 
Latrobe, Pa. 
149 W. Albe- 
marle 
Lansdowne, Pa. 
106 W. Devlin 
St., Spring 
Valley, Ill. 
Bensenville, III. 


227 W. 11th St 
Hutchinson, 
Kan. 


2245 High St. 
Ashland, Ky. 
252 W. Wilkes- 
Barre 
Easton, Pa. 
Sherbrooke, 
P.Q. 
Fullerton, Pa. 


2845 S. 
Buchanan 
Arlington, Va. 
18 Bluebell Rd. 
Worcester 6, 
Mass. 
Holland, Mich. 


420 Lovell Rd. 


Houghton, 
Mich. 


3360 Polk St. 

Dearborn, 
Mich. 

5325 Blooming- 
ton, Minneap- 
olis, Minn. 

3265 Bainbridge 

New York, 
ws 

1115 W. Wool- 
man 

Butte, Mont. 

114 Field Place 

Bronx, N. Y. 
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In addition, the Trustees established for the year 1955-56 an 
ASM Graduate Fellowship for advanced study in the amount of 
$2400 for a single person, or $3000 for a married man, with an 


accompanying grant of $1200 to his college for tuition and research 
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expenses. The recipient of this award was William Upthegrove, who 
has selected the University of Michigan for further graduate work. 

The Foundation continued in good financial condition, as is 
evident from the following brief (unaudited) summary: 


Endowment Principal 


As of August 31, 1954 Seer re $654,343.61 
Additional grant from ASM, September 1, 1954. 3,500.00 
Net gain on disposal of securities. . 207.56 
Principal as of August 31, 1955 : $658,051.17 


Income and Expense 
Income 


Balance as of August 31, 1954......... ‘a $ 9,120.43 
Income from interest bi eines 29,866.40 
$38,986.83 
Expense 
Scholarships awarded rae ats ..$ 19,600.00 
Other expense fact jini a 2,904.43 
$22,504.93 
Excess of income over expense......... , ss plats $16,481.90 


lhe Trustees of the Foundation take this opportunity to thank the Ameri- 
can Society for Metals for permission to make this report at the Annual Meeting 
and to publish it in the Transactions of the Society. 


J. B. Austin, President 
G. A. Roberts 

John Chipman 

R. L. Wilson 


W. E. Jominy, Treasurer 


BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1955 


ASSETS 
CASH ON DEPOSIT 
The Cleveland Trust Company 
Income cash a $ 20,079.40 
Principal cash ‘ ; 329.59 $ 20,408.99 


MARKETABLE SECURITIES (approximate market prices 
aggregate $833,719.40) 


3onds and stocks Note A 3 i tl 682,784.77 
OTHER INCOME ASSET 
Accrued bond interest 3,318.59 


FUNDS 
PRINCIPAL OF ENDOWMENT FUND 
Grants from American Society for Metals $680,346.10 
Profit on disposal of securities 2.768.26 $683,114.36 
UNAPPROPRIATED NET INCOME... 23.397.99 


$706,512.35 


Note A—Securities obtained by grant from American Society for Metals are stated at market 
price at July 15, 1952. Subsequent additions are at cost. 
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STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH— Year ended November 30, 1955 


NCOME 
Dividends, interest ar d discount earned § 30 370 O08 
EXPENSES 
Fiscal agents’ fees and expenses $ 1.516.606 
Professional services ae 600.00 
Stationery and supplies 203 57 
Board of Trustees os 38 
Other travel expenses 53.26 2,431.87 
NET INCOME § § 27,938.?1 
Ur ippropriated net income at beginning of year 19.259. 78 
$ 47,197.99 
Scholarship awards $ 19,600.00 
Graduate Fellowship award 4,200.00 23,800.00 
UNAPPROPRIATED NET INCOME 
NOVEMBER 30, 1955 $ 23.397.99 


Board ot ‘7 rustees, 
\merican Society for Metals Foundation 
for Education and Research, Cleveland, Ohio. 


We have examined the balance sheet of American Society for Metals Founda- 
tion for Education and Research as of November 30, 1955, and the related state- 
ment of income and expenses and unappropriated net income for the year then 
ended. Our examination was made in accordance with generally accepted auditing 
standards, and accordingly included such tests of the accounting records, and 
such other auditing procedures as we considered necessary in the circumstances. 

Securities were confirmed to us by the Cleveland Trust Company, agent. 

In our opinion, the accompanying balance sheet and statement of income 
and expenses and unappropriated net income present fairly the financial position 
of American Society for Metals Foundation for Education and Research at 
November 30, 1955, and the results of its operations for the year then ended, 
in conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 

ERNST & ERNST 

Certified Public Accountants 
Cleveland, Ohio 
December 12, 1955 


ELECTION OF OFFICERS 


PRESIDENT ROBERTS: We will now proceed with the election of 
officers. Complying with the Constitution, I appointed in March 
1955 the following Nominating Committee selected from a list of 
candidates suggested by the eligible chapters prior to March 1, 1955. 


Chairman: Max W. Lightner-Pittsburgh 


William L. Badger—Boston Hiram Brown—Des Moines 
M. A. Hunter—Eastern New York H. J. Huester—Jacksonville 
W. J. Nash, Jr.—Los Angeles George Perkins—Louisville 


A. J. Schied, Jr.—Calumet Don Sener—York 
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The Nominating Committee met on May 19, 1955 and made 
the following nominations: 


FOR PRESIDENT 


A. O. Schaefer, Vice President, 
Midvale Company, Nicetown, Pa.—1 year 


For VICE-PRESIDENT 


D. S. Clark, Professor of Mechanical Engineering, 
California Institute of Technology, Pasadena, Calif.—1 year 


For TRUSTEES 
G. E. Shubrooks, Manager of Research Lab., 
Hamilton Watch Company, Lancaster, Pa.—2 years 


H. A. Wilhelm, Research Professor of Chemistry, 
lowa State College, Ames, lowa—2 years 


Complying with the Constitution, the Secretary has informed 
me that no additional nominations were received prior to July 15, 
1955 for any of the vacancies appearing on the Board of Trustees. 
Consequently, the nominations were closed. I now call upon the 
Secretary to carry out the provisions of the Constitution with 
respect to the election of officers: 
SECRETARY EISENMAN: Conforming to the provisions and require- 
ments of the Constitution of the American Society for Metals, I 
hereby cast the unanimous vote of the members for the election of 
the aforenamed candidates who were nominated on May 19, 1955. 

The President introduced the newly elected officers and called 
upon the President-elect, Adolph O. Schaefer, to say a few words. 
PRESIDENT ROBERTS: Has anyone present anything to bring before 
the meeting for the good of the Society?—If not, then a motion to 
adjourn is in order. 
The meeting then adjourned. 


ASM ANNUAL DINNER 


On Thursday evening, October 20, members and guests as- 
sembled in the Crystal Ballroom of the Benjamin Franklin Hotel 
for the Annual Dinner of the Society. The attendance was in excess 
of 400. 

Those persons seated at the speakers’ table were: John P. 
Clark, Jr., Partner, John P. Clark Co.—Chairman, Philadelphia 
Chapter, ASM; Geoffrey V. Raynor, University of Birmingham 
(England)—ASM Visiting Lecturer; Walter Crafts, Electro Metal- 
lurgical Division, Trustee, ASM; G. M. Young, Aluminum Co. of 
Canada, Ltd.,—Trustee, ASM; Robert J. Raudebaugh, Interna- 
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tional Nickel Co.,—Trustee, ASM; William A. Pennington, Uni- 
versity of Maryland—Treasurer, ASM; Kenneth E. Rose, Univer- 
sity of Kansas, Recipient of 1955 ASM Teaching Award; Donald 
S. Clark, California Institute of Technology—Vice-President-Elect, 
ASM; James P. Gill, Vanadium-Alloys Steel Co.—Past-President, 
ASM; Alfred L. Boegehold, General Motors Corp., Recipient of 
1955 ASM Gold Medal; Adolph O. Schaefer, The Midvale Co., 
Vice-President and President-Elect, ASM; James B. Austin, United 
States Steel Corp., Past-President-Trustee, ASM; Rear Admiral 
H. G. Rickover, USN, United States Atomic Energy Commission 
and speaker of the evening; George A. Roberts, Vanadium-Alloys 
Steel Co.— President, ASM; Roger W. Straus, American Smelting 
& Refining Co., Recipient of the 1955 ASM Medal for the Advance- 
ment of Research; Kent R. Van Horn, Aluminum Co. of America, 
Past-President, ASM; William J. Kroll, Consulting Metallurgist, 
Recipient of Sauveur Achievement Award, 1955; Albert E. White, 
Consulting Metallurgical Engineer, Founder-Member and First- 
President, ASM; John A. Marsh, International Nickel Co., Inc., 
Recipient of Distinguished Service Award for International Nickel 
Co.; Bradley Stoughton, Consultant, Dean of Engineering, Re- 
tired, Lehigh University—Past-President, ASM; Karl L. Fetters, 
Asst. to Vice Pres., in Charge of Operations, Youngstown Sheet & 
Tube Co.—Trustee, ASM; Clarence H. Lorig, Battelle Memorial 
Institute—- Treasurer-Elect, ASM; H. A. Wilhelm, Atomic Energy 
Commission and Iowa State College—Trustee-Elect ASM; Peter 
Lillys, Crucible Steel Co. of America— Recipient of Henry Marion 
Howe Medal, 1955; A. E. Nehrenberg, Crucible Steel Co. of Amer- 
ica—Recipient of Henry Marion Howe Medal, 1955; Harry N. 
Ghenn, American Viscose Corp.—Secretary, Philadelphia Chapter, 
ASM; William H. Eisenman, Founder-Member and Secretary, ASM. 





AWARD FOR DISTINGUISHED SERVICE 


In 1955 the Board of Trustees of the American Society for 
Metals established the Award for Distinguished Service which was 
presented to John A. Marsh, Vice President and General Manager of 
the Operating Department of the International Nickel Company, 
Inc. In presenting Mr. Marsh, President George A. Roberts read the 
citation of International Nickel Company’s accomplishments. The 
citation is: 

The Award is made on the 50th anniversary of the first pro- 
duction of Monel Nickel-Copper Alloy direct from the Sudbury 
ore. This alloy, by virtue of its strength and corrosion resist- 
ance, pioneered engineering applications of nonferrous metals in 
great number. From its basic composition has been developed 

several important modifications having increased strength, 





38 TRANSACTIONS OF THE ASM Vol. 48 


workability, stability at high temperature, and resistance to 
especially corrosive surroundings. ... For pioneering achieve- 
ment, for continuous research, for far-sighted development of 
production facilities for an essential metal, the International 
Nickel Company, Inc. has performed unusually meritorious 
services to the Free World. . . . Therefore, by unanimous vote 
of the Board of Trustees of American Society for Metals this 
Award for Distinguished Service has been engrossed and pre- 
sented on October 20, 1955. 


HONORARY MEMBERSHIP 
Honorary membership in the Society was conferred on Paul D. 
Merica, Director of the International Nickel Co. In conferring this 
membership, Past-President Bradley Stoughton read the following 
citation: 

Honorary membership in the American Society for Metals 
is awarded to men of outstanding achievement in the field of 
metallurgy who have contributed to the success of the ASM. 

Dr. Merica pre-eminently merits this honor. He isa distin- 
guished metallurgist, is generally credited with the precipita- 
tion theory of hardening. Three universities have honored him 
with a Doctor of Science degree. 

Dr. Merica has been prominent in business. He was Presi- 
dent of the International Nickel Company of Canada and of 
the International Nickel Company, Incorporated, until 1954. 
He isa Director of both Corporations as well as The American 
Metal Company, Babcock & Wilcox Company and Whitehead 
Metal Products Company. 

He has been active in the ASM since the earliest days, 
being Chairman of the New York Chapter in 1922. His inter- 
est, support and attendance at functions of the Society have 
encouraged others to take active parts in the ASM activities. 

MR. PRESIDENT, I present to you for HONORARY 
MEMBERSHIP in the American Society For Metals, DR. 
PAUL D. MERICA. 


ALBERT SAUVEUR ACHIEVEMENT AWARD 

In 1934 the Board of Trustees established an award consisting of 
a metal plaque and certificate in honor of Dr. Albert Sauveur, dis- 
tinguished metallurgist and for many years an honorary member of 
the ASM. The purpose of this award is to recognize a metallurgical 
achievement which has stood the test of time and stimulated others 
along similar lines to the extent that a marked basic advance has 
been made in the metal arts and sciences. The 1955 candidate was 
William Justin Kroll, Consulting Metallurgist. In presenting Dr. 
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Kroll, Past-President Albert E. White read the citation of Dr. 
Xroll’s accomplishments. President Roberts then conferred the 
award. The citation is: 

The Award is made in recognization of his pioneering 
achievements which have stimulated organized research along 
similar lines to such an extent that marked basic advance has 
been made in metallurgical knowledge. 

Dr. Kroll has many significant achievements to his credit; 
more than one of which would undoubtedly meet the require- 
ments for the Sauveur Award. The achievement which was 
selected as the basis for this award was his pioneering work on 
malleable titanium. Against a background of much research 
work which resulted in no commercial process, Dr. Kroll recog- 
nized the necessity for producing an unadulterated metal. His 
work was started in 1937 and led to the first successful method 
for making satisfactory titanium in commercial quantities. 
The value of Dr. Kroll’s work was recognized by the U. S. 
Bureau of Mines and then accepted by industrial companies. 
His success has stimulated a tremendous amount of additional 
work designed to improve or replace his process. Regardless 
of the outcome of these studies there is little question but that 
the ultimate position of titanium as a commercial metal will 
owe much to the pioneering activities of Dr. Kroll. 

Mr. President, on behalf of the past Presidents of this 
Society, it gives me great pleasure to present Dr. William 
Justin Kroll. 


CONFERRING OF THE ASM MEDAL FOR THE ADVANCEMENT 
OF RESEARCH 


The 1955 ASM Medal for the Advancement of Research was 
awarded to Roger Williams Straus, Chairman of the Board of 
Directors and Chief Executive Officer of the American Smelting and 
Refining Company, in recognition of his consistent sponsorship, 
foresight and influence in financing and prosecuting metallurgical 
research, which have helped substantially to advance the arts and 
sciences relating to metals. 

In presenting Mr. Straus, Past-President Kent R. Van Horn 
read the citation engrossed on the scroll which accompanies the 
medal. President Roberts then conferred the award. The citation is: 

A firm advocate of progress by new process development 
and orderly growth and expansion, Mr. Straus has never per- 
mitted financial limitations to harass the operations and 
growth of research within the company, a policy which was 
maintained even during the dark period of the early thirties 
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when the budget of the Research Department was coura- 
geously increased even in the face of vanishing profits. 

During this period the debismuthizing of lead by means of 
calcium and magnesium was applied and work was initiated 
which resulted in the development of the Asarco process for 
the continuous casting of copper, and ultimately, its alloys, in 
a wide variety of shapes. A continued interest in the prepara- 
tion and properties of the company’s metals in highly purified 
form led to the first commercial production of high-purity 
selenium and to the laboratory production of high purity cop- 
per, lead, silver, zinc, arsenic, indium, tellurium, thallium, 
cadmium and bismuth. While the production of high purity 
metals was initiated to permit the measurement of basic prop- 
erties of the company’s metals, the realization of these has led 
to numerous improvements in the company’s processes which 
have resulted in commercial products of higher purity and 
quality as the need for them was demonstrated. 

While the above, and other activities of the Central Re- 
search Laboratories of the American Smelting and Refining 
Company are reasonably well known to many of this audience, 
the broader policy of applying funds for research within pro- 
duction units of the company is less well known but of no less 
credit to Mr. Straus’ administration. These have resulted in 
fewer plants and furnaces producing a greater tonnage of 
metal at costs which have not increased in proportion to the 
inflation of world currencies. 

A well-rounded research policy involving breadth of plan- 
ning and initiative in fields not narrowly limited to production 
metallurgy are illustrated by the internationally known De- 
partment of Agricultural Research and the newer Department 
of Hygiene. 

Perhaps the most obvious, but by no means most impor- 
tant, demonstration of Mr. Straus’ support of industrial re- 
search is shown in the recently completed Central Research 
Laboratories at South Plainfield, New Jersey, and in the Wes- 
tern Research Section Laboratory being erected at El Paso, 
Texas. 


(CONFERRING OF GOLD MEDAL or ASM 


The Gold Medal of the ASM, established in 1943, recognizes 
the recipient for outstanding metallurgical knowledge and great 
versatility in the application of science to the metal industry, as 
well as exceptional ability in the diagnosis and solution of diversified 
metallurgical problems. The 1955 ASM Gold Medal was awarded to 
Alfred L. Boegehold of General Motors Research Laboratory. In 
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presenting Mr. Boegehold, Past-President James P. Gill read the 
citation engrossed on the scroll which accompanies the medal. Presi- 
dent Roberts then conferred the award. The citation is: 

Mr. Boegehold’s technical education began with mechan 
ical engineering but he chose metallurgical research as a career. 
The result was a successful combination of two philosophies 
which produced many ideas and inventions for new products 
and improved methods of processing and fabricating metals. 

More than thirty years ago, as a pioneer in the field of 
powder metallurgy, he was studying the technology of oil-less 
porous bushings for use as bearings. Eventually, a means was 
provided for the control of porosity without sacrificing me- 
chanical strength. This had an important influence on advanc- 
ing oil-less bearings to a commercial stage of production. A 
continuing interest led to many subsequent patents for the 
manufacture of the powdered iron, the binding of low carbon 
particles with high carbon particles, and the application of 
controlled atmospheres. 

Major contributions were made to the technology of mal- 
leable iron, which included a shortening of the malleable cycle 
by suitable control of chemistry and heat treatment and the 
addition of specific elements that permitted the size of castings 
o be increased. This work has resulted in reduced costs with- 
out sacrificing properties. 

An example of the versatility of his efforts are the im- 
proved coatings for the protection of ferrous metals operating 
at high temperatures. He suggested the aluminum dip, fol- 
lowed by a controlled heat treatment, which produces a protec- 
tive oxide layer. This coating permitted substantial savings in 
critical materials in gas turbines and improved the life of fur- 
nace parts exposed to high temperature. 

His application of end-quench hardenability data on a 
sound engineering basis was an important stimulus in the 
proper utilization of steels through control of cooling rates to 
obtain uniform mechanical properties. 


ADDRESS OF THE EVENING 

President Roberts then presented Rear Admiral H. G. Rick- 
over, USN, Chief, Naval Reactors Branch, Division of Reactor 
Development, U. S. Atomic Energy Commission, who was the 
principal speaker of the evening. The address is printed in full 
herewith: 

Chairman Strauss of the Atomic Energy Commission was to 
have spoken to you tonight. He has asked me to express his regrets 
that he is not able to be here. Also, he has asked me to tell you 
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that he recognizes the important role your organization plays in 
supporting and extending our country’s atomic energy program. 

I cannot give you the broad view of our program that Mr. 
Strauss would have presented. But I do appreciate this opportunity 
to speak to you because we have major problems in the use of metals 
in the application of atomic energy to the propulsion of ships and 
I am sure you can help solve them. 

The successful operation of the NAUTILUS assures the applica- 
tion of nuclear power to many other naval vessels. Such application 
must be based on sure knowledge of all aspects of nuclear power 
plants, including materials performance. 

Although I will discuss primarily the problems associated with 
naval plants, I am sure you will recognize that what I say applies 
with equal force to nuclear power plants for central stations, such 
as the one we are building at Shippingport, Pennsylvania. 

The problems which face us are of two kinds. First are those 
unique to atomic energy—such as the fuel elements and other 
reactor components that use uranium, zirconium or beryllium and 
which must withstand the impact of the nuclear fission process. 
Second are the ones we have with conventional materials and com- 
ponents—such as carbon steels and stainless steels which are used 
in valves and heat exchangers; these are just as important as the 
special materials. 

It is a common belief that atomic power development is pri- 
marily the province of the nuclear physicist. Nothing could be 
further from the truth. What actually faces us is how to determine, 
by calculation and by experiment, the best way to remove heat from 
a reactor, and then to design and build all of the components of the 
reactor system so that they will operate safely and reliably under 
the most rigorous conditions. 

The problems include the familiar ones of using materials at 
high temperature and pressure. They also include the ability to 
withstand corrosion to a very high degree. The new problems raised 
by atomic power are caused by the fact that in nuclear fission heat 
is generated inside a fuel element and proceeds outward, whereas in 
the chemical combustion process the heat is applied from the out- 
side and proceeds inward. In chemical combustion we are normally 
limited to a maximum of about 3000°F, but in nuclear fission we 
can achieve temperatures of millions of degrees. Moreover, we are 
faced with radioactivity and its tendency to distort and to weaken 
materials. The fact that many materials capture neutrons and thus 
tend to stop the chain reaction severely restricts us in their choice. 

First of all, the development of suitable reactor fuel elements 
is the greatest problem we face. The fuel elements are those parts 

of the reactor core that contain the fissionable material which pro- 
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duces the heat, and hence must withstand high temperatures and 
the radiation impact of the fission process. Changes in form and 
substance in fuel elements are inherent in the operation of a reactor. 
\nd yet these changes must not be allowed to destroy the over-all 
integrity of the fuel element nor interfere with the functioning of a 
complex reactor with its close tolerances. The service demands on 
fuel elements are greater than those I know of in any other applica- 
tion. Work on fuel elements is a challenging new field which is 
receiving wide attention, and in which millions of dollars are being 
spent. But much creative and fundamental work still remains to 
be done. 

The problems in fuel elements involve new materials such as 
uranium, zirconium, and beryllium. These are well known to you. 
Your society has held technical sessions on both zirconium and 
beryllium, and we have worked together publishing a book on zir 
conium and one on beryllium. 

A challenging problem in the design of the NAUTILUS reactor 
was the development of zirconium. It was selected in 1949 because 
it had a low cross section for the capture of neutrons and because it 
was also supposed to be corrosion resistant. I vividly recall my con- 
cern when I learned that this material which we considered extreme- 
ly desirable was not in production on a commercial scale and that 
its engineering properties were, for all practical purposes, unknown. 
To be sure, enough was known to indicate that it could be a suitable 
material, but you all know the vast gap between meager laboratory 
data and the full information which is needed for practical design. 

We were faced with the problem of continuing with zirconium 
or of employing the “‘green pasture’ approach—that is, changing to 
another metal. The “‘green pasture’’ concept is a very seductive one. 
You know the faults of what you are working with, but the new 
metal always appears to be much more attractive because you 
have not yet discovered its faults and difficulties. 

Fortunately we stuck with zirconium. The naval program 
would have suffered substantially had we abandoned zirconium at 
that time. We decided to tackle the difficulties and we set up a very 
tight schedule for solving them. A number of the organizations rep- 
resented here tonight participated with us in the crash program 
which led to the investigation of its engineering properties and to 
its production in commercial quantities. 

While the production problem was being solved we learned that 
zirconium had corrosion qualities unsuitable for our purpose. Again 
an integrated crash program between industry and government got 
underway and was successful in providing corrosion resistant metal 
in time. 

A “task force’ consisting of a representative from each organiza- 
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tion doing work on zirconium was established to develop and select 
a more corrosion-resistant alloy. Each representative had access to 
his management so that the necessary changes in the program would 
be effected without delay. The result was development of Zircaloy-2 
in time for its successful use in the NAUTILUS. Without this urgent 
need and the concentrated attack it probably would have taken 
many years before zirconium reached its present state of develop- 
ment. 

Another example where management is helping the develop- 
ment of new materials is in the use of aluminum for cladding fuel 
elements. As you know, aluminum is much cheaper than zirconium 
and has as good nuclear characteristics. The problem is that for 
power reactors, the temperatures are so high that they result in ex- 
cessive corrosion of presently available aluminum alloys. One large 
aluminum producer is spending its own money in cooperation with 
AEC laboratories to find alloys which will be satisfactory. More 
companies should analyze future needs and push such developments. 

The development of uranium, which is essential to nuclear re- 
actors, has been marked from the outset by insufficient knowledge 
of its properties. This has made it extremely difficult to develop 
processes for its production. For instance, as late as 1942 the tables 
gave the melting point of uranium at 1800°C. It is now known to be 
1133°C. And yet uranium has been known since 1789 and was in use 
for many years prior to 1942. The actual melting point only became 
known during early casting operations carried out for the atomic 
bomb project. 

So far, the metallurgical problems that have arisen in the de- 
velopment of nuclear power have had to be solved by empirical 
means since there is a scarcity of knowledge of the fundamental 
principles involved. Thus our metallurgical advancements have re- 
quired the use of extensive manpower and the expenditures of large 
sums of money. Until the fundamental processes involved are under- 
stood additional large-scale use of manpower and money will be re- 
quired to solve each slightly different problem as it arises. This 
empirical approach has just about reached its limit. The methods 
we are using are rapidly becoming unsuitable for solving our prob- 
lems. 

The empirical approach has also resulted in unexpected and 
unexplainable flaws and failures. These continue to plague us and 
cause considerable delay. 

Let me illustrate what happens when there is a lack of basic 
understanding of metallurgy. About a year ago we decided to do 
basic research in uranium in the attempt to develop an alloy resist- 
ant to corrosion in water at high temperature. A number of the most 
experienced metallurgists and solid state physicists agreed to help 
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in this problem. I asked them this question: ‘Using the phase dia 
crams and other characteristics of uranium allov presently known, 
what particular region would you recommend as one which offers 
possible promise?’’ They replied that they didn't even know where 
to start. As a result an extensive and costly empirical program has 
had to be undertaken. 

Now I would like to review some of the specific metallurgical 
problems we are facing. But some may say: “It is easy to list prob- 
lems, but difficult to solve them.” To this I would reply: ‘‘In 
achievement I expect to fail, but let me never recoil from endeavor.” 

A major problem we face in the application of nuclear power 
is that of corrosion. We like to use thin sections of protecting metal 
as a jacket between the radioactive fuel and the coolant which con- 
ducts the heat. Thick sections of metal require the use of additional 
nuclear material. This tends to make the reactor larger, reduces the 
neutron economy, and results in increased cost. But the use of thin 
jacket sections of metal makes it more possible for radioactive fission 
products to escape into the coolant stream if undue corrosion should 
occur. 

The undesirable effects of corrosion are not, to be sure. unique 
for nuclear power, but their effects can be more serious. The special 
coolants and operating conditions in nuclear power plants present 
corrosion problems quite different from the problems previously 
faced by industry. Most of our corrosion work has had to be done 
by testing a large number of slightly different materials under a 
wide variety of conditions before a satisfactory one could be found. 
Even a partial understanding of the mechanism of corrosion would 
permit a drastic reduction in the number of tests. 

It has been estimated that corrosion of metals entails a waste 
of about four billion dollars per year. This points up the importance 
of launching a large-scale program to learn the mechanism of 
corrosion. 

In addition to the problems of fuel elements and corrosion re- 
sistance of materials, a third area of concern is the application of 
conventional materials to nuclear reactors. Here also the lack of 
knowledge of fundamentals is holding us back. 

In a large number of instances where conventional materials 
were specified for nuclear power plants on the basis that these ma- 
terials had been used effectively and for a long time by industry we 
found that the basic knowledge of the reasons it had been possible 
to use the materials effectively was extremely meager. 

In order to apply these materials to nuclear power plants with 
some degree of assurance that they would work satisfactorily it 
became necessary to make a large number of tests since there was 
no hope that an understanding of the fundamentals involved would 
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be reached within any reasonable length of time. Of these conven- 
tional materials, stainless steel has been our biggest problem. This 
steel has many fine properties and will continue to be important in 
nuclear work. However, we are demanding a great deal from it. In 
addition to its use for structural members, applications include use 
for many parts with close tolerances which are lubricated by hot 
water. 

The state of knowledge in the welding of stainless steel is far 
from satisfactory. It has been necessary to devote an extreme 
amount of attention to its fabrication and welding, to assure that 
the end product is satisfactory. More effective methods and tech- 
niques are urgently needed. 

Some difficulties we have had on the NAUTILUS and the SEaA- 
WOLF will indicate what I have in mind. The NAuTiILus heat ex- 
changers have tube sheets several feet in diameter and about one 
foot thick; they are made from stainless steel forgings. In order to 
obtain four satisfactory tube sheets, eight had to be made; the first 
four forgings had to be rejected because of poor quality. 

The pressure vessel for the NAUTILUS consists of a cylindrical 
shell and a hemispherical head. The shell and the head are each 
separately heat treated. The reactor core is then inserted, and the 
head is placed in position and welded to the shell. Because the core 
might be damaged in the process, the complete pressure vessel as- 
sembly could not be heat treated as required by code practice. As a 
result the weld was backed up with large bolts capable of taking 
the entire pressure load. This added complexity, weight, cost, and 
delay to the job. 

We had no evidence that the weld alone was not adequate. It 
was simply the case that no technical information existed to tell us 
whether it was or was not. Since we could not take a chance and 
there was not time to find out, we designed the pressure vessel to use 
bolts in addition to the weld. In other words, an expensive compli- 
cation had to be introduced because adequate knowledge was not 
available. 

The SEAWOLF has also had its problems with stainless steel 
forgings for heat exchanger tube sheets. Carbon steel nuts and bolts 
were found embedded in the stainless steel forgings. These inclusions 
were discovered after machining of the tube sheets had commenced. 
Apparently they remained unmelted in the original ingot and were 
not detected during the forging operation. This certainly indicates 
that quality control can be improved. 

Currently we are experiencing a series of difficulties with con- 
ventional materials. Unbonded areas have been found in stainless 
steel roll-bonded to carbon steel. In another case, a large carbon 
steel forging for a pressure vessel exhibited internal cracks; these 
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were detected after considerable work had been done on the forging 
and were found to be caused by shrinkage voids. 

Many stainless steel castings for valve bodies have been porous 
—in fact, it is very difficult to obtain sound castings consistently. 
We have become reconciled to having extra parts made in order 
to be certain of obtaining sufficient good ones. And we still have not 
learned why the difficulties arise and how sound parts can be assured. 

One of the tools we use for quality control is ‘“‘ultrasonics.’’ This 
is a potentially useful method for nondestructive testing. However, 
we do not feel that we can safely rely on it because there is still no 
accepted standard to tell us what ultrasonic indications actually 
mean. 

Now, let me give you an example of what can happen when 
material is not properly identified. Shortly before the completion of 
the NAUTILUS we discovered that some welded pipe had been in- 
stalled in the steam plant instead of seamless pipe which had been 
specified. Removal and replacement of the wrong piping caused 
months of delay in the completion of the ship and considerable extra 
cost. A storekeeper had issued the wrong kind of pipe. The speci- 
fications had permitted the pipe to be marked inadequately. As a 
result of this an opportunity existed for a mix up in the pipe racks, 
and a mix up eventually occurred. 

Che responsibility for this failure must partly be borne by the 
producers of the pipe and by those who wrote the specifications. 
\nalysis of the specifications showed that they were difficult to 
interpret. Investigation showed that similar instances had occurred 
in other naval vessels, and it is possible that this has also occurred 
ashore. As a result of this instance the Government stepped in and 
issued an additional military specification which requires all ferrous 
pipe purchased by the Department of Defense to be plainly and 
continuously marked. Also, the Atomic Energy Commission has 
adopted this military specification. 

You may say that the Government was responsible in not 
having insisted on proper marking. I will agree. But after all there 
was in existence a society for the testing of materials and we had 
depended on them. Perhaps there should be more active consumer 
representation on the society's committees. 

But what of nonferrous piping and of plates and shapes? The 
advances in technology in recent vears have forced the use of ma- 
terial at levels of temperature, pressure, tensile strength and cor- 
rosion resistance much nearer their upper limits than has heretofore 
been the case. And this trend is continuing. It may interest you to 
know that the Atomic Energy Commission and the Department of 
Defense are presently working to obtain a specification for contin- 
uous markings of nonferrous piping and of plates, shapes and bars, 
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both ferrous and nonferrous. I am sure that you will cooperate in 
every way so we can eliminate this source of difficulty and danger 
both for military and industrial uses. 

We in government are very hesitant to enter into fields of this 
type. We believe it is properly the function of industry to take care 
of its own products. I hope that from now on you will take the 
initiative in matters of this sort, so that the products on which you 
have expended so much care during manufacture are not improperly 
used. 

I am sure that by this time some of you will have recalled the 
story of the farmer who hired a mule tamer to tame his mules. The 
farmer was aghast when the mule tamer began by taking a full 
swing with a sledge hammer on the mule’s head. 

‘“‘T hired you to tame the mules, not to kill them,’’ said the 
farmer. 

‘“‘Sure,”’ said the mule tamer, “but you have to attract their 
attention first.”’ 

Our attention must be attracted first to facts. After we have 
corralled them we can try to tame them with scientific and engi- 
neering effort. 

I have presented some of the stubborn facts which hinder the 
development of atomic energy. Permit me to make some observa- 
tions on how the situation may be improved. 

Metallurgy has reached a crossroads in its history. It needs 
to convert itself from an art into a science. The problems presented 
by nuclear energy merely serve to focus attention on the urgency 
of this need. 

Dr. Cyril Smith, Director of the Institute for the Study of 
Metals, at the University of Chicago is a leader in the program for 
transforming metallurgy into a science. He has expressed his thesis 
in an article which was published in the January 1952 issue of 
METAL PROGRESS. 

I will quote briefly from Dr. Smith’s article. 

“The metallurgist from the earliest days when he first 
produced the bronze and the iron tools whose importance was 
sufficient to name whole eras of civilization, has been purely 
practical. The justification of his work has lain solely in its 
material products, and not in what he thought about them. . 
The very basis of his success lay in his disregard of theory and 
his willingness to try empirical experiments. But there is a 
limit to what a man can do in a lifetime, and empirical knowl- 
edge . . . cannot easily be transmitted to grow from generation 
to generation in the manner of a body of organized knowledge 
tied to a conceptual framework. . . . The empirical stages of 
knowledge are generally developed by people with short-range 
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motivation and . . . uncultural curiosity who collect data in 
isolated fields without regard to their connection with others. . . . 
The scientist, however, seeks underlying laws applicable to all 
physical phenomena, and eventually it will be he who, by 
showing the relations of any given observation with all others, 
makes previously complex relations simple... . In this cen- 
tury for the first time in history it is possible to attempt a 
description of the properties and behavior of metals in terms 


of the same concepts that apply to all other matter. ... The 
more fundamental the research . . . the more certain it is to 
be of eventual use somewhere, but the less obvious its imme- 
diate utility. . . . In the long run fundamental scientific re- 
search will discover important new principles which directly 
open up profitable technological areas. . . . It is currently 


impossible to predict with certainty what kind of alloy will 
result on alloying any two or more metallic elements, but the 
search for the principles is progressing rapidly and in a few 
decades it will probably be possible to design an alloy with the 
certainty that one now designs a machine for a given pur- 
pose. . . . The dollar value for such knowledge will be 
enormous. ”’ 

Dr. Smith’s clear statement of the case can hardly be im- 
proved upon. 

As I have stated, nuclear energy has brought into sharp focus 
the necessity for building metallurgy on a scientific basis. But it 
has also provided powerful tools which can help to achieve this 
objective. One example is radioactive tracers. Another is radiation 
damage studies which may also become a means for understanding 
the physical metallurgy of metals. For example, a problem of long 
standing is the phenomenon of the brittle transition temperature. 
Below this temperature fractures are brittle; above this temperature 
they are ductile. It has been found that exposure to nuclear irradia- 
tion raises the brittle transition temperature. This may furnish a 
valuable tool for solving what is presently a mystery. 

Today, metallurgists need no longer work alone. They can 
become part of a closely knit team which embraces many disci- 
plines. Physicists and chemists especially are helping to get a better 
understanding of metallurgy because the problems are now partly 
in their realm. It may be that nuclear energy will be the catalyst 
for wiping out the fading boundary between metallurgy, chemistry 
and physics. After all, atoms do not obey different laws for metallur- 
gists than they do for chemists or for physicists. 

It should be obvious from what I have said that many difficult 
problems lie before you. Metallurgy holds the key not only for the 
rapid development of atomic power but for many other fields as well. 
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But with this tremendous task in sight, it is discouraging to 
note that according to figures prepared by the Advisory Committee 
on Metallurgical Education of your Society, the number of engi- 
neering graduates in the United States and Canada with Bachelor’s 
degrees in your field dropped from 476 in 1950 to 204 in 1953. By 
1955 the number had increased to 486. However from 1950 to 1955 
the total enrollment of undergraduates and graduates steadily 
dropped from 3887 to 3050. 

The satisfactory resolution of this situation will require a sus- 
tained and coordinated industry-wide attack over a period of many 
years. It may require the establishment of special schools by your 
industry, and a permanent system of recruitment and support of 
students. It may also require a very liberal policy of university in- 
struction for your present employees, both at undergraduate and 
at graduate levels. 

With the existing shortage of scientists and engineers in the 
United States, and the rapid development of all technology, it is 
certain that for many years to come the shortage of trained per- 
sonnel will not be satisfied. 

An essential function of management and leadership, both in 
government and in industry, is to plan for the future. What we do 
today was largely determined for us by the vision and action of 
those who preceded us. Likewise, tomorrow’s events will depend 
on what we plan and do today—on the wisdom we use in planning 
for the future. 

You are faced with the tremendous problem of converting 
metallurgy from an art to a science. To do so will require the 
efforts of a very large number of skilled scientists and engineers. The 
major problem which you face is the recruitment and training of 
these people. In my opinion those organizations which take heroic 
steps to solve this problem will be tomorrow’s leaders. 

More than two millenniums ago Archimedes said, “‘Give me 
a fulcrum and I can move the world.” If he were alive today he 
might say, ‘““Give me a suitable metal and I can contain tempera- 
tures as high as those of the sun.”’ 
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LOW CARBON MARTENSITES 
(1955 Edward DeMille Campbell Memorial Lecture) 


By R. H. ABornN 


INTRODUCTION 


R. Chairman, Members and Guests of the American Society 
M for Metals! We have convened this morning for the Thirtieth 
Annual Lecture honoring Edward DeMille Campbell. Let us pause 
in the presence of the spirit of this great teacher and creative scien- 
tist as we view his portrait. 

In these days, when Americans are so conscious of their heritage 
of freedoms, we in the field of metals recognize how rich is our 
heritage from such an indomitable pioneer as Professor Campbell, 
who gave to the world the results of some seventy-five researches 
all but three of which were done after complete loss of his eyesight. 
Truly many can look for one who can see, but thousands can see for 
one who can understand and create. 

Professor Campbell, working with Dr. William L. Fink in the 
vear this Lecture was established, made the notable experimental 
discovery of the tetragonality of martensite (1).! Thus it is particu- 
larly appropriate on this occasion to take a new look at martensite, 
this time in the low carbon area of martensitic steels. 
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‘The figures appearing in parentheses pertain to the references appended to this lecture 

This is the Thirtieth Edward DeMille Campbell Memorial Lecture, presented 
by R. H. Aborn, director of Fundamental Research Laboratory, United States 


Steel Corporation, Kearny, N. J. The lecture was presented October 19, 1955, 
during the Thirty-seventh Annual Convention of the Society, held in Philadelphia 
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for arranging to obtain the steels used. We are grateful to W. L. 
Grube and D. P. Koistinen of General Motors Research Labora- 
tories for measurements of retained austenite by their high precision 
technique (2). 

The detailed results of the researches have been omitted in 
order to emphasize the ‘‘forest’’ rather than the ‘‘trees.”’ 


IMPORTANCE OF MARTENSITE 

Martensite is considered to be a supersaturated solution of car- 
bon in iron, having a body-centered tetragonal lattice; it is formed 
by the diffusionless transformation of austenite on cooling below a 
temperature denoted as Ms, which is controlled by austenite com- 
position, except for the intervention of plastic deformation. 

It seems unnecessary, on this occasion, to describe at any length 
the great importance of martensite in ferrous metallurgy. It will 
suffice to point out that it is unique in at least two practical aspects. 
It provides the hardest matrix obtainable in steel, and, when suit- 
ably tempered, it offers the highest shock toughness and resistance 
to crack propagation. 

But martensite itself, in the raw, untempered state, has long 
been regarded as so brittle and crack prone as to be beyond consid- 
eration, and even anathema to engineers. This concern for the poten- 
tial dangers of martensite led to the long standing reluctance of 
design engineers to permit the use of quenching in the manufacture 
of pressure vessels. 

More recently, with increasing need of higher working stress 
levels, metallurgists have had another look at martensite and found 
that the medium carbon variety, with low temper, can have consid- ; 
erable toughness with ultra high strength. 


Defining Low Carbon Martensites : 


Lowering the carbon further to a maximum of 0.2% has led to : 
the development of a new class of quenched and tempered marten- 
sitic steels with enhanced engineering properties, combining strength, 
toughness, formability and weldability. The remarkable toughness j 
of such steels has led very recently to the first limited use of quenched 
and tempered steel in pressure vessels. To this class of steels the : 
term low carbon martensites is given. This lecture will survey some . 
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of the basic properties of these steels, in relation to their inner 
structure, and demonstrate that low carbon martensite is not raw 
and untempered as is its high carbon brother, but has, in a sense, 
been automatically conditioned to set the stage for a favorable com- 
bination of maximum advantages with minimum disadvantages. 
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Low Carbon Martensites for Basic Study 


For the basic study, a 0.13% carbon steel, Type 1013, was 
adopted, and will be referred to by that number. A 0.15% carbon, 
low alloy steel, Type 4315, was added to provide ample martensitic 
hardenability* for mechanical test specimens of ASTM standard size. 
The composition and treatment of these steels are given in Table I. 


Mechanical Properties 


Hardenability tests demonstrated that, even with large austen- 
ite grain size, 1013 steel is limited in rectangular sections to about 
0.1-inch thickness for complete martensitic hardening when 
quenched in ice-brine. Obviously then, if the mechanical properties 
of the two steels are to be compared as martensite, special means 
must be found to test specimens of very small thickness. 

To compare notch toughness, it was necessary to austenitize 
both steels to the same large grain size, No. 3 on ASTM Scale, and 
to test them as quarter-width Charpy specimens, with the V-notch 
one-quarter of its ASTM standard length; the specimen, however, 
was standard in all other respects. All such specimens were heat 
treated slightly oversize and ground and notched afterward. The 
heat treatment was standardized to give a reproducible micro- 
structure, with no more than a trace of nonmartensitic transforma- 
tion product. 

The problem of measuring sharply reduced energy levels, 
resulting from the 75°% reduction in volume of metal under the 
notch, was met by the use of a special impact test machine with full 
scale deflection for 24 foot-pounds of fracture energy. No detectible 
twisting or buckling occurred during the testing of these relatively 
thin specimens, and the reproducibility of observed energy values 
compared favorably with that for corresponding standard Charpy 
V-notch specimens, with which they were calibrated using 4315 
martensite for both sizes. 

Three conditions of martensite were studied: as quenched from 
austenite; low tempered for 1 hour at 400°F, corresponding to the 
final conditioning treatment of the core of many case-carburized 
parts; and high tempered to a nominal hardness level of Rockwell 
( 29, corresponding to about 100,000 psi yield strength—a level of 
increasing interest to design engineers for readily welded, high 
strength structures. 

Notch Toughness of Large Grain /0/3—A typical set of results— 
those for quarter-size, V-notch, Charpy specimens of quenched 1013 
martensite —is shown in Fig. 1. Here, as in later charts, comparison 
is facilitated by using smoothed curves based on the average of 
several observations at each temperature. The change of fracture 


*Reference 3. 
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Fig. 1—Notch Toughness of Quenched Martensitic 1013 Steel. Quarter-Size, V-Notch, 
Charpy Specimens Quenched in Ice-Brine From 2200°F; Not Tempered. 400 DPH 


texture, from fibrous to granular with decreasing temperature, 
correlates with the change of energy with temperature. On the other 
hand, lateral contraction, measured with a comparator microscope 
at the base of the notch as an indication of relative ductility, remains 
at a high level with decreasing temperature until the fracture has 
become almost entirely granular.? The two boxed numbers on the 
energy scale show the equivalent 30 and 15 foot-pound levels for 
standard-size Charpy V-notch specimens. These energy levels have 
been suggested, in a recent Naval Research Laboratory Report (29), 
as suitable criteria for comparing high tempered and low tempered 
martensitic steels, respectively. 


2The so-called granular fracture includes both cleavage and intergranular types 
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Fig. 2—Influence of Tempering on the Notch Toughness of Martensitic 1013 Steel. 
Quarter-Size, V-Notch, Charpy Specimens Quenched in Ice-Brine From 2200°F; Austenite 
Grain Size No. 3 ASTM. 


The influence of tempering on the notch toughness of 1013 
martensite is shown in Fig. 2. The upper trio of curves compare 
energy for the three conditions of martensite, the middle trio com- 
pare fracture type, and the lower trio compare lateral contraction. 
The energy curves show that this quenched martensite is somewhat 
tougher than the same martensite after a low temper. Actually, 
plain low carbon quenched martensite, even though born of large 
grain austenite, has an equivalent 15 foot-pound transition tem- 
perature at —140°F. Furthermore, as would be.expected, the high 
tempered martensite has the highest notch toughness, with an 
equivalent 30 foot-pound level at —100°F. 


Notch Toughness of Large Grain 43/5 (Quarter-Size Specimens) 
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Fig. 3—Influence of Tempering on the Notch Toughness of Martensitic 4315 Steel. 
Quarter-Size, V-Notch, Charpy Specimens Quenched in Ice-Brine From 2000°F; Austenite 
Grain Size No. 3 ASTM. (See Fig. 2 for Meaning of HTM, LTM & M). 

—Turning now to the large grain 4315 steel, a similar study of 
quarter-size specimens led to the results shown in Fig. 3. In this 
steel and specimen size, quenched martensite is less notch-tough 
than either of the tempered martensites; however, even it displayed 
as much as 3% lateral contraction at —315°F, demonstrating a 
remarkable degree of ductility in this low carbon martensite at a 
strength level approaching 200,000 psi. 

Comparison of Notch Toughness of 10/3 and 4375—Comparison 
of the notch toughness of these two martensitic steels shows that 
this 4315 steel is consistently tougher than the 1013 heat for each 
treatment. This comparison is illustrated graphically in Fig. 4 for 
the quenched and high tempered conditions. Reviewing the differ- 
ences in the two steels that may contribute to the superior notch 
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toughness of this 4315 heat, it is clear that grain size is not a factor, 
because both steels were heat treated to the same austenite grain 
size. Carbon content cannot be regarded as a favorable factor for 
4315, for it is two points higher than in 1013, and, as will be shown 
later, increasing carbon reduces the toughness of martensite in the 
4300 series of steels. The alloy additions, particularly the nickel 
content in 4315, may have a favorable influence, though published 
data on normalized steels suggest considerably less improvement 
than observed in this low alloy martensite. Extensive chemical and 
spectroscopic analyses of both heats disclosed no other significant 
differences known to correlate with notch toughness. Another differ- 
ence is in steel-making practice; the 1013 was a commercial, open- 
hearth heat, whereas the 4315 was a laboratory, electric induction 
heat. Kinzel, in the 1947 Campbell Lecture (6), commented on the 
unexplained superior toughness of laboratory heats compared to 
commercial heats. A final difference is in the martensitic structure 
itself, and to that we will return later. 

Influence of Austenite Grain Size on Notch Toughness of 43/5— 
Returning now to standard Charpy V-notch specimens, Fig. 5 com- 
pares the energy-temperature curves for 4315 martensite from small- 
grain austenite (No. 8 ASTM Scale) and large grain austenite (No. 3 
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Fig. 5—Influence of Austenite Grain Size on Notch Toughness of 4315 Steel As 
Quenched to Martensite and with Two Degrees of Tempering. Standard-Size, V-Notch 
Charpy Specimens 


\STM Scale). For each condition of martensite, from quenched to 
high temper, the finer textured martensite or temper products re- 
sulting from the smaller austenite grain size have distinctly greater 
notch toughness at any given test temperature. 

With higher energy absorbed at any given temperature, one 
would expect the small grain series to show greater maximum lateral 
contraction than shown by the large grain series. This was confirmed 
at all cold temperatures. 

Influence of Carbon Content on Mechanical Properties of Mar- 
tensite—To understand better the value of low carbon martensite, 
the next step was to compare the effect of increasing carbon con- 
tent, in the same base steel, on some of the mechanical properties. 
Again, to provide ample hardenability to insure a fully martensitic 
structure in standard size specimens, a 4300 steel series was chosen 
for this study. This series comprised steels of nominal types, 
43BV12, 4315, 4320, 4330, 4340 and ‘*4360,’’ whose compositions are 
given in Table I. Standard Charpy and 14-inch diameter tensile 
specimens of each steel’ were austenitized to dissolve all carbide and 
yet maintain small austenite grain size (7-9 ASTM Scale), and 
brine-quenched. For the Charpy series, three conditions of marten- 
site were explored: as-quenched, low tempered 1 hour at 400°F, and 
high tempered to 290 DPH or about 130,000 psi tensile strength. 


The tensile series omitted 4330 steel owing to insufficient material. 
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Fig. 6—Influence of Carbon Content on Notch Toughness of Small Grain 4300 Type 
Steels As-Quenched to Martensite and with Two Degrees of Tempering 


The tensile series included as-quenched 43BV12 and all of the steels 
tempered 1 hour at 400°F and also to three common hardness levels: 
Rockwell C44, C36 and C29. All of the tempering treatments were 
devised to minimize temper embrittlement, and therefore included 
quenching from the tempering temperature. All specimens were heat 
treated slightly oversize and ground to final dimensions afterward, 
including the Charpy notches. 

Notch Toughness in Relation to Carbon Content—The notch 
toughness results, shown in Fig. 6, demonstrate the controlling in- 
fluence of carbon content. The energy-temperature curves are dis- 
placed toward reduced toughness with each increment of carbon. 
Austenite grain size is not a significant factor, because 4340 with 
slightly smaller and 4360 with slightly larger grain size than the 
others show consistently the lowest notch toughness of the series. 
Similarly, hardness does not consistently correlate with notch tough- 
ness, as the curves for high tempered martensite represent essen- 
tially the same hardness. 

The outstanding notch toughness of low carbon martensites is 
evident in all three treatments. The higher carbon martensites, 4330 
and 4340, are markedly toughened by the low temper, and the 4320 
martensite is slightly improved, whereas the 4315 martensite is sub- 
stantially unchanged, for reasons which will unfold shortly. 

It is evident that carbon content of the martensite is the out- 
standing factor. This is carried further in Fig. 7, which correlates 
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Fig. 7—Correlation of Carbon Content of Small Grain 4300 Type Martensitic Steels 
with Lowest Temperature for Indicated Level of Charpy V-Notch Impact Energy. Data 
from Fig. 6. 


carbon level with the lowest temperature for a specific fracture en- 
ergy level. The only comparable energy level for as-quenched mar- 
tensite over the entire series is 10 foot-pounds, and on this basis 
there is a consistent linear relation from below —300°F at 0.15% 
carbon to above +300°F at 0.57% carbon. Comparison of the curve 
for as-quenched martensite with the corresponding curve for low 
tempered martensite at the 15 foot-pound energy level indicates 
that low tempering has greatly improved the medium carbon 4330 
and 4340 martensites, but has had little effect on the two low carbon 
members because they were relatively tough before tempering. For 
high tempered martensite, at the 30 foot-pound level, the effect of 
carbon in decreasing notch toughness is remarkably consistent at 
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Fig. 8—Tensile Properties of Quenched Martensitic and Tempered Martensitic 
Small Grain 43BV12 Steel. 0.252-inch Diameter Specimens. 


this ultimate strength level of about 130,000 psi, with a hardness 
variation of only one Re unit from the mean over the entire five 
steels. The two additional points for 4325 and 4340 steels on the 
curve for high tempered martensite are taken from the current pa- 
per by Shih, Averbach and Cohen (7), and provide further confirma- 
tion of the adverse influence of carbon. 

Influence of Carbon on Tenstle Properties—The tensile proper- 
ties of a typical low carbon, low alloy martensite (Type 43BV12 
steel) as-quenched and after tempering at various temperatures are 
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Fig. 9—Effect of Carbon Content of Small Grain 4300 Type Steels on Yield Strength 
ind Reduction of Area of Martensite Tempered to Each of Three Tensile Strength Levels 


depicted in Fig. 8. This quenched martensite with a tensile strength 
of 187,000 psi has remarkable ductility, as evidenced by the 63°; 
reduction of area. The notable effect of tempering at 400°F is to 
greatly increase the yield strength with a slight lowering of tensile 
strength and very little change in ductility. A corresponding im- 
provement in yield strength on low tempering of low carbon martens- 
ite has been reported by Busby, Hawkes and Paxton (8) and by 
Nehrenberg (9). Further tempering improves the yield/tensile ratio 
with minor improvement in ductility. The optimum tempering tem- 
perature to confer both high yield strength and high ductility for a 
1 hour treatment is about 700°F. 

The influence of carbon content on yield strength and reduction 
of area of tempered martensite in Type 4300 steels is compared at 
each of three tensile strength levels in Fig. 9. These curves again 
demonstrate the controlling influence of carbon modified by the 
conditions of tempering. Bearing in mind that these data are limited 
to one heat of each grade, the optimum carbon tevel to confer the 
highest combination of ductility and flow resistance (measured by 
vield strength) is 0.19% in the 4320 steel. This steel, tempered 1 
hour at 660°F to an ultimate strength level of 196,000 psi, developed 
a yield strength of 175,000 psi with 639% reduction of area. When 
yield strength alone is the criterion there is an optimum carbon 
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level which rises with tensile strength, as shown by the peak yield 
strengths. 


NATURE OF Low CARBON MARTENSITES 
This survey has demonstrated some of the unique combinations 
of useful engineering properties of low carbon martensites such as 
high notch toughness at high strength levels and high flow resist- 
ance, as measured by yield strength, with relatively high ductility. 
This has led us to look into the nature of low carbon martensite to 
account for such mechanical behavior beyond normal expectation. 
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Martensite Transformation—The temperature range in which 
austenite transforms to martensite during quenching is more de- 
pendent upon carbon content than upon any other solute element. 
[his is evident in the formula for Ms, the temperature at which 
martensite begins to form on cooling, in that the factor for carbon 
is about ten times larger than that of any other solute (10). As car- 
bon diminishes, the temperature range of formation rises steeply 
and narrows somewhat, as shown by Grange and Stewart (11). Fig. 
10 compares this range for 1013 and 4315 steels. Martensite forma- 
tion begins in 1013 steel at about 870°F and is essentially completed 
at 735°F just below the starting temperature in 4315. However, 
even in 4315 steel, martensite formation is essentially completed at 
610°F —a temperature above that at which it begins to form in most 
medium carbon, low alloy steels. Most significant of all is the posi- 
tion of this temperature span, namely, 900—600°F. 

The idealized cooling curves* shown in Fig. 10 for the center 
zone of % and Y-inch thick slice specimens and 0.4-inch square- 
section specimens demonstrate that the first-formed martensite in 
1013 steel may be exposed to temperatures above 600°F for periods 
ranging from about 4 of a second for the %-inch, to one-half second 
for the 4@-inch section. The corresponding time intervals for mar- 
tensite in 4315 steel range from about of a second for the thinnest 
to 14 second for the thickest (0.4-inch) section. 

Although martensite is the only transformation product formed 
in any of these specimens on quenching, it is important to note that 
the hardness values, shown at the base of the cooling curves in Fig. 
10, reveal definite softening with increasing section thickness in both 
steels, amounting to nearly 40 DPH units in 4315 with the greater 
thickness range. This hardness was measured at mid-thickness on 
surfaces prepared for metallographic examination as described be- 
low; the load was 5 kg. for the 49-inch series, and 10 kg. for all 
thicker specimens. The hardness of the thinnest section of the 1013 
steel agrees well with the published maximum for that carbon level 
12,13). The thinnest 4315 sample is somewhat harder than the 
corresponding published maximum. 

In contrast to higher carbon steels, untransformed or retained 
austenite is an insignificant feature in these quench-hardened, low 
carbon steels. Repeated checks using X-ray methods showed that 
the amount of retained austenite present in these low carbon mar 
tensites was never more than 0.5%. 

Microstructures of these steels in both quenched and tempered 
conditions were examined extensively, using both light and electron 
metallographic techniques. All specimens were mounted either in 
metal clamps or in cold-setting plastic and were wet ground to mid- 


*References 4 and 5. 
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thickness on lead laps to avoid tempering during preparation. Light 
micrographs, made under identical picral-etching and photographic 
conditions at a magnification of 2000, insured true comparisons 
within the entire series. The actual magnification of all micrographs 
as reproduced may be determined from the unit (u) scale adjoining 
each group in Figs. 11,12,13,14,16,17 and 20; 1 uw represents 1 micron 
or 40 millionths of an inch. 

Two different replica methods were used in preparing electron 
micrographs. Those designated “‘shadow”’ in Fig. 11,14,16 and 17 
were taken of conventional uranium-shadowcast plastic impressions 
of surface relief on the specimen, resulting from differential etching 
in ‘‘super-picral’’.4 The other electron micrographs, marked ‘‘ex- 
traction” in Figs. 11,12,13,14,16 and 17, were prepared by a rela- 
tively new method (14), in which fine precipitate particles are 
stripped from the specimen with the replica, and examined directly 
in the electron microscope. The release of the particles from the 
matrix is accomplished by etching through the plastic replica, in 
this instance with “‘super-picral.’’ Since the actual particles, rather 
than mere replicas of them, are examined, it is possible to identify 
the precipitate by electron diffraction analysis of selected areas. 

Nature of Martensite in /0/3 Steel—Light, shadow and extrac- 
tion micrographs of '9-inch and %-inch slice specimens of 1013 
martensite, compared in Fig. 11, reveal that the effect of thickness, 
and thus of cooling rate, on hardness, is associated with differences 
in microstructure. In the light micrographs, some martensite plates 
in the thicker sample appear slightly darker than the matrix. The 
shadow micrographs show more difference, with an indication of 
some precipitation in occasional martensite plates in the '%-inch 
specimen. However, the extraction micrographs show that precipi- 
tation of extremely fine particles actually has occurred in some 
martensite plates in both samples. Plates containing such fine parti- 
cles are considerably more common in the thicker sample, which 
contains larger and more numerous particles. No precipitate was 
found near the more rapidly cooled surface of the thinner specimen. 

The individual particles within the broad diagonal bands across 
the extraction micrographs of Fig. 11 may not be apparent, because 
even the largest is only a few millionths of an inch in length. These 
particles, similar in shape to thin paper matches, are termed 
‘straws’ from their jumbled jackstraw appearance in the extraction 
micrographs. They have been identified as cementite by electron 
diffraction in these and many similar specimens. It should also be 
noted that the remainder of the martensitic matrix gives a mottled 
pattern. 


#2 cc. of a 12.8% solution of “Zephiran Chloride’? (Winthrop Chemical Co.) added to eacl 
100 cc. of standard picral (Metals Handbook, page 394, 1948). 
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Fig. 13—Enlargement of Extraction Replica Electron Micrograph Showing Cementite 
“Straws’’ Formed on Q-Tempering of Martensitic 1013 Steel 


The microstructure and the hardness of the thicker (14-inch) 
specimen of 1013 martensite can be nearly duplicated by a very 
brief (2 second) tempering at 600°F of a thinner (19-inch) quenched 
section as shown in Fig. 12. The same brief time at 650°F results in 
larger and more numerous particles with a much lighter mottled 
background. 

Thus it 1s evident that decreasing hardness and increasing altera- 
tion of the structure of low carbon martensites with increasing thickness 
are due to an unavoidable tempering during quenching. In subsequent 
discussion this form of tempering is termed quench tempering, or, 
more briefly, Q-tempering, since it occurs during the same quenching 
operation in which low carbon martensite forms. It produces a mot- 
tling of the martensitic matrix and a fine precipitate of minute ce- 
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mentite ‘straws’ in certain plates, as shown clearly in the enlarge: 
extraction micrograph in Fig. 13. 

The extent to which Q-tempering can occur depends both on th« 
temperature at which martensite forms, and its subsequent cooling 
rate. By retarding the cooling rate during quenching of certain low 
carbon, low alloy steels, the extent of Q-tempered “‘straw”’ zones in 
the martensite has been increased to as much as 50% of the entir: 
microstructure. Slower cooling rates of larger sections resulted in 
transformation products other than martensite. 

The straw-laden zones are believed to represent the first-formed 
martensite plates which Q-tempered to cementite platelets in super- 
saturated ferrite. The mottled material from the surrounding mar- 
tensitic matrix gives no crystalline diffraction pattern, so it might be 
regarded as carbon soot formed during etching. However, its char- 
acteristic micrographic pattern, and because it has not been found 
on etched retained austenite or high carbon martensite, suggest that 
it may represent aggregates of pre-precipitation clusters of carbon, 
which form in the low carbon martensite during quenching and are 
caught on the extraction replica. It is not possible to resolve the 
individual clusters with present techniques. 

Nature of Martensite in 43/5 Steel—Lowering the temperature 
range of martensite formation by addition of alloying elements re- 
duces the extent of Q-tempering for a given cooling rate; thus, for 
the same thickness, the extent of Q-tempering is less in 4315 than 
in 1013 martensite, as illustrated in Fig. 14. There is no evidence of 
Q-temper ‘“‘straws’’ in the strongly mottled extraction micrograph 
of the !-inch slice sample. However, the slower cooled 0.4- 
inch square section shows evidence of Q-tempering in all three 
micrographs. The light micrograph shows scarcely resolvable dots in 
occasional dusky plates, whose microhardness is distinctly less than 
that of the light-etching plates. The shadow micrograph shows 
slightly elongated particles, whereas the extraction micrograph re- 
veals the largest straws found in any Q-tempered specimen. It was 
further observed that the structure of this 0.4-inch section is about 
equivalent to adding a 2-second tempering at 650°F to the faster 
cooled, Q-tempered /9-inch section. 

This Q-tempering reaction has been observed in other low car- 
bon alloy steels, and it now seems certain that, except for extremely 
thin sections or high alloy content, low carbon martensites are 
probably never observed as wholly fresh, untempered martensite, 
but always with some Q-tempering. The degree of Q-tempering de- 
pends on the composition, thickness and quenching procedure, and it 
conditions the microstructure and the properties of low carbon 
martensites. However, before discussing the dependence of some 
mechanical properties on Q-tempering, it will be helpful to examine 
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Fig. 15—Quench-Temper and Applied Temper Softening of 1013 and 4315 
Martensites in Relation to Specimen Size. 


the effects of deliberate or applied tempering by reheating these 
Q-tempered, low carbon martensites. As before, the martensites 
were made from large grain austenite, quenched in ice-brine and 
tempered 1 hour at intervals over the range from 212 to 1200°F, 
and again quenched. 


Tempering of Low Carbon Martensites 

The effect of applied tempering on the hardness of Q-tempered 
1013 and 4315 martensites is shown in Fig. 15. First, it may be noted 
that the initial Q-tempered hardness is progressively lower as the 
specimen thickness increases, although martensite is the only trans- 
formation product. This hardness trend is in agreement with the 
degree of Q-tempering observed in the electron micrographs of 
Figs. 11 and 14. The higher initial levels for the 4315 steel are 
readily explained by the higher carbon and lower temperature range 
of martensite formation. Second, it is evident that, as the sections 
thicken, the extent of softening diminishes on applied tempering 
below 400°F. Above 400°F the usual features occur, but it may be 
noted that softening of the thicker sections appears to be slightly 
retarded. 
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Tempered Structures tn /O0/3 Steel—The main struct 
changes observed on tempering 1013 martensite formed in gs 
specimens of g-inch thickness are illustrated in Fig. 16, wh 
compares light micrographs, shadow micrographs and extract 
micrographs, each representing the center zone of specimens t¢ 
pered 1 hour at 400, 600, 800 and 1200°F. No appreciable cha: 
was found in the Q-tempered structure after a 1 hour temper 
212°F, and 1 hour at 300°F caused only slight growth of straw p., 
ticles. However, there was considerable growth of ‘“‘straws’’ and 
extent of the straw zones during 1 hour treatment at 400°F. | 
though the mottled matrix did not change its general appearance, a 
detailed study of these areas revealed the presence of an occasional] 
stubby particle. 

After tempering at 450°F, the mottled regions contained numer: 
ous particles, which were slightly broader and less match-like than 
the ‘‘straws.’’ This change was found to be more pronounced afte: 
tempering at 500°F, and after tempering 1 hour at 600°F the mottled 
structure was wholly replaced by an aggregate of clustered stubby 
particles. Like the ‘‘straw’’ particles, all of the stubby particles wer 
found to be cementite.° The incomplete diffraction pattern obtained 
from both types was similar to the usual pattern of cementite 
formed at intermediate temperatures in higher carbon steels. It is 
considered to result from extreme thinness of the particles along 
certain crystallographic directions, and such particles have been 
termed platelet or predominantly two-dimensional cementite. No 
vidence has been found for the formation of epsilon carbide during 
tempering of any of the low carbon martensites investigated, in agree 
ment with the mechanism of the tempering of martensite as it is 
now understood (15,30). 

A dark-etching network, representing a concentration of cement 
ite particles in the prior austenite grain boundaries, developed dur 
ing tempering at 800°F. The relatively narrow, carbide-rich net 
work in the light and shadow micrographs is revealed as a broader 
band of clustered cementite platelets in the extraction micrograph, 
because this procedure reveals the particles of a precipitated phase 
in depth or volume instead of their cross section. The shadow replica 
micrographs are well adapted to reveal grain outlines and the loca 
tion of larger precipitates. The selective etching effects, shown by 
the shadow micrographs in the matrix of specimens tempered at 
400, 600 and 800°F, suggest either clusters of tiny martensite plates 
(about one-tenth of a micron or four-millionths of an inch in width 
along the massive martensite plates which formed earlier, or that 
there are sub-grains in the martensite as proposed by Lement (15 


Lement (15) stated that the carbide particles formed on applied tempering of a purifi 
iron-carbon martensite containing 0.15% C were believed to be cementite, but he did not identi 
them 
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1200°F shadow micrograph reveals sharply not only the ferrite 
‘n size—about No. 14 on the ASTM Scale—but also some vein 
in these grains. Although a similar minute ferrite grain size has 
en found in low alloy, high tempered martensites (16,17), its 
rsistence does not appear to depend on any special addition or 


purity, as Lement, Averbach and Cohen recently observed it in 
jighly purified iron-carbon alloys (30). 

Tempered Structures in 43/5 Steel—The corresponding struc- 
tural changes on tempering 4315 martensite of '9-inch section are 
illustrated in Fig. 17. The slowest cooled, 0.4-inch section of Q-tem- 
pered 4315 martensite revealed in the light microscope certain more 
rapidly etched plates with faintly resolvable dots, as shown in Fig. 
14; this distinction, illustrated in the dusky areas of the correspond- 
ing micrograph in Fig. 17, increased on tempering up to 400°F. The 
extent of these areas agreed well with the extent of the straw-laden 
zones in the corresponding extraction micrographs. 

Below about 800°F, the sequence of structural changes de- 
scribed for 1013 steel appear to be essentially the same as for 4315. 
lhe dark-etching network which formed in 1013 steel at 800°F did 
not appear until 1000°F in 4315 steel, but was considerably more 
pronounced. Some grains in the specimens tempered at 1000 and 
1200°F appear to contain only extremely fine particles. This dif- 
ference in carbide size between adjacent regions in the sample, more 
obvious in the 1000 and 1200°F extraction micrographs, suggests 
alloy carbide formation, but electron diffraction showed only ce- 
mentite. Probably this dual size is associated with different alloy 
content of the cementite in the two areas. The numerous fine par- 
ticles permit a closer approach to equilibrium distribution of chro- 
mium, molybdenum and manganese between cementite and ferrite, 
leading to higher alloy cementite. Higher alloy content would of 
course greatly hinder coalescence, and thus account for this ob- 
served phenomenon. 

Cementite Straws and Softening—Extensive measurements of 
the size of cementite ‘‘straws’’ in Q-tempered specimens and their 
subsequent growth on applied tempering revealed a wide range of 
size. The smallest observed “‘straws’’ measurable on the extraction 
micrographs were found in Q-tempered, 49-inch 1013 specimens, and 
measured 3.5X10-* microns (0.14-millionths of an inch) in average 
width and 5010-* microns (2-millionths of an inch) in average 
length. The thickness of these “‘straws’’ was found to be below the 
resolving power of the microscope. When these specimens were fur- 
ther tempered by reheating at 400°F for 1 hour, the “‘straws”’ grew 
to an average width of 16X10-* microns (0.64 millionths of an 
nch) with an average length of 27010-* microns (10.8 millionths 
{ an inch) and thickness about one-third of the width. 
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Fig. 18—Correlation of Softening During Tempering with Relative Extent of ‘‘Straw’”’ 
Zones and Size of ‘‘Straw’’ Particles. 


These measurements and similar measurements of the extent 
of straw-laden zones in the structure are compared in Fig. 18 with 
the extent of softening during tempering up to 400°F. Softening is 
plotted in the lower chart as the difference between the maximum 
hardness observed before applied tempering and the hardness after 
such tempering. This comparison shows that the increasing extent 
of the straw-laden zones and the increasing size of the “‘straw’’ par- 
ticles correlate qualitatively with softening. This correlation sug- 
gests a pattern of precipitation of a new crystalline phase—cement- 
ite—and its growth, with corresponding depletion of the matrix as 
described by Geisler in his classic review (21). The lack of complete 
correlation with softening emphasizes that other factors, such as 
stress relief and undetected changes in the mottled matrix, may in- 
fluence loss of hardness on tempering in this temperature range. 

Low versus High Carbon Martensites—Comparison of the se- 
quence and mechanism of tempering low carbon and high carbon 
martensites in carbon steels in Fig. 19 illustrates the basic differ- 
ences. On quenching high carbon eutectoid austenite, martensite 
forms in the relatively low temperature range of 400 to 200°F. 
When this high carbon martensite is reheated to successively higher 
temperatures, it decomposes in the first stage of tempering into 
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Fig. 19—Comparison of Mechanism of Tempering Low Carbon and High Carbon 
Martensites 


epsilon carbide and secondary martensite containing about 0.25% 
carbon. In the second stage, retained austenite transforms to bain- 
ite. In the third stage, epsilon carbide dissolves and cementite forms 
as the secondary martensite gradually becomes ferrite. The temper 
ature range of each of the several stages is, of course, time-depend 
ent as illustrated recently by Fisher (33), and here it is based on | 
hour at the tempering temperature. Also the stages actually are 
not sharply separated as indicated for simplified presentation, but 
overlap each other. 


When low carbon 1013 austenite is quenched, martensite forms 
both above and below 800°F and is automatically Q-tempered. 
This Q-tempering occurring in low carbon martensites during 
quenching appears to have a profound influence on the course of 
applied tempering up to about 600°F. Q-tempering has nucleated 
cementite and no epsilon carbide is formed. In the first stage ol 
applied tempering, the Q-tempered cementite 


‘straws’ grow and 
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straw-laden zones increase in extent. The amount of retained 

enite is negligible, so the second stage can be neglected. In the 

| stage cementite platelets are formed throughout the Q-tem- 
ed mottled matrix. 

When carbide-forming alloying elements are added, indirect 

idence suggests that the Q-tempered ‘“‘straw’’ zones may be the 
sites of cementite particles enriched in alloy, which remain rela- 

vely small even during prolonged tempering near A; temperature. 
[his characteristic may well account, at least in part, for the ob- 
served easy weldability of such quench-hardened and tempered low 
carbon, low alloy steels, for these more stable carbide particles dis- 
solve less rapidly during the extremely brief weld heating. 

[f Q-tempering of low carbon martensites nucleates and forms 
cementite because it is the stable carbide phase at the relative high 
temperatures at which Q-tempering occurs, it may be that the 
minute amount of Q-tempering which can occur, if at all, only at 
relatively low temperatures following the formation of high carbon 
martensites, sets the stage for the nucleation of epsilon carbide, sta- 
ble only at the same relatively low temperatures. 


Correlation of Mechanical Properties with Microstructure 


This interpretation of the microstructure of low carbon mar- 
tensites suggests a correlation of those features with some salient 
characteristics of the mechanical properties: first, with respect to 
softening during Q-tempering and applied tempering. During Q-tem- 
pering, the extent of formation of ferritic zones containing cementite 
‘straws’ and their growth in the first stage of applied tempering 
closely parallels the softening curve. The thicker sections have a 
greater degree of Q-temper softening and less impetus for additional 
softening on applied tempering up to 400°F. The disappearance of 
mottling during third-stage tempering at 450—550°F corresponds to 
the rapid softening of all sections. 

The high notch toughness of low carbon martensites is believed 
to be a consequence of Q-tempering of the martensitic matrix, evi- 
dent in the mottled structure. On this basis, the relative changes of 
notch toughness on applied tempering up to 400°F are associated 
with still invisible changes in the mottled matrix. 

Above 400°F the story changes. As the incipient stage of gen- 
eral cementite formation has been associated with diminished notch 
toughness in higher carbon martensites (15,18), so it appears to be 

these low carbon martensites, for Payson (19) has confirmed the 
existence of a similar drop in toughness of low carbon martensites 
tempered at about 500-—600°F. In low carbon martensites reheated 
this 500-600°F zone, changes associated with the third stage of 
empering—namely, formation of cementite platelets becomes de- 
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tectible throughout the matrix, and mottling of the matrix di: 
pears. These two circumstances may well set the stage for decrea 
resistance to plastic flow and increased susceptibility to c: 
formation and propagation. 

One more set of unusual characteristics in mechanical propert 
remains for correlation. The very marked rise in yield strength 
flow resistance observed in low carbon martensites, without si 
nificant change in tensile strength on tempering at 400°F, has co: 
monly been associated with relief of internal stresses. However, as 
Cottrell points out (20), the yield stress is very structure-sensitive: 
that is, its value is greatly affected by the presence of foreign atoms. 
precipitates, and grain boundaries because these obstruct the move 
ment of imperfections or dislocations through each grain under ap 
plied load. 

If the mottling of the Q-tempered martensitic matrix represents 
a very early stage of precipitation in which aggregates of atom clus- 
ters are beginning to form, a low applied tempering, as in the first 
stage zone, may promote this aggregation to obstruct slip more ef 
fectively. When such a structure is subjected to increasing applied 
load, to use Cottrell’s picture, the free movement of dislocations 
along favored slip planes in the lattice is obstructed successively by 
these atom cluster aggregates, so the yield stress is raised, and no 
sudden yielding occurs. This does not entail any significant change in 
ductility or tensile strength, each of which is measured after severe 
plastic deformation. 

With further tempering as in the third-stage zone, coalescence 
of the clustered aggregates leading to the general formation of de- 
tectible cementite platelets throughout the matrix will increase the 
mean free path (21,22) for unobstructed dislocation movements so 
much that flow resistance will begin to diminish. 

Klingler (18), Averbach (23) and Muir (24) have cited similar 
rises in flow resistance on low tempering of medium carbon mar- 
tensites. However, in contrast to this general behavior in low and 
medium carbon martensites, it appears from the data of Read (25 
that, in high carbon martensite, flow resistance is a maximum in the 
untempered state and diminishes progressively on tempering. It maj 
be that the high state of supersaturation and the low formation 
temperature of high carbon martensite develop such a high degree of 
strain energy in the lattice that flow resistance with low tempering 
is influenced primarily by the reduction in strain energy with in 
creasing growth of atom cluster aggregates and subsequent carbide 
platelet formation. 


Other Examples of Low Carbon Alloy Martensites 


Although 1013 and 4315 martensites have been emphasized, this 
survey would be like a presidential poll confined to Maine if it did 
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include brief mention of a few of the many other low carbon 
tensites which are much more prominent. 
Constructional Alloy Steels—Several low carbon steels with mul- 
e alloying elements totaling under 3% have recently been de- 
ve oped for use in the tempered martensitic condition with yield 
strengths approximating 100,000 psi and characterized by ready 
formability and weldability, and by high notch toughness at any 
imbient temperature. Boodberg and Parker (26) reported outstand 
ng toughness in one of these steels tested as a restrained weldment 
low temperature. Full-scale tests of pressure vessels made of an- 
other of these steels have recently led to limited approval by the 
\SME Boiler and Pressure Vessel Committee of the use of such 
quenched and tempered steels in pressure vessel construction (31). 

Type 4815 nickel-molybdenum steel is one of the most widely 
used carburizing steels in heavy duty applications requiring a low 
carbon, low-tempered, fully martensitic core. A steel containing 
about 9% nickel and 0.1% carbon can be made entirely mar- 
tensitic in considerable thickness and, when suitably tempered, has 
a rather high notch toughness at temperatures as low as —315°F. 

Stainless Steels—Turning finally to stainless steels, the grade 
containing about 12% chromium and 0.1% carbon, known as Type 
103, is widely used in the tempered martensitic condition as turbine 
blading in the steam power industry. 

Precipitation-hardened stainless steels probably stand at the 
highest commercial alloy end of low carbon martensites. Many of 
these involve three-stage treatments: an austenite conditioning 
treatment, transformation to martensite and additional hardening 
of the martensite by precipitation of another phase. Several such 
steels are based on modifications of the basic Type 301, containing 
nominally 17% chromium and 7% nickel with 0.1% carbon. 

Type 301 itself is very widely used as a high strength construc- 
tional steel in the lightweight transportation industry. When cooled 
from high temperature it is normally austenitic at room temperature. 

; [t is, however, so unstable that it very readily transforms when plas- 
tically deformed and, as this transformation occurs by the marten- 
sitic mechanism, the product is really low carbon martensite though 
commonly termed ferrite. 

Demonstration of Formation of Low Carbon Martensite During 
Cold Work—A phenomenon observed at Kearny and reported twenty- 
live years ago (27)—namely, that the slip bands of cold-worked 
unstable austenite appear much thicker than the slip bands of stable 
iustenite and are believed to represent zones of transformation — 
suggested recently that the high-speed motion picture camera might 
how the successive stages of the process. Further encouragement 

ime from Machlin’s report (28) that a speed of about 3000 frames 
per second should be sufficient to record the progressive formation 
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of slip band projections on the polished surface. A few weeks ; 
with the aid of a special device which stretches a polished strij 
Type 301 steel across the stage of a microscope, the Laboratory s 
ceeded in obtaining a brief motion picture of the onset and prog: 

of plastic deformation and associated transformation. Withii 
large grain stretched 7% during 1 second at 75°F. the exposures 
were made at a maximum speed of 3000 frames per second. 





Fig. 20—Micrographs of Type 301 Steel Before (Left) and After Stretching 7% 
(Right). Both Etched 2 Minutes in Hydrochloric-Picric Acid Reagent’? Before Stretching. 


Unfortunately, it is not feasible to publish this motion picture 
shown during the oral presentation of this Lecture. However, 
micrographs of initial and final structure are reproduced in Fig. 
20. The left micrograph shows a typical field of this unstable aus 
tenite solution-treated and quenched from 2300°F to establish a 
grain size of minus 1 ASTM Scale, with all carbon dissolved. The 
right micrograph shows the actual field viewed in the motion picture 
photographed at the conclusion of the picture. The principal grain 
in this field was favorably oriented to the horizontal axis of stretching 
to reveal the formation, lengthening and thickening of slip bands by 
surface contour changes. The few black ‘‘arrow-heads”’ in the upper 
part of the grain are typical of minor transformation during polish 
ing even though electrolytic, because this particular austenite was 
so unstable that the most careful mechanical polishing transformed 
most of the surface layer. 

By slow motion analysis, it was found that the projection or 
trace of the first visible slip band crossed the entire grain in 1/10 of 
a second; progressing probably by short, high speed jumps; so what 
was observed was a discontinuous advance, with an apparent ave! 
age rate of advance of about 2 mm. per second, and when viewed at 
16 frames per second the band crossed the grain in about three sec 
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New slip bands started before the first one reached the oppo- 
edge of the grain. The next obvious stage in the motion picture 
is the selective thickening or widening of certain bands approach- 
» the widths in the right micrograph of Fig. 20. The microhardness 
these broad slip bands was found to be twice that of adjoining 
vers free of slip, a change far greater than the strain hardening of 
stable austenite stretched to this extent. Further stretching near the 
nd of the motion picture produced slip bands in adjoining grains 
ess favorably oriented for easy slip. Portions of these grains appear 
at the left and top sides of the right micrograph in Fig. 20. Although 
much of the grain after stretching 7% was still free of slip bands, 
the correspondence of these bands to transformed regions was con- 
firmed by their high microhardness and by X-ray diffraction, show- 
ing approxims ately 25% transformation in the stretched zone of the 
specimen. 
SUMMARY 

In summarizing this survey of low carbon martensites, three 
unique characteristics are paramount: 

The high temperature range of formation of martensite, lead- 
ing to Q-tempering, less residual stress, less distortion because the 
change of volume at transformation is less, and very little retained 
austenite, thereby virtually avoiding delayed hardening stresses. 

2. Cementite, which begins to form during Q-tempering, is the 
first and, at present knowledge, the only carbide formed on temper- 
ing except for alloy carbide in higher alloy steels. 

Avoidance of the more complex sequence involving the de- 
composition of high carbon martensite to low carbon martensite and 
epsilon carbide minimizes detrimental structural disturbances. 

These characteristics are believed to account for the remarkable 
properties of low carbon, martensitic steels. 

Low carbon martensites combine high strength up to 200,000 
psi with high toughness and favorable combination of flow resistance 
and ductility. These properties, when adjusted to suitable formabil- 
ity and weldability, and enhanced in some stainless steels by excep- 
tional corrosion resistance, make low carbon martensites among the 
most versatile of structural materials. 

In conclusion, paraphrasing Georg Masing’s remarks some years 
igo in concluding an Institute of Metals Lecture, we know we do 
not fully understand the fundamental inner behavior of low carbon 
martensites, but we do believe we are beginning to get acquainted 
vith it, and it’s a lot of fun! 
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SOME EFFECTS OF SILICON ON THE 
MECHANICAL PROPERTIES OF 
HIGH STRENGTH STEELS 


By C. H. Surin, B. L. AVERBACH AND MorrRIS COHEN 


Abstract 


The effects of increasing the silicon content in 4340 and 
4325 steels to 1.5% have been observed as a function of tem- 
pering temperature. The softening on tempering is retarded 
by stlicon, and it appears possible to obtain somewhat higher 
strengths in the silicon steels without a corresponding loss in 
ductility or 1n Charpy tmpact strength. At high strength 
levels the elastic limit 1s approximately one-half of the engi- 
neering yield strength; silicon additions have no influence 
on the maximum elastic limit. Although the introduction of 
stlicon has several beneficial effects at high strength levels, 
undestrable impact properties may be introduced by temper- 
ing at high temperatures (temper embrittlement). Retained 
austenite data are presented as a function of cooling rate 
from the hardening temperature, and 1t 1s shown that sub- 
stantial amounts of retained austenite may be developed on 
retarded cooling. There 1s also some indication that the 
endurance limits and the elastic limits may be related. 
(ASM-SLA Classification: Q general, AY) 


INTRODUCTION 


HE addition of silicon to hardenable steels has been shown to 

retard the softening which occurs on tempering (1,2,3)!. Steels 
with high silicon content have been employed in springs for many 
years, and recently a series of such steels has also been used for high 
strength structural purposes. In this paper the effects of an increased 
silicon content in AISI 4340 and 4325 are described. 

These studies indicate that increasing the silicon to 1.5% 
reduces the softening which occurs on tempering. The increased 
silicon content also results in a higher tensile strength with no at- 
tendant decrease in ductility. The Charpy impact values of the higher 
silicon steels are equivalent to those of the normal steels at high 
hardness. At lower hardness levels, however, the silicon steels have 
less favorable impact properties. 

'The figures appearing in parentheses pertain to the references appended to this paper 


This work was performed under the sponsorship of the Wright Air Development Center under 
Contract No. AF 33(616)-2012. 


A paper presented before the Thirty-Seventh Annual Convention of thé 
Society, held in Philadelphia, October 17-21, 1955. The authors, C. H. Shih 
B. L. Averbach and Morris Cohen, are associated with the Department ol 
Metallurgy, Massachusetts Institute of Technology, Cambridge. Manuscrip' 
received April 11, 1955. 
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Fig. 1—Effect of Tempering on Hardness of Four High Strength Steels. 


An extensive investigation on the tempering kinetics of these 
steels is now under way, including a study of the microstructural 
changes and of the retained austenite behavior. It appears that the 
presence of silicon retards almost all of the tempering phenomena. A 
detailed study of the kinetics will be presented elsewhere. 

MATERIALS 

Four alloy steels were used in this investigation: AISI 4340, 
1340 (1.5% silicon), AISI 4325, 4325 (1.5% silicon). The chemical 
compositions are shown in Table I. The 4340 steel was taken from a 
commercial heat and the others were induction furnace laboratory 

eats.2 The ingots were forged to % inch and %4 inch rounds, and 
then annealed. 


?The authors are indebted to M. W. Lightner of the U. S. Steel Corporation for his cooperation 
rocuring these materials. An induction furnace heat of 4340 was tested sufficiently to show that 
parable results could be obtained in commercial and laboratory heats 
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Fig. 2—Effect of Tempering on Tensile Properties of 4340 Steel. 


Table I 
Chemical Composition of Steels 


Weight Percent 


. Mn y S Si Ni Cr Mo 
4340* 0.39 0.75 0.007 0.012 0.31 1.66 0.75 0.24 
4340(1.5% Si) 0.37 0.76 0.010 0.019 1.45 1.95 0.84 0.24 
4325 0.26 0.63 0.010 0.020 0.23 1.91 0.77 0.26 


4325(1.5% Si) 0.26 0.76 0.009 0.018 1.42 1.95 0.60 0.25 


*Commercial heat. The remaining are laboratory induction heats. 


EXPERIMENTAL METHODS 


All of the materials were normalized at 1600°F prior to machin 
ing. The tensile properties were measured on 0.252 inch diamete! 
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Fig. 3—Effect of Tempering on Tensile Properties of 4340 (1.5‘ 
Si) Steel. 


test bars (5), and impact properties were evaluated by means of 
standard V-notch Charpy specimens. In order to minimize the 
effects of surface condition on the impact properties, the specimens 
were rough machined to 0.020 inch above the final size and then 
finish machined after heat treatment. 

The 4340 steels were austenitized for 30 minutes in a lead pot at 
1525°F and the 4325 steels at 1550°F. All specimens were quenched 
into oil at 75+5°F. Tempering was performed in oil, salt or lead 
pots, depending on the temperature. 

Elastic limits were determined on the tensile specimens using 
the method developed by Muir, Averbach and Cohen (5). In this 
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Fig. 4—Effect of Tempering on Tensile Properties of 4325 Steel 


technique successively higher stresses are applied and the residual 
strain on unloading is determined by means of electrical resistance 
strain gages. The elastic limit is defined as a stress above which the 
residual strain becomes progressively larger on repeated loading, 
and is probably accurate within 2000 psi. Other tensile properties 
were obtained by means of conventional stress-strain recording 
apparatus. 


EXPERIMENTAL RESULTS 


Mechanical Properties 
The hardness and tensile properties of these steels are sun 
marized in Figs. 1-5 as a function of the tempering temperature. 
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Effect of Tempering on Tensile Properties of 4325 (1.5% 


Each specimen was tempered for 1 hour at the temperature indi- 
cated. The effectiveness of silicon in retarding the softening on tem- 
pering is shown in Fig. 1; for example, on tempering above 600°F, 
the hardness of 4325 (1.5% silicon) is as high as that of 4340. 
Each of these steels has a similar variation of tensile properties 
with tempering temperature. The ultimate tensile strength and 
fracture stress increase as the tempering temperature is decreased, 
being terminated by brittle fracture in the higher carbon steels. The 
vield stress and proportional limits, however, seem to reach a maxi- 
mum on tempering in the neighborhood of 300-600°F, and a 
lecrease in these properties is observed as the tempering tempera- 


ture is lowered further. The elastic limit is considerably below the 
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Fig. 6—Effect of Silicon Addition to 4340 on Tensile Properties 


proportional limit and, at high strength levels, it is only about 50% 
of the engineering yield stress. The elastic limit also decreases on 
tempering below about 400°F. 

Fig. 6 indicates the effects of silicon on the tensile properties of 
4340. It is evident that the tensile and yield strengths are both 
raised by the silicon addition, but the elastic limit is unaffected. At 
high strength levels, i.e., at low tempering temperatures, the increase 
in tensile strength can be as high as 40,000 psi. Similar comparisons 
may be made for the 4325 and 4325 (1.5% silicon) steels. 

The elastic limits of 4340 steel are compared with those of plain 
carbon steels containing 0.29, 0.41 and 0.82% carbon (5) in Fig. 7. 
It is evident that the elastic limit follows approximately the same 
trend for each steel as a function of tempering temperature. Th 
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1340 steel has about the same maximum elastic limit as that obtained 
the plain carbon steels. However, the elastic limit of the plain 
bon steels drops off more rapidly on tempering at higher temper 

y temperatures than does the 4340 steel. 
Figs. 8 and 9 illustrate the effects of silicon on ductility. Reduc- 
in area, total elongation, and the relative elongation before 
necking are shown as functions of tempering temperature. The 
luctility properties seem to be unaffected by the addition of silicon 


0.20%C, 0.89% Mn Steel 
0.41%C, 0.72% Mn Steel 
0.82%C, 0.84% Mn Steel 
4340 Stee! 


1000 psi 


Stress, 


Water-Quenched From 
Tempering Temperature 





0 500 1000 1300 
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Fig. 7—Elastic Limit of Plain Carbon and 4340 Steels 


even though higher tensile strength and hardness values are 
observed in the silicon steels at the lower tempering temperatures. 

Fig. 10 shows the influence of silicon on the yield-tensile ratio 
as a function of the tensile strength. The yield-tensile ratio at the 
high strength levels appears to be increased by the addition of sili- 
con in the 0.40% carbon steel, although a similar effect is not 
observed in the 0.25% carbon steel. 

The influence of cooling rate from the tempering temperature 
on the elastic limit is indicated in Fig. 11 which compares results 
obtained on air cooling and water quenching from each tempering 
temperature. A difference becomes noticeable only on tempering 
above 500°F in that the elastic limit of the water-quenched sample 
then falls consistently below that of the air-cooled sample. A partic- 
ularly large decrease in elastic limit is observed after water quench- 
ing from 1300°F. Inasmuch as similar effects are found in plain 
carbon steels (5), this behavior is presumed to arise from the intro- 
duction of residual stresses on rapid cooling from the tempering 
temperature. 
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Fig. 8—Effect of Tempering on the Tensile Ductility of 4340 and 4340 
(1.5% Si) 


Fig. 11 also presents the elastic limits measured on a few speci- 
mens which were refrigerated in liquid nitrogen (—320°F) after 
hardening but prior to tempering. The elastic limits of these speci- 
mens were identical with those of unrefrigerated samples. However, 
the retained austenite content in each case was low (3% without 
refrigeration, 1.5% after refrigeration) and hence these data prob- 
ably do not reflect the influence of retained austenite in commercial 
practice. 

From the relationship between hardness and tensile strength in 
Fig. 12, it is evident that the steels follow a consistent relationship 
in this respect. Figs. 13-16 show the strength and ductility proper- 
ties as a function of hardness. It is interesting to note that the elastic 
limit maintains its maximum value at a higher hardness (and tensile 
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strength) in the 4340 steel than in the 4325 material; moreover, the 
addition of silicon increases the useful hardness to some extent in 
each case. The proportional limit and the yield stress increase 
almost linearly with hardness except at the highest hardness levels. 

The impact properties of these steels at room temperature as a 
function of tempering temperature and hardness are plotted in Figs. 
17-20. The importance of brittle failure in high strength steels has 
been recently investigated (6,7,8) although the minimum impact 
level for a given structural member is somewhat uncertain (4). 
higs. 17-18 indicate that the impact properties at high strength 
levels are slightly improved by the addition of silicon. However, as 
the tempering temperature is increased above 700°F the impact 
properties of regular 4340 and 4325 are superior to those of the high 
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silicon steels. The slight minimum or plateau in the impact streng 
of 4340 and 4325 in the vicinity of 600°F is shifted to higher te: 
peratures in the corresponding silicon steels. Figs. 19 and 20 show t!} 
impact properties as a function of hardness and tensile strengt! 
Below a tensile strength of about 250,000 psi (Rockwell C-50) in t] 
0.40% carbon steels, silicon is detrimental to the impact strengt! 
but becomes advantageous when the strength is higher than 250,000 
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Fig. 10—Effect of Silicon on Yield/Tensile Ratio in 4340 and 4325. 


psi. A similar trend is found in the 0.25% carbon steels, but the 
cross-over point is 180,000 psi (Rockwell C-40). 

It should be noted that the impact properties of the 4325 steels 
are higher than those of the 4340 steels after low tempering treat- 
ments. It is possible to obtain a tensile strength in the neighborhood 
of 250,000 psi, with about 8% elongation and with a Charpy impact 
of 25 ft-lbs in 4325 (1.5% silicon) on tempering at 400°F. This com- 
bination of high strength, ductility, and notch toughness may be 
desirable for many structural purposes. 

Temper embrittlement may become significant at lower hard- 
ness levels because of the tempering temperatures employed. Impact 
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operties were obtained as a function of testing temperature for 
eels treated to various strength values. The data are summarized 
Figs. 21-24. On tempering at 500°F, Fig. 21 shows that the addi- 
‘on of silicon has little influence on the transition behavior. If any- 
thing, the effect of silicon is beneficial in this respect. However, on 
tempering back to Rockwell C-30, it is evident from Figs. 22 and 
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Fig. 11—Elastic Limit Values of 4340 Steel. 


23 that the transition temperature is raised considerably by the 
addition of silicon, both after water quenching and after furnace 
cooling from the tempering treatment. The regular and high silicon 
steels are both subject to temper embrittlement, but silicon seems 
to intensify the effect (compare the water-quenched and furnace 
cooled impact values for each steel). 

The important influence of quenching stresses on the elastic 
limit is indicated in Fig. 11 by the large decrease in elastic limit 
caused by water quenching from high tempering temperatures. The 
changes in length associated with different cooling rates from 1200°F 
for 4" 38" diameter specimens of 4340 and 4325 are summarized 
in Table II. A specimen of each steel was first tempered for 300 
hours at 1200°F in order to eliminate changes in length associated 
with subsequent tempering and then furnace cooled to establish a 
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Fig. 12—Hardness vs. Ultimate Tensile Strength of the Four 
High Strength Steels. 
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relatively stress-free reference length. Each specimen was reheated 
to 1200°F in an evacuated Vycor tube and air-cooled, after which 
the resultant relative change in length was measured in an optical 
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Fig. 14—Yield Stress and Proportional Limit as a Function of 
Hardness and Tensile Strength. 


comparator. The specimens were then reheated and water-quenched, 
and finally reheated and quenched into iced-brine. The elongation 
increased with increasing severity of quench, reflecting the higher 
residual stresses produced by the more drastic quenching. 

The effect of retempering on the quenching stresses is shown 
qualitatively in Fig. 24A. Specimens which had been brine-quenched 
trom 1200°F were first heated for 1 hour at 200°F, air-cooled to 


Table II 
Length Changes Associated with Quenching Stresses 


stenitized and oil-quenched; Tempered 1200°F, 300 hours; Specimens 4” long *4¢” diameter 


AL/L(107$) 
Cooling rate from 
tempering temperature 4340 4325 
Furnace-cooled O* O* 
Air-cooled +12 +16 
Water-quenched +40 +35 
Iced-brine quenched +94 +96 


“Reference length 
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Fig. 16—Reduction in Area as a Function of Hardness and 
Tensile Strength. 
room temperature, and then measured. The same samples were re 
heated at 400 and 600°F, and the accumulated residual length 
changes are plotted in Fig. 24A. It is seen that considerable stress 
relief can be accomplished by heating at 600°F. It is unlikely that 
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Fig. 17—Effect of Tempering Temperature (One Hour) on Charpy Impact Properties 
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these length changes are attributed to a quench aging process (9 
since the hardness was not changed by the difference in cooling 
rates or by aging at various temperatures after quenching. 

The effect of stress relief on the elastic limit was demonstrated 
in another series of experiments. A group of specimens of 4340 was 
hardened, tempered at 1300°F for 1 hour, and then water-quenched 
from the tempering temperature. A pair of specimens was then re- 
tempered at a series of temperatures up to 1200°F, with air cooling 
from each retempering treatment, and the elastic limits measured. 
The results are summarized in Fig. 24B and it is evident the ver 
low elastic limit on water quenching from 1300°F, (20,000 psi) can 
be raised to the level of 100,000 psi by a stress relieving treatment 
at 600°F. 

The effect of stress relief on the impact transition temperature 
is demonstrated in Fig. 25. The stress-relieving treatment appears 
to lower the transition temperature and there is also some indica- 
tion that the maximum impact strength for the stress-relieved sam 
ples is higher. 


Hardenability and Retained Austentte 


End quench hardenability measurements were made _ usin 
specimens 73 inch diameter and 4% inches long. This sub-standard 


teil 
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was adopted because 34 inch diameter rod was the largest 
lable. The hardenability curves so obtained are not directly 
parable to those derived from standard (one inch) specimens, 
t they provide a good measure of the relative hardenability for 
four steels investigated here. The data are summarized in Fig. 
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Fig. 20—Impact Properties as a Function of Hardness 
and Strength of 4325 and 4325 (1.5% Si) Steels. 

26. The 4340 is probably at the low end of the hardenability band 
for such steels, but it is evident that the addition of silicon has 
markedly increased the hardenability of this steel as well as the 4325. 

In order to determine whether the mechanical properties deter- 
mined here were influenced by variations in hardenability, hardness 
measurements were made on sections of °4 inch diameter bars of 
each steel after oil quenching from the hardening temperature. The 
hardness was uniform across the section in each case. Since the test 
specimens were always considerably smaller than °4 inch diameter, 
t appears that the differences in mechanical properties reported in 
the foregoing section reflect differences in the properties of the 
tempered) martensite and are not attributable to the presence of 
other transformation products. 
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Fig. 21—Charpy Transition Curves for 4325, 4325 (1.5% Si), 4340 and 
4340 (1.5% Si) Steels. (Tempered at 500°F for 1 Hour) 

Retained austenite measurements were made at various posi 
tions along the end quench bars by means of an X-ray method (10 
Care was taken to etch away the worked surface due to sectioning: 
each austenite content given is the average of four determinations 
The probable error in the X-ray measurements is of the order of 
+0.3%. 

Figs. 27-30 show the retained austenite as a function of dis- 
tance from the quenched end. The retained austenite can reach 
approximately 12% on retarded cooling in contrast to the value of 
under 3% obtained on rapid quenching. As much as 20% retained 
austenite was produced by holding at 700°F for 2 hours during the 
cooling from the austenitizing treatment. Silicon does not have 
much effect on the retained austenite contents of rapidly quenched 
steels, but it does play a more important role on slack quenching, 
perhaps by influencing the amount of nonmartensitic products that 
form. 

The decrease in hardness with increasing distance from the 
quenched end should not be associated with the corresponding in- 
crease in retained austenite. According to previous experience, 12°, : 
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Fig. 22—Charpy Transition Curves for 4340 and 4340 (1.5% Si) 
Steels. 

retained austenite would decrease the hardness only slightly (about 
1 Rockwell C). Microscopic examination shows that the decrease 
in hardness is caused by the separation of bainite or ferrite dur- 
ing slow cooling. Figs. 31A, B, C and D were taken at sections one 
inch from the quenched end, and Figs. 31E, F, G, H were taken 
at sections three inches from the quenched end. At the 1-inch posi- 
tion it is seen that bainite is starting to form in the 4340 and 4340 
1.5% silicon) steels, and a ferritic constituent in the 4325 and 
4325 (1.5% silicon) steels. At the 3-inch position, appreciable quan- 
tities of ferrite have formed in the steels of lower hardenability, 
4340, 4325, 4325 (1.5% silicon), whereas in the 4340 (1.5% silicon) 
steel, martensite and bainite are the main constituents. Thus the me- 
chanical properties associated with the presence of slack quench 
products is an important engineering problem and may well be a 
decisive factor in the choice of steels used for heavy sections. 


Elastic Limit and Endurance Limit 
Figs. 32 and 33 suggest that there may be a significant corre- 
lation between the elastic limits measured by the repeated load 
method (5) and the endurance limit obtained from rotating beam 
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tests (11,12). The elastic and endurance limits are given in Fig. 3? 
for several 0.40% carbon steels as a function of tempering tempera 
ture. A similar relationship is seen in Fig. 33, wherein the endurance 
and elastic limits are plotted as a function of hardness. Accor 
to these criteria, the maximum useful hardness for the 0.40% 
bon steels appears to lie in the range 45-51 Rockwell C; attempts 
to use these materials at higher hardness values could lead sin 
taneously to microyielding and inferior fatigue life. 


o-4325 Tempered at |IIOO°F Ihr 
120 Water-Quenched 
@-4325 Tempered at IIOO°F Ihr 
Furnace-Cooled 
100 } 4- 4325 (1.5%Si) Tempered 
at I2OO°F | hr. 
Furnace-Cooled to IIOO°F, 
Water-Quenched 


BOF 44-4325 (Il. 5%Si) 
Tempered at 
\2OO°F Ihr 


Furnace-Cooled 


V-Notch Impact Energy, Ft-Lb 


60 
4325 W.Q. 
[30Rc]} 
4325 (1.5%Si) 
40 w.Q. [31 Rc] 
4325 F.C. 
20 [29Rc] 


1 4325 (1.5%Si) 
a F.C. [31 Rc] 
6 : 


-400 -300 - 200 - 100 O 100 
Testing Temperature °F 





Fig. 23—Charpy Transition Curves for 4325 and 4325 (1.5% 
Si) Steels 


In establishing the method for determining the elastic limit 
(5), it was shown that repeated applications of load above the elas 
tic limit produce small increments of plastic strain, whereas repeated 
loading below the elastic limit results in no plastic strain. If we 
assume that the fatigue damage is incurred when minute plastic 
deformation takes place, it would appear that the rotating beam 
endurance limits and the elastic limits could be related. However, 
it should be recognized that if the endurance limits were measured 
under repeated tension (with zero minimum stress) to simulate the 
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ling cycles used for the elastic limit determinations, the endur- 
e limits would then be appreciably higher than the rotating 
1m values plotted in Figs. 32 and 33. Thus, the emphasis should 
placed on the similar variation of the endurance and elastic 
nits as a function of hardness, and not on the fact that the numer- 


120 


© 
oO 


BS 
O 


Accumulated Length 
Change, AL/L(107®) 


oO 


100 


Stress, |OOOpsi 


Fig. 24(A) 
Retempering 

Fig. 24(B) 
Quenched Tensile 





Austenitized and 
Oil-Quenched 


Tempered |!200°F, 400 hrs. 
lced-Brine Quench 


Retempered | hr. 
Successively at 200, 400, 
6O00°F, Air-Cooled 


Austenitized |1525°F 
Oil-Quenched 


Tempered |300°F, | hr. 
Water-Quenched 


Retempered | hr. 
Air-Cooled 


600 800 lOOO 1200 
Retempering Temperature °F 


Decrease in Length of Severely Quenched Specimen on 


Retempering on the Elastic Limit of Severely 


ical values of the two properties happen to be equal. Considerably 
more testing is required to ascertain the real correlation between 
the processes involved. For the present, the potential relationship 
is intriguing since it may point toward a better understanding of 


fatigue damage. 


SUMMARY 


An improvement in high strength mechanical properties may 
be obtained in 4340 and 4325 steels by increasing the silicon content 
to 1.5%. Tables III and IV summarize the properties of these steels 
on being treated at the same tempering temperature and on being 


treated to the same strength level respectively. The maximum 
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4340 Steel 
Oil-Quenched From |525°F 
Tempered at |300°F 

For | hr., Water-Quenched 


120 









100 


~600°F, 
1300°F — Quenched 4 Notched—»Tested 


XRT 









80 Stress 
Relieved at 
600°F For 
2 hours 

60 Air-Cooled 


| 26 Rc] 


‘Without 
Stress 
Relief 


| 25 Rc| 


40 


V-Notch Impact Energy, Ft-Lb 


- 300 - 200 - 100 O lOO 
Testing Temperature °F 


Fig. 25—Effect of Stress Relief on Charpy Impact 
Strength oi 4340. 
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Fig. 26—Comparative Hardenability of Steels. (224 Inch Diam. Specimens) 


strength is increased by the addition of silicon at each carbon con- 
tent. Tensile strengths of 280,000—300,000 psi are attainable in th« 
4340 (1.5% silicon) steel, with about 6.5-8% elongation and about 
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Fig. 27—Hardenability and Retained Austenite 
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14 ft-lbs in V-notch impact toughness at room temperature. How- 


ever, at a strength level of 250,000 psi, the 4325 (1.5% 


silicon ) 


steel has substantially higher notch toughness than the 4340 steels. 
The introduction of silicon has several beneficial effects at 
high strength levels, but at low strength levels less favorable impact 


properties are encountered. 


There is also some indication that the endurance limits and the 


lastic limits may be related. 
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Fig. 30—Hardenability Test and Retained Austenite for 4325 (1.5% 
Si) (%@ Inch Diam. Specimens). 


Table III 
Mechanical Properties of 4340, 4340 (1.5 Si), 4325 and 4325 (1.5 Si) Steels 
Hardened and Tempered at 500°F for | Hour 


4340 4340 (1.5 Si) 4325 4325 (1.5% 
Hardness (Rc) 51 54.5 45.4 48.2 
Tensile Strength (psi) 260,000 300,000 218,000 241,000 
True Fracture Stress (psi) 337,000 400,000 319,000 356,000 
Yield Stress (psi) 230,000 256,000 206,000 220,000 
Proportional Limit (psi) 220,000 220,000 190,000 208,000 
Elastic Limit (psi) 107,000 102,000 104,000 104,000 
Elongation (percent) 6.7 6.3 7.6 6.5 
Reduction in Area (percent) 40 40 54 50 
Room Temperature Charpy Impact Strength, 


V-notch (ft-lb) 14.3 15.9 23.2 26.5 
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Fig. 31—Microstructures at a Distance of One and Three Inches from Quenched End 
One Inch Position 


a. 4340 
b. 4340 (1.5% Si) 
c. 4325 


d. 4325 (1.5% Si) 
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Endurance Limit 


oO — 4140 
0 -— 4340 


Elastic Limit 


0 - 1040 
gw — 4340 


500 
Tempering Temperature °F 


1000 


Fig. 32—Effect of 
Limits of 0.4% C Steels. 


Tempering Temperature on Endurance and Elastic 


Table IV 
Comparison of Some Mechanical Properties of 4340 and 4340 (1.5 Si) 
at a Strength Level of 280,000 psi 


4340 4340 (1.5 Si) 
lensile Strength (psi) 280,000 280,000 
53 53 


Hardness (Rc) 
lrue Fracture Stress (psi) 
Yield Strength (psi) 


370,000 
240,000 


368,000 
245,000 


Proportional Limit (psi) 206,000 220,000 
Elastic Limit (psi) 102,000 106,000 
Reduction in Area (percent) 36 40 
Elongation (in 2”) (percent) ta 8 
Room Temperature Charpy Impact Strength, V-notch (ft-lb) 13.7 13.9 
lempering Temperature (°F) 400 700 
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Fig. 33—Variation of Endurance and Elastic Limits of 
0.4% C Steels with Hardness. 
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DISCUSSION 


Written Discussion: By John Vajda, John J. Hauser and Cyril Wells, Met 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 
[his paper is of special interest to us inasmuch as a similar study of the effect 
silicon on mechanical properties is also being made at the Carnegie Institute of 
lechnology. The authors of the paper have restricted their investigation to longi 
dinal properties and we have restricted ours largely to transverse mechanical 
properties so that many of their results and ours are complementary. 


‘a 


he authors state it appears possible to obtain somewhat higher 
trengths in the silicon steels without a corresponding loss in ductility or in 
Charpy impact strength”; ductility and Charpy impact strength referred to here 
ire, of course, longitudinal ductility and Charpy impact strength for longitudinal 
pecimens. That transverse ductility may be lowered quite drastically by silicon 


s apparent from results given in Table V; each value is an average of two. 


Table V 
Effect of Silicon on Longitudinal (RAL) and Transverse (RAT) Reduction of Area 
Tensile Estimates of RAL and 
Steel Strength RAL RAT RAT at 200,000 psi* 
psi % q RAL RAT 
LISI 8740 190,000 50.0 48.0 
\ISI 8740 194,000 18.5 16.7 
SI 8740+Si 210,000 45.0 47.0 
205,000 4.5 6.0 


*Relations (a) between tensile strength and RAL, (b) between tensile strength and RAT 
in publication by Wells and Mehl.’ 


Cyril Wells and Robert F. Mehl, ‘‘Transverse Mechanical Properties in Heat Treated Wrought 
‘el Products,’” TRANSACTIONS, American Society for Metals, Vol. 41, 1949, p. 715 


lt is our opinion that (a) this lowering of transverse ductility was caused by high 

silicon content type nonmetallic inclusions and that (b) the detrimental effect of 

5% or so of silicon on transverse ductility in steels sufficiently free from these 

lamaging inclusions may be so small, if it exists, as to be unimportant from an 
gineering point of view. Results given in Table V for longitudinal tensile speci 
ns show that the addition of silicon did not significantly affect longitudinal 
ctility; in this respect our results and those of the present authors are in agree 

T 


lhat silicon had little effect on the amount of retained austenite in a fully 
iched AISI 4340+1.5% silicon steel but markedly increased the amount of 
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retained austenite in the slack quenched steel is apparent from results in Fig. 
These results support the authors’ point of view that ‘‘Silicon does not have m 
effect on the retained austenite contents of rapidly quenched steels, but it « 
play a more important role on slack quenching by influencing the amount of | 
martensitic products that form.” 

The data presented in Fig. 34 were obtained on end-quenched 7 inch X7 j 
rounds; the quenching technique used was developed by Vajda and Busby an 
described in a recent publication. Rockwell ‘‘C’’ hardness traverses for the ty 
steels referred to in Fig. 34 are given in Table VI as a function of distance fro: 
the quenched end. 


30 


20 oe AIS! 4340 + 1.5% Si 


| 
| 


| 

: T - em waailiei — 

Pw. | = Alsi 4340 
* 


Retained 
Austenite (%) 





O | 2 3 4 2 6 7 
Distance From Quenched End (In.) 
Fig. 34—Effect of Adding 1.5% Silicon to a 4340 Steel on 


the Retained Austenite Content in End-Quenched 7-Inch 
Rounds. 


The conclusion ‘‘. . . it appears possible to obtain somewhat higher strengths 
in the silicon steels without a corresponding loss in ductility or in Charpy impact 
strength” applies not only to the effect of silicon in 4340 but probably to the effect 
of silicon in other composition steels too. Data given by Payson and Nehrenberg' 
tend to show that Hy-Tuf at a tensile strength of about 240,000 psi had better 
longitudinal ductility (possibly due to the lower carbon content of the Hy-Tuf) 
and better toughness than AISI 8645, 3145, 3250, 2345, 4640, or 4340. In one of th 
Symposium papers on Ultra High Strength Steels in Aircraft Applications pre- 
sented in March, 1953,7 a comparison is shown between a modified AISI 4330 steel 
and Hy-Tuf. Compositions of these steels are listed in Table VIII. 


Table VI 
Rockwell ‘‘C’’ Hardness Traverses on End-Quenched 7-Inch Rounds Of a 
4340 and 4340 +1.5% Si Steel 





Distance from Quenched End (In.) 


Steel 1/146 \% “4 84 1 _ 3 2% «3 4 5 6 
AISI 4340 57.0 56.0 54.0 S1.0 45.5 39.0 37.0 36.0 35.0 34.0 34.0 35.0 
AISI 4340 57.5 57.55 57.0 56.0 545 505 48.0 47.0 460 445 43.5 42.5 
+1.5% Si 


4Information given in Fig. 34 and Tables I and II was obtained on Air Force Contract N 
AF33(616)-2286, sponsored by the Wright Air Development Center, Wright-Patterson Air Force 
Base, Ohio. 

5John Vaida and Paul E. Busby, ‘‘Transverse Mechanical Properties of Slack-Quenched and 
Tempered Wrought Steel,’’” TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 1331 

6Peter Payson and A. E. Nehrenberg, ‘‘New Steel Features High Strength and High Toug 
ness.”"" The Iron Age, Vol. 162, 1948, (October 21 and October 28) 

’Cyril Wells, “‘Composition and Heat Treatment of High Strength Steels,”’ published | 
Sym posium-Ulira High Strength Steels in Aircraft Applications, ASM-SAE Seminar, March 1953 
Published by Society of Automotive Engineers, Inc. 
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Table VIII 


Compositions of Hy-Tuf, Modified AISI 4330, and 4325 


steel C 

lified 4325 0.24 
Modified 4330 0.31 
Hy-Tut 0.26 


Mn 


0.80 
0.87 
1.38 


Si Ni Cr Me 
Per Cent of Element 
0.28 239 1.09 0.48 
0.30 1.82 0.74 0.43 
1.30 1.78 . 0.39 


0.10 
0.10 


In this case at a tensile strength level of about 235,000 psi, longitudinal ductil 


is about equal in both steels while toughness (measured at 70°F) is slightly 


higher in Hy-Tuf. At higher tempering temperatures, that is, at lower tensile 


trengths, Hy-Tuf had the lower toughness; possibly at the higher tempering 


temperature, the Hy-Tuf was slightly more temper brittle than the modified 


1330. Of course, the comparisons shown in the paper are more direct than those 


made in this discussion. However, fortunately, there appears to be in general an 


verall consistency which we think increases the justification for accepting the 


conclusions drawn as applying not only to the effect of silicon on the mechanical 
properties of 4340 but also to the effect of silicon on mechanical properties in cer 


tain steels of other compositions. 


In the summary the statement is made “‘at a strength level of 250,000 psi, the 
1325 (1.5 Si) steel has substantially higher notch toughness than the 4340 steels.”’ 
Do you think that your 4325 (1.5 Si) steel tempered to a tensile strength of 250,000 
psi would have higher notch toughness than your 4325 steel tempered, say, at 
200°F to give a tensile strength of 250,000 psi? One of our steels, a modified 4325 
(Table VIII), tempered at 212°F for 24 hours to give a tensile strength of 250,000 
psi gave Charpy impact values of about 24 ft-lbs (average 24.2); values close to 
26.5 ft-lbs were reported by the authors for their 4325 (1.5 Si) steel, tempered to 


a tensile strength of 241,000 psi. 


Authors’ Reply 


We are pleased to have this pertinent report by Messrs. Vajda, Hauser and 
Wells concerning the related work being conducted at the Carnegie Institute of 


. rechnology. 


[he comparisons between the longitudinal and transverse properties are most 


Table IX 


Mechanical Properties at Room Temperature 


Tensile Strength 300,000 


Level psi 
4340 
Steel 1.5 Si 
lensile Strength 
103 psi) 306 
Yield Stress 
10? psi) 245 
Elastic Limit 
(10% psi) 94 
Reduction in Area 
0) 40 
Elongation 
in 2”) 8 
Notch Impact 
ft-lb) 14.5 


mpering Temper- 
iture (°F-1 hr.) 


400° 


280,000 psi 


4340 
280 
240 
102 

36 
7 
13.5 


450° 


4340, 4340 (1.5 Si), 4325, 4325 (1.5 Si) 





260,000 psi 


4340 4340 4325 4340 

15Si 4340 1.5Si 1.5 Si 4340 1.5 Si 4325 
281 258 262 262 239 240 241 
245 231 244 220 226 228 216 
107 108 104 90 103 106 82 
38 40 42 44 45 43 51 
6.5 7 7.5 7.5 7 10 8.5 
14 14.5 14.5 22 15 15 21 


700° 500° 750° 300 650° 820° 300° 


————— 





240,000 psi 


\ 


500 
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significant. It appears that silicon, as such, in the amounts studied her 
detrimental to the longitudinal and transverse ductility. However, an ad) 
effect on transverse ductility will accompany these comparatively high s 
additions if nonmetallic inclusions are thereby produced. 

[he increase in retained austenite in 4340 plus 1.5% silicon steel due to 
quenching is noteworthy. It has been pointed out by Dr. D. J. Blickwede of 
Bethlehem Steel Company that relatively little ferrite or upper bainite is for 
in the process of slack quenching. Hence, the excess retained austenite m 
attributable to a real stabilizing effect, rather than to carbon build-up i: 
austenite due to the formation of high-temperature transformation product 

[he discussors have asked about the notch toughness of 4325 and 4325 | 
1.5% silicon steels when each is tempered to a tensile strength level of 250,000 
Such comparisons are given in the accompanying table for strength levels rang 
from 240,000 to 300,000 psi and including the 0.40 as well as the 0.25% car 
steels. At a tensile strength of about 240,000 psi, the 4325 plus 1.5% silicon 
has a higher notch toughness, a higher elastic limit, and about the same ducti 
as the 4325 steel, presumably due to the fact that the latter cannot be temper: 


above 300°F for this strength requirement, while the former can be tempered 
500°F. 











ME RELATIONSHIPS BETWEEN ENDURANCE LIMIT 
AND TORSIONAL PROPERTIES OF STEEL 


By S. T. Ross, R. P. SERNKA, AND W. E. JOMINY 


Abstract 


Comparison of fatigue and torsion test results shows 
that the maximum endurance limit of tempered low alloy 
steels can be approximated from torsional yield strength- 
hardness data. The torsion yield strength-hardness relation 
is linear until a region of high hardness 1s reached where this 
relation ceases and a condition of instability occurs. In this 
region, electron micrographs showed the presence of many 
fine percarbide particles in the tempered martensite as well 
as films of percarbides outlining tempered martensite 
needles. 

Torsion tests resulted in three types of failure: shear 
fractures on planes perpendicular to specimen axes; tensile 
fractures on helical planes at 45 degrees to specimen axes; 
and combination shear and tensile fractures containing some 
shear surfaces parallel to specimen axes, accompanied by 
shattering. (ASM-SLA Classification: Q7, Q/, AY) 


ESEARCH by Garwood, Zurburg and Erickson (1)! has indi- 
R cated that the endurance limit of several commercial steels is a 
function of hardness resulting from quenching and tempering. This 
function is a straight line up to certain hardness values, above which 
it deviates from first order relation with much data scatter. Olleman, 
Wessel and Huli (2) have shown that the same type of relation exists 
between torsional yield strength and tempered hardness of tool steel 
alloys. In a private communication, Scott (3) drew attention to pos- 
sible relation between torsional yield strength and endurance limit. 
Consideration of these reports indicates that endurance limit values 
might be approximated from torsion test results. The purpose of this 
investigation was to determine the feasibility of substituting torsion 
test data for those of the fatigue test with saving of expense and 
testing time. 


SPECIMEN PREPARATION 


Twenty-one torsion test specimens were prepared from each of 
six medium carbon steels (SAE 2340, 4052, 4063, 4140, 4340, and 


[he figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Seventh Annual Convention of the 
ety, held in Philadelphia, October 17-21, 1955. Of the authors, S. T. Ross is 
ect engineer, R. P. Sernka is research metallurgist, and W. E. Jominy is chief 
illurgist, Metallurgical Research, Chrysler Corp., Detroit. Manuscript received 
\pril 11, 1955. 
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5150). Chemical analyses of these steels are given in Table I. The 
tent of preliminary machining from %-inch round bars is indica 
by Fig. la. To prevent decarburization, 0.0005-inch copper 
plated on the bars prior to heat treatment. 

Specimens were heat treated as shown in Table II. Three sp 


Table I 
Chemical Analyses of Torsion Test Steels 
Steel j Mn P S Si Cr Ni Mo 
SAE 2340 0.40 0.83 0.015 0.030 0.25 0.05 3.50 
SAE 4052 0.50 0.79 0.015 0.020 0.25 0.05 0.25 
SAE 4063 0.65 0.86 0.015 0.018 0.25 0.24 
SAE 4140 0.42 0.92 0.020 0.026 0.26 0.98 0.19 
SAE 4340 0.40 0.73 0.010 0.020 0.35 0.88 1.68 0.25 
SAE 5150 0.51 0.77 0.015 0.020 0.20 0.78 0.20 
L50OR 
| | 
(3) -—-+ +--— 
: | . 
4 | + | | 
| 1.25 Pe 1. 25-4 
ont | 50 +150 | 
e754 - 
. 6.00 ——_—_— + 


a- Torsion Specimen As Machined From .875 Round 
Plated With .OOO5 Copper Prior to Heat Treatment 








+ -.310 
i 
0 {h—- ———  — 
' ] | 
—150/- Sround to .50 Square Ground to |5 
About Centerline Microinch Finish 


c 


b- Torsion Specimen Ground After Heat Treatment 


Fig. 1—Torsion Specimen Ground After Heat Treatment. 


mens were given each treatment. Austenitizing was done in a muffle 
furnace provided with a cracked-gas atmosphere. The air:gas ratio 
was held at 3:1 at the cracker so that as nearly neutral a furnace at 
mosphere as possible was obtained. All specimens were austenitized 
for one hour and quenched in agitated oil. Tempering was done in a 
pot-type circulating air furnace, and the bars were air-cooled upon 
removal. Hardness values for the as-quenched conditions shown 1n 
Table II indicate that only very small amounts, if any, of retained 
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iustenite were present in the heat treated torsion bars. This was 


later confirmed by metallographic examination. 


\fter heat treatment, the specimens were finished by grinding. 
tach shank was ground to a %-inch square, and its surfaces were 
made true and parallel. All were then ground to the test diameter of 
the smallest bar as shown in Fig. 1b. 


TORSION TESTS 


Specimens were tested in a 2000-pound capacity Tinius Olsen 
torsion machine, using the specially designed grips illustrated in Fig. 


) 


Yield strengths at 0.5-degree twist were obtained with a testing 


speed of 0.1 rpm. Some of the specimens heat treated to high hard 
nesses failed without measurable yielding. It has been assumed for 


the purposes of this study that ultimate strengths and yield strengths 
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Table III 
Torsion Test Data 


Ave. Yield Pt., 


Steel Ave. Rc 2° Offset, In-Lb. Fracture Type 
SAE 2340 38.0 375 A 
SAE 2340 41.0 450 A 
SAE 2340 43.0 510 A 
SAE 2340 48.0 580 4 
SAE 2340 54.0 605 A 
SAE 2340 60.0 580 A 
SAE 2340 62.0 570 eS 
SAE 4052 36.5 410 A 
SAE 4052 41.0 490 A 
SAE 4052 47.0 565 \ 
SAE 4052 52.0 670 \ 
SAE 4052 56.0 750 B 
SAE 4052 63.0 700 B 
SAE 4052 64.5 680 ( 
SAE 4063 36.0 480 A 
SAE 4063 40.5 570 \ 
SAE 4063 45.0 675 A 
SAE 4063 52.5 870 B 
SAE 4063 57.5 930 B 
SAE 4063 61.0 875 ( 
SAE 4063 65.0 375 ( 
SAE 4140 35.5 435 \ 
SAE 4140 40.5 490 \ 
SAE 4140 46.0 570 \ 
SAE 4140 50.0 640 \ 
SAE 4140 53.0 655 \ 
SAE 4140 60.0 690 \ 
SAE 4140 61.0 600 ( 
SAE 4340 36.0 420 \ 
SAE 4340 40.5 485 \ 
SAE 4340 44.5 550 \ 
SAE 4340 49.0 600 A 
SAE 4340 52.0 590 A 
SAE 4340 58.0 630 A 
SAE 4340 59.0 580 € 
SAE 5150 29.0 330 A 
SAE 5150 33.0 380 \ 
SAE 5150 39.0 460 A 
SAE 5150 47.5 590 A 
SAE 5150 53.0 665 A 
SAE 5150 60.5 710 A 
SAE 5150 61.0 645 Cc 


are identical for these brittle specimens. Table III lists the average 
vield strength and Rockwell C hardness obtained for each group ol 
three heat treated samples. 

Twisting was carried to fracture after the yield strengths were 
obtained. Three characteristic fracture types were noted: Type A 
fracture resulted when the specimens sheared cleanly into two pieces 
on a plane perpendicular to the axes. Fracture surfaces were bright 
Type B fracture resulted when the specimens shattered into many 
pieces along irregular fracture surfaces having dull appearance 
However, these fractures contained some bright -surfaces in shea 
planes either perpendicular to or parallel with specimen axes. Typ 
C fractures were found along helical planes at 45 degrees to specime! 


axes. The specimens broke into two pieces and displayed the sam« 
dull appearance as those of Type B, but contained no bright shea 
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Fig. 2—Torsion Test Grips—Oil Hardening Tool Steel 58-62 (RC). 


surfaces. Fig. 3 through Fig. 5 are representative photographs of the 
fracture types. Table III lists these fracture types obtained from 
continuation of the torsion tests to failure. 


FATIGUE TESTS 
Garwood, Zurburg and Erickson (1) have established endurance 
limits for each steel included in this investigation. Their work was 
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Fig. 3—Fracture Type A: Torsion Test Bars No. 11 and 14 Have Sheared Into Two 
es on Planes Perpendicular to Their Axes. 
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Fig. 4—Fracture Type B: Torsion Test Bars No. 2 and 4 Have Shattered Along Irregula: 
Surfaces. Some bright shear surfaces are noted on planes parallel to the original specimen ax 
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Fig. 5—Fracture Type C: Torsion Test Bars No. 19 and 20 Have Failed Along Helical! 
Planes at 45 Degree Angles to Specimen Axes. 





performed on R. R. Moore machines which stressed specimens in 
alternating flexure. Table IV lists chemical analyses and results of 
the fatigue tests performed by Garwood, et. al. The data were ob- 
tained at room temperature and are for smooth bars of standard 


dimensions. 
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- Table IV 
Fatigue Data of Garwood, Zurburg and Erickson 


Endurance Ave. Chemical Analysis 
Limit, psi. Re it Mn P S Si Cr Ni Mo 
SA 340 79,000 30 0.39 0.80 0.015 0.030 0.30 0.06 3.47 
»340 88,000 40 (Heat 120175 


SAE 2340 107,000 46 
<A 2340 100,000 50 


SAE 4052 83,500 33.5 0.52 0.76 0.015 0.021 0.25 0.06 0.13 0.22 
SAE 4052 96,000 39.0 (No Heat Designation) 

SAE 4052 112,000 45.0 

SAE 4052 108,000 49.0 

SAE 4052 102,000 55.0 

SAE 4063 60,000 20.0 0.64 0.78 0.015 0.019 0.24 - 0.23 
SAE 4063 77,500 28.0 (Heat 709369) 

SAE 4063 100,000 38.0 0.66 0.85 0.015 0.037 0.28 0.11 0.09 0.22 
SAE 4063 115,000 45.0 (Heat CY) 

SAE 4063 124,000 53.0 

SAE 4063 130,000 56.0 

SAE 4063 125,000 60.0 

SAE 4063 122,000 61.0 

SAE 4063 123,000 61.5 

SAE 4063 127,000 61.5 

SAE 4063 112,000 65.0 

SAE 4140 69,000 22.0 0.41 0.75 0.010 0.025 0.37 0.87 0.19 
SAE 4140 76,000 27.0 (Heat 15324) 

SAE 4140 86,000 33.5 0.39 0.75 0.012 0.023 0.35 0.92 0.15 
SAE 4140 97,000 38.0 (Heat E-1268) 

SAE 4140 97,000 40.5 0.39 0.80 0.010 0.020 0.37 0.90 0.22 
SAE 4140 100,000 42.5 (Heat 130379) 

SAE 4140 100,000 43.5 

SAE 4140 100,000 46.5 

SAE 4140 98,000 48.5 

SAE 4140 88,000 50.5 

SAE 4140 93,500 51.0 

SAE 4340 72,006 25.0 0.42 0.72 0.025 0.020 0.36 0.85 1.78 0.27 
SAE 4340 80,000 30.0 (Heat 30947) 

SAE 4340 82,000 30.0 0.41 0.76 0.015 0.020 0.27 0.72 1.78 0.22 
SAE 4340 86,500 34.5 (Heat Z) 

SAE 4340 99,500 40.0 0.38 0.80 0.011 0.007 0.23 0.80 1.92 0.24 
SAE 4340 102,000 41.0 (Heat 4x2873) 

SAE 4340 107,000 47.5 

SAE 5150 87,500 36.0 0.52 0.76 0.015 0.021 0.25 0.86 0.13 0.22 


SAE 5150 99,000 39.0 (No Heat Designation) 
SAE 5150 106,500 44.0 
SAE 5150 118,000 48.0 
SAE 5150 119,000 50.0 
SAE 5150 113,500 52. 


(COMPARISON OF FATIGUE AND TORSION DATA 


Fig. 6 through Fig. 11 are plots of that fatigue data and the tor- 
sion test results obtained during this investigation. Both sets of data 
display straight-line relationships up to certain hardness values and 
considerable scatter, with marked deviation from linearity, above 
these values. It is significant to note that, in each case, the endur- 
ance limit becomes nonlinear in its relation to hardness at a lower 
value than does the torsional yield strength. The estimated highest 
hardness values for the linear portion of each relationship are indi- 
cated in Table V. These values show relation to carbon content in 
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that they are highest for SAE 5150 and 4063 steels. Differences be- 
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Fig. 6—Comparison of Torsion Test and Fatigue Test Data, SAE 2340 Steel 
tween these hardness values are also listed. They range from 5.5 to 
7.5 points Rockwell C. 


INTERPRETATION OF ELECTRON MICROGRAPHS 

After torsion testing, three specimens of each steel were selected 
for electron micrographic investigation. One of the three represented 
a point plotted on the linear portions of torsion test curves. Th 
others represented points in regions of instability. 

Examination was made of cross-sections cut from cylindrica! 
areas between the shanks of the torsion bars. The bars were sub 
merged in coolant while cutting was performed by an abrasive whee! 
To prevent further structural change, those bars tempered in the 
200-350°F range were not mounted in bakelite, but were clamped 
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Fig. 8—Comparison of Torsion Test and Fatigue Test Data, SAE 4063 Steel. 


cas were shadowed with chromium at an angle of approximately 45 
degrees. Figs. 12 through 24 are electron micrographs of these speci- 
mens at magnifications of 30,000 diameters. 

Structures representative of those torsion bars tempered at 200- 
350°F are illustrated in Figs. 12 through 15. The tempered marten 
site needles contain many fine carbide particles and are outlined b 
films. The nature of these particles has been indicated by the work of 
Jack (4), Hagg (5), Austin and Schwartz (6) and others. There ap 
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Fig. 9—Comparison of Torsion Test and Fatigue Test Data, SAE 4140 Steel 

pears doubt as to their exact composition, or if more than one form 
is found during tempering. Therefore, in this paper, the generic 
term, percarbides, has been used. Lighter etching areas around the 
percarbides are regarded as regions of lower carbon solid solution as 
suggested by Kurdjumov and Lyssak (7). Films around the needles 
are also considered to be composed of percarbides, since, according 
to data tabulated by Lement, Averbach and Cohen (8), cementite is 
not present in steels tempered at such low temperatures. Needles 
partially outlined by percarbide films are most clearly seen in Figs. 
12 and 14. The matrix material is considered to be ferrite supersatu- 
rated with carbon as indicated by Kurdjumov and Lyssak (9). No 
indications of retained austenite were found in any of the torsion 
bars examined. 
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Fig. 10—Comparison of Torsion Test and Fatigue Test Data, SAE 4340 Steel 


Fig. 16 is an electron micrograph of SAE 5150 steel tempered at 
300°F and purposely over-etched before replication. Comparison 
with Fig. 15 of the same test bar, properly etched, indicates a strik 
ing difference in structure. It will be noted that when the sample was 
etched too deeply, fine percarbides no longer appeared as discrete 
particles. Instead, an artefact network was produced. 

Typical electron micrographs of those torsion bars tempered 11 
the 400-500°F range are found in Figs. 17 through 20. Examina 
tion indicates that all contain two sizes of carbide particles. The fin 
percarbides appear to have been partially supplanted by coarse! 
particles of cementite. Also, percarbide films which outlined th 
martensite needles at lower temperatures of tempering have partial! 
changed to large, elongated, noncontinuous cementite particles. 
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Fig. 11—Comparison of Torsion Test and Fatigue Test Data, SAE 5150 Steel 


Figs. 21 through 24 are electron micrographs of test bars 
representing points on linear portions of the torsion test curves. 
Cementite particles are seen in a matrix of smooth ferrite. Very few 
percarbide particles were noted. No significant differences were de- 
tected among structures of the various steels tempered under the 
same conditions of time and temperature. 


DISCUSSION 


Mechanical Test Data 

Graphical presentation (Figs. 6-11) of torsion test data indicates 

i straight-line relation between torsional vield strength and hardness 
a limiting Rockwell C value for each steel. Similar presentation 
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Fig. 12—SAE 2340 Steel, Tempered at 200°F for 90 Minutes. Fine percarbide particles 
in a matrix of supersaturated ferrite. Arrows denote percarbide films enveloping tempered 
martensite needles. Lighter-etching areas in matrix around percarbides are lower carbo! 
solid solution. X 30,000, reduced \. 

Fig. 13—-SAE 4063 Steel, Tempered at 350°F for 60 Minutes. Fine percarbide particle 
in a matrix of supersaturated ferrite, etched more deeply than Fig. 12. Arrows point t 
boundaries retained from the prior austenite. x 30,000, reduced \%. 

Fig. 14—SAE 4140 Steel, Tempered at 250°F for 90 Minutes. Fine percarbide dispersio: 
in supersaturated ferrite matrix. Apparent pits are artefacts. Arrows point to percarbide 
films. Lighter-etching areas of lower carbon solid solution tend to broaden and lengthe: 
particles. X 30,000, reduced 4. 

Fig. 15—SAE 5150 Steel, Tempered at 300°F for 90 Minutes. Fine percarbides in a 
matrix of supersaturated ferrite. Some percarbide films are evident. 30,000, reduced }s 
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Fig. 16—SAE 5150 Steel, Tempered at 300°F for 90 Minutes. Heavy etch causes per- 
carbides to appear larger and as a network within martensite needles. * 30,000, reduced 4. 
Fig. 17—SAE 4052 Steel, Tempered at 450°F for 60 Minutes. Duplex structure of 
( reek, meee and fine percarbides in a matrix of supersaturated ferrite. x 30,000, 
reduced . 
Fig. 18—SAE 4063 Steel, Tempered at 440°F for 120 Minutes. Coarse cementite and 
fine percarbide particles in supersaturated ferrite. 30,000 x, reduced 4. 
_ Fig. 19—SAE 4140 Steel, Tempered at 450° for 60 Minutes. Arrows point to coarse, 
mgated cementite particles at former martensite needle boundaries. Duplex carbide 


structure is evident. X 30,000, reduced \%. 
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Fig. 20—SAE 4340 Steel, Tempered at 450°F for 60 Minutes. Duplex carbide structure 
and coarse, elongated cementite particles are evident. 30,000, reduced 4. 

Fig. 21—SAE 2340 Steel, Tempered at 600°F for 60 Minutes. Cementite particles in a 
matrix of smooth ferrite. Arrow points to elongated cementite particle at former martensit« 
boundary. X 30,000, reduced 4. 

Fig. 22—SAE 4052 Steel, Tempered at 620°F for 60 Minutes. Cementite particles in 
ferrite matrix. X 30,000, reduced \. 

Fig. 23—SAE 4063 Steel, Tempered at 830°F for 90 Minutes. Cementite particles in 
ferrite. X 30,000, reduced \. 
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Fig. 24—SAE 5150 Steel, Tempered at 500°F for 60 Minutes. Traces of percarbide 
ticles remain. Majority of carbides are cementite ina ferrite matrix. X 30,000, reduced 4 


of the fatigue data of Garwood, et. al. indicates a direct relation 
between endurance limit and hardness also up to a limiting Rock- 
well C value for each steel. At greater hardnesses, both fatigue and 
torsion data reflect a great amount of scatter as well as nonlinearity. 

It is noted that, for each steel, first order relationship ceases at 
a higher Rockwell C value for the torsional yield strength-hardness 
relation than for the endurance limit-hardness relation. When the 
difference between these limiting values is obtained (Table V), it is 
found to range between 5.5 and 7.5 Rockwell C for all steels investi- 
gated. This difference can be considered constant, since + 1.0 
Rockwell C is within the limits of hardness testing error and the 
fatigue and torsion samples were not taken from the same heats 
of each steel. 

However, this does not necessarily indicate that the mechanism 
of fatigue failure differs from that of torsional yielding. Nor does it 
indicate that the cause of instability (scatter and nonlinearity) is 
different for each relation. It does indicate that these instabilities 
are related to certain ranges of Rockwell C hardness. In this in- 
vestigation, Rockwell C hardness of quenched test bars was altered 
by change of the tempering temperature, only. Thus, the structural 
changes occurring during tempering are assignable causes of data 
instability. Cycle-dependance of fatigue failure appears to increase 
sensitivity to structural change so that instability of endurance data 
occurs Over a wider range of hardness. 
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Torsional Fracture Characteristics 

Fracture Type A has been defined as that which resulted 
torsion specimens sheared cleanly into two pieces on planes px 
dicular to their axes. The fracture surfaces were bright. Olk 
et al have characterized these as pure shear failures. The p] 
torsion test data, when correlated with fracture type indicate thay 
all points on linear portions of the torsional yield strength-hardness 
curves were obtained from bars which failed with Type A fractur 

Type B fracture resulted in shattering of torsion specimens int, 
several pieces along irregular fracture surfaces. The pieces had a 
generally dull appearance except for bright surfaces originally o; 
planes parallel with specirnen axes. (loser study. of these fractures 
indicates that failure was initiated on the bright surfaces. They ar 
defined as planes of shear by Nadai (10). Type B fractures did no 
occur in all steels. The Type B fractures that occurred are all repre 
sented by points plotted in the nonlinear portions of the data 
curves. In no case was Type B fracture noted in bars of the highest 
hardness of the material being tested. 

Failure along helical planes at 45 degrees to the specimen axes 
are defined as Type C fractures. Type C surfaces were dull, contain 
ing no bright areas. Fig. 5 indicates that no shattering accompanied 
failure. Under conditions of the torsion test, 45-degree planes are the 
location of maximum tensile stresses. Thus, Type C fractures repre 
sent tensile failures. For all steels, Type C fractures were noted on 
bars of maximum hardness, representing points on the nonlineai 
portions of the torsional yield strength-hardness curves. 

Both Type B and Type C fractures are considered effects ol 
microstructural changes causing instability of the linear relation of 
test data. Residual stresses may also be a contributing factor i 
producing the region of instability. However, measuring them was 
outside the scope of this investigation. Type B represents transition 
from shear to tensile failure with increasing hardness. 
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Electron Micrographs 


Muir (11) noted that instability in elastic limit-hardness data 
coincided with the formation of cementite films in the 450—500°! 
tempering range as reported by Lement (8). However, he regarded 
improvement in the data for samples tempered above 500°F as a 
function of the relief of quenching and transformation stresses. 
Nevertheless, correlation of electron micrographs (Figs. 12 to 24 
with mechanical properties data (Figs. 6 to 11) indicates that th 
endurance limit and the torsional yield strength are extremel! 


structure-sensitive. Instabilities in test data coincide with occur- ; 
rence of fine percarbide particles dispersed throughout the matrix 

of ferrite supersaturated with carbon and of percarbide films out- 
lining tempered martensite needles. 
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[his investigation has shown that cementite films are not 
ed during the tempering process. It is indicated by Figs. 12 to 
15 that percarbide films are present at tempering temperatures as 
ow as 200°F. Figs. 17 to 20 show that these films are gradually sup- 
slanted by large, elongated and discontinuous cementite particles at 
remperatures above 450°F, after one hour or more of tempering. 
Lcd ntification of the films outlining martensite needles at low tem- 
nering temperatures agrees with the view of Kurdjumov and Lyssak 
(7). that formation of percarbides can begin at martensite bounda- 
ries in the 200-300°F tempering range. 

It has been pointed out by Ross (12) that the concept of three 
distinct stages in tempering has been based on temperature only. 
When both temperature and time dependance are considered, the 
limits dividing tempering into stages must be very broad, if exist- 
ant at all. The authors agree with the concept that percarbides and 
supersaturated ferrite are intermediate products in the transforma- 
tion of martensite to ferrite and cementite during the tempering 
process. However, Figs. 12 through 15 indicate that percarbides do 
not form a subgrain network in martensite. This is not in agreement 
with the consideration by Lement, et. al. that the appearance and 
subsequent dissolution of such a network is a factor in the kinetics 
of tempering. 

In a previous paper (13), the authors have referred to fine car- 
bides in martensite associated with bainite in end-quench bars as 
being indicative of a subgrain structure. Refinements in metal- 
lographic techniques have resulted in electron micrographs which 
indicate that subgrains do not exist in tempered 100% martensite 
nor in partially transformed areas of hardenability bars. Effects 
caused by improper surface preparation and regions of lower carbon 
solid solution have led to identification of an artificially produced 
network and its incorrect representation as a martensite subgrain 
structure. 

The importance of sample preparation in electron metallogra- 
phy cannot be emphasized too highly. Fineness of tempered mar- 
tensite structures will not be revealed properly unless extreme care 
is taken that every trace of disturbed metal is removed by etching. 
‘'urther, the etch must be only of sufficient depth to delineate the 
particles. As reported by the ASTM Sub-Committee on Electron 
Metallography (14) and indicated by Figs. 15 and 16, shadowing 
effects will mask the true structure if over-etching has occurred. 

It is also of significance that the steels studied in this investiga- 
tion when tempered at the same temperature and for the same 
length of time display the same electron microstructure. It appears 
that, while the amount of carbide particles in tempered martensite 
is determined by chemistry, their size and distribution is a function 
| the time and temperature of tempering. 


() 




















































138 TRANSACTIONS OF THE ASM 


(ONCLUSIONS 


Consideration of the results of this investigation have 
the following conclusions: 

1. kor each of the alloys investigated (SAE 2340, 4052, 4063 
4140, 4340, and 5150), there is a straight-line relationship betwee 
vield strength in torsion and hardness up to a limiting Rockwe'| ( 
value. This is similar to that previously reported to exist betwee 
endurance limit and hardness for the same alloys. 

2. The beginning of instability in the endurance limit-hardness 
relation occurs at 5.5—7.5 points Rockwell C lower than that in th 
torsion yield strength-hardness relation. 

3. Electron micrographs indicate that finely divided perca: 
bides are present in tempered martensite over the range of instabil 
ity of the hardness-torsional yield strength relationship. 

4. Electron micrographs show that percarbide films outlin 
martensite needles tempered for an hour or more in the 200—350°| 
range. Above 450°F, these films are supplanted by elongated and 
discontinuous cementite particles. 

5. No martensite subgrain network was found in electro: 
micrographs of the torsion bars. 

6. No microstructural differences were detected in electro: 
micrographs of various steels tempered under the same conditions 
of time and temperature. 

7. Three types of fracture were noted when torsion tests wer 
carried to failure: shear fracture on planes normal to specimen axes: 
combination shear and tensile fracture containing some shear su 
faces along planes parallel to specimen axes; and tensile fracture o1 








helical planes at 45 degrees to specimen axes. 

8. Specimens on straight-line portions of the hardness-torsional 
vield strength curves failed with normal shear fractures. Fo 
each steel, those specimens heat treated to highest hardness frac 
tured at 45 degrees along the helical plane of maximum tensile stress 


References 


1. M. F. Garwood, H. H. Zurburg and M. A. Erickson, ‘‘Correlation of Labora 
tory Tests and Service Performance,’’ INTERPRETATION OF TESTS AND 
CORRELATION WITH SERVICE, 1951, p. 1, published by American Society 
for Metals. 

2. R. D. Olleman, R. T. Wessel and F. C. Hull, “A Study of Factors Controlling 
Strength in the Torsion Test,’’ TRANSACTIONS, American Society for 
Metals, Vol. 46, 1954, p. 87. 

. Scott, Westinghouse Electric Corp., private communication, January 
1953. 

1. K. H. Jack, ‘“‘Structural Transformations in the Tempering of High Carbo 

Steels,’’ Journal, Iron and Steel Institute, Vol. 169, 1951, p. 26. 

G. Hagg, Zeitschrift Kristallographie, Vol. 89, 1934, p. 92. 

6. A. E. Austin and C. M. Schwartz, ‘‘Electron-Diffraction Study of Iron ¢ 
bides in Bainite and Tempered Martensite,’’ American Society for Testing 
Materials, Preprint No. 165, 1952. 


~ 


- 
_ 
— 


wm 








TORSIONAL PROPERTIES OF STEE!I 139 


Kurdjumovy and c Lyssak, ‘Kinetics of the First stage ot Martensite 
Decomposition,” Zhurnal Teckhnicheskoi Fiziki (Journal of Technical 
Physics), USSR, Vol. 19, 1949, p. 525. (Brutcher Trans. 3041). 

S Lement, B. L. Averbach and M. Cohen, ‘Microstructural Changes on 
rempering [ron Carbon Alloys,’’ TRANSACTIONS, American Society for 
Metals, Vol. 16, 1954, p.- 851. 

. Kurdjumov, L. Lyssak, ‘‘The Application of Single Crystals to the Study 
ot lempered Martensite,”’ Journal, Iron and Steel Institute, Vol 156, 
1947, p. 29. 

\. Nadai, Plasticity, 1931, published by McGraw-Hill. 

H. Muir, B. L. Averbach and M. Cohen, ‘‘The Elastic Limit and Yield Be 
havior of Hardened Steels, TRANSACTIONS, American Society for Metals. 
Vol. 47, 1955, p. 380. 

S. T. Ross, discussion on article by B. S. Lement, B. L. Averbach and M. 
Cohen, ‘‘Further Study of Microstructural Changes on Tempering Iron 
Carbon Alloys,’’ TRANSACTIONS, American Society for Metals, Vol. 47, 
1955, p. 291. . 

: S. T. Ross, R. P. Sernka and W. E. Jominy, ‘“‘An Electron Metallographi« 
Study of the Dependence of Microstructure on Hardenability,”’ TRANs 
,cTIONS, American Society for Metals, Vol. 47, 1955, p. 727. 

14 lechniques for Ferrous Electron Metallography—Part II, Etchants and 
Etch Depths,” Proceedings, American Society for Testing Materials, 
Vol. 53, 1953, p. 515. 

15. F. E. Werner, ‘““Tempering of [ron-Carbon Single Crystals’’, M.I.T., Depart 
ment of Metallurgy Sc. D. Thesis, (Sept. 1955). 

16. C. S. Roberts, B. L. Averbach, and Morris Cohen, ‘““The Mechanism and 
Kinetics of the First Stage of Tempering’’, TRANSACTIONS, American 
Society for Metals, Vol. 45, 576-604, (1953). 


DISCUSSION 


Written Discussion: By Martin A. Erickson, section supervisor, Labora 
tory Test Section, Tractor and Implement Div., Ford Motor Co., Birmingham, 
Michigan. 

lhe authors are to be complimented for their contributions in arriving at a 

mplified method for approximating the endurance limit of polished steel 

Chey point out that linearity exists in both the static torsion data and the 
fatigue data up to certain ranges of Rockwell C hardness after which scatter 
curs. The implication is that because of this relationship in linearity, the magni 

ide of the torsional stress at 2 degrees offset and of the endurance value for the 
same hardness should be comparable. Fig. 25 shows that linearity also exists in 
he case of tension. Using the same reasoning as implied we would anticipate 

relation between tensile strength data and endurance dataat the same level. 
lhe writer has attempted to make a quantitative analysis of the available 

i which was collected from the paper, from the authors’ unpublished tests and 

m the report by Garwood, Zurburg, and Erickson. By plotting ratios as shown 
Fig. 26, it was observed for example, that the torsional yield at 2 degrees offset 
ed more closely with the endurance limit than did the torsional strength data. 

is also observed that when 50% of the tensile strength was used, which is 
nerally the value taken for rule of thumb evaluations of the endurance limit 

it agreement was somewhat closer. See Fig. 27. The data published by Garwood 

il shows the endurance limit to vary from 0.46 to 0.77 of the tensile strength 
he steels tested. It would appear that for estimating the endurance limit of a 
th bar of the size used that the tensile strength gives equal if not somewhat 
ter data and is in most cases easier to obtain. 
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Fig. 25—Showing that Linearity Also Exists in the Case of Tension. 
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Fig. 26—Torsional Strength and Torsional Vield at 2 Degrees Offset. 


In seeking a practical use for the data presented by the authors one must keep 
in mind that the results apply only to polished or superfinished specimens. Line- 
arity between endurance limit and tensile strength or hardness disappears as th 
surface finish becomes more irregular, such as when notches or scale are present 
in the surface under strain. This is clearly shown by Lipson, Noll and Clock i: 
Fig. 28. It is also known that the simple torsion or static test values would 
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Fig. 27— Tensile Strength and Torsional Yield at 2 Degrees Offset 
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Fig. 28—Endurance Limit Versus Hardness Curves for Steels Under Various Manu- 
ctured Surface Conditions. 


remain linear with hardness up to Rockwell C-40—45 in spite of the surface con- 


n since stress concentrations are not sensitive to static loads. These differ- 
ces in the static and dynamic tests are significant and would suggest that the 


vo are very much unrelated and thus difficulty of correlation would be expected. 


well as endurance and torsion values as shown by the authors. This instability is 


Above Rockwell C-40-45 hardness instability occurs in tensile values as 
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caused by the residual stress distribution set up by the heat treatment. If 

low carbon steel is made to maximum hardness it must be quenched drasti: 
a salt solution followed by little or no tempering. This steel may have a 

hardness of Rockwell C-40—45 but will exhibit brittle properties due to 4 
herent residual stresses. On the other hand a high carbon alloy steel moc 
quenched in oil and tempered at a relatively high temperature 900—1000°] 
would exhibit ductile properties at Rockwell C-40—45 due mainly to low r 
stress magnitudes. Thus it would be anticipated that the higher carbon 
would show linear stress-hardness characteristics to a higher value of ha: 


than the low carbon series due to the stress relief obtained by higher tem 





temperatures. 





It will also be found that steels free of biaxial and triaxial residual 
distribution obtained by stress relieving will exhibit ductile failures below f 








well C-45 similar to those shown by the authors. When these residual st 
are present the material will exhibit brittle properties and fracture will be « 
maximum tensile stress rather than shear. In between these two extremit 
combination of ductile and brittle failure will occur similar to those shown in | 





Written Discussion: By B.S. Lement, research staff, Division of Ind 





Cooperation, Department of Metallurgy, Massachusetts Institute of Technolog 
Cambridge, Mass. 





On the basis of their electron microscopic examination of low alloy stee! 





authors have presented a somewhat different description of the microstruct 
changes during tempering than that advanced by the discussor in a previous st 
of high purity, iron-carbon alloys (8). Although the alloy contents of the stee! 
used in the present investigation might conceivably affect the kinetics of 
tempering stages and the etching response as compared to high purity, iron-car! 
alloys, one would expect the main features of the tempering changes to be si! 
However, it is difficult to reach agreement as to what these features actually 
because of differences in techniques, interpretation and terminology. 

The authors conclude that during the first stage of tempering ‘‘percarbid 
form both as fme discrete particles within martensitic plates and as films at mat 
tensitic boundaries. Based on Figs. 12 to 15, it seems difficult for one to decid 
whether discrete particles rather than films at sub-boundaries are really pres 
within the martensitic plates. This difficulty could arise from irregularities or di 
continuities in a sub-boundary film, assuming it to be present. In the previo 
study (8), variations in thickness and apparent discontinuities in the sub-boundary 
film were observed; however, the term ‘“‘network’”’ was used to take into acco 
the possibility of local coalescence as well as unresolvable portions of the filn 
The distinction between an irregular or discontinuous “film’’ and ‘‘discrete pai 
ticles’’ might be considered academic. Nevertheless, the term ‘‘film’’ does hav: 
significance if it is used to indicate the presence of a carbide in essentially 
dimensional form along some type of interfacial surface. From consideratio! 
interfacial energy, one would logically expect the fine carbides observed to b 
located at sub-boundaries within the martensitic plates. The main question seems 
to be whether subgrains actually exist in martensite. Since overetching is usual 
necessary to bring out subgrains, Fig. 16 might be interpreted as revealing th 
presence of subgrains in 5150 steels which are the same size (of the order of 1000A 
as reported for the high purity, iron-carbon alloys (8). The existence of subgrains 


° . 
in martensite about 200 A in size has recently been deduced from analysis of 
broadening of X-ray diffraction lines (15). 
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authors reach the conclusion that the ‘“percarbide films”’ at mart ti 
iries are supplanted by “elongated and discontinuous cementite parti le 
ther tempering. The question arises as to why the authors made a distinction 
een “films” and “‘particles’”’ in this connection. Both types of carbides occu 
tensitic boundaries, both are elongated, and both appear discontinuou 
ectron micrographs shown. In the previous paper (8), the discussor used th« 
‘elongated films’’ to des¢ ribe the cementite that formed at mat 


laries without intending to imply that these films were continuous. ‘‘Elon 
ited particles” would be a more appropriate term if, for example, the cementit 
considered to be rod-shaped rather than essentially 2-dimensional 
The formation of what the authors call “percar bide films’’ at marte 
daries is an interesting observation. In the high purity, iron-carbon alloys of 
previous investigation (8), virtually no evidence was found of increased filn 
rmation at martensitic boundaries during the first stage of tempering. In fact 
was only after tempering high enough to induce precipitation of cementite, th 
martensitic boundaries became sufficiently delineated to be recognized as such 
der the electron microscope. This apparent difference in behavior between high 
purity, iron-carbon alloys and low alloy steels is difficult to rationalize unless o1 
imes that the initial films at the martensitic boundaries observed in the low 
vy steels are actually cementite. The occurrence of cementite could be due to 
dvertent tempering on. passing through the Ms range during the quenching 
peration. This phenomenon has been termed Q-tempering by Dr. Aborn in hi 
Campbell lecture and is a factor if the Ms is relatively high and/or cooling through 
the Ms range is relatively slow. Considering the fact that the 4140 steel has a 
ilculated Ms of about 575°F? and that the metallographic specimens were take 


om torsion bars (0.31-inch gage diameter) hardened by oil quenching, it seem 


possible that a significant amount of Q-tempering could occur. From the previou 
vestigation (8) in which ice-brine quenched specimens (' inch thick) of high 
purity, iron-carbon alloys with low Ms points were studied, it appears that o1 
gular tempering cementite forms at martensitic boundaries even before it form 
thin the martensitic plates. It therefore seems likely that cementite would form 
referentially along martensitic boundaries on Q-tempering of the low alloy steels 
d thus be present in the as-quenched condition. Did the authors consider this 
possibility? 
Finally, it should be made clear that what the authors refer to as “super 
rated ferrite’’ matrix coexisting with ‘‘percarbides’’ at low tempering tem 
peratures (200—350°F) is actually b.c.t. martensite. It has been shown on the basis 
{ X-ray diffraction measurements of tetragonality (9,15,16), that the matrix at 


end of the first stage tempering is b.c.t. martensite containing about 0.3‘ 


rbon and that it is necessary to temper for 1 hour at about 500°F in order to 
educe the tetragonality and result in b.c.c. ferrite. Although Kurdjumov (9) uses 


he term “supersaturated ferrite’? as synonymous with b.c.t. martensite, this is 
ibiguous since it seems probable that the b.c.c. ferrite that eventually forms is 
persaturated with respect to carbon. According to Kurdjumov, there may b« 
t 0.1% carbon present in the newly formed b.c.c. ferrite although this remains 
proven. 
Written Discussion: By Henry E. Frankel, National Bureau of Standards 
hington, D. C. 
(he authors are to be complimented on the fine electron metallographi: 


e actual Ms is probably higher because of incomplete carbide solution 
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results obtained. There is, however, one question that I would like to have ; 

It can be assumed that in almost every instance the basic structw 
austenitizing and quenching was martensite. After this treatment, the st 
tempered at various times and temperatures, thus permitting any retain 
tenite to transform as well as obtaining varying degrees of martensitic dk 
sition products. The micrographs illustrate these points very well. It, th: 
seems that, what was really tested were specimens with different metall: 
structures: the hardness level merely being one manifestation of this. | 
if the authors observed an optimum structure which would correspond to 
mum fatigue limit. Such an optimum structure has been inferred by Hod 
Lankford. 

Written Discussion: By Howard Scott, Westinghouse Electric | 
Pittsburgh. 

This paper is another major contribution to the basic metallurgical p: 
of identifying factors controlling or limiting the strength of hardened steel 
authors have taken advantage of the wide range of hardness values availab! 


| } 


quenched steels simply by varying the drawing temperature, to study th 
companying highly significant changes in mechanical properties. It is of i 
to contrast their results with previous related work on static mechanical prop: 

As early as 1931, Emmons‘ showed that a maximum occurs in the 
torsional strength of a bearing steel as hardness is so varied. We have fo 
similar maximum in the simple tensile test and in the notched bar tensile te 
air hardening steel though at lower hardness values than for torsion loading. 
might be expected then that a maximum would be found also in the fa 
strength of steels tested at sufficiently high hardness values. The present auth 
giving in detail the earlier result of Garwood, Zurburg and Erickson,$ have cover 
a sufficient hardness range to establish clearly the existence of such maxi 
fatigue strength, apparently for the first time. 

These maxima in strength are obviously of great importance in the select 
of steels and treatments for specific applications. They represent, however, shai 
limits to the gain in strength possible by conventional treatment. To attaii 
higher values, we need to know what causes them. 

The cause of the maximum in static torsional strength is obvious enough 
one examines the fracture surfaces in great detail. Olleman, Wessel and H 
have done so and find that maximum shear stress determines fracture on 
softer side of the maximum, maximum tension stress on the hard side. Evidently 
shear fracture strength increases with hardness while the brittle or tension fractur 
strength is falling. Since the shear and tension stresses on their respective plan 
of maximum value are equal in the torsion test, a maximum in torsional strengt! 
occurs at the hardness level where the shear and tension fracture strengths ar 
equal. 

The interpretation of fractures obtained in the tension test is not so straigh 
forward because of the cup-cone type of fracture commonly found. The work o! 





3]. M. Hodge and W. T. Lankford, ‘‘Influence of Non-martensitic Transformation Pr 
Mechanical Properties of Tempered Martensite,"” NACA TN 2862, December, 1952. 

4J. V. Emmons, ‘‘Some Physical Properties of Hardened Tool Steel,"’ Proceedings, Amet 
Society for Testing Materials, Vol. 31, 1931, Part II, p. 47. 

5Garwood, Zurburg and Erickson, ‘‘Correlation of Laboratory Tests and Service Performa! 
1951, published by the American Society for Metals. 

6Olleman, Wessel and Hull, ‘‘A Study of Factors Controlling Strength in the Torsion Test 
PRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 87. 
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Parker, Davis and Flanigan,’ however, shows clearly that the same factors control 


the tension test as in the torsion test, the essential difference being in the ratio 


{ shear to normal stress at the origin of fracture. 


hese observations are cited because of their possible relation to the maximum 


latigue strength. An analysis of the tensile and torsion data suggests strongly 


that austenite content reduces tension fracture strength and therefore displaces the 
trength maximum to a lower hardness level. The authors’ data, however, are 


( 
i 


ite positive in showing that maximum fatigue strength is reached at hardness 


vel 


where austenite is completely transformed and, therefore, 


is not a con- 


trolling factor. Carbon content, on the other hand, is clearly a dominant variable 


j 
ae 


ter 


rker, Davis and Flanigan, ‘‘A Study of the Tension Test,"’ Proceedings 
g Materials, Vol. 46, 1946, p. 1159. 


nining the maximum attainable endurance limit, Fig. 29. Evidently the 
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linear relation of endurance limit to hardness is terminated at a higher hard 
the higher the carbon content. Though one might expect some austenite 
0.66, carbon steel drawn at about 500°F to a hardness of Rockwell C-56 
composition and treatment produced maximum fatigue strength. 

Nickel also is an austenite stabilizer but the two steels having an apprecial 
nickel content at 0.40°%) carbon fail to show a lower fatigue value at their respe 
Live maxima, lig. 30. A ( ordingly , one needs to consider other basic variabk th 
iustenite content for an explanation of the maxima in fatigue strength. 

Grain size might be suspected as a factor influencing fatigue strength a 
deed it is in single phase alloys. Sinclair and Dolan,* however, show that it ha 
appreciable effect in quenched and tempered steel of 110,000 psi ultimate strengt! 
furthermore, the variation in austenitic grain size among the steels and treatm 
used by the authors is probably too small to be significant so one must seek 
other cause for the displacement of the peak endurance limit to higher hard 
with increased carbon content. 

rhere is certainly no immediately obvious reason for the displacement 


one might suspect residual stress as a factor. The opportunity for carbon co 


tration gradients to remain after austenitizing is greater in the lower carbon 
“|. M. Sinclair and T. J. Dolan, ‘“‘Some Effects of Austenitic Grain Size and Metal 


Structure on the Mechanical Properties of Steel,’’ American Society for Testing Mater 
print 15, 1950 
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he higher carbon ones which are close to the eutectoid ratio. Because of 


increase in specific volume ol martensite with carbon content, lat ( 


esses can develop from small gradient: 
terogeneity in carbon distribution might arise also from the presence of 
he content of which is normally lower the higher the carbon content. If 
he case, vacuum melting should raise the maximum in fatigue strength and 
e it towards higher hardness values. A larger effect would then be expected 
lower end of the carbon range considered than at the higher end. Obviously 
fertile field for further experimental work with good prospects for th 
evaluation of the metallurgical factors controlling the fatigue strength 


per d steels. 
Authors’ Reply 


he authors wish to thank the various discussors for their contributions to 
iper. Mr. Erickson suggests that we have attempted to determine endu 
mit values from our study of torsional yield strength data and electron 
graphs of corresponding tempered structures. Actually, we have established 
there is a virtually constant difference in the hardness at which optimum en 
ce limit is obtained and that at which optimum torsional yield strength is 
ed in the tempered steels investigated. While it may be true that actual 

es of the endurance limit can be estimated from tensile data as well as from 
al data, this consideration was beyond the scope of our paper. We have 
that relatively inexpensive torsion tests can indicate the hardness to which 


edium carbon, low alloy steels should be tempered to attain maximum fatigue 


' rte 
erwies 


We agree with Mr. Erickson that surface finish is an important factor in both 
ind fatigue testing. Our torsion specimens were ground to a high degre 
ice finish to avoid occurrence of surface stress raisers. We believe that thi 
tent with good testing practice. 
We agree with both Messrs. Erickson and Scott that residual stresses also 
part in the phenomena we have investigated. We have shown the existenc 
ucrostructural variations which we have described as assignable causes fot 
lity of properties. We have not seen quantitative measurements which give 
ial stresses the same importance. We do not deny that they may also be 
of instability. 
We appreciate the correlation of our work by Mr. Scott with data obtained 
ly on related static mechanical properties. We agree that similar investi- 
of vacuum-melted alloys might indicate that higher maximum values are 
le with improved matrix strength. However, we feel that displacement of 
ia to higher hardness values is not likely, since vacuum melting would prob- 
ave little effect on the carbide size, type, and distribution in the steels undet 
leration. 


ln answer to Frankel, we believe that our results indicate that there is a 


red structure which promotes maximum endurance behavior in steels. It is 
hich is obtained when the tempering temperature and time are just suf 
result in microstructures free of films and finely-divided particles of pet 
Our samples were quenched in such a way as to obtain 100%) martensit 
empering. The relative importance of percarbide particles and percarbid 
this connection is the subject of research now in progress at the Chrysler 
tion Research Laboratories. 
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Mr. Lement has referred to a first stage of tempering in discussing ou 
We have indicated previously (12) that his assignment of definite stag 
tempering process requires the restriction of tempering time to one hour. \ 
shown that tempering phenomena are time-dependant as well as temp: 
dependant. Our removal of the time restriction leads to the conclusi: 
temperature limits dividing tempering into definite stages based on microst 
are very broad, if they exist at all. 

Mr. Lement uses the term network which presumes continuity of the pe 
carbide particles. Our electron micrographs show them as discrete particles. \\; 
have also found that a percarbide network is an artefact which appears in e! 
micrographs of over-etched specimen surfaces. Thus, the precipitation of 
particles does not delineate a subgrain structure in martensite. We are not fa 
with Mr. Werner’s deductions from X-ray line broadening, although this tec! 
has been used by several others, previously. However, we do not believe tha 
etching can reveal subgrains in martensite of tempered medium carbon 


\ 
V 


even though they may exist. The large number of percarbide particles present 
such a degree of relief effectively mask any suggestion of subgrains in the matrix 
the tempered steels under consideration. 

This technique might, however, reveal a subgrain structure in very 
carbon alloys. We would like to emphasize our differentiation between the ter: 
percarbide film and elongated cementite particle. We have shown that, in addit 
to existing as fine particles, percarbides exist as films around prior mart 
needles at low tempering temperatures or after short tempering times. Abov 
temperatures at which percarbides become unstable with time, these percarbid 


f 


films are shown to be supplanted by elongated, discrete cementite particles, | 
previous work (8) Mr. Lement has referred to such cementite particles as cement 
films and failed to note the existence of percarbide films at lower temperi 
temperatures. Study of our electron micrographs indicates that percarbide fil: 
exist in all our samples at low tempering temperatures. 

Mr. Lement has suggested that percarbide films might have been present 
our specimefis as a result of tempering below the Ms during quenching. He cites 
the work of Dr. Aborn® in this connection. However, Dr. Aborn’s work was co 
cerned with steels of less than 0.20% carbon content and of much higher M, 
temperatures. We do not believe that the phenomenon of Q-tempering is occurring 
to a sufficient extent to be observable in our specimens. We examined them betor 
tempering and found no evidences of percarbide films in the as-quenched conditio 

We have used the term supersaturated ferrite to denote the incompletely 
tempered matrix which coexists with percarbides to differentiate it from the as 
quenched structure, martensite. Mr. Lement indicates that he would prefer t 
call this structure low-carbon martensite based on diffraction data which indicat’ 
a slight degree of matrix tetragonality. We prefer to retain the term supersat 
urated ferrite since it implies neither a cubic structure nor a specific degree o! 
tetragonality. Rather, it is a general term for the transition matrix structure b 
tween martensite and bcc ferrite obtained during low-temperature tempering 


°*R. H. Aborn, ‘“Low-Carbon Martensites,"” TRANSACTIONS, American Society for Met 
(Campbell Memorial Lecture) Vol. 48, 1955. 








‘HE INFLUENCE OF MOLYBDENUM AND TUNGSTEN 
ON TEMPER EMBRITTLEMENT 


By A. E. Powers 


Abstract 
The influence of molybdenum and tungsten up to 2° 


= ( 
on the susceptibility of a 1% chromium, 1% manganese 
steel has been studied. The steels were aged for /000 hours 
at various temperatures within the temper embrittling region 
and the susceptibility to embrittlement was measured from 
the rise in the transition temperatures. (ASM-SLA Classifi- 


cation: 023, Ay) 


EMPER brittleness is a familiar ailment of steel to almost any 

engineer, for it has been a continual problem since the turn of 
the century when the Krupp organization sought its alleviation in 
armor plate by quenching after the tempering operation. Since then, 
our understanding of the characteristics and nature of the embrittle- 
ment has naturally progressed; but today it remains a most in- 
triguing phenomenon, because after several decades of research, 
much more remains to be learned of the factors affecting its develop- 
ment, and a precise description of its mechanism is yet to be 
established. Before discussing the experimental work of this paper, it 
should be well to review briefly our knowledge of temper brittleness 
for the purpose of an easier understanding of the principles and 
factors involved. (More complete reviews are found in References 1 
and 2.)! 


Measurement of Temper Brittleness 


Temper brittleness appears to be an intergranular embrittlement 
developing most rapidly upon aging in the proximity of 900°F or 
upon slow cooling through this temperature region. It is evidenced 
by a decrease in resistance of the steel to brittle fracture. This is in- 
terpreted as a lowering of the cohesion strength of the undeformed 
metal. Such embrittlement is most conveniently measured by frac- 
turing notched-bar specimens at lower and lower temperatures until 
a brittle type of fracturing appears. The higher this temperature of 
transition between the ductile and brittle-type fracture, the more 
brittle the steel. Utilizing a steel free from embrittlement as a base, 


he figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Seventh Annual Convention of the 
iety, held in Philadelphia, October 17-21, 1955. The author, A. E. Powers is 
metallurgical engineer, Materials and Processes Laboratory, Large Steam 
Curbine-Generator Department, General Electric Company, Schenectady. 
Manuscript received April 4, 1955. 
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the degree of temper brittleness is judged as being proporti 
the rise in the transition temperature above the base tra 
temperature for any standardized testing method. 

In the past, lack of consideration of the embrittlement-f 
standard has promoted difficulties. First of all, the embrittlen 
measured by the increase in fracture-transition temperature js 
function of the transformation microstructure of the ste 
pearlite microstructures appear to be less susceptible thar 
tensitic, although there appears to be little difference in behavior }y 
tween martensitic and bainitic structures (3,4,5). All data d 
with this matter have involved appreciable differences in hardnes 


among the various tempered microstructures. Since it is establish 
that a hard steel is more susceptible than a soft steel (4,6), it is pri 
able that the differences in susceptibility among the various 
tures are more a result of differences of hardness after tempering 
of primary structure, per se. 

furthermore, a coarse-grained steel is more susceptible t! 
fine-grained steel (4,7,18). If one is to compare the susceptibilit 
several steels, therefore, all of the steels should be at least acicular i 
microstructure, but most important, they should be of the sar 
hardness and possess equal austenitic grain size. 


Time-Temperature Relationship 

The kinetics of the embrittling process can be illustrated 
plotting fracture-transition temperatures as a function of bot 
aging temperature and time. Such a diagram, originating from t 
Watertown Arsenal and one of the most detailed and precis 
grams available, is reproduced in Fig. 1 (8). This diagram alon 
reveals much about the characteristics of temper brittleness. I 
example, if the steel is aged at 1000°F, embrittlement develops 
rapidly but soon reaches an equilibrium state in about 5 hours. 0) 
the other hand, if aging takes place at 800°F, embrittlement will d 
velop much more slowly but will proceed continuously for 10,00! 
hours or more and to more severe values than is possible at highe: 
aging temperatures. The embrittlement can be dissipated in a fe’ 
minutes by reheating to temperatures above 1050°F and may be r 
developed as many times as desired. 


Suggested Mechanism 


Numerous theories have been put forth to describe the mecha 
nism of temper brittleness. Most of these theories have dealt witha 
precipitation; however, no precipitation has ever been identified 
only a uniform etching of the grain boundaries is seen. Actuall\ 
recent work on copper alloys containing small amounts of antimon’ 
has illustrated that a mere intergranular segregation of solute ato! 
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Fig. 1—Isothermal Embrittlement Diagram for SAE 3140 Steel. From Carr, Gold 
Jaffe, and Buffum (8). 


rather than a precipitation of a second phase, can bring about con- 
siderable intergranular embrittlement (9). This viewpoint could 


iS 


1 \ 
Li \ 


| 


be applied to temper brittleness. In essence, by a lowering of 


nterfacial free energy, alloying elements tend to segregate to the 


najor lattice discontinuities particularly the former austenitic grain 


boundaries. However, reheating to above 1050°F can rapidly dis- 
perse the solid-solution segregation (10). A balance is reached be- 


tween the forces of segregation and thermal dispersion, limiting the 


intensity of segregation when aging takes place in the vicinity of 
1000°F or just above the temperature for maximum embrittlement 
is is illustrated in Fig. 1. 


j 


1 


re 


~ | 


Influence of Composition 


Susceptibility to temper brittleness appears to be almost a sole 
tion of the alloy content of the steel, or more precisely, of the 
ing elements dissolved in the ferrite. Some of the more potent 


ent, nickel. 


ney 


t 


lements are phosphorus, manganese, chromium, and, to a lesser 


Peculiarly, however, molybdenum and tungsten—in moderate 
unts at least—strongly inhibit the development of embrittle- 
11-18). To add perplexity to the phenomenon, there are 
several indications in the literature that molybdenum in quantities 


than 


2 
vo 


tigation of this matter has never been made. Tungsten seems to 


Ov 


© is no longer effective (13,18,19). 


A systematic 
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Table I 





Composition and Hardness of Steel 

COMPOSITION Br 

Har 

Heat No. C Si Mn Cr Mo W Befors 

2967 0.24 0.49 0.98 0.95 248 

2968 0.26 0.44 1.02 0.95 0.50 262 

2969 0.25 0.30 0.97 0.98 1.01 248 
2970 0.24 0.41 0.99 1.03 1.51 262 ) 
2971 0.27 0.40 1.04 0.94 2.00 241,248 
2972 0.22 0.40 0.98 0.98 0.50 248 255 

2973 0.23 0.20 1.00 0.98 0.97 255 

2974 0.20 0.28 0.95 0.95 1.47 241 


2978 0.27 0.28 1.00 0.96 1.90 241.255 


behave similarly. Over 20 years ago, Houdremont and Schrade; 
found by observing room-temperature, notched-bar impact tests. 
that 34 and 1.0% tungsten were approximately as effective as an 
equal atomic percentage (0.4 weight %) of molybdenum in sup 
pressing temper embrittlement (20). 

Furthermore, Vidal observed that a large amount of tungsten 
(3.8%) did not have a suppressing effect (19). 

In the following paper, a systematic investigation of the effect 
of molybdenum and tungsten on temper brittleness has been 
attempted. The results should be of interest not only to academic. 
minded, but also to those design engineers who are concerned with 
high temperature, ferritic steels for operation in the vicinity of 700 
to 1100°F for thousands of hours as in steam boilers, turbines, heat 
treating furnaces, chemical-processing equipment, etc. Not only do 
the steels for such applications invariably contain 4% and higher per 
cent molybdenum, but as the demand for more creep-resistant steels 
continues, molybdenum contents tend to increase. Tungsten has 
been very little used in high temperature ferritic steels because of its 
high cost; nevertheless, its potentialities should not be ignored. 


MATERIALS AND PROCEDURE 


The steels used for this investigation had a base composition of 
1% manganese and 1% chromium with additions of molybdenum 
and tungsten in amounts of %, 1, 1%, and 2%. The compositions 
are listed in Table I. 

These nine steels were cast as 55-pound ingots from an induc- 
tion furnace, using 0.1% aluminum deoxidation. Slabs, % inch 
thick X 6 inches wide X5 feet long, were forged from the ingots and 
subsequently normalized from 1700°F. The slabs were sliced into 
l4X6X2% inch plates, from which V-notched charpy specimens 
were eventually machined after heat treating and aging. 

Since susceptibility to temper embrittlement is affected by 
hardness and austenitic grain size, an attempt was made to keep 
these properties uniform in all steels. Hardening was done by oi 
quenching after 4% hour at 2100°F. Austenitic grain sizes ranged 
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Fig. 3—Fracture Transition Temperatures for Steel 2967 (no Mo or W) After Aging 


r 1000 Hours at Various Temperatures. 
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from ASTM No. 3 to 4 except in the 4% tungsten steel which 
grain size of about ASTM No. 1. Each steel was temper 
dividually to attain approximately 250 Brinell hardness. T 
lists the resulting hardness readings. 

Embrittling was done by aging for 1000 hours at temper: 
ranging from 700 to 1050°F in 50°F intervals in order to obt 
cross section of the isothermal embrittlement diagram at 1000 
(see Fig. 1). When transition temperatures are plotted as a fui 
of aging temperature, one would expect the transition tempera 
to show a peak at the 900°F aging temperature. One plate, of cours 
was retained in the unaged condition. 

In addition to the isothermal embrittling, each steel was gi 
slow cooling treatment consisting of heating to 1100°F, cooling 
1075°F, holding for 24 hours, cooling to 1050°F, holding for 24 ho 
and so on, until a temperature of 700°F is reached 16 days later. 

rom each plate was machined twelve V-notch Charpy spe 
mens. The specimens were fractured over a range of temperatures 
suitable for the construction of transition temperature curves 


RESULTS 
Impact Tests on Molybdenum and Tungsten Steels 

A sample of the transition temperature curves is given in Fig. 2 
The quantities measured on each specimen were energy of fracture, 
percentage expansion on the compression side of the fracture, and 
the proportion of the fracture area that was of the shear or ductil 
type. After examination of all of the curves, the most suitabl 
criteria for transition temperatures were considered to be the 40 ft-ll 
level on the energy curve, the 6% expansion level on the deformatio 
curve, and the 50% ductile-fracture level on the fracture-appearanc 
curve. The values of these transition temperatures are recorded 1 
Table II of the Appendix. 

For correlation purposes, only the transition temperatures 
derived from the 50° ductile-fracture area were used. The transi 
tion temperatures derived from the other two types of measur 
ments—fracture energy and fracture deformation—were used as 
verifying checks on the fracture-appearance curve. 

Figs. 3,4,5,6, and 7 present the transition temperatures alt 
aging for 1000 hours at the various aging temperatures. On thi 
right-hand side of each figure is an indication of the transitio 
temperatures resulting from the slow-cooling operation. The dashe' 
horizontal line represents an estimate of the most probable trans! 
tion temperatures in the unembrittled condition. 

The transition temperatures produced by the slow cooling 
treatment are on an average a little higher than the maxin 
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Fig. 4—Fracture Transition Temperatures for Steels 296 ('% M d 2969 
Mo) After Aging for 1000 Hours at Various Temperatures 
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Fig. 5—Fracture Transition Temperatures for Steels 2970 (144% M nd 
Mo) After Aging for 1000 Hours at Various Temperatures 


sition temperatures produced by isothermal aging, which, in all 
cases, Was at a temperature around 900°F. Slightly more embrittie- 
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Fig. 6—Fracture Transition Temperatures for Steels 2972 (%% W 
1% W) After Aging for 1000 Hours at Various Temperatures. 
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Fig. 7—Fracture Transition Temperatures for Steels 2974 (114% W) and 2978 
2% W) After Aging for 1000 Hours at Various Temperatures. 
ment occurred, in other words, during slow cooling within a period 
of 2 weeks than was possible during isothermal aging for six weeks. 
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Fig. 8—Development of Temper Embrittlement by the Molybdenum Steels Upon 
\ging for 1000 Hours at Various Temperatures 
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" Fig. 9—Development of Temper Embrittlement by the Tungsten Steels Upon Aging 
’ r 1000 Hours at Various Temperatures. 
One can visualize how this can come about by re-examining Fig. 1. 
During slow cooling, embrittlement develops rapidly in the upper 
regions of the embrittling range, but is restricted early by the at- 
tainment of equilibrium. As cooling progresses, embrittlement can 
proceed further; thus during slow cooling, there is an initial time 
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Fig. 10—Development of Temper Embrittlement by Molybdenum and Tungst: 
Containing Steels Upon Aging for 1000 Hours at 900°F 


advantage not possessed by an isothermal aging treatment 
900°F. 

When attempting to compare the embrittlement curves of Figs 
3,4,5,6, and 7,a difficulty arises in that the transition temperatures 
for the unembrittled condition vary among the steels. Can the ris 
in transition temperature upon temper embrittlement of a ste 
with an initially high transition temperature be directly compared 
with the increase in transition temperature of a tougher steel? The: 
is no information to the contrary for acicular structures and, unti 
there is, it is judged proper to compare the actual increases in transi 
tion temperature upon embrittlement without applying correctioi 
factors that are governed by the unembrittled transition tem 
peratures. 

Figs. 8and 9 present direct compilations of the previous embrittl 
ment curves. Maximum embrittlement is least for 4% molybdenum 
and 1% tungsten. One, 1%, and 2% molybdenum and also 2°; 
tungsten do not appear effective in suppressing the susceptibility 
exhibited by the chromium-manganese base composition. This sug 
gests that tungsten behaves in a manner similar to molybdenum in 
its effect upon temper brittleness when considered on an atom 
percentage basis. Fig. 10, a plot of the embrittlement for 1000 hours 
at 900°F as a function of atomic percentage of molybdenum and 
tungsten, is a clear illustration of the behaviors of these two elements 
and of the equivalence of tungsten. The anomalously high degree 0! 
embrittlement exhibited by the 4% tungsten steel may possibly be 
a result of the unusually large austenitic grain size of this steel. A 
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spectrographic analysis of the total aluminum content of this steel 

d of a few others indicated that perhaps the 4° steel did not re- 

ceive sufficient aluminum deoxidation to inhibit rapid grain growth 
2100°F. The aluminum contents are as follows: 

144% Mo, 2968—0.102% AlI—ASTM #4 

14% W, 2972—0.072% AI—ASTM #1 

1 YW, 2973—0.093% Al—ASTM #4 

144% W, 2974—0.081% AlI—ASTM #3 


\laximum embrittlement occurs at or near 900°F for all steels; 
iithough there appears to be a slight upward shift in optimum 
embrittling temperature as molybdenum and tungsten increase. 

When considering embrittlement at a high temperature of 
1000°F all of the molybdenum and tungsten steels showed equal or 
greater susceptibility than the chromium-manganese base composi 
tion as illustrated specifically in Fig. 11. On the other hand, at 
relatively low aging temperatures, all of the molybdenum and 
tungsten steels (with the exception of the “out-of-order” 4% 
tungsten steel) show less susceptibility than the base composition. 
This is shown for 800°F aging in Fig. 12. In fact, the 2% molyb- 
denum steel shows the lowest susceptibility of all the steels at aging 
iemperatures below 825°F. Thus when considering the optimum 

bdenum or tungsten content for minimum susceptibility one 

consider the operating or aging temperature. For slow cooling 
itions, however, 4% molybdenum or 1% tungsten are opti- 
and equivalent. 
In the past there has often been speculation as to whether 
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Fig. 12—Development of Temper Embrittlement by Molybdenum and Tungste: 
Containing Steels Upon Aging for 1000 Hours at 800°F. 
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of a Molybdenum Steel in the Unembrittled and Embrittled Con- 
dition. 
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bdenum reduces susceptibility by reducing the total amount of 
rittlement that can occur or by reducing the rate of embrittle- 
t (1, 12, 16). Examination of Fig. 8 shows that a reduction of the 
of embrittlement definitely occurs at temperatures of 800°F and 
ww, and at 750°F the reduction unhaltingly continues with in- 
creasing molybdenum content up to 2%. The action of tungsten is 
died but not as definite. At remairene s above 900°F however, a 
nverse behavior by molybdenum and tungsten is encountered: 
the equilibrium degree of embrittlement is advanced to higher in- 
tensities as the elements are added. Even 4% molybdenum, which 
strongly inhibits temper embrittlement at lower temperatures, in- 
creases the equilibrium degree of embrittlement at 1000°F. Doubt- 
lessly, this augmentation of equilibrium embrittlement plays a part 
in the high susceptibility of the steels containing large amounts of 
molybdenum and tungsten. Nevertheless, a reversal in the rate of 
embrittlement must still occur at temperatures above 850°F, for as 
Fig. 8 shows, the 1, 1% and 2% molybdenum steels embrittle more 
rapidly at 900°F than the molybdenum-free steel. An augmentation 
of the equilibrium embrittlement for aging treatments above 900°F 
cannot fully account for the high rate of embrittlement of the high- 
molybdenum and tungsten steels at 900°F. 


Tests on a Carbon-Molybdenum Steel 


The steels discussed so far were composed of a base composition 
possessing considerable susceptibility to temper brittleness. In order 
to investigate briefly the effect of molybdenum on a steel of low 
susceptibility, a steel of the following composition was made: 

c Mn Si Mo 
0.18 0.52 0.38 0.93 


The steel, after forging and heat treating, was embrittled by the 
16-day stepped-cooling process described previously. The V-notched 
Chi irpy impact data for the embrittled and unembrittled specimens 
ire given in Fig. 13. The increase in transition temperature upon 
embrittling is slight and is what would be expected from a 4% 
manganese steel. One-per cent molybdenum apparently does not 
contribute any susceptibility—neither does it suppress embrittle- 
ment. 

CONCLUSIONS 

Molybdenum and tungsten have been found to have a complex 
influence on the temper brittleness of a 1% chromium, 1% man- 
ganese steel. When aging at a temperature to promote maximum 
rate of embrittlement (900°F for 1000 hours) 4% molybdenum or 
\"@ tungsten strongly inhibited temper brittleness. The effective- 
ness of both elements diminished at high percentages with the result 
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that the 1, 144, and 2% molybdenum steels and the 2% tun 
steels possessed susceptibilities at least equal to that of the 
mium-manganese base composition. 

At sufficiently higher temperatures, such as at 1000°] 
equilibrium degree of embrittlement was increased by all m 
denum and tungsten contents up to 2%. On the other han 
relatively low aging temperatures of 800°F and lower, the rat 
embrittlement was diminished by all molybdenum and tung 
contents up to 2%. In all cases, the influence of tungsten is sii 
to that of molybdenum for equal atomic percentages and ca 
equally as effective in inhibiting the embrittlement. For slow cox 
operations, the 4% molybdenum and 1-per cent tungsten cor 
sitions are optimum for minimum embrittlement. 

Slow cooling from the tempering temperature over a period of 2 
weeks will produce a degree of embrittlement at least equal to 1 
resulting from isothermal aging for 6 weeks at the optimum e1 
brittling temperature. 
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APPENDIX 


Table Il 
rransition Temperatures 


[Transition Temperature, Degrees F 
10 Kt-Lbs 6 50” 
brittling Treatment Energy Detormatior Fra 
P 0 0 
Slow cooled +180 +140 
700°F 1000 hours t+ 70 + 70 
750 + 10 65 
R00 +135 120 
R50 +155 +140 
900 +150 +150 
950 +112 105 
1000 t 20 t+ 10 
1050 15 25 
68 lg M 
None | 120 110 
Slow cooled 50 60 
700°F 1000 Hr 115 100 
750 105 105 
800 130 120 
gsy 75 60 
900 75 80 
950 70 - 7O 
1000 75 75 
1050 85 90 
1969 1 Mo 
None 135 120 
Slow cooled + 60 + 60 
700°F—1000 hrs 135 120 
750 115 105 
800 105 90 
850 30 25 
900 + 30 + 30 
50 + 10 0 
1000 40 35 
1050 105 100 
970—114 Mo 
None - 75 75 
Slow cooled +-220 +-200 
700°R 1000 hrs 60 60 
750 55 45 
800 10 10 
850 45 t+ 45 
900 ‘ +150 +-150 
950 +120 +120 
1000 + 20) + 20 
1050 10 0 
1971—2 Mo 
None 75 65 
Slow cooled +-140 +130 
700°F 1000 hrs 60 65 
750 75 60 
800 15 60 
850 0 + 10 
900 +100 +100 
950 + 60 + 60 
1000 + 10 0 
1050 35 35 


120 
145 


155 


+105 


5 
) 


60 
115 
105 
100 


60 
90 
i5 


95 


120 
60 
130 
100 
5 


35 
0 
10) 


105 


60) 


+135 


70 
65 
60 

10 


60 
0 
1 
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Table II Cont’d 


Transition Temperature, degrees F 
40 Ft-Lbs 6% 50% Duct 


Embrittling Treatment Energy Deformation Fracturs 
Heat 2972—\% W 
None - 90 — 85 
Slow cooled +130 +110 +120 
700°F 1000 hrs — 65 65 50 
750 65 - 60 45 
800 + 40 1 30 1 35 
850 +-130 +-120 +-135 
900 +120 +-120 +120 
950 + 30 + 25 + 45 
1000 + 10 + 5 »0 
1050 —100 —100 -100 
Heat 2973—1 W 
None 35 25 — 35 
Slow cooled + 10 + 5 30 
700°F—1000 hrs. 40 40 40 
750 45 45 35 
800 35 45 15 
850 10 20 5 
900 + 5 5 25 
950 55 55 45 
1000 5 15 5 
1050 120 105 80 
Heat 2974—1% W 
None —130 105 95 
Slow cooled + 40 35 45 
700°F—1000 hrs. — 45 60 40 
750 — 75 — 60 55 
800 — 30 25 20 
850 - 45 50 25 
900 — 25 25 15 
950 - 45 — 45 30 
1000 —100 — 90 95 
1050 - 40 40 20 
Heat 2978—2 W 
None 170 160 170 
Slow cooled 0 15 0 
700°F—-1000 hrs. 160 145 150 
750 130 115 120 
800 90 90 75 
850 65 60 50 
900 85 85 90 
950 45 55 49 
1000 105 100 105 
1050 90 95 85 
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HARDNESS OF TEMPERED MARTENSITE IN 
CARBON AND LOW ALLOY STEELS 


By R. A. GRANGE AND R. W. BAUGHMAN 


Abstract 

The hardness of martensite in a number of plain carbon 
and alloy steels after tempering for various combinations of 
temperature and time 1s presented and data compared to 
reveal the effect of carbon and alloying elements. An empiri- 
cal method for estimating, within limits, from chemical com- 
position the hardness of tempered martensite was developed 
from these data. (ASM-SLA Classification: Q29, ST) 


INTRODUCTION 


\YTEELS containing more than about 0.2% carbon are too brittle 

for use in the quenched condition and are softened to some de- 
sired degree by tempering prior to use. The tempering operation is 
thus a very common one and the tempering cycle is usually selected 
by trial and error. Because it is conveniently measured, hardness is 
often used as the criterion of the other mechanical properties devel- 
oped by a tempering cycle. The degree of softening resulting from a 
particular tempering cycle is dependent upon composition of the 
steel and its prior structure. For a prior martensitic structure, the 
effect of difference in composition has been extensively studied (1),! 
but because both time and temperature of tempering are interre- 
lated variables affecting the result, quantitative evaluation of the 
effect of carbon and alloying elements on resistance to softening dur- 
ing tempering has been difficult. By combining the effect of tem- 
perature and time of tempering into a single functional variable, or 
parameter, Hollomon and. Jaffe (2) have provided a much-needed 
simplification and have put it to use in developing a broad rational- 
ization of time-temperature effects in the tempering of steel. (ASM- 
SLA Classification: Q29, ST). 

A considerable number of measurements revealing the hardness 
of martensite in a variety of steels after tempering for various times 
and temperatures have been accumulated at our Laboratory. It oc- 
curred to us that these data should be analyzed by the method de- 
veloped by Hollomon and Jaffe, especially because the latters’ own 
analysis was handicapped by lack of a sufficient quantity of care- 
tully measured data. When this was attempted, it developed that, 


he figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17-21, 1955. The authors, R. A. Grange 
ind R. W. Baughman, are associated with the Fundamental Research Laboratory, 

ed States Steel Corp., Kearny, N.J. Manuscript received April 8, 1955. 
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although the Hollomon and Jaffe tempering parameter was a 
useful concept, it was desirable to use a somewhat different appri 
than that adopted by these authors to the problem of relating 
hardness of tempered martensite to steel composition. 


yXPERIMENTAL PROCEDURE 

The composition of each steel whose tempering behavior is 
sidered in this paper is given in Table I. All these steels were « 
mercial heats and were rolled or forged to a size smaller tha 
inches in diameter. 

Specimens were always sufficiently small to insure quencl 
entirely to martensite except for a small percentage of retained aus 
tenite present in such steels quenched to room temperature. Steels 
containing less than 0.45% carbon were quenched in brine, others in 
oil. Austenitizing temperatures were within the range recommended 
for each corresponding grade of steel (3). Prior to quenching, ca: 
bides were essentially all dissolved in austenite with the exception of 
the 6145 steel which, due to the presence of vanadium, contained 
few small undissolved carbides. 

Lead alloy baths were used for tempering, during which tem 
perature was maintained within 5°F of that specified. After temper: 





Table I 

Composition of Steels 
AISI Composition 
SAE s , 
Type C Mn P S Si Ni Cr Mo \ Or 
1026 0.25 0.79 0.012 0.026 0.11 
1030 0.31 0.57 0.008 0.025 0.09 0.02 0.02 
1035 0.36 0.74 0.019 0.030 0.24 0.02 0.02 0.01 
1040 0.40 0.60 0.010 0.013 0.27 0.02 0.07 0.01 
1042 0.44 0.79 0.020 0.030 0.24 0.02 0.02 0.01 
1045 0.45 0.73 0.017 0.030 0.17 0.01 0.02 0.01 
1038 0.39 0.75 0.048 0.043 0.18 
1049 0.48 0.76 0.046 0.048 0.14 
1050 0.50 0.91 0.046 0.041 0.13 
1065 0.63 0.87 0.023 0.018 0.17 0.02 0.04 0.00 
1065 0.65 0.87 0.040 0.042 0.19 
1080 0.82 0.75 0.054 0.055 0.30 
4027 0.26 0.87 0.015 0.030 0.29 0.03 0.06 0.26 
4037 0.35 0.80 0.022 0.028 0.24 0.06 0.06 0.25 
4047 0.48 0.94 0.015 0.030 0.16 0.04 0.03 0.25 
4068 0.68 0.87 0.024 0.029 0.26 0.01 0.03 0.24 
1335 0.35 1.85 0.020 0.026 0.19 0.01 0.03 0.00 
2340 0.37 0.68 0.014 0.021 0.21 3.41 0.05 0.00 
3140 0.38 0.72 0.019 0.033 0.21 Le 0.49 0.00 
4140 0.37 0.77 0.019 0.026 0.15 0.04 0.98 0.21 
4340 0.42 0.78 0.018 0.027 0.24 1.79 0.80 0.33 
4640 0.36 0.63 0.018 0.021 0.19 1.84 0.06 0.23 
5140 0.42 0.68 0.026 0.032 0.16 0.07 0.93 0.00 
6145 0.43 0.74 0.019 0.024 0.23 0.06 0.92 0.16 
9264 0.55 0.78 0.012 0.022 1.62 0.00 0.77 0.01 


Nitriding : 
Steel 0.41 0.57 0.017 0.005 0.24 0.17 1.57 0.36 Al 








CARBON AND LOW ALLOY STEE] < 167 









Table II 
Tempering Data for Plain Carbon Steels SAE-AISI 10XX Series 

























Temp Diamond Pyramid Hardness Rockwell ‘‘¢ ordnes 
I 1026 1030 1035 1040 1042 1045 1038 1049 1050 1065 1065 1080 
100 =523 547 550 564 598 = 631 ; 57.1 6? 
500 490 502 520 543 571 594 

600 432 439 470 499 514 533 $1.3 576 
700 396 393 439 446 467 $87 

800 364 366 377 391 413 427 15.8 50 
900 311 305 329 344 357 371 

1000 = 275 272 290 307 318 329 36 | 
1100 255 249 270 285 290 295 

1200 223 214 242 261 258 262 











1300 197 203 212 237 226 229 






















100 «©6499 505 537 554 586 618 51.5 55 56 5k 3 399 68.3 
500 459 459 499 520 543 564 19 52 54 559 565 sos 
600 418 415 465 481 499 517 16 19 Sa 5? 1 S35 56) 
700 383 385 409 422 444 459 41.5 44 160.5 19.5 50 51 
800 329 334 353 370 387 398 37 10 $1 14.8 15 17 
900 291 294 307 326 336 348 2S 365. 37: 307 415 43 
1000 252 251 274 289 298 305 28 30.5 32 6 345 30-5 IQR 
1100 244 264 265 269 22.2 24.5 37:3 29.7 31.2 27 6 
1200 201 197 219 242 233 239 18.2 19 185 23.4 Sg 7 
1300 185 191 200 218 205 208 












400 481 490 515 530 564 58 
500 444 446 490 508 523 55 
600 400 400 446 467 487 502 
700 362 364 383 404 42? 439 
800 314 312 333 346 364 375 












900 275 27 293 309 320 328 
1000 241 242 260 277 277 286 
1100 212 194 231 254 249 251 






1200 188 185 203 223 216 224 
1300 179 180 185 201 189 194 













400 








454 470 502 523 547 













575 53.6 ne 
500 429 434 473 493 511 533 
600 398 400 432 446 4162 478 18 7 53.5 
700 337 346 360 375 396 409 
&00 290 286 311 326 339 353 305 13.8 
900 258 256 266 286 290 299 
1000 230 217 241 261 256 262 6.5 3? 
1100 194 77 211 230 222 229 
1200 164 159 187 207 196 200 













1300 166 163 172 192 181 190 











t 


ing, specimens were carefully ground and. in m: iny instances, pol 
ished as though for met: ulographic examination. Hardness was 
measured with the Rockwell tester and often with the Vickers tester 
is well. Hardness impressions were located midway between surface 









ind center of the cross-section to minimize any possible effect of 
segregation. Each hardness value listed in Table Il for carbon steels 
ind Tables III and IV for alloy steels is the average of ten measure 
‘nts per specime nN. 











Method of Graphically Summarizing ai Data 





ane of the results are those listed in Table III for a 1335 
. A range of tempering temperatures Sea 400 te 1200°F, and a 
nge of time from - seconds to 32 hours is covered. They may be 
tted, as in Fig. 1, with hardness as a function ak: time and each 
nperature nt represented by a curve; an alternative 
ethod would involve plotting hardness as a function of tempera 
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Table III 


Tempering Data for SAE Alloy Steels 
Time Temper- Diamond Pyramid Hardness 
Hours ature°F 1335 2340 3140 4140 4340 4640 5140 
0.011 800 446 432 444 482 500 450 489 4 
(40 secs.) 1000 371 361 378 421 435 383 416 109 
1100 340 331 344 385 400 358 388 ) 
1200 309 307 315 343 377 330 346 { 
0.033 800 426 408 438 472 481 427 479 ) 
(2 mins.) 1000 353 340 366 406 434 381 395 ) 
1100 326 320 331 371 414 350 377 R40) 
1200 299 283 302 335 365 325 341 373 
0.083 800 419 391 424 464 472 418 466 481 
(5 mins.) 1000 341 324 350 394 431 376 384 393 
1100 324 303 313 355 391 336 356 373 
1200 288 277 292 332 348 307 317 361 
0.25 800 390 384 411 451 451 416 453 46 
(15 mins.) 1000 330 314 335 384 405 362 373 38 
1100 300 284 303 339 388 333 336 354 
1200 270 262 276 314 338 293 309 350 
1 400 539 543 547 585 593 546 596 
500 495 510 507 531 545 513 541 544 
600 470 473 482 496 506 476 509 $17 
700 440 421 446 486 496 439 491 4193 
800 382 366 398 448 456 398 437 450 
900 337 331 350 403 423 365 386 403 
1000 305 303 313 373 389 331 344 373 
1100 281 271 286 346 365 311 313 354 
1200 247 240 265 311 322 266 285 304 
2 400 532 546 545 581 586 542 584 583 
600 465 461 468 490 510 466 509 515 
800 370 359 379 436 448 388 424 436 
1000 293 284 301 355 383 326 327 360 
1200 229 227 249 286 269 246 296 280 
4 400 527 540 537 568 576 535 575 570 
600 464 454 472 499 505 463 504 511 
800 365 349 376 433 443 386 417 431 
1000 285 274 290 352 376 323 318 351 
1200 220 222 241 275 258 242 290 270 
8 400 522 544 522 559 572 535 570 568 
600 466 450 463 503 509 456 503 507 
800 364 348 366 430 439 380 407 422 
1000 278 266 283 345 376 319 314 3§2 
1200 211 217 230 265 248 231 276 59 
16 400 525 540 521 561 566 531 568 568 
600 469 446 466 507 508 459 502 510 
800 359 346 363 420 437 378 403 423 
1000 270 261 276 340 370 314 303 348 
1200 203 212 217 256 234 222 262 244 
32 400 519 534 525 555 564 524 558 560 
600 467 440 464 501 505 452 500 505 
800 356 338 355 420 440 377 399 418 
1000 262 254 268 335 358 309 296 344 


1200 200 206 210 244 225 216 254 235 


ture with each time represented by a curve. Either type of chart 
adequately describes the softening of martensite on tempering; 
however, such plots are tedious to construct, require many meas- 
urements, and reliable interpolation is relatively difficult. 

The tempering parameter proposed by Hollomon and Jaffe (2 
is T(c+log t), where T is the absolute temperature equal to °F +460, 
t the time, and ca so-called constant for a particular steel. The value 
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Table IV 
Hardness of Tempered Martensite in 
SAE-AISI 40XX Steels, 9264 and Nitriding Steel 





Temp. Rockwell ‘‘C’’ Hardness 
oF 4027 4037 4047 4068 9264 Nitriding Steel 
400 50.3 52.6 $7.5 61.5 61 55.3 
0 500 46.4 51 53.9 58.5 59.3 53.4 
‘ 600 43 47.6 50.7 55 58.8 52.7 
700 40.7 45 48 52 57.5 51.0 
800 38 42 45 49 54.8 49.8 
900 34.8 38.5 41.6 44.9 49.8 46.2 
1000 31.5 35.6 39 41.6 45.2 43.2 
1100 28.6 32.7 34.6 37.5 41.3 41.0 
1200 25 28.5 29.5 33.5 39.2 35.5 
1300 20.5 23 25 28 34.7 31.6 
400 49 51.6 $5.5 59.5 59.9 54.2 
500 45.5 49 51.5 57 58.9 53.0 
600 42.5 47 49.5 53.5 58.3 52.6 
700 39.7 43.9 46.5 50.5 56.7 50.7 
800 35.9 40.5 43.2 47 51.9 7.9 
900 325 37 40 43.5 47.0 45.0 
1000 29.7 34 36.5 39.5 42] 425 
1100 27 31 33 35.2 38.8 37.7 
1200 22 25 26.2 29.5 34.2 33.3 
1300 15.5 18 19.5 21.2 29.0 27.5 
4 400 47.5 21.2 55 58.7 59.1 53.5 
500 45 48.1 50.9 56 58.6 52.6 
600 41.5 15.7 48 $2.7 58.1 51.7 
700 38.7 42.9 46 49.5 55.5 50.3 
800 35 39.5 42.5 45.7 50.0 46.6 
900 32 36.1 39 42 45.0 44.7 
1000 29.1 32.5 35.5 37.5 40.8 42.1 
1100 25 29.5 31 32.5 36.7 35.9 
1200 19 aan 22.5 25 30.5 31.3 
1300 12 13.5 14 17 25.5 23.5 
24 400 46 50.7 53.5 58.5 58.9 53.2 
500 44.2 47.7 50.2 55.5 58.5 52.5 
22 hrs 600 40.7 45.2 47.5 52 S77 50.8 
for 700 37.5 41.5 44.5 47.5 53.5 49.0 
Nitriding 800 34.1 38.5 41.5 44.5 48.3 45.6 
Steel 900 31 35 38 40.5 42.9 43.6 
1000 28.1 31.5 34.4 36.5 38.5 38.8 
1100 23 26 27.5 27.7 32.2 33.9 
1200 15.5 17.2 16.5 19 26.3 27.7 
1300 6 9.5 7 12 20.5 17.0 


of ‘‘c’’ was found by these authors to vary with carbon content, al- 
though the exact value selected for ‘‘c’’ in a particular steel was not 
extremely critical; for time in hours, ‘‘c’’ ranged from 15 to 20 de- 
pending on the carbon content. This parameter was subsequently 
applied to high alloy tool steels (4,5) and stainless steel (6,7) and 
tound to facilitate presentation and interpretation of tempering 
data. 

Application of this parameter to our data demonstrated that, in 
any particular steel, ‘‘c’’ varied at different hardness levels, the vari- 
ation being especially great in an alloy steel where ‘‘c’’ sometimes 
varied by a factor of four or more. Because ‘‘c’’ varied so widely in 
each steel, an average value meant very little, and so different arbi- 
trary values were tried to determine by trial and error which gave 
the least scatter in the plotted data. As a result, it became apparent 
that a single value of ‘‘c’’ of the order of 18 was reasonably satisfac- 
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Os 0.5 | 2 5 10 20 5 


Tempering Time-Hours (Log Scale) 


Fig. 1 \ Common Method of Graphically Summarizing Tempering Data 


tory for all of our steels. The exact value of ‘‘c’’ was not critical, and 
a value of 16 or 20 was almost as satisfactory as 18, the value chosen. 
In selecting this value for ‘‘c’’, principal emphasis was placed upon 
the relative scattering of data between tempering temperatures of! 
700 to 1100°F. Plotting data for all the steels to exactly the same 
parameter offers the great advantage that all resulting curves, each 
representing a different steel, are directly comparable. 

In Fig. 2a, the measured hardness of the 1335 steel is plotted 
against this parameter; in Fig. 2a, the measured hardness is Rock- 
well “C” and in Fig. 2b, it is DPH.? Although there is some scatter 
ing of the points, the single curve as drawn fits the data reasonabl) 
well in either chart, and thus for 1335 steel the hardness of marten- 
site tempered for any combination of temperature and time can be 
determined from a single curve. The use of DPH, as in Fig. 2b, in 
stead of Rockwell “‘C”’ results in a more satisfactory curve, inasmuch 
as it more nearly approximates a straight line.* DPH numbers, 
which are proportional to the area of the indentation made by a 
square-base diamond indenter, provide a more fundamental basic 
scale than Rockwell “‘C’”’ numbers, which represent an increment in 
depth produced by adding a major load to a previously applied 
minor load on a conical diamond indenter. Accordingly, DPH was 
selected as the basic scale in subsequent plots of the tempering data. 


2Diamond Pyramid Hardness was measured with a Vickers hardness tester using a 30 Kg 
a 50 Kg. load. 
3The dash-line curve in Fig. 2b will be referred to later. 
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Fig. 2a—Hardness of Tempered Martensite in a 1335 Steel Plotted 
Against a Parameter Which Combines the Effect of Temperature and 
Time. In Fig. 2a, The hardness scale is Rockwell “C”’ 
Hardness is more commonly measured and expressed as Rockwell 
“C”, but this is of little consequence because any value on either 
scale can be readily converted to the other by means of a published 
table (8). 

The significance of various values of the parameter in terms of 
temperature and time is shown in Fig. 3. This chart avoids the neces- 
sity of calculating the parameter for each tempering cycle and is con- 
venient in interpreting subsequent tempering curves plotted on the 
parameter type of chart. 


Effect of Carbon on the Hardness of Tempered Martensite 
A tempering curve for each of the twelve carbon steels for which 
ta are given in Table II was plotted on the parameter type of 
chart. Fig. 4 shows such curves for three representative steels. Re- 
rdless of the carbon content, points for each steel fall upona single 
mooth curve, which demonstrates that the parameter with ‘‘c”’ 
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Legend 
Same as 
Fig.2a 
250 


200 
6 8 20 22 24 26 28 30 32 
Parameter 
°F +460)(18+Log of Time in Hours) x 1079 


Fig. 2b—Hardness of Tempered Martensite in a 1335 Steel 
Plotted Against a Parameter Which Combines the Effect of Tempera- 
ture and Time. The hardness scale is Diamond Pyramid Hardness. 


equal to 18 is reasonably satisfactory. The complete series of curves 
for all twelve carbon steels reveals the large effect of carbon upon the 
hardness of tempered martensite. However, interpolation for carbon 
contents not specifically represented among the steels investigated is 
facilitated and minor inconsistencies in the over-all trends are elim- 
inated by the method of plotting points taken from these curves 
shown in Fig. 5. In constructing this chart, the parameter value for 
each 50 DPH increment from 200 to 650 DPH, wherever possible, 
was determined from the tempering curve for each carbon steel and 
plotted against each respective carbon content. Smooth curves, each 
representing one hardness level, were fitted to each set of points. The 
points exhibit some scatter which is probably due principally to vari- 
ation in the composition of these steels apart from their carbon con- 
tent. In particular, there was some variation in residual elements 
which, although present individually in small percentages, may have 
had an appreciable effect on hardness as measured. The curves of Fig. 
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Jt 


are believed to represent parameter-hardness values as a function 
of carbon content in typical commercial carbon steels and, as such, 
may be used to construct the tempering curve for any carbon steel be- 
tween 0.2 and 0.85% carbon. Such curves tend to ‘‘average out”’ the 
effect of variation of manganese in the range 0.6/0.9% and of other 
elements, including residuals, within the usual range encountered in 
commercial carbon steels. The 0.2/0.85% range in carbon comprises 
that of principal interest. With less than 0.2% carbon, it is not pos- 
sible to quench carbon steel to all martensite except in very small 
sections; above 0.85% carbon, quenched steel ordinarily contains 
undissolved carbides and its hardness after tempering involves addi- 
tional variables associated with the austenitizing temperature and 
prior structure. 
Tempering curves for a graded series of carbon contents con- 
structed by drawing smooth lines through points taken from Fig. 5 
nd plotted on the parameter chart are shown in Fig. 6. The effect of 
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Fig. 4—Tempering Curves for the 1030, 1050 and 1080 


Steels. 


carbon is to markedly increase the hardness of tempered martensite, 
as would be expected, but a particular increment in carbon has a 
much greater effect at high than at low hardness; hence, the curves 
are not parallel but tend to merge at very low hardness as a structure 
of very few large carbides is developed and hardness approaches that 
of the ferrite. In these carbon steels, the curves are relatively simple 
in shape, but none are straight lines. 


Tempering Curves for Low Alloy Steels 


The tempering curve for each of eleven low alloy steels is shown 
in Fig. 2b and Figs. 7 to 16, inclusive. On each chart, the curve of the 
plain carbon steel of corresponding carbon content constructed from 
ig. 5 is shown as a dash-line. The difference in the two curves on 
each chart is due to the resistance to softening on tempering con- 
veyed by the alloying element or combination of alloying elements in 
the alloy steel. 
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Fig. 5—Variation in Parameter Value 


With Carbon Cont 
Hardness Level 
Several of the tempering curves for alloy steel have an “‘‘arrest”’ 

n the vicinity of a parameter value of 20*, corresponding to tempe1 

ing for 1 hour at 650°F. This results from the fact that the steel did 

not soften appreciably with longer tempering times in the vicinity of 

this temperature. There are two principal reasons for attributing 

this phenomenon to the transformation of austenite which was re- 
tained on quenching to room temperature. First, retained austenite 
is known to transform in the time-temperature range at which the 
arrest occurs; and, second, the arrest is usually more pronounced 
when the composition of the steel favors larger percentages of re- 
tained austenite. When relatively soft retained austenite transforms 
in the 600—700°F range to harder bainite, the over-all softening due 
to coalescence of carbides is presumably temporarily arrested. When 
tempered below this range, the presence of retained austenite would 
lower hardness somewhat, 


but there would be virtually no effect due 
etained austenite above parameter of about 20. 


Effect of Alloying Elements on Resistance to Softening on Tempering 
Alloy ing elements convey a resistance to softening on tempering 
so that the tempering curve of an alloy steel is above that of the car- 


; 


*Actually 20,000 but it is convenient to divide by 1000 in referring to parameter values i1 
ince with the numerical scale on the charts. 
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Fig. 6—Témpering Curves for Plain Carbon Steels. 


bon steel of corresponding carbide content. The two curves are rarely 
parallel, however, because the effect of an alloying element varies 
with the parameter. For example, in Fig. 9 the effect of 0.25% mo- 
lybdenum is greatest at a parameter value of 28 and diminishes both 
above and below this value. This is shown to better advantage in 
Fig. 17 in which the hardness difference or increment, between the 
4047 and “1048” curves is plotted against the corresponding 
parameter value. Although the tempering curves for the 4027, 4037 
and 4068 steels are not reproduced in the paper, points taken from 
these curves are also shown in Fig. 17. The curve, which was judged 
by eye to best fit all the points, shows the quantitative effect of 
0.25°% molybdenum in retarding softening on tempering martensite. 

The quantitative effect of manganese as revealed by Fig. 2b is 
similarly presented in Fig. 17. In this case, the carbon steel basic 
curve labelled ‘1035”’ is for a steel containing 0.6—-0.9% manganese 
and the 1335 steel curve thus represents the effect of nominally ar 


addit 
chrot 
in Fi 
as th 
by a 
effec 
CuryV 
effec 
was 
chro 
effec 
“105 
(Fig 


com 





CARBON AND LOW ALLOY STEELS 177 














55 600r-— - _ —~- = — 
} 
550} 
50 
500 
yw) + 
45 450F 5 
= 0 
= 400} -= 
~ 40 : 
O — 
w 35 350 TS 1 
> 
> } | 
30 300 
25 
250 
20} 
a 
200 
\2 36 
Porameter 
(°F +460)(18+Log of Timein Hour . 


Fig. 7—Hardness of Tempered Martensite in a 2340 Steel. 


additional 1% manganese. The effect of 3.4% nickel and of 1% 
chromium, according to Figs. 7 and 13, respectively, is also shown 
in Fig. 17. None of the steels investigated contained only vanadium 
as the alloying element, but by correcting for the effect of chromium 
by adding to the basic ‘‘1043’’ curve the previously determined 
effect of 1% chromium, the difference between the resulting ‘'5143’’ 
curve and that for 6145 steel (Fig. 14) is assumed to represent the 
effect of vanadium as shown in Fig. 17. Finally, the effect of silicon 
was determined by adding to a ‘1055’’ curve the effect of 0.77% 
chromium on a proportional basis from the previously determined 
effect of 1% chromium. The difference between the hypothetical 
“1055+ 0.77% Cr” curve thus estimated and the curve for 9264 
tig. 15) is assumed to represent the effect of 1.6% silicon corrected 
for the nominally 0.3% silicon present in the ‘‘1055”’ base curve. In 
agreement with the observations of others (9,10) silicon was found 
to convey a marked resistance to softening at a low parameter range 
where other common alloying elements are ineffective. 

The tempering curves of 4140, 4340, 4640 and nitriding steel in 
comparison with each respective basic carbon steel curve reveals the 
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Fig. 8—Hardness of Tempered Martensite in a 3140 Steel. 


effect of a combination of two or more alloying elements. That ot 
nitriding steel is especially interesting because it indicates that an 
appreciable percentage of aluminum, like silicon, conveys a resis- 
tance to softening at low parameters; this observation agrees with 
that of Allten (11). 


Estimation of the Hardness of Tempered Martensite 
from Chemical Composition 

Assuming that the resistance to softening on tempering con- 
veyed by each alloying element, expressed as DPH increments to 
be added to a basic carbon steel curve, is directly proportional to 
the percentage present and independent of the carbon content within 
the 0.2 to 0.85°% carbon range, the effect of alloying elements on the 
hardness of tempered martensite can be expressed as a “‘factor’’ b) 
which the percentage present is to be multiplied. Such factors, 
based upon Fig. 17, are given for each of several parameter values 
in Table V. Because alloying elements generally have more effect at 
certain tempering temperatures than at others, the factor for each 
particular element is often different at different parameters. Using 
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Table V : 
Factors for Predicting the Hardness of Tempered Martensite 
Factor at Indicated Parameter Value 
Range 0 22 24 6 28 30 
0.85/2.1% 35 25 30 30 30 25 
0.3/2.2% 65 60 30 30 30 30 
Up to 4% 5 3 6 8 8 6 
Up to 1.2% 5( 55 55 55 55 55 
Up to 0.35% 40) 90 160 220 240 210 
20)* 45)* 80)* (110)* 120)* 105)* 
a Up to 0.29 0 30 85 150 210 150 
f 0.5/1.2% Cr is also present, use this factor. 
r SAE-AISI chromium-vanadium steels; may not apply when vanadium is the only 


irmer present 
Boron factor is 0. 


these factors in conjunction with “‘basic’’ curves for plain carbon 
steel constructed from Fig. 5 to estimate tempering curves for vari- 
s alloy steels, it became apparent that certain limitations must be 
sed in order to insure estimation of sufficient accuracy to be 
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Fig. 10—Hardness of Tempered Martensite in a 4140 Steel. 


First, the effect of an alloying element, particularly one which 
forms a carbide, was obviously not directly proportional to the per- 
centage present. Rather, the effect appears to decrease with suc 
cessive increments, at least beyond a certain percentage, so that 
when a relatively large amount of an alloying element is present in 
a steel the factors given in Table V indicate too high hardness. 
Nevertheless, the factors may be sufficiently adequate for useful 
estimations provided a limit is placed upon the percentage of each 
element. In Table V, therefore, a range for each element within 
which the factors apply is given. This includes a minimum limit in 
the case of manganese and silicon in accordance with the nominal 
percentage of these elements always present in commercial plain 
carbon steels. 

The second limitation found necessary concerns the additivity 
of the effect of each individual alloying element when two or more 
are present in a particular steel. When both chromium and molyb- 
denum were present in appreciable percentages, as in 41XX and 
43XX steels, direct application of the factors resulted in too high 
an estimated hardness. These elements tend to compete with one 


anothe 
thus re 
only a 
resolv 
when 

also 0 
fculty 
strong 
contai 
were | 
inasm 
conta 
quirec 
vanac 
with ¢ 
pering 
proba 





CARBON AND LOW ALLOY STEELS 181 


550 
50 
500 
Ww 
w 
wo Y 
> = 
wo 
£45 450 . 
S _ 
< 0 
» & 
400 
: 4 = 
Pa ~_ 
~ a 
: 2 
S3st— O57 
° E 
+ Oo 
QO 
30 300 
25 Legend 
250 Same as 
20; — Fig. 7 





2 16 20 24 28 32 36 
Parameter 
(°F +460)( 18 +Log of Time in Hours) x 1075 


Fig. 11—Hardness of Tempered Martensite in a 4340 Steel 


nother for carbon in order to form their respective alloy carbide, 
ius reducing the effectiveness of each over that which results when 
nly one of the elements is present. This difficulty was empirically 
‘solved by halving the molybdenum factor for each parameter 
hen estimating the effect of molybdenum in a steel containing 
lso 0.5/1.2% chromium, as specified in Table V. The same dif- 
culty would likely have been encountered with vanadium, another 
trong carbide-former, had its effect been evaluated in an alloy steel 
ontaining only vanadium. However, vanadium factors in Table V 
rere based upon data for a chromium-vanadium steel (6145), and 
lasmuch as 61XX steels are the only SAE-AISI standard steels 
ontaining vanadium, no modification in vanadium factors is re- 
uired. The factors given for vanadium may not apply to straight 
anadium steels nor to steels containing vanadium in combination 
vith elements which are not strong carbide-formers. 

A third limitation involves the range in parameter values (tem- 
ering temperatures) within which reasonably reliable estimation is 
robable. At tempering temperatures lower than about 650°F (para- 
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Fig. 12—Hardness of Tempered Martensite in a 4640 Steel. 


meter on the order of 20), the hardness of tempered martensite as 
ordinarily measured is influenced by the rate of cooling during th 
prior quench, which is affected by specimen size and shape and the 
severity of quench. The effect of these factors on the hardness of 
tempered martensite is due, in part, to difference in the amount ot 
austenite retained on reaching room temperature, which, as has 
been discussed, causes somewhat lower hardness at low tempering 
temperatures and an austenite-transformation ‘‘arrest’’ to an in- 
creasing degree as more austenite is retained in a given steel. In 
many instances, especially when the steel contains carbon on th 
low side of the 0.2/0.85% range, slower cooling through the temper 
ature range of martensite formation (M,-M,;) results in lower hard 
ness as quenched and as tempered at temperatures nearly as high 
as M,. This is because martensite is to some extent “tempered” as 
it forms during cooling. The relative degree of such ‘‘quench-tem- 
pering’’ is greater the higher the M,-M; range (lower the carbon and, 
to a lesser extent the amount of alloy) and the slower the cooling 
through the M,-M,; region. For a particular steel, due to ‘‘quench 
tempering’’, the tempering curve at low parameter values is likely, 
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1 


herefore, to be somewhat lower as the specimen is larger, even 
hough not too large to ‘“‘quench out’’, and if quenched in oil rather 
han water or brine. Because of these circumstances, estimation of 
he hardness of tempered martensite at parameter values below 
bout 20, which corresponds to tempering 1 hour at 650°F, is often 
ikely to be unreliable, and in Table V alloy factors are not listed 
or parameters below 20. 

There are also several reasons for not including in Table V 
lloy factors at a parameter of 32. This parameter represents a 
empering treatment of 1 hour at slightly over 1300°F, which is 
ibove the Ac, for steel containing several per cent of nickel. More- 
ver, measured hardness values were relatively more erratic for high 
empering temperatures and the difference between an estimated 
ind measured value in any given specimen could consequently some- 
imes be considerable. At high tempering temperatures, neglect of 
he effect of variation from steel to steel in the percentage of minor 
‘ements such as nitrogen, which seemingly contribute very little 
0 resistance to softening at lower temperature, may become im- 
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Fig. 14—Hardness of Tempered Martensite in a 6145 Steel. 


portant and probably cannot be neglected in a reliable estimation. 
Significant precipitation hardening is also possible if the steel is 
cooled rapidly after tempering at high temperature. In order to 
avoid these difficulties, it is therefore advisable to forego any at- 
tempt to estimate the hardness of martensite tempered in the vicin- 
ity of 1300°F, and alloy factors are accordingly not listed for a para- 
meter above 30 in Table V. 


A pplication of the Method Proposed for Estimating 
the Hardness of Tempered Martensite 


Based upon measurements on specimens from twelve carbon 
steels and six alloy steels, a comparatively simple method for esti- 
mating the hardness of tempered martensite in any SAE-AISI 
standard steel containing 0.2 to 0.85% carbon has been proposed. 
It remains to demonstrate that the method permits estimates of 
sufficient accuracy and reliability to be useful. 

Measured data for a 4340 steel have been listed in Table III 
and plotted on the parameter chart in Fig. 11. This steel contains 
three principal alloying elements, nickel, chromium and molyb- 
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Fig. 15—Hardness of Tempered Martensite in a 9264 Steel 


lenum, which makes it especially suitable for demonstrating the 
pplication of the method of estimation. The procedure involved in 
‘onstructing the estimated hardness curve of this 4340 steel is 
lescribed in some detail as an aid for those who may wish to appl\ 
he method to some steel of interest to them. The carbon content of 
his particular 4340 steel is 0.42%; hence, the first step consists of 
eferring to Fig. 5 and noting the parameter value where each iso- 
iardness curve intersects a vertical line at 0.42% on the abscissa. 
\ point representing each parameter-hardness combination thus 
letermined is then plotted on a parameter chart, such as that shown 
n Fig. 18. These points are shown in Fig. 18 as open circles and the 
smooth curve drawn through them and labelled ‘‘1042”’ is the tem- 
pering curve of a plain carbon steel containing 0.42% carbon. Neg- 
ecting possible minor composition differences, the 4340 steel differs 
irom 1042” in containing 1.79% nickel, 0.80% chromium and 
1.33% molybdenum. The effect of these elements is next calculated 
lor each parameter listed in Table V. For example, at a parameter of 
20, the factor for nickel is 5, for chromium 50, and for molybdenum 
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20. Multiplying these factors by the respective percentage of each 
element present and adding: 5X% Ni+50*% Cr+20°% Mo 
5x 1.79+50X0.80+200.33=55. The value 55 is the hardness 
increment to be added to the “1042”’ curve at a parameter of 20; 
doing this gives the point represented by the uppermost filled circle 
in Fig. 18. Other hardness increments are similarly calculated foi 
parameters of 22, 24, 26, 28 and 30 and plotted on Fig. 18. The 
smooth curve drawn through these points, labelled ‘‘4340 estimated” 
indicates the estimated hardness of tempered martensite in this 
steel. This curve agrees very well with the dash-line curve, labelled 
‘4340 measured”’ which was transferred from Fig. 11. 

If, for example, it is desired to know the hardness resulting from 
tempering a specimen of the fully hardened 4340 steel for 5 hours at 
1000°F, the parameter for this tempering treatment is 27.3 (se 
Fig. 3) and, according to the estimated curve, the hardness would 
be Rockwell C-37.5 (or 368 DPH). The measured curve indicates 
a hardness of Rockwell C-38 (or 372 DPH). Thus, in this | 
stance, the method of estimation proved to be satisfactory, espe- 
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Fig. 17a—Effect of Specified Amount of Eacl 

Common Alloying Elements Upon Resistance of Mat 

tensite to Softening on Tempering 
cially since Rockwell C-0.5 or 4 DPH is within the limit of experi 
mental error in hardness testing. Estimated tempering curves for 
the 3140, 4140, and 4640 steels were similarly constructed and com- 
pared with the corresponding measured curves; in each instance, 
there was reasonably satisfactory agreement between the estimated 
ind measured hardness of tempered martensite. 

Tempering data for a considerable number of alloy steels are 
listed in Table VI. These data may be used to compare estimated 
ind measured hardness values for tempered martensite in a repre- 
sentative group of alloy steels. For each of twenty-one different 
grades of alloy steel, after one or more tempering treatments, the 
hardness of tempered martensite was estimated by the method de- 
scribed above. Table VI lists the steels, tempering treatments, and 
he measured and estimated hardness. Although the estimated value 
occasionally differs from the corresponding measured hardness by as 

ch as 2 or even more Rockwell C points, the agreement in the 
majority of cases is quite satisfactory. In Fig. 19, estimated hardness 
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is plotted against measured hardness to summarize the correlation. 
Most points lie within 1 Rockwell C of the line of perfect correlation: oe 
those which do not are located about equally above and below this | 

line. This indicates that the method could not be improved by simple 
adjustment of carbon and alloy factors, although a more complicated 


9440 
method might reduce the scatter. However, the method proposed for 

estimating the hardness of tempered martensite from chemical com- 

position of steel appears to be sufficiently accurate and reliable to be steal 
of value as a preliminary to, or even a substitute for, exploratory to th 
tests to determine the tempering treatment required to develop a in ae 
desired hardness in SAE-AISI standard steels or others whose com- prete 


position does not exceed the limits specified in Table V. 

The fact that it is seemingly possible to estimate the hardness 
of tempered martensite for carbon and low alloy steels within a con- 
siderable range in tempering treatments and composition demon- tory 
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Table VI 
Comparison of Estimated and Measured Hardness of Tempered Martensite 
in Miscellaneous Alloy Steels (all tempered for 1 hour) 


SAE- 
Tempering Hardness Rc AISI Tempering Hardness R« 
Temp.°F Measured Estimated Number Temp.°F Measured Estimated 
750 34.5 33.5 3140 800 42 43 
950 27.5 27.5 950 37 36.5 
1150 19 7S 1150 29 28.5 
1620 750 37.5 35.5 2340 750 40.5 41.5 
950 31.5 31.5 800 39 39 
1150 24.5 25 950 32.5 33 
1150 23.5 24 
1320 750 35 37.5 
950 29.5 32 4140 800 46 46 
1150 at 78 
6150 800 47.5 48 
8620 750 38.5 39 950 42 42.5 
950 31.5 31 1150 35 35 
1150 24 24 
4063 800 47 47.5 
1330 800 38 38 950 41.5 
950 32.5 31 1150 31.5 
1150 23 23 
51 B60 700 52.5 52 
30 700 42 41.5 800 47.5 48.5 
950 33 32.5 900 43.5 45 
1150 26 25.5 1000 39.5 40.5 
1100 35.5 35 
130 800 38.5 i 1200 31.5 30 
2330 700 41 38.5 8660 700 51.5 51.5 
950 31.5 28.5 800 48 48.5 
1150 24:5 25 900 45.5 45 
1000 42.5 42.5 
4130 700 44.5 45 1100 38.5 36.5 
950 37 36.5 1200 33.5 31 
1150 28.5 29.5 
9262 700 58 58 
1340 800 41.5 41.5 800 $1.5 ~¥ 
950 35 34.5 900 47.5 47.5 
1150 25 25 1000 43.5 43.5 
1100 39.5 39 
8440 800 41 40.5 1200 34.5 34 
950 35 35 
1150 26 27 
8640 750 45 44 
800 44 42 
950 38.5 36 
1150 31 29 
9440 800 39.5 40.5 
950 34.5 34.5 


1150 26 27.5 


‘trates that resistance of martensite to softening on tempering is due 
o the combined effect of the carbon and alloying elements present 
nasteel. Tempering data can thus be rationalized and simply inter- 
preted on this basis. 

SUMMARY AND CONCLUSIONS 


The parameter proposed by Hollomon and Jaffe (2) is satisfac- 
tory for combining the effect of temperature and time during the 
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Fig. 18—Comparison of Estimated and Measured Hard- 
ness of Tempered Martensite of a 4340 Steel. 


tempering of martensite in SAE-AISI carbon and alloy steels with 
less than 5% total alloy. It suffices to use for all these steels a value 
of 18 as the constant in this parameter, thus making such tempering 
curves directly comparable. 

Tempering curves for a series of plain carbon steels plotted 
against this parameter quantitatively reveal the effect of carbon on 
the hardness of tempered martensite. By interpolation, the curve 
for any carbon content in the range 0.2 to 0.85% can be estimated. 

Comparing the tempering curve of an alloy steel with the curve 
for a plain carbon steel of identical carbon content reveals the resist- 
ance to softening or tempering conferred by alloying elements. This 
can be quantitatively expressed as a hardness increment. Because 
the effect of an alloying element is usually greater at certain temper- 
ing temperatures, or parameter values, evaluation of its over-all 
effect involves determination of the hardness increment at each of a 
series of parameter values. 

If restricted to a tempering temperature range of 650—1200°! 
and to a limited range in composition, it is seemingly possible by an 
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Fig. 19—Correlation of Measured and Predicted Hard- 
ness of Tempered Martensite in Various Alloy Steels 


empirical method developed from the data to estimate from chemical 
composition the hardness of martensite after tempering for any com- 
bination of temperature and time. The composition range within 
which reasonably reliable estimation is possible on this basis includes 
the AISI-SAE carbon and alloy steels containing 0.2 to 0.85% car- 
bon and less than 5% total alloy. 
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DISCUSSION 


Written Discussion: By Walter Crafts and J. L. Lamont, Metals Research 
Laboratories, Electro Metallurgical Company, Niagara Falls, New York. 

The authors are to be congratulated for providing a relatively simple calcula- 
tion for estimating tempered hardness in hardened and tempered low alloy steels. 
However, there is always a temptation to extend such a useful calculation to con- 
ditions beyond those limitations that have been rigorously defined by the authors 
It is, therefore, felt that caution should be exercised if the calculation is applied 
to a steel that is incompletely hardened or to a composition beyond the indicated 
range. 

In an earlier paper® empirical factors governing the tempering of wholly and 
incompletely hardened steel were described for low alloy steel with an accuracy of 
about plus or minus 4 Rockwell C. However, the factors assigned to the hardness 
increment due to alloys were assumed to be constant, except in the case of nickel, 
above a certain critical temperature at which the maximum effect was achieved, 
namely, at 600°F for silicon, 800°F for manganese and chromium, and 1000°F for 
molybdenum. It was subsequently found in a later study,® as confirmed by Grange 
and Baughman, that the increments of hardness due to alloys passed through a 
maximum at an intermediate temperature. In that paper, which covered a range 
up to over 1% carbon, 12% chromium, 5% molybdenum, 5% vanadium, and 
18% tungsten, with tempering from 600 to 1300°F over periods of up to 1000 
hours, it was also reported that interference between carbide-forming elements 
could be related rationally to their carbide-forming tendencies. For this reason, 
it is anticipated that the compromise factors for chromium and molybdenum sug- 
gested by Grange and Baughman for chromium-molybdenum steels may require 
some adjustment in relation to the carbon content at the extreme ends of the 
range. For the same reason, it is believed that special factors may be needed for 
steels containing chromium or molybdenum higher than in the common low 
alloy steels. 

In our study, 85% of the hardness values calculated for steels over a broad 
range of composition were within 3 Rockwell C of the actual hardness, but the 
accuracy left much to be desired. The method of calculation also might be rational- 


ized more effectively and made less cumbersome. Since much remains to be done 


in this field, it is hoped that the authors will be interested in continuing their study. 


5’ Walter Crafts and John L. Lamont, “Effect of Alloys in Steel on Resistance to Tempering,” 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 172, 1947, p. 222 

‘Walter Crafts and John L. Lamont, “Secondary Hardening of Tempered Martensitic Alloy 
Steel,"” Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 180, 1949, 
p. 471. 
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Written Discussion: By R. D. Chapman, Chrysler Corporation, Detroit. 
[he authors are to be congratulated for an erudite paper on tempering. This 
se in heat treating is often neglected for studies of quenching and, as pointed 
is an important phase. Some of the work done at Chrysler on the tempering 
1omenon correlates very well with the data presented by the authors. Our 
findings, however, do not show as great an effect on the resistance to tempering 
the element molybdenum. In our studies end quench hardenability bars of the 
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Fig. 20—Hardness of Tempered Martensite of Grange 4047 
Compared with Chapman 4042, 4047 and 4063 


SAE 4000 series were carefully tempered at various temperatures for periods of 1 
hour. Some of these results were published in Metal Progress in April, 1950. 
Using the % position on the end-quenched bar and superimposing our data 
Fig. 9 of the authors, it can be seen in Fig. 20 that with a parameter value of 
24 to 28 none of the three steels show as much resistance to tempering as shown 
y Grange. Plotting this difference as the authors have for molybdenum, in Fig. 17 
hey show a maximum hardness increment over plain carbon steel of 60 D.P.H. at 
| parameter of 28. When our data is plotted in a comparable manner, thts incre- 
ent reaches a maximum of only 35 D.P.H. with a parameter of 27. The authors 
rve and ours are very similar in shape but ours is displaced to lower hardness 
values than that of the authors. However, the authors actual determinations cor- 
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respond more close ly to our data than to their calculations. If we compar U 
values indicated in Table VI with our values, we find better agreement tha; 
his calculations, as shown in Table VII. 


lable VII 
GRANGE 
Temperature Chrysler Data Estimated Data 
(°F) (Rc) (Re) (Re) 
800 46 47.5 47 
900 41 43 41.5 
1150 31.5 34 31.5 
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Fig. 21—Effect of Hardenability on Tempering Hardness 


We have attempted to relate tempered hardnesses and hardenability on se\ 
eral of the grades of the steels reported in Table VI by the authors. The commo 


SAE constructural steels seem to classify themselves into three groups, namely 
plain carbon steel, the low alloy steels, and those possessing high hardenability 





CARBON AND LOW ALLOY STEELS 195 


ta were obtained from published sources which presented both composition 
( mpered hardnesses. It is limited to as quem hed mi rostructures ¢ ontaining 
ess of 95°) of martensite. From this investigation, the allov steels seem to 
fy themselves into two groups with the division as follows: 
30 carbon at an ideal critical diameter of 3 inches; 40 carbon, 4 inches; and 
rbon, 5 inches. 
Anv steel whose ideal critical diameter was below the above values was classi 
; low alloy steel; anything above was considered high alloy steel. Results of 
plots after averaging all the values are shown in Fig. 21. 
\lthough the authors did not publish the composition of the steels presented 
eir Table VI an attempt was made to correlate their data with those in Fig. 21. 
he majority of cases, predicted hardness from Fig. 21 was satisfactory. Her 
hardness prediction is approximately the same as that made by the authors 
omparing values for the SAE 2340 a greater discrepancy exists between out 
cted value and the measured values of Grange, where there is as much as 
points of Rockwell C difference. Since we did not know the actual carbon 
ent this could, in effect, account for part of this discrepancy. However, in 
paring the SAE 2330 it will be noted that the authors’ prediction was also 
ee points of Rockwell from the measured hardness. Our values for this steel 
ipproximately one point of Rockwell from the measured value. 
lhe authors are certainly to be congratulated for their work and for developing 
rmula to predict tempered hardness with accuracy. 
Written Discussion: By C. W. Spicer, chief control met., Duquesne Works, 
S. Steel Corp., Duquesne, Pa. 
In the commercial heat treatment of carbon and low alloy steel bars, the 


mation of hardness after tempering is of significant economic importance, inas 
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Fig. 23—Effect of Size on the Deviation from Estimated Hardness. Water-Quenched 


much as the incidence of retreatment is largely determined by the accuracy by 
which the tempering temperature is selected. By modifying the method proposed 
by the authors to suit commercial conditions, successful estimation of tempering 
temperatures has been carried out in the heat treatment of bars up to 8 inches i 
diameter of compositions ranging from plain carbon steels to AISI 4340 at Du 
quesne Works of United States Steel Corporation. 

Since 100% martensitic structures are not always obtained in commercial 
heat treating operations, and since tempering conditions for large masses are con 
siderably different from those of the laboratory, the hardness after tempering, 
calculated as proposed, was found to be higher than that obtained in Duquesne’s 
heat treating plant. This variation was dependent upon the type of quenching 
medium and the section being treated. The series of curves plotted in Fig. 22, for 
oil-quenched material, show the effect of size on the deviation from the estimated 
hardness. Similarly, the curves in Fig. 23 show the effect for water-quenched 
material. 

This correlation between actual and calculated hardness makes it possible to 
estimate tempering temperatures by applying the factors for hardness as shown 
by the authors in Table V. 

Knowing the desired hardness, the calculated hardness to be used in deter- 
mining the tempering temperature can be found from the appropriate curve in 
Fig. 22 for oil-quenched material or Fig. 23 for water-quenched material. After 
constructing the hardness curve for the particular composition involved by calcu- 
lating the hardness increments at various parameter values, the parameter corr 
sponding to the particular calculated hardness can be determined. Since the tim 
of tempering has been established for each size being treated, the tempering tem 
perature can be estimated directly from Fig. 3 which correlates tempering temper 
ature, parameter value and time. 
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[his means of establishing tempering temperatures has been used for several 
hs at Duquesne, with a resultant decrease in retreatments due to selection 
improper tempering temperature. 


Authors’ Reply 


We are pleased to have received discussions from those who have given much 
uught to the problem of relating the hardness of tempered martensite to steel 
mposition and appreciate their valuable contributions to this subject. 

Although our limited data permitted a seemingly useful method for estimat- 

the hardness of tempered martensite, we agree with Messrs. Crafts and 

Lamont that additional work is desirable in order to determine more precisely the 
intitative effect of each alloying element over an appreciable range of composi- 
lhe fact that data obtained previously by Messrs. Chapman and Jominy 
licated that molybdenum conveyed considerably less resistance to softening 


in we found further emphasizes the desirability for additional study of the 


effect of molybdenum. 


Fig. 2 of Chapman and Jominy’s discussion permits a very convenient 


estimate of the hardness of tempered low alloy steels. However, it implies that 
li heats of the same grade have the same temperability. Actually, hardness after 
tempering for any particular combination of temperature and time varies from 
heat to heat of the same grade in accordance with the appreciable range in com- 
position permitted by the SAE-AISI specification. Selecting the 4340 grade as an 
example and comparing a heat with all elements on the extreme low side with 
nother heat having all elements on the extreme high side of the composition 
inge, there would be a difference of about 5 Rockwell C if both were tempered 
for 1 hour at 1000°F. In order for both to have a common hardness of 38 Rockwell 
C, the low chemistry heat would have to be tempered at 945°F and the high 
chemistry heat at 1060°F—a difference of over 100°F in tempering temperature 
for a common tempering time of 1 hour. Thus, probably the greatest usefulness 
of any method for estimating the hardness of tempered martensite lies in its 
ibility to predict the necessary adjustment in the tempering cycle for each 
individual heat from a determined result for a heat previously successfully 
UC mpered. 


Mr. Spicer’s discussion describes an adaptation of the method proposed in 
+} 


1e paper to large scale heat treating operations. Failure to quench-out as well 
s less time actually at temperature, particularly in the center of large sections, 
made it necessary to work out correlation charts to suit his particular conditions. 
(hat he was able to do this successfully demonstrates the practical usefulness of 
being able to estimate hardness after tempering on the basis of steel composition. 





STATIC FATIGUE OF HIGH STRENGTH STEEL 


By R. H. RARING AND J. A. RINEBOLT 


Abstract 

The susceptibility to static fatigue of air-melted, vac- 
uum-melted and argon-melted AISI 4340 steel at the 230,000 
pst and 280,000 psi strength levels was determined by apply- 
ing sustained loads to notched tensile specimens. At the 
230,000 psi strength-level, susceptibility was negligible; at 
280,000 psi strength-level, static fatigue fractures at stresses 
as low as 83% of the breaking strength in the short-time test 
were obtained. The melting practice had no significant effect. 

Cadmium plated specimens at the 230,000 psi strength- 
level failed in static fatigue at stresses as low as 48% of the 
short-time breaking strength. Baking at 350°F for 1% hrs. 
after plating did not significantly improve the resistance to 
static fatigue. 

The breaking strength in the short-time test is shown to 
be decreased by static fatigue stressing specimens for times 
which approach the fracture limit. This damage ts attributed 
to cracks which grow slowly during the static fatigue test. 
(ASM-SLA Classification: Q7, Ay) 


INTRODUCTION 


HE brittle fracture of high strength steel after long periods of 

time under static load has been a subject of theoretical interest 
and increasing engineering concern. The increased concern in the 
practical aspect of the problem is a consequence of recent failures of 
structures fabricated from steels heat treated to strength levels wel! 
above the traditional maximum of about 180,000 psi tensile strength. 
These failures were developed in structural components of aircraft 
and were characterized by nominal stresses well below the vield 
strength of the steel, by stress cycles much less than is generally 
associated with cyclic fatigue failures, and by the absence of surface 
markings characteristic of cyclic fatigue. For these reasons, this 
phenomenon is frequently and aptly called static fatigue. 

Sachs (1)! recently compiled an analysis of static-fatigue failures 
of high strength steel in which it is noted that in many instances the 
failed part had been electroplated; this suggests hydrogen embrittle- 
ment as a cause of failure. In addition to electroplating, hydrogen 


1The figures appearing in parentheses pertain to the references appended te this paper. 


A paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, R. H. Raring 
is associated with the National Advisory Committee for Aeronautics, Washington, 
D. C. and J. A. Rinebolt is associated with the Republic Steel Company, Canton 
The authors were formerly associated with the Naval Research Laboratory, 
Washington, D.C. Manuscript received March 30, 1955. 
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be introduced into steel during other operations, such as melt- 
heating, pickling and electrolytic cleaning; therefore, it is pos 
sible that hydrogen-induced susceptibility to static fatigue is not 
iliar to electroplated parts. Bucknall, Nicholls, and Toft (2) 
luced delayed fractures in conical washers of high strength steel 
ich did not contain deliberately-introduced hydrogen. The stress 
els, however, were very close to the ultimate tensile strength. 
The work reported herein represents certain phases of an in 
vestigation being conducted at the Naval Research Laboratory under 
he sponsorship of the Wright Air Development Center, and deals 
with various factors which are known to influence hydrogen content. 
\lelting in vacuum or in argon is known to result in a lower gas 
content, including hydrogen, than is obtained in air melting. To 
determine the possible benefit that might be realized by such melting 
ractices, vacuum-melted, argon-melted and air-melted heats were 
compared with respect to their resistance to static fatigue. The 
effects of cadmium plating, which is known to introduce hydrogen, 
ind of baking after cadmium plating to expel hydrogen, on the 
resistance to static fatigue, were also investigated. 


MATERIALS AND METHODS 


The steels, within the composition limits specified by AISI for 
1340, were melted in a laboratory induction furnace. The vacuum 
heats were melted under a pressure of about 20 microns and held 
under this pressure for 35 minutes after melt-down. It was found 
necessary to introduce a pressure of about 50mm of argon to the 
chamber before the addition of the alloying elements because of the 
violent boil which would otherwise occur. The vacuum heats were 
poured and allowed to solidify in this same atmosphere. After solidi- 
fication, the furnace was evacuated and the vacuum was maintained 
until the ingot reached room temperature. The argon heats were 
melted, poured and allowed to freeze in an atmosphere of 760mm of 
argon. The average hydrogen content of the ingots were: air-melted, 
0.5-1.3 ppm; argon-melted, 0.3—0.6 ppm; and vacuum-melted, 0.2 
0.6 ppm. The analytical method used in the determination of hydro- 
gen is reproducible to within +0.1 ppm. 

The ingots, which weighed about 30 pounds, were cut into billets, 
homogenized at 2200°F for 1 hour, and forged into 58” square bars. 
The bars were saw-cut to specimen-blank size, normalized at 1650°F, 
ind machined to 0.020 inch oversize specimens. These specimens 
were then austenitized at 1550°F, oil-quenched and tempered, after 
which final machining was performed. 

Specimens which were to be tested in the plated condition were 
degreased, anodically cleaned, pickled, and then cadmium plated in 
i‘ cyanide bath containing a brightener. The thickness of the cad- 
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tain 
mium plate was 0.0005 inches. The baking treatment consisted of test 
placing the plated specimens in a muffle furnace at 350°F for 1% lowe 
hours; the specimens reached 350°F in approximately 15 minutes. stre 
The plate thickness and baking conditions are typical of commercial witl 
practice. ope 
Fig. 1 illustrates the static-fatigue test specimen. A dead-weight can 
lever-arm type of machine, patterned after the conventional stress- arg 


rupture machines used in the testing of high temperature alloys, 
was used for loading. The time to fracture was determined by a 
device which opened the circuit of an electric timer when fracture 
occurred. we! 
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EFFECTS OF MELTING PRACTICE AND STRENGTH LEVEI 

The effects of melting practice on hardenability, tensile proper- 
ties, and Charpy V-notch impact properties, at high strength levels 

been determined previously and reported in reference (3). There 
was no significant effect of melting practice on these properties. 

Fig. 2 shows results of static fatigue tests of air-melted, vacuum- 
melted and argon-melted 4340 at two strength levels, 230,000 psi 
ind 280,000 psi. The stress ordinate is plotted as percent of the 
breaking strength of the notch specimen in a short-time tensile test 
cross-head speed of 0.1 inches per minute). The breaking strength 
in the short-time test varied from heat to heat, within the limits of 
+ 3% of the plotted values. The average breaking strengths in the 
short-time notch-tensile tests, and the tensile strength as determined 
by tests of 0.357 inch diameter unnotched specimens, are listed 
below: 


Tensile Strength Notch Tensile Strength 
psi Melting Practice in Short-Time Test 
235,000 Air 322,500 psi 
231,000 Vacuum 318,000 psi 
231,000 Argon 315,000 psi 
287,000 Air 368,500 psi 
280,000 Vacuum 355,000 psi 
282,000 Argon 374,000 psi 


A few breaks occurred at times less than a minute after the full 
load was applied. Such breaks are plotted on the one-minute ordi- 
nate. It is evident from Fig. 2 that the susceptibility to static fatigue 
of the steels at the 230,000 psi strength level is very slight, at least 
for times up to about 170 hours. The lowest stress at which a static 
fatigue failure occurred in steel of this strength level is within 3% 
of the short-time breaking strength. It may be concluded that at 
the 230,000 psi strength level a static fatigue phenomenon which 
could be likened to delayed fractures observed in service was not 
produced in these tests. 

At the 280,000 psi strength level, delayed breaks were ob- 
tained at stresses as low as 83% of the strength in the short-time 
test; the data suggest that if the test-time had been extended, even 
lower values might result. It is evident that at the 280,000 psi 
strength level, static fatigue is a factor which must be reckoned 
with even for steels which are not exposed to hydrogen-generating 
operations such as electroplating. It is evident also that no signifi- 
cant benefit resulted from either vacuum-melting or melting in an 
argon atmosphere. 


EFFECTS OF CADMIUM PLATING 
Specimens of the air-melted steel of 230,000 psi strength level 
were tested in static fatigue within 4% hour after cadmium plating, 
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Fig. 3—Static Fatigue Curve of 4340 Steel of 230,000 psi Tensile Strength; Cad 
mium Plated, Not Baked. 


with the results shown in Fig. 3. The results of five short- 
time tests represented on the one-minute ordinate, indicate that 
electroplating lowered the breaking strength. The average breaking 
strength of this steel in short-time tests before plating was 322,500 
psi, whereas after plating, it varied from 248,000 psi to 315,000 psi, 
with an average of 281,000 psi. | 

The effect of plating on the susceptibility to static fatigue was 
much greater than its effect on the short-time breaking strength, 
as may be observed by comparison of Figs. 2 and 3. The data from 
the static fatigue tests show a stress vs. log-time relationship not 
unlike the well-known S-N curves characteristic of cyclic fatigue 
tests. Fig. 3 suggests the existence of a static fatigue limit, for this 
particular steel and treatment, of about 130,000 psi. 


EFFECTS OF BAKING 

Static fatigue data for a vacuum melted steel of 230,000 psi 
strength level after cadmium plating and baking (350°F for 1% 
hours) and of the same steel before cadmium plating, are shown in 
Fig. 4. This steel represented a different heat from that of Fig. 2. The 
susceptibility to static fatigue of the unplated steel is again indicated 
to be very slight at the 230,000 psi strength level. Although the 
baking operation reduced the scatter in the breaking strength in the 
short-time test and restored the strength nearly to that of the un- 
plated specimens, the susceptibility to static fatigue was not changed 
appreciably. The inadequacy of the baking treatment (350°F, 1% 
hours) is evident from these results. It is interesting to note that the 
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Fig. 4—Static Fatigue Curve of 4340 Steel of 230,00 psi Tensile Strength; Cad- 


1ium Plated and Baked. 


\STM standards (4) require a baking time of at least % hour and 
recommend a maximum of 400°F for cadmium plated parts; the 
requirement of Federal Specifications (5) is 350-400°F for 3 hours. 
The hydrogen content before baking was 0.7 to 1.1 ppm; after bak- 
ing it was 0.6 to 0.7 ppm. 

Tests were also made to compare tensile properties as deter- 
mined by unnotched tensile specimens before plating and after 
plating and baking. The unnotched tensile specimens were the same 
as the notched static-fatigue specimens, except for the notch. Re- 
sults of these tests were as follows: 


After Plating & Baking 


Before Plating (350°F, 1% hrs.) 
Tensile Strength psi 234,000 230,000 
Yield Strength psi 208,000 208,000 
© Elongation in 1” 15.0% 15.0% 
“, Reduction of Area 57.0% 52.52 


It is apparent that full recovery may be indicated by the con- 
ventional tensile tests whereas the notched static fatigue tests in- 
dicate essentially no recovery due to the baking operation. 


MECHANISM OF DAMAGE 
Certain tests were made to determine if a stress, which is 
known to be high enough to lead ultimately to a static fatigue frac- 
re but applied for a time insufficient to cause a break, would ef- 
lect any permanent and irreversible change in the properties of the 
steel. Such an effect would be similar to the well-known ‘‘damage’’ 
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Fig. 5—Transverse Section at Notch Root 
Showing Longitudinal Sections of Figure 6. 
Serrated Lines Indicate Cracks. 





Fig. 6— Macrophotographs of Longitudinal Sections Indicated in Fig. 5. (a) Section AA, 
X50; (b) Section BB, 12; (c) Section CC, K11. Reduced 20% in reproduction. 


effect in cyclic fatigue. To answer this question, specimens were re- 
moved from the static-fatigue machine prior to fracture and then 
broken in a tensile test. Microexamination of notch tips was also 
performed to determine if cracks were developed during the holding 
period. 

These specimens are represented on Fig. 4 by points with hori- 
zontal arrows, indicating no break, and vertical arrows which ter- 
minate at the stress level at which the specimen broke in the subse- 
quent short-time test. Three of the specimens revealed damage 
which reduced the short-time breaking strength by 21 to 28%; the 
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third suffered a reduction of only 24%. It is noteworthy that the 
atter specimen was stressed at a level near to the lower limit for 
delaved breaks for times up to 50 hours. 

Specimens which were removed from the static fatigue test be- 
fore fracture were carefully examined at the notch root with a binoc- 
ular microscope for evidence of cracks. No cracks could be detected 
by this method. One specimen, identified on Fig. 4, was sectioned 
longitudinally at various depths and examined metallographically. 
The first, rather shallow cut revealed a transverse crack at the 





Fig. 7—Photomicrograph of Damaged Crack. 1000. Reduced 20% in reproduction 


notch root. Further grinding to greater depths showed that the 
crack had grown both circumferentially and radially, as indicated in 
Fig. 5. Macrographs of the longitudinal sections are shown in Fig. 
6, which illustrates the general shape and size of the crack at posi- 
tions A, B and C of Fig. 5. The appearance of the crack in a micro- 
section at high magnification is shown in Fig. 7. The marked tend- 
ency for the crack to delineate areas of like orientation of martensite 
indicates that it follows the boundaries of prior austenite grains. 

Petch and Stables (6) recently proposed a mechanism to ex- 
plain the effect of hydrogen on delayed fracture under static load. 
Their explanation is based on the Griffith mechanism. The delay of 
fracture in steel containing hydrogen is explained by assuming that 
at stresses above a certain minimum, the growth of Griffith micro- 
crack is arrested as soon as it begins to grow because the new crack 
surface developed is clean and therefore of high surface energy. Dis- 
solved hydrogen is assumed to migrate to the surface of the new 
crack causing a decrease in the surface energy. As the resuit of the 
decreased surface energy the crack will then grow slightly again, 
and the sequence of events is repeated until the crack is large 
enough to cause sudden fracture. 
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It is interesting to note that the Petch and Stables mechanisy 
may be extended to predict a static fatigue limit; while the Perc 
and Stables mechanism provides a plausible explanation it ca 
be said that it is proved by these observations. The mechanisn 
predicts that hydrogen level and diffusion rates of hydrogen a; 
various temperatures would influence the development of static. 
fatigue failures. 
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DISCUSSION 

The results of this investigation show that properties of steels a 
high strength-levels, as determined by conventional short-time tests. 
are not necessarily a reliable indication of their behavior in service. 
The development of a static-fatigue phenomenon in such steels must 
be recognized in the selection and treatment of high strength steels 
for engineering structures. 

Susceptibility to static fatigue apparently increases as strength 
level increases; the quantitative relationships, however, are not 
established by data available to date. The fact that delayed frac. 
tures in service have been encountered only for steels of very high 
strength levels, and the marked difference in resistance to static 
fatigue between 230,000 psi shown herein, and 280,000 psi steels 
indicate a dependency on strength level. The development of a 
static fatigue phenomenon for unplated steels of 280,000 psi strength 
level indicates that the problem is not entirely one of processing 
operations, such as electroplating, which introduces hydrogen. 
Moreover, the use of special melting practices aimed at lowering 
the hydrogen content of the steel had no significant effect on resist- 
ance to static fatigue. 

Baking as a means of restoring resistance to static fatigue of 
cadmium plated specimens was ineffectual in these tests. Although 
somewhat higher baking temperatures and longer baking times ma\ 
be of benefit and should be investigated, the baking conditions used 
in these tests are representative of industrial treatments. It should 
be noted also that while the short-time tests of plated and baked 
specimens, both notched and unnotched, indicated essentially com- 
plete restoration of strength and ductility, the resistance to static 
fatigue was not restored by baking. These results suggest that sole 
reliance on short-time tests to evaluate the efficacy of baking maj 
lead to misleading conclusions. 


SUMMARY 


The effects of melting in vacuum or argon atmospheres on the 
susceptibility to static fatigue of AISI 4340 heat treated to high 
strength levels, and of baking treatments to effect recovery of plated 
steels, was investigated in relation to the problem of static fatigue 
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s. Resistance to static fatigue failure was determined by 
ing loads to notched tensile specimens for extended periods 
ie. The following conclusions were indicated: 

\lelting in vacuum or in an argon atmosphere has no sig- 
nt effect on resistance to static fatigue. 

Susceptibility to static fatigue of unplated 4340 steel at 
the 230,000 psi strength level was negligible. At the 280,000 psi 


strength level, static fatigue failures at loads as low as 83°7 of the 


) 


reaking strength in the short-time tests occurred. 

3. Cadmium plating lowered the breaking strength and greatly 

reased the susceptibility to static fatigue. 

t. Baking at 350°F for 1% hours restored the breaking strength 

the short-time test to within 2°% of the breaking strength of 
inplated specimens, but had very little effect on resistance to static 
fatigue. Static fatigue fractures at loads as low as 50°; of the 
breaking loads in the short-time test occurred after baking. 

5. Specimens stressed at loads lower than the breaking strength 
in the short-time test, and subsequently broken by short-time tests, 
vere found to have suffered a reduction as great as 27% in breaking 
strength. Metallographic examination disclosed that the loss in 
strength resulted from the slow growth of cracks which is the 
nitiating mechanism of static fatigue failures. 
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DISCUSSION 
Written Discussion: By K. Winterton, assistant director, Onta; 
search Foundation, Toronto, Canada. 


1) 
XE 


The authors are to be congratulated on their approach to this inter, 


s 


problem. They do not always explicitly ascribe the cause of low static fa 


ms Lit 


strength to the presence of hydrogen. I would, therefore, like to emphasize ¢h 


lal 
hydrogen, even in very small quantities, can have a pronounced effect on allo, 


steels in the quenched condition. Fig. 8 shows the dead-load rupture strength 
static fatigue strength) for a carbon-manganese steel as a function of cooling ; 


rate 


Equivalent Weld Cooling Rate at 300°C (Deg.C/ Sec.) 


| 
No Diffusible Hydrogen —-e— 


~2ml. Diff. H/1IO00 gm. Steel —-A-— 
~|i4ml. Diff. H/100 gm. Steel ----o---- 


Dead-Load Rupture Stress ( Tons/Sq.In 





@ |250| 50 | 20 | 0 | 6 |S 4 
1000 100 = 30 14 8 5 
S = Time to Cool 870-300°C (Sec.) 


Fig. 8—Effect of Hydrogen Content and Ccoling Rate on Dead-Load 
Rupture Stress of a C-Mn Steel (Notched Specimens, Peak Temperature 
1300°C Approximate). 
The upper curve represents the values obtained for untreated specimens. The two 
lower curves were obtained after introducing by electrolysis 2 cc. and 14 cc. per 100 
grams of hydrogen respectively. There is quite a marked drop in rupture strength, 
particularly at high cooling rates, even with only 2 cc. per 100 grams of hydroge! 
present. It may be noted that 1 cc. per 100 grams is approximately equivalent 
to 1 ppm. Fig. 9 illustrates the same sort of result for a more highly alloyed steel, 
this being a 3144%-nickel: chromium: molybdenum: vanadium steel. In the as 
received condition this steel contained 0.35 cc. per 100 grams of hydrogen. After 
de-gassing, which was done in vacuo at 750°C (1380°F) there was a marked im 
provement in rupture strength. In both cases illustrated, the results were ob 
tained on notched, hollow, cylindrical specimens which were subjected to a thet 
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Equivalent Weld Cooling Rate at 300°C(Deg.C/Sec.) 
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Load Rupture Stress of a 344° Ni-Cr-Mo Steel 


cycle, imitating that received in the hardened zone of a metal are weld, priot 
static tensile testing. The work quoted was done at the British Welding Re 
ch Association.? 

Finally, I think that we should be careful in thinking about hydrogen con 


(in ppm in this connection. This is quite satisfactory for solid solution or for a 


separate solid phase, but if there is.any chance of the gas coming out of solution | 


+h 


are 


~~ 


ink that we should recall that 1 ppm is equivalent to 8% by volume. To illus 


ite this, imagine a block of steel about the size of a grapefruit, this containing a 


gle pore about the size of a large pin’s head with hydrogen present in the pore 
i pressure of 100,000 atmospheres. The system represents a hydrogen content 


[| ppm. 


Written Discussion: By E. P. Klier, B. B. Muvdi, V. Weiss and G. Sachs, 
icuse University Research Institute, Metallurgical Research Laboratories, 


icuse, New York. 


( L. M. Cottrell “Hydroge 3arrier to Welding Progress published In part) Weldi Z 
l, Vol. 1, No. 4, April. 1954, p. 167 
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The authors in their very interesting paper advance the concept 
tained load failures in ultra high strength steels result from “static { 
Since the indicated reduction in notch strength is greater than 15°% for { 
within a loading period of 100 hours at the 280,000 psi strength level, it 
concluded from these data that strength levels much above 230,000 psi ar: 
limited practical value. Additional data bearing on this conclusion are, th: 
desirable. 

The potential reduction in the sustained-load strength of high streng1 
has been the subject of extensive and continuing studies at the Syracuse | 
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Fig. 10—Stress-Rupture Diagram for Notched (K-5) 4340 Steel Specimens 
at Two Strength Levels (3). cra 
$34 
sity Research Institute. Among the factors pertinent to this phenomenon, which the 
have been studied for 4340 steel are: Ins 
1. Strength level, tha 
2. Loading pattern, 50 
sustained, aw 
variable loading rate, mo 
oscillatory-fatigue. sl 
3. Stress concentration, cor 
4. Nonembrittled condition, tur 
5. Hydrogen embrittled, m« 
cathodically embrittled, an 
plated. | 
Rel 
The results of these tests indicate that sustained-load failures are probably 
due to the presence of hydrogen in the metal, and are thus not uniquely the result Sty 
of a surface phenomenon as is proposed for static fatigue in glass-like materials Al 


Thus, as is indicated in Fig. 10, sustained-load failures were found to be absent 1! Pr 
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ts on commercial 4340 steel, at a strength level of 270,000 psi and the r 

e data fall within the expected scatter range.® 

he examination of notch roots for evidence of cracking after removal of the 
difficult for cadmium-plated specimens. On the other hand, the growth of 
ick at the base of sharply-notched, copper plate d spec imens is readily de 
le if the specimens are examined with the aid of a low power lens while the 
ipplied.* This crack growth, however, applies only to sharply notched speci 
mildly-notched specimens, on the other hand, have been observed to fail 
t any indication of a slowly progressing crack and, therefore, probably from 
velopment of internal cracks. 

In the course of the tests at Syracuse University, the circumferential d 
ment of the crack in the sharply-notched specimens was examined and it was 
y found to be rather uniform all around the periphery. Where the crack 

loped asymmetrically, this could be attributed to nonaxial loading condi- 


Authors’ Reply 


lhe authors agree with Dr. Winterton’s observation that there is evidence 
hydrogen, even in relatively small quantities, can have a pronounced effect 
e susceptibility of high strength steel to static fatigue. Fig. 8 clearly shows 
electrolytic charging reduced the dead-load rupture stress of steel, and that 
degree of reduction increased with the hardness. 

lhe hydrogen content of steel has been reported in the literature in terms of 
several different units. The authors preferred to report it in parts per million be- 


1 


the results come out in numbers that can be read quickly and remembered 

ly, and because chemists conventionally used these units for reporting ele- 

ments in very low concentrations. But, as Dr. Winterton points out, expressing 
hydrogen content in terms of cc/100g (or perhaps even better as Vol H/ Vol 

steel) certainly has a merit of being a more graphic method for those who like to 
sage an internal pressure generated by hydrogen in voids in the steel. 

It is gratifying to learn that Dr. Klier and his associates also have observed 
racks growing slowly from the notch root of electroplated tensile specimens ot 
1340 steel at high strength levels, and the authors look forward with interest to 
he publication of these results in the paper they have submitted to American 
Institute of Mining and Metallurgical Engineers. It is implicit in their discussion 
that the term “‘static fatigue’’ should be reserved for the surface phenomenon as- 
sociated with the slow development of surface cracks in glasses. The authors were 
ware of this prior use of the term, but still prefer it to the less descriptive or 
more awkward terms “delayed fracture under static load,”’ “‘stress-rupture,’’ or 
sustained load failure,’’ which have been used in the recent past. Among other 

nsiderations, several points of similarity between characteristics of these frac- 

res and those of cyclic fatigue in metals suggest that ‘“‘static fatigue’’ is the 
most apt and nicest terminology. This is a question of nomenclature, of course, 

| it is hoped that in the near future common usage will be established. 

E. P. Klier, V. Weiss and G. Sachs: Discussion to E. M. Lape and J. D. Lubahn, ‘‘On the 


Re ons Between Various Laboratory Fracture Tests,’’ Paper No. 55-SA-70, 1955 ASME Dia- 


| Jubilee Semi-Annual Meeting 
‘E. P. Klier, B. B. Muvdi and G. Sachs, ‘‘Effects of Hydrogen Embrittlement on High- 


gth Steels,’’ (Static Properties), WADC TR 55-18 Pt. 1. (Submitted for publication to 


Sachs, B. B. Muvdiand E. P. Klier, ‘‘Effects of a Number of Variables on the Mechanical 
ties of Aircraft High-Strength Steels,’"’ WADC TR 55-103. 
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The conclusion of Kher et al. that “strength levels much above 230( 
are of very limited practical value” is considered to be somewhat prema 
unduly pessimistic. The very fact that their results indicated no suscep 
to static fatigue at strength levels as high as 270,000 psi suggests that s 
bility is not necessarily associated with high strength levels. Work on st 
these strength levels is still in an early stage. Eventually, the factors at th 
the phenomena might be understood and brought under control. It sho 
mentioned, however, that many tests subsequent to those reported in the pap 
not only confirm the reality of static fatigue in high strength steels that ha 
been subjected to embrittling treatments but showed static fatigue failures 
as 82° of the short time breaking strength. 

The suggestion that the asymetrical development of the crack was the resy 
of nonaxial loading is reasonable. Tests made subsequent to those reported 
paper resulted in cracks of uniform depth around the periphery. This was attril 


uted to improved alignment of the load and the test specimen. 








SOME EFFECTS OF METAL REMOVAL AND 
HEAT TREATMENT ON THE SURFAC 
OF HARDENED STEELS 


By KARL E. BEU AND DONALD P. KOoOISTINEN 


Abstract 

Some effects of metal removal and heat treatment on the 
irfaces of hardened steel were studied using retained aus- 
‘enite and residual stress measurements as criteria. Both 
1ustenite and stress measurements were made using X-ray 
liffraction techniques. It was found that metal removal 
using a standard metallographic polishing sequence (a) 
iffected the austenite content significantly to measurable 
lepths below the final polished and etched surfaces and (b) 
eft large compressive stresses in these surfaces. It was also 
found that metal removal using a belt sander (a) increased 
the austenite content of the surface if the metal was removed 
rapidly and (b) decreased the austenite content of the surface 
if the metal was removed slowly. In either case, large com- 
pressive stresses were left in the surface. After any of the 
tbove procedures, the compressive stresses could be reduced 
essentially to zero by removing about 0.005 inch metal electro- 
ytically. Decarburization was studied by means of austenite 
ontent, austenite and martensite lattice parameter, and 
chemical carbon measurements with depth. The effectiveness 
of copper plate in protecting the surfaces from decarburiza- 


‘ton ts discussed. (ASM-SLA Classification: N8, L/O, 
J general, ST) 


INTRODUCTION 
, ‘HE effects of metal removal and heat treatment on and near the 


surfaces of hardened steel parts are of practical interest because 

the possible relationship of these effects on the engineering per- 
tormance of such parts. These effects are difficult to evaluate since 
they cannot generally be completely controlled. For example, it is 
ccepted practice to grind off several thousandths of an inch to re- 
iove the decarburized laver on a hardened steel part; however, 
crinding in itself may introduce additional surface effects. Thus, a 
inished hardened part may have nonuniform phase or stress distribu- 
tions near the surface as a result of heat treatment, finishing opera- 
\ paper presented before the Thirty-Seventh Annual Convention of the 
y, held in Philadelphia, October 17-21, 1955. Of the authors, Kari F. Beu 
pervisor, Physical Measurements Department, Goodyear Atomic Corp., 


mouth, Ohio, and Donald P. Koistinen is research physicist, General Motors 
Research Laboratories Division, Detroit. Manuscript received March 21, 
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tions, or both. These nonuniformities may, in turn, have a prot! 
effect on the physical properties of hardened steel parts. 

The effects of heat treatment and metal removal have been »» 
viously studied by measuring surface! gradients of (a) microhard 
ness (1), (b) chemical carbon, (c) residual stress (2,3,4), and ( 
tained austenite (5) in hardened steels. It has also been pointe: 
that grinding induces phase changes (1,6), that retained austenite 


can be decomposed in the vicinity of the fracture surface of a tensi] 


if 


or impact test bar (7,8,9), and that the surface of an alpha iro; 


single crystal can be partially transformed to gamma iron by ver 
slight abrasion (10). These experiments indicate that the physical 
characteristics of the sample material near the surface of hardened 
steel parts (or even pure iron) can be readily affected by relativel 
minor mechanical or chemical disturbances of the surface. In fact. 
it has been pointed out that the decomposition of retained austenite 
with mechanical stressing “‘illustrates the possibility of using retained 
austenite as an internal strain gage’’ in tensile test bars even befor 
necking occurs (8). Other than this, however, relatively little has 
been reported on the relationship of surface retained austenite and 
residual stress variations to metal removal and heat treatment 
problems. 


These problems of surface austenite variations have generall\ 
been side-stepped by carefully removing the original heat treated 
surface using a combination of careful sanding or grinding techniques 
with chemical or electrolytic etching. The austenite content of this 
newly formed surface is then said to be representative of the sample 
This has been found to be true in some, but not all, instances and 
it is a purpose of this paper to indicate some of the limitations of 
such an interpretation. In addition it is hoped that some of the ex- 
periments to be described may indicate ways for establishing a re- 
lationship of heat treatment and final finishing operations to th« 
quality of the finished hardened steel product in terms of some physi- 
cal surface characteristics such as retained austenite and residual 
stress distributions. 


SoME EFFECTS OF MECHANICAL METALLOGRAPHIC POLISHING 
ON HARDENED STEEL SURFACES 


Mechanical metallographic polishing has been considered fo 
studying surface effects in metal removal since it is as gentle a me- 
chanical removal method as is ordinarily available. If metallographi 
polishing causes measurable surface changes in hardened steel it Is 
likely that any other more drastic metal removal technique would 





'Unless otherwise stated, the word “‘surface’’ shall imply both the immediate surita 
depths below the surface to about 0.050". 
2The figures appearing in parentheses pertain to the references appended to this paper 
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v Sample M-483 , Original Austenite 
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and Billiard Cloth Polish 

(F) Electrolytically Removed 
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Fig. 1—The Effect of Metallographic Polishing on Retained Austenite 
the 5% Austenite Level. 


ilso cause changes in surface characteristics. If it causes no changes, 
then it may be used as a standard for comparison with other metal 
removal methods. As a secondary consideration, the physical proper- 
ties of metals are often related to a microscopic examination of pol- 
ished sections, assuming that the polished section is representative 
of the sample. If this is not so, then errors in interpretation may arise. 

A study has been made on a series of hardened plain carbon 
steels with retained austenite contents in the range of 5 to 30% to 
determine (a) the utility of metallographic polishing as a metal re- 
moval standard and (b) the validity of mechanically polished and 
etched surfaces as being representative of these samples. Results of 
this study on three samples are summarized in Figs. 1 and 2. Each 
sample was prepared as follows prior to mechanical polishing and 
etching: 


Sample No. Steel Heat Treatment 
M-483 SAE 1070 Austenitized 1900°F 1 hr., brine-quenched, 
tempered 300°F % hr. 
M-554 SAE 1095 Austenitized 1600°F 1 hr., brine-quenched, 
tempered 300°F 1% hr. 
M-472 SAE 1.31% carbon Austenitized 1700°F 1 hr., brine-quenched, 


tempered 300°F % hr. 


Each sample was cut from bar stock finished as a disk 78 inch 
diameter by %¢ inch thick, and plated with 0.002 inch copper before 


rh 


heat treatment. It has been found that this preparation procedure is 
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% Retained Austenite 
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% Retained Austenite 
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Fig. 2— The Effect of Metallographic Polishing on Retained Austenite Content 
at the 5, 10, and 25°; Austenite Levels. 








ive in providing a sample of uniform austenite content from the 
ce to the interior for plain carbon and low alloy steels. After 
treatment the copper plate was stripped chemically and austen- 
easurements made in increments to depths of at least 0.020 
metal being removed electrolytically after each step. It has 
found that electrolytic metal removal does not affect the aus- 
e content of this tvpe of sample even when as much as 0.100 
is removed in this manner. 
The uniformity of austenite content for each of these three 
samples is indicated in step A in Figs. 1 and 2. Referring to Fig. 1, 
iustenite level of Sample M-483 was established at 5.1+0.3% 
iveraging the austenite measurements over a depth of about 
.010 inch prior to removing metal in the metallographic polishing 
sequence. The X-ray method used for measuring retained austenite 
ncentrations has been previously described (11-14). The standard 
eviation of the austenite measurements (15) (+0.3°% for this sam- 
is indicated by the shaded band labelled ‘‘original austenite 
evel’ and, as can be seen, nearly all the experimental points in 
step A fall within this shaded band. This indicates that the austen- 
te content of this sample is essentially uniform within the experi- 
ental error of measurement. After having established austenite 
evel and uniformity, the sample was then prepared for metallo- 
Ol phic examination using the following sequence: 
8) Rough polishing with 1, 1/0, 2/0, and 3/0 papers on a rotary 
lap using oleum spirits as a lubricant. 
Polishing on a wax lap using Linde A abrasive. 
1)) Polishing on billiard cloth using Linde B abrasive. 
\lternate billiard cloth polishing and 2.0°% nital etch. 


\ustenite measurements were made after each step in the above 
sequence. Since so little metal was removed in these steps, the varia- 
ns in austenite percentages are difficult to see because the experi- 
ental points fall so closely together in Fig. 1. In order to present 
hese data more clearly, the abscissa in the region of steps B through 
| has been expanded as shown in Fig. 2. Since the same type of 
ita was obtained on samples M-554 and M-472, the results on these 
samples are also included in Fig. 2. 
It can be seen from sample M-483 that the austenite content 
ropped from a level of 5.1 to 3.4% in step B (rough polishing on 
pers). The significance of this 1.7°% drop in austenite with rough 
olishing will be discussed in detail below. Step C (polishing on a 
vax lap) resulted in a small but significant* increase in austenite 
vard the original level. Step D (polishing on billiard cloth) re- 
By significant is meant a change in austenite percentage larger than + sigma (standard 


This reproducibility error (15) should be kept in mind for all austenite percentages 
ed since it will not be indicated explicitly for each percentag 
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sulted in a slight decrease in austenite with essentially no c| 
after step E (alternate polishing and etching). 

The surface after step E is that which would be examined 
allographically. The austenite content of this surface is not r 
sentative of this sample since X-ray measurements indicate 3 
austenite at this surface as compared to an austenite level of 5.{ 4 
0.3%. Quantitative measurements on this surface using linea] 
ysis techniques (16), for example, would be in error even 
seriously than X-ray measurements if it is considered that the X 
austenite measurements represent an average over a depth of al 
0.0003 of an inch (17). (This problem is in addition to that of being 
able to detect and measure small amounts of austenite microscop- 
ically). Since the austenite content of this sample increases rapid} 
below the surface after step E, the austenite content of the imme- 
diate surface accessible to metallographic examination would be less 
than 3.6°%. This statement of the averaging effect of the X-ra) 
austenite measurement can be generalized to include the idea that. 
whenever austenite concentrations are changing rapidly with depth, 
the X-ray measurement smooths out the change so that the tru 
maximum or minimum is not observed by this method. 

Metal was next removed electrolytically in small increments for 
the first part of step F to see how rapidly the austenite level would 
recover to its original value. Although the austenite content in 
creased from 3.6 to 4.3% in 0.0002 inch, it did not return to its 
original level until about 0.010 inch had been removed electrolvti- 
cally. A final measurement was made on this sample by removing 
an additional 0.015 inch electrolytically in step F. The austenite 
content at this depth was 4.9% indicating that it had essentially 
returned to its original level and that this sample was homogeneous 
in austenite content over the depth of about 0.085 inch used in this 
experiment. 

The average austenite level in the first 0.010 inch of step F was 
4.5% (see Fig. 1). This is significantly lower than the original 5.1% 
austenite level and may be due to slight tempering of the sample in 
step B, the tempering temperature being sufficiently high (above 
400°F) to decompose some of the retained austenite. Steps C, D, 
and E probably do not contribute to the tempering effect since the 
austenite content after these steps remains within the upper value 
of 5.1% of the original austenite level and the lower value of 3.4% 
after step B. This illustrates two points, namely: (a) that a polish- 
ing sequence such as was followed in steps B through D may affect 
the austenite content to a depth of several thousandths of an inch, 
most of the effect probably being due to the rough polishing on papers 
and (b) that the gentle removal of metal in steps C and D, together 
with an alternate polish and etch, is insufficient to remove the tem 
pering effects due to rough polishing. 
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It should be pointed out that the effects of polishing in steps B, 
¢. and D, have not been examined separately since the primary 

ose of this experiment was to ascertain the effects of a standard 

illographic polishing procedure as a metal removal technique on 

physical characteristics of the final surface. By electrolytically 

wing metal before and after each of steps B, C, and D, their 
separate effects may be determined. It may also be worthwhile to 

pare the effects of hand lapping with those of the rotary lap 

sed in step B. 

Returning to Fig. 2, sample M-554 and M-472 with austenite 
evels of 10.5+0.4% and 26.5+0.5% respectively showed many of 
the same characteristics as sample M-483 although there are some 
nteresting differences. The austenite level dropped from 10.5 to 7.7% 
ifter step B for sample M-554, with a slight rise after step C, anda 
slight fall after step D. After step E the austenite percentage in- 
reased almost to the original austenite level indicating that the 
surface to be examined metallographically was essentially repre- 
sentative of the sample in terms of austenite content. 

Subsequent electrolytic removal of 0.0005 inch in step F re- 
sulted in a slight further increase to 10.2 austenite followed by a 
drop to about 9.0% over a depth of about 0.003 inch and a subse- 
quent rise approximately to the original level of 10.5+0.4°%. This 
particular cycling in step F may seem to be fortuitous since it is not 
much greater than the reproducibility error of measurement at this 
iustenite level; however, it should be pointed out that this same 
type of cycling seems to occur for samples M-483 and M-472. Even 
if a smooth curve is drawn through the points of step F, the austen- 
ite level would be significantly lower over the first 0.005 inch in 
this step. This effect may be due to a slight tempering effect over a 
depth of several thousandths of an inch as was suggested previously 
for sample M-483. 

If the cycling effect in the first part of step F is real, it may be 
interpreted as a re-austenitizing and tempering cycle such as that 
described by Littman in his grinding experiments (1). Littman 
showed that a ground surface (20 microinches in depth) may be 
heated sufficiently to re-austenitize and reharden it while a layer 
immediately below the rehardened surface is depleted in retained 
austenite in the region where the temperature gradient falls below 
the critical temperature. A reason for speculating on this analogy 
is to suggest that it may be possible for very high surface tempera- 
tures (above 1500°F) to be generated to measurable depths when 
using a standard metallographic polishing procedure. 

Sample M-472 apparently does not have the austenite uniform- 
ity in step A that the other two samples do since two experimental 
points fall somewhat outside of the standard deviation band. Never- 
theless, the austenite variations in steps B through F follow essen- 
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tially the same pattern that they did for the other two sa; 

Some residual stress measurements were made on the 
centered phases (martensite +ferrite) in sample M-554 after e 
steps A through E using the X-ray method described by Ch; 
son and Rowland (18). These results are recorded in Table I. 


Table I 
Residual Stress Measurements Before and After Various Steps in a Standard 
Metallographic Polishing Sequence on Sample M-554 


Residual Stress Par 


Step Description to Surtace, thousands « 
\ Ele« trolyti removal + 9 
B Rough polishing on papers 159 
( Polishing on wax lap 73 
ID Polishing on billiard cloth 77 
E Billiard cloth polish and nital etch 73 
I Electrolytic removal 14 


*Estimated reproducibility of measurement is + 5000 psi 
Estimated accuracy is + 10,000 psi 

Measurement averaged over depth of about 0.0003 inches (17) 
Positive stress is tensile; negative stress is compressive 


As can be seen, the surface stress was essentially zero (+9000 
psi) after electrolytically removing about 0.050 inch. Rough polish 
ing on 1 through 3/0 papers left a compressive stress of about 
160,000 psi parallel to the surface. The stresses normal to the surface 
during the metal removal operation in this step were probably ten- 
sile and would account for the decrease in austenite content in the 
surface. These stresses normal to the surface, however, cannot be 
measured by X-rays and can be inferred only from the “‘strain-gage’”’ 
properties of austenite referred to earlier in this paper (8). 

Subsequent polishing on a wax lap and billiard cloth with alter- 
nate polishing and etching reduced the compressive stress to about 
75,000 psi, but was insufficient to eliminate the stresses induced in 
the rough polishing step. Final electrolytic removal of about 0.005 
inch, however, was sufficient to eliminate essentially all stresses par- 
allel to the surface. 

Experiments similar to those just described were carried out on 
two other samples, one on hardened SAE 52100 steel and the other 
on an 18% Cr, 8% Ni austenitic valve steel. The SAE 52100 steel 
gave results very similar to those of sample M-554 (SAE 1095) of 
Fig. 1, while the austenitic valve steel showed the presence of 8.1% 
ferrite after polishing and etching. Subsequent electrolytic metal 
removal on this sample resulted in the disappearance of the ferrit« 
diffraction lines. 


SoME EFFECTS OF BELT SANDING ON A 
HARDENED STEEL SURFACE 


As a more drastic method of metal removal, preliminary exper! 
ments were carried out on a belt sander. A sample of hardened 
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Fig. 3—The Fffect of Belt Sanding on the Retained Austenite Content of Hardened 
SAE 1095 Steel 


SAE 1095 was prepared identically to that of sample M-554 in 
Fie. 1 and metal was removed using several different conditions in- 
cluding fast, slow, dry, and wet sanding, as well as electrolytic re- 
moval techniques. The use of a grinder would probably have been 
preferable to that of a belt sander to permit comparison with grind- 
ing practice. The sander waschosen, however, because it was possible 
to maintain uniform hand pressure of the sample on the sanding 
belt from one experiment to the next thereby minimizing the effect 
of this variable on these experiments. 

The austenite level in the hardened SAE 1095 sample was estab- 
lished in the first 0.030 inch at 11.6+0.4% (see Fig. 3). Metal was 
then removed using a belt sander with 80 grit paper running at about 
15 lineal feet per second. The first step (A) involved holding the 
sample lightly against the moving paper until 0.004 inch had been 
removed. An austenite measurement at this point indicated 17.4% 
on the sanded surface, an increase of 5.8% over the original austen- 
ite level. Subsequent chemical and electrolytic removal of 0.0001 
inch brought the austenite percent back to the original level of 11.6%. 
Further electrolytic removal of 0.002 inch showed no change tn aus- 
tenite percent, indicating that the original austenite level had been 
regained in about 0.0001 inch after the sanding operation, taking 
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Fig. 4—Estimate of the Retained Austenite Concentration of the Surface | 

Rehardened by Dry Sanding Hardened SAE 1095 Steel 
into account the averaging effect due to the penetration of X-rays 
into the sample (17). 

It has been pointed out that a rehardened layer is formed whe: 
the surface temperature exceeds 1550°F (1); however, no indication 
of the phase composition of this rehardened layer is given other than 
to point out that it consists of a mixture of retained austenite and 
untempered martensite. The relative proportions of the phases in th 
rehardened layer can be estimated from the austenite measurements 
in step A of Fig. 2 using Littman’s estimate of the thickness of the 
rehardened layer (about 20 microinches) (1) and Schaal’s estimate 
of the effective penetration of X-rays into the sample surface (17 
The effective penetration of iron K alpha X-rays into iron cannot be 
determined directly from Schaal’s data; however, a reasonable esti- 
mate for these purposes would be about 300 microinches. Using this 
information, the retained austenite content of the rehardened layer 
is estimated to be 100% (see Fig. 4). 

It should be pointed out that this estimate of the austenite 
content of the rehardened layer is a reasonable one, since the effect 
of tempering below the rehardened layer was ignored to simplify the 
illustration of Fig. 4. The depth of the tempered layer (in which 
most of the retained austenite is decomposed) has been estimated 
to be about 50 microinches (1). Even if the rehardened layer were 
100 microinches thick instead of 20, the retained austenite content 
of this laver would be about 30%. There is good evidence that this 
laver is not more than 100 microinches thick since the austenite level 
after sanding in step A of Fig. 3 recovered its original value in about 
100 microinches.* 


‘The rehardening process was also studied on a sample of SAE 1095 steel austenitized at 1600°! 
for 1 hour, brine-quenched, and tempered at 700°F for 4% hour so that all of the retained aust« 
was decomposed. This sample was sanded as in step A ot Fig. 3 and 1.6% austenite was measured 
at the surface. Using Littman’s (1) and Schaal’s (17) data as described above, the austenite cont 
of a rehardened layer 20 micro-inches thick was estimated to be about 25%. This indicates ' 
substantial amounts of austenite can be retained in the surface of a sample consisting primaril) 
ferrite and cementite when it is sanded lightly. These observations are similar to those previ 
reported for an electron diffraction study on an abraded ferrite single crystal (10) 
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lhe reason for the recovery of the austenite level in about 100 
inches for step A is not entirely clear especially when it is con- 
sidered that the much gentler polishing in step B (Fig. 2) did not 
t in a recovery of the austenite level for several thousandths of 
ich. The rapid recovery in step A (Fig. 3), however, has been 
ved several times on various samples of hardened SAE 1095 

52100 steels and is not believed to be accidental. 

It is realized that the estimate of 100°, austenite content for 

ehardened layer may be contrary to currently accepted ideas. 
Nevertheless, it is difficult to interpret the data otherwise if the esti- 

tesof the thickness of the rehardened layer and the effective depth 

of penetration of X-rays are accepted. Further study on this aspect 

f the problem is recommended to help clear up the apparent 
ymaly. 

Returning to Fig. 3, the second step (B) involved removing 
().004 inch dry on the belt sander using the same 80 grit paper as for 
the previous step. This time, however, the metal was removed slowly 

hand, the sanding belt remaining stationary. The austenite per- 
centage dropped to 7.3% after this step. This can be explained in at 
least two ways, either or both of which may be effective here: (a) be- 
iuse of the slow rate of metal removal, the surface temperature did 
not exceed 1550°F with the result that the surface was tempered only 
rather than being re-austenitized, and (b) the tensile component of 
stress resulting from tearing out pieces of metal from the surface 
may result in austenite decomposition (7,8). Subsequent electroly- 
tic removal brought the austenite level approximately to its orig- 
inal level of 11.6%. 

The next two steps (C and D) were identical with steps A and 
B respectively except that only 0.001 inch was removed on the 
sander in each case. The results are directly comparable with steps 
\ and B indicating that the rate of metal removal has a more pro- 
nounced effect on austenite content than the actual amount of metal 
re moved. 

The last two steps (E and F) were identical with C and D re- 
spectively except that metal was removed using oleum spirits as a 
lubricant. In step E the austenite content did not change significant- 
ly. This can be interpreted as a balancing of the increase in austenite 
by rehardening against the decrease in austenite due to tempering 
ind stressing. Step F resulted in an austenite decrease comparable 
to those of steps B and D indicating that the decomposition of 

istenite due to tempering and stressing is the predominant factor 
in slow metal removal whether it is done wet or dry. 

Residual stress measurements (18) were made before and after 
several of the metal removal steps of Fig. 3 and are tabulated thus: 
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Table II 
Residual Stress Measurements After Various Steps of Metal Removal on Hard 
SAE 1095 Steel Using a Belt Sander and 80 Grit Paper 


i 
I 


Residual Stress, Parallel t 


Surtace, thousands of ps 
Parallel to Perp 
Non- sanding : 
Step Description directional* scratches SCI 
0.030 inch electrolytic removal +12 
( 0.001 inch removed dry with sander running 93 
0.006 inch electrolytic removal — 7 
ID 0.001 inch removed dry by hand -111 
0.004 inch electrolytic removal - § 
E 0.001 inch removed wet with sander running 54 
0.005 inch electrolytic removal + 7 
k 0.001 inch removed wet by hand 150 
0.003 inch electrolytic removal — 3 
*T hese stresses are probably due to quenching and are essentially uniform ( + 10,000 ps 


direction parallel to the surtace 


It can be seen that, whether the metal is removed fast, slow 
wet, or dry on a belt sander, the stresses parallel to the surface ar 
compressive with the stress component perpendicular to the sanding 
direction always greater in magnitude than the parallel component 
as pointed out by Letner (4). Electrolytic removal of 0.003 to 0.006 
inch always brought the stresses essentially back to zero. 


SoME EFFects OF HEAT TREATMENT ON 
HARDENED STEEL SURFACES 

In order to study the effects of metal removal on austenite con 
tent it is desirable to prepare hardened steel samples which hav 
uniform austenite contents from the immediate surface to the 
interior. To prepare such samples it is necessary either to austenitize 
them in a completely neutral atmosphere or to protect their surfaces 
from the atmosphere while austenitizing. Except for an argon atmos- 
phere furnace or a gas furnace with automatic carbon potential 
control, it has been found difficult to obtain hardened samples which 
do not show evidences of reaction with the atmosphere for austent- 
tizing times of two hours or less. On the other hand, samples pro- 
tected with about 0.002 inch of copper plate showed no effect o1 
austenite content in either gas or “‘neutral’’ salt furnaces even 
though unprotected samples heat treated simultaneously usuall\ 
showed marked effects. 

Substantially thinner or thicker® copper plate than 0.002 inch, 
was found to provide ineffective protection against the atmosphere 
Hence, 0.002 inch copper plate was used whenever it was desired to 
prepare hardened samples which were completely homogeneous in 
austenite content. On the other hand, it’seemed desirable to stud) 
the effects of furnace atmosphere on austenite content as part of the 


‘Thin plate tends to be slightly porous while thick plate tends to develop minute cracks 
either case, the atmosphere would penetrate the plate and react with the underlying steel sur! 
















Sample Surface Protected From 
Atmosphere With Copper Plate 


0 


2 O 


Sample Surface Exposed 
to Atmosphere 


| 


| 


O 20 40 60 80 lOO 120 
Austenitizing Time, minutes 


% Retained Austenite 
O 


Fig. 5—Variations in Surtace Austenite Content with Austenitizing 
t 1600°F Using SAE 1095 Steel 
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Fig. 6—Variations in Austenite Content with Depth tor Several 
\ustenitizing Times at 1600°F 
overall program relating surface physical variations with fatigue 
properties of hardened steel parts. 

The conditions chosen for these experiments included copper 
plating one side of 7% inch diameter, *j4, inch thick disks of SAE 
1095 steel leaving the second side bare.® Samples prepared in this 
way were austenitized in a slightly decarburizing atmosphere at 
1600°F for times up to 2 hours, brine-quenched, and tempered at 
300°F for 1/2 hour. The copper plate was then chemically stripped 
thus providing a single sample with a reference surface and a surface 


Chemical carbon analyses on the original bar stocks from which the disks were cut indicated 
ns not greater than 0.05% from the surface to the interior or along the length of the bars 
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for studying depth variations of austenite due to heat trea 
conditions. 

The variations in austenite content with austenitizing ti 
the bare and protected surfaces of a set of samples are given j, 

5. The slight increase in austenite for the protected surfaces 
about 30 minutes austenitizing time indicates the time requir 
put the cementite completely into solution at 1600°F. The decreas 
in austenite content with time for the bare sample surfaces folloy 
approximately an exponential decay curve. It is interesting to not, 
that the austenite content begins to decrease almost immedi 
from zero austenitizing time. The depth to which the austenit: 
tent is affected for various austenizing times is shown in Fig. 6. As 
can be seen, the austenite content for a copper plated surface is | 
affected even after austenitizing for two hours, while the austenit, 
content is affected to a depth of about 0.003 inch on a bare surfac 
after only 5 minutes at 1600°F. 

This variation in austenite content with depth in hardene 
SAE 1095 steel is due to decarburization, as has been suggested by 
Gardner, Cohen, and Antia (5) for 5% nickel steels and is illustrated 
in Fig. 7.7 These decarburization effects may be demonstrated ji: 
several ways. The carbon content of the austenite can be measured 
using (a) the relationship of per cent retained austenite to carbo 
content for a given austenitizing temperature and (b) the relation- 
ship of austenite lattice parameter to carbon content (19). The car- 
bon content of the martensite can be measured using martensite 
lattice parameters (19) and total carbon can, of course, be measured 
chemically. Residual quenching stresses were measured with depth 
on the bare and protected surfaces of the same sample to permit ai 


estimate of the effect these stresses would have on the parameter 16( 
measurements. the 
As can be seen in the left hand column of Fig. 7, the austenite - 
content (6.5%) is substantially lower at the sample surface exposed ‘at 
to the atmosphere (surface A) than it is in the interior of the sample — 
(14.0°). This variation in austenite content can be related to a 
variation in carbon content of the austenite (19). By measuring the ton 
retained austenite contents of plain carbon steels with carbon con- ete 
centrations ranging from zero to 1.27% and austenitizing tempera- cul 
tures ranging from 1400 to 1800°F, this relationship has been ex- col 
tended to include a family of curves as shown in Fig. 8.8 Using the wit 
7Austenite variations in hardened SAE 52100 (1.0% carbon, 1.5% chromium) steel wer _ 
observed which were nearly identical with those reported for hardened SAE 1095 steel. Th 
8These curves were obtained for samples processed identically and heat treated the same 
Slight variations in procedure, however, may result in variations in per cent retained austenit sta 


For example, SAE 1095 austenitized at 1600°F for various times over a period of years has | 
found to contain austenite in the range of 11 to 18% with most samples in the range of 12 to 14 
These variations are not believed to be due to departures from chemical specifications, decarburiza 
tion, or carburization because of the care taken in eliminating these factors in sample selectio 
heat treatment. SUI 


- Wil 
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Fig. 7—Variations in Austenite Content, Austenite Lattice Parameter 
Chemical Carbon, with Depth in *% inch Thick Samples Austenitized Two 
Hours at 1600°F, 


1600°F curve in this figure, it can be seen that the carbon content of 
the retained austenite varies from 0.67% (6.5% retained austenite 
it surface Ain Fig. 7 to 0.99%) (14.0% retained austenite in the 
interior of the sample) thus indicating the extent of decarburization 
from the surface to the interior for this sample. 

The variation of austenite lattice parameter with carbon con- 
tent has been studied extensively (19), the larger the lattice param- 
eter, the greater the carbon content of the austenite. Thus, the 
curve of austenite lattice parameter with depth in the left hand 
column of Fig. 7 indicates decarburization of austenite at the surface 
with respect to the interior. A few martensite lattice parameter 
measurements were made on untempered samples as spot checks. 
lhe carbon content of the martensite thus measured agreed sub- 
stantially with austenite lattice parameter measurements at the 
same surface in each case. Finally, chemical carbon measurements 
with depth indicate decarburization of the total sample from the 
surface A side. On the other hand, the variationsin per cent retained 
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Fig. 8—Percent Retained Austenite vs. Percent Carbon in Plain Car Su 
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bt 

; - vi 
austenite, austenite lattice parameter, and chemical carbon with . 


depth from the surface protected by copper plate (surface B in Fig 
7) are negligible. The slightly higher and erratic values of chemical 
carbon in the first 0.010 inch below the protected surface may b 
ascribed to the small sample size (less than 100 mg) chosen for th 
first five layers removed from this sample. 

Variations of residual quenching stresses with depth were also 
measured. Quenching stresses as well as carbon content can be ex- 
pected to affect the austenite lattice parameter measurements. The 
magnitude of the stress change, however, is small enough that its 
effect on the carbon content calculation from austenite lattice pa 
rameter measurements is almost negligible. For example the max! 
mum quenching stress change with depth was found to be about 
50,000 psi. This corresponds to a change in austenite lattice pa- 
rameter of 0.0012 A using engineering values for Young’s modulus 
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nd Poisson's ratio for steel. This change in austenite lattice param- 


t 
( Cl 


in turn would correspond to a change in carbon content of 
0.03°% if lattice parameter changes were interpreted entirely as car- 
bon content variations. 

The variations in carbon content with depth from the surface 
exposed to the austenitizing atmosphere using (a) the relationship 
of per cent retained austenite with per cent carbon in Fig. 8, (b) aus- 
tenite lattice parameter, and (c) chemical carbon measurements’? are 
summarized in Fig. 9. As can be seen the carbon measurements with 
depth agree well among themselves, verifying the effect of decar- 
burization, not only in the sample as a whole, but also in the indi- 
vidual crystalline components, retained austenite and martensite, 
by two independent X-ray methods. 
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DISCUSSION 

Written Discussion: By L. P. Tarasov, Research and Development Depart 
ment, Norton Company, Worcester, Massachusetts. 

This is a very interesting paper on a subject which has been thoroug 
ignored in the past on the optimistic assumption that good mechanical metal! 
graphic polishing of hardenable steels does not disturb the microstructure exce} 
for a cold-worked layer which can be removed by etching and repolishing 


i 


authors have clearly shown that the amount of retained austenite can fluc 
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SURFACES OF H 


ibly as a result of such polishing, but there are certain other points that 
t detailed comment. 

s claimed that belt sanding produced a rehardened surface layer contaii 
10°) retained austenite. This can be disputed on the grounds that reharden 
plies an appreciable breakdown of austenite, so that the amount retained 

f necessity be correspondingly less than 100°%. The method of arriving at 

clusion that this surface contained 100% retained austenite is based on the 
y unjustified assumption that the depth of the rehardened layer obtained by 
Littmann can be considered representative. There is no representative value 

depth of such metallurgical changes any more than there is a representative 
ibility value for steels in general. 

Vhen hardened steel is ground very carefully, there may be only the slightest 

of tempering (which would show up as a slight darkening after suitable 

¢) even at the highest optical magnification combined with taper section 
Under these circumstances, it can safely be assumed that no austenitization 

| have occurred except perhaps in the outermost atomic layers. At the other 
xtreme, the depth of rehardening associated with abusive grinding may easily 
veral thousandths of an inch, and the depth of softening may be ten times as 
hus it would be purely fortuitous if the 20 microinch and 50 microinch 

s mentioned by the authors for the depths of the rehardened and tempered 

s, respectively, were applicable to their specimens, which were prepared by 

inding and not by grinding with a wheel. 

\nother point to keep in mind is that taper section microhardness studies™ 

rfaces rehardened to appreciable depths by abusive grinding have shown the 
rdness of the transformed, white-etching surface layer to be around Rockwell 
C-63 for two different tool steels. The white layer had the same metallographi 

earance throughout its thickness and there was no evidence that the outermost 
on of this layer, where useful microhardness indentations could not be placed, 
in any way different from the rest of the layer, which consisted of white 
ensite and some retained austenite. On the basis of this metallographic and 
rohardness study, it would appear much more probable that the authors’ 
sformed surface layer was a rehardened one containing appreciable retained 


ite. This would be in line with their alternative suggestion th il the laver 
ined only 30° % retained austenite on the assumption that it was 100 micro 


hes thick. 


Some unpublished experiments conducted by the writer on 52100 steel speci 


s1¢ 


austenitized at various temperatures showed that even though the retained 

enite after tempering at 300°F varied between 8 and 26% as determined by 
y diffraction, the specimens all had the same hardness of Rockwell C-63/64. 
pre 


x 
Eve 


26% retained austenite did not cause any lowering of the hardness 
bly because the finely dispersed austenite was constrained by the martensiti 
»authors had some 30% retained austenite in their surface layer, 


rix. Thus if the 

uld probably not cause any observable drop in microhardness. With 100% 
ned austenite, however, a much lower hardness would be expected. 

Che authors point out that whereas in belt sanding the original austenite 
nt was restored in about 100 microinches, the austenite in the metallo 


\ssuming that 10 microinches can be resolved at high magnification, a layer only 0.1 mictr 
thickness can be detected when further magnified mechanically by means of a 100:1 taper 
The latter thickness corresponds to about 10 unit cells of iron 

P. Tarasov and C. O. Lundberg Nature and Detection of Grindir 
American Society for Metals, Vol. 41, 1949, p. 893 


g Burn in Steel 


CTIONS, £ 





2 TRANSACTIONS OF THE ASM 


“ 


graphically polished specimen was not restored until several thousandth 
inch were removed. It should not be overlooked, however, that belt sand 
austenitized the surface and increased the austenite content considerablh 
metallographic polishing decreased the amount of retained austenite, 
different mechanisms were involved. The first was a thermal effect (reaust: 
tion), while the second was perhaps partly thermal (tempering) and 
mechanical (cold working). Concurrent metallographic and microhardness 
would probably have clarified the apparent anomaly by establishing 
definitely the nature and depth of the layers created by the two types of opera 

Written Discussion: By H. R. Letner and L. E. Alexander, \ ct 
Institute, Pittsburgh. 


X-ray diffraction is a tool which can furnish a great deal of informatio 


cerning the nature of ground and polished surfaces. Its application to the measur: es 

ment of retained austenite to supplement, and perhaps evaluate, methods depend 

ing upon metallographic preparation is highly commendable. The authors’ da; 

point quite clearly to the possibility that the latter methods may frequent} lhis 

furnish misleading results. ' pute 
If the authors’ interpretation of their data in Fig. 2 is correct, the operatio Mes 

step B is perhaps more severe than they had anticipated. By way of compariso: 1.01 


surface grinding of a ball bearing steel similar to SAE 52100, oil-quenched and res 
tempered 2 hours at 400°F to Rockwell C-59, causes plastic deformation of th: pictt 
surface to depths ranging from less than 0.001 to 0.008 inch, depending upon th: 
grinding severity.!* Surface grinding of SAE 4340, heat treated to Rockwell C-55 
results in plastic flow over approximately the same range.'* Messrs. Littmann and reha 
Wulff have demonstrated that surface grinding of SAE 52100, heat treated t this 
Rockwell C-64, causes tempering of layers up to 0.015 inch thick, again depending gr 
upon the severity of the operation. The authors conclude that step B of their 
metallographic polishing sequence causes transformation of retained austenite by 
plastic strain and elevated temperature to a depth of 0.010 inch or more. If this 
is the case, step B is comparable to the more severe surface grinding operations } 
its effect upon the steel. Although such an occurrence is by no means outside th ae 
realm of possibility, an alternative interpretation of the data in Fig. 2 seems worth 
suggesting. shi 
An examination of the experimental points in Fig. 2 raises a question conce! est 


ing the justification for indicating the original austenite contents by straight, 


horizontal bands. Is it possible that the original level for sample M-472 is drawn wa 
too high, and that the initial austenite content in all three specimens was not Li 
strictly constant, but decreased slightly with depth so that the shaded bands the 


should slope downward toward the right? If so, the austenite contents of all thre 
samples may have completely recovered their initial values within a few t : of 
thousandths of an inch in step F. This behavior is consistent with an intuttive 
feeling that step B of the metallographic polishing sequence is less severe that 
step A of the belt sanding sequence (Fig. 3), from which the authors show that thr 
initial austenite level is completely recovered within 0.0001 inch. In the absence 
of other information, it seems that the experimental points in steps A and | 
8H. R. Letner, “Residual Grinding Stresses in Hardened Steel."’ Transactions, Ame! 
Society ot Mechanical Engineers, Vol. 77, 1955, p. 1089 
“LL. V. Colwell, M. J. Samnott and J. C. Tobin, ‘The Determination of Residual Stresses 
Hardened, Ground Steel.’" Transactions, American Society of Mechanical Engineers, V' 


1955. p. 1099 
Authors’ relerence 1) 





nay establish an initial austenite gradient in the specimens which is mor 
e than the constant level extrapolation of the values in step A alone 
stimating the ‘‘effective depth of penetration” of FeKa X-rays into iron t 
)} microinches, the authors arrive at an austenite concentration of 100°; i 
ardened layer. It is, however, a straightforward proposition to compute thx 
ite concentration on the more realistic basis of all expone tial decrease in the 
ution of successively deeper layers to the total intensity of an austenite 
tion line. If the austenite concentrations of the rehardened laver of thick 
ind interior of the specimen are respectively a and /}, and if the analyzee 
tration is c. it can be shown that 
c=a (l-e ~*Ht) + be ‘et, 
is acceptable to regard # as being uniform and equal to about 560 cm.-! fo 
everal iron-carbon phases that may be present, while & is related to the X-ray 
ength in the sample and may be assigned a typical value of 2.4. Then 
0.174 =a (1-e7 154) +0, 1 16e7 1349 


equation permits the concentration in the rehardened layer, a, to be com 
is a function of the assumed layer thickness, ¢. If ¢ is arbitrarily assigned 

\Vessrs, Littmann and Wulft’s value of 20 microinches (0.00005 cm.), we find a 
101°,%. For ¢=100 microinches (0.00025 cm.) a =0.32, or 32°). These 


ts agree very well with those derived by the authors on the basis of the simple 
re that the X-rays penetrate to an ‘effective depth’’ of 300 microinches. 
Thus it is seen that a more exact analysis of the X-ray diffraction process 
way contradicts the authors’ finding of a high austenite content in th 
rdened layer. I: does, however, lead to the conclusion that the thickness ot 
layer cannot be !ess than 20 microinches and that it is probably considerably 
ter. 
Authors’ Reply 
he authors wish to thank Mr. Tarasov and Drs. Letner and Alexander for 
nterest in this paper. Mr. Tarasov points out that Littmann’s estimate of th 
ckness of a rehardened layer formed on ground surfaces does not necessarily 
vy in the case of belt sanding. Considering the inherent differences betwee 
two methods, this is probably true. A concurrent metallographic examinatioi 
s ld help to establish the true thickness of the rehardened layer so that a closet 
mate of the retained austenite content can be made 
he calculation of the depth of penetration of Fe Ka X rays into the steel 
ictually made by a method fundamentally the same as that outlined by Dr 
er and Dr. Alexander. The “effective depth’’ model was used only to simplify 
llustration. 
Dr. Letner and Dr. Alexander also suggest that the original austenite level 
he samples used in the study on the effects of metallographic polishing may 
ve decreased slightly with depth and hence the affected layer under step F may 
ily a few ten-thousandths of an inch thick. In various experiments we have 
occasion to examine plain carbon hardened steel samples of this size (*46 ot a 
thick) with depth and have never observed such a gradient in the austenite 
ent. An example is shown in Fig. 7 where the austenite content is plotted as a 
tion of the depth below a copper plated surface (surface B) and no gradient t- 
ernible up to 0.030 inch. Therefore, the interpretation that the rough polishing 


s the steel to a depth of several thousandths of an inch is probably mort 





THE INFLUENCE OF TENSILE STRESS ON TH; 
ISOTHERMAL DECOMPOSITION OF AUSTENIT} 
TO FERRITE AND PEARLITE 


3¥ GEORGE L. KEHL AND SUBRATA BHATTACHARY\ 


Abstract 

The influence of externally applied tensile stress on thi 
isothermal decomposition of austenite to pearlite in AIS] 
/085 steel at 1273°F, and to ferrite and pearlite in AIS] 
/OB45 steel at 1253°F, has been investigated. 

It was found that applied stress markedly affected bot! 
the beginning and ending times of transformation, and 
accelerated the rate of transformation. 

The rate of nucleation of pearlite in the eutectoid stee 

was increased by a factor of about 55 arising from applica 
tion of stress. The rate of growth, however, was virtually un 
affected. 
In the hypoeutectoid steel, an applied stress increased 
the rate of nucleation of proeutectoid ferrite by a factor of 
about ?, and possibly the rate of nucleation of the pearlite 
subsequently formed. The rate of growth of ferrite was in 
creased by a factor of about 2.5 attending the application of 
13,000 pst stress whereas the rate of growth of pearlite was 
unaffected in the early stages of formation, but was increased 
markedly later in the process. 

Critical observations of the fully transformed structures 
indicated no significant alterations arising from stress, ex- 
cept the interlamellar spacing of pearlite in the eutectoid steel 
was slightly smaller compared to that formed under no Stress. 
(ASM-SLA Classification: N&8, CN) 


HEN austenite is allowed to transform isothermally at 


temperatures above the knee of its appropriate C curve, the 


resulting structure is principally dependent upon carbon content, 
and will consist of either pearlite, or of pearlite and a proeutectoid 
phase. In solid state reactions of this kind, involving nucleation and 


growth processes, it may be expected that stress and attending de- 
formation of the austenite may affect and alter the course of the 
transformation. As demonstrated by Bhattacharyya and Kehl (5)', 


the decomposition of austenite to bainite was markedly affected b) 


this circumstance. As a logical outgrowth of this investigation (5), 
the present paper constitutes a report on the kinetics of the pearlite 


‘The figures appearing in parentheses pertain to references appended to this paper. 


The authors, George L. Kehl and Subrata Bhattacharyya, are associa 


respectively with the Division of Metallurgy, School of Mines, Columbia Univer- 


sity, New York, and Hindustan Steel Ltd., Rourkela, India. Manuscript rec: 
August 17, 1955. 
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oeutectoid ferrite reactions as influenced by the application of 

e stress to the transforming austenite. 

Several authors have investigated the effect of externally applied 
stress on the austenite to pearlite transformation reaction. Guar- 

and Kanter (1) observed that above the knee of the C curve of 

26° carbon, 5% chromium, 0.59% molybdenum cast steel, 
stress had little accelerating effect on the formation of pearlite. This 
imstance was attributed to the transformation temperatures 
eing sufficiently high to render the more rapid diffusion rates rela- 
ly insensitive to the strain factor. 

Jepson and Thompson (3), investigating the formation of pearl- 
ite and upper bainite under stress in a eutectoid carbon steel, con- 
cluded that deformation of the transforming austenite resulted in a 
ereater abundance of alpha-iron nuclei compared to transformation 

ider no stress. Schnitzel and Bhattacharyya (4) observed that ap- 
plied stress had a pronounced effect on the decomposition of austenite 
to pearlite in a plain carbon eutectoid steel. Within a certain stress 
range, the amount of pearlite formed increased sharply. This latter 
circumstance has been found also in the transformation of austenite 
to bainite (5). 

In the investigation to be described, particular attention has 
been given to the effect of externally applied tensile stress on the 
icceleration of austenite decomposition, on the rates of nucleation 
ind growth of ferrite and pearlite wherever possible, and on the 
iteration in microstructure of the partially and fully transformed 
structures. The investigation was confined to a hypoeutectoid steel 

\ISI 10B45) and to a eutectoid steel (AISI 1085), isothermally 
transformed at temperatures of 1253 and 1273°F, respectively. 


EXPERIMENTAL PROCEDURI 

The chemical compositions of the two steels employed in this 
investigation are given in Table I. The procedure of fabrication of 
the bar stock into wire-type specimens is identical to that reported 
previously (5). Similarly, the transformation apparatus (See Fig. 
1) and the experimental procedures are identical, excepting a lead- 
bismuth transformation bath was used instead of salt, and helium 
was employed as a quenching medium instead of air. It was nec- 
essary to invoke these changes owing to excessive attack of the speci- 


Table I 
Check Chemical Analysis of Steels Investigated 
el Percent By Weight 
Cc Mn P S Si Ni Cr B 
1085 0.89 0.29 0.013 0.013 0.19 0.08 


10B45 0.48 0.85 0.015 0.030 0.25 0.05 0.05 0.003 
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men cable system by heat treating salts at the temperatures e: 
ed, and the inability of an air-blast quench to transform ins 
neously the remaining austenite to martensite. 

The range of transformation times, applied stress, and 
pertinent data are summarized in Table II. 













ya . ° — ° : Ave 
Che progress of austenite decomposition in the eutectoid 
ere 
m (if 
Table II — 
Range of Transformation Times and Applied Stresses tim 
\ustenitizing Treatment Range ot Range ot whi 
Isothermal lsothermal Applied \ his 
lemperature Time, Transformation Transformation Stress G = 
Steel F min Temperature,°F Time, sec¢') psi \ST™M rate 
AISI 1085 1650 7 1273 3—200 O0— 13,000 
AISI 10B45 1630 7 1253 2—150 O0— 13,0002 
')Prior to measuring the time of transformation, five seconds were allowed for tI borne 
attain the temperature of the transformation bath ncaee 
2?)Maximum stress feasible to avoid local necking of the specimens ca | 
ie 
Sprocket 
Wheel 
Motor Driver -hain to Cable 
shaft LOoupling lk 
: Jad —-+ lal 
Austenitizing _. me \ 
Furnace 
. he 
Grips Specime 
Helium-Quench 
‘ Manifold 
otirrer 
Lead-Bismuth Bath 
lsotherma 
Transformation rea 
Pulley Furnace be 
irl 
thi 
Fig. 1—Schematic Diagram of the Transformation Apparatus 
Cll 
. lh 
was determined metallographically by using both chart compartso! a 
and lineal analysis methods. In the case of the hypoeutectoid ste to 
lineal analysis was the sole method employed, wherein the tota fer 


transformation (ferrite and pearlite) was determined. The amount 
of pearlite was separately measured subsequently and by differenc 
between the amounts of total transformation and pearlite, the quai th, 
tity of ferrite in the structure was determined. \\ 
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\lethods for Determining the Rate of Growth and Rate of 

Nucleation of Pearlite and Ferrite 

a) Eutectoid Carbon Steel— Methods for calculating the rate 

wth and rate of nucleation of pearlite in eutectoid carbon steel 

have been described in the literature and a detailed analysis has 

been given by Hull, Colton, and Mehl (6). Briefly, the rate of growth 

. determined by measuring the radius of the largest nodule found in 

each of a series of specimens transformed for increasing periods of 

time. A plot of these radii as a function of time provides a curve of 

which the slope is the rate of growth G, given in units of mm sec. 

[his curve is characteristically a straight line which indicates the 

ite of growth G to be constant. 


[he pearlite reaction at 1273°F is known as “group-nodule 
insformation,’» and the reaction may be expressed mathemat- 


ally as (6): 
. rN Gt! ‘ , 
t(t) =1—exp - Equation 1 
= 
f(t) = The fraction of austenite transformed as a function of time t 


G =rate of growth of pearlite nodule in terms of increase in nodule radius 
with time, mm /sec 

Nv =rate of nucleation, 1.e., the number of nuclei forming per unit time 
per unit volume of untransformed austenite, number /mm/se« 
time of transformation, sec. 


\lthough Ny, varies during the progress of transformation, the 
culations may be simplified without the introduction of appre- 
iable error by assuming N, to be constant. Under this circumstance, 
\, may be calculated from the following equation, provided G and 
he time for 50°, transformation are known, 


0.9\4 | 
Ny=(—) . Equation 2 
\ to (,° 
re Ny and G are the same quantities as in Equation 1 
to time for 50°) transformation, sec. 


b) Fypoeutectoid Steel—In hypoeutectoid steel, the pearlite 
reaction is preceded by rejection of proeutectoid ferrite. Proeutectoid 
ferrite nucleates almost exclusively at the austenite grain bound- 
iries, and grows with time isothermally along the boundary and 
thickens simultaneously. Mehl and Dubé (7) have shown that the 
engthwise growth rate is high compared to the rate of thickening. 
[he rate of growth along the grain boundary is at first rapid and 
onstant, and eventually decreases with further increase in trans- 
ormation time. The perpendicular growth rate (thickening of the 
lerrite grains) appears to be parabolic. 


; 


When the number of ferrite grains nucleated at the austenitic 

s 
grain boundaries increases with time, forming an envelope around 
the austenitic grains, platelets of ferrite grow inwardly to produce a 


Widmanstatten structure. The ferrite protuberances from the grain- 
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Fig. 2—Grain Boundary Ferrite in AISI 10B45 Steel Isothermally Transformed 
at 1253°F tor 20 sec. Under 13,000 psi. 1000. Etchant 2% Nital. 


boundary ferrite appear to have an interplate spacing characteristi 
of the transformation temperature. The spacing increases at th 
higher temperatures, and if the prior austenitic grain size is small, 
the spacing may exceed the austenitic grain diameter and, in cons 

quence, the Widmanstatten pattern will not be manifested. 

In analyzing the growth rate of proeutectoid ferrite, the forma 
tion of any Widmanstatten ferrite must be accounted for in the 
analysis. Unfortunately, however, the derivation of a reaction equa 
tion in terms of rates of nucleation and growth that accounts for th 
presence of ferrite protuberances is extraordinarily complex. In con- 
sequence, and because the prior austenitic grain size of the hypo 
eutectoid steel investigated is relatively small and would lessen thi a 
manifestation of Widmanstatten ferrite, the growth rate in the first 


approximation has been determined experimentally by measuring eve 

the length of grain boundary ferrite grains as a function of trans U 

formation time. Typical grain boundary ferrite, as formed in th ‘ 
steel investigated, is illustrated in Fig. 2. 

Theoretical derivation of the rate of growth of pearlite in hypo - 

shi 


eutectoid steel is complicated by the presence of proeutectoid fer 
rite. It is well established that ferrite-austenite interfaces serve as 
preferred sites for nucleation of pearlite. Owing to the pearlite 
nucleus and eventual nodule being in contact with ferrite, the nodule 
is prevented from growing freely in all directions into the remaining 
austenite. With this restriction in ideality, the relationship betwee! 
maximum pearlite radius and transformation time will give a r 
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Jy accurate approximation to the rate of growth, provided the 
ired radius is made on a growing nodule that does not impinge 
proeutectoid ferrite other than the ferrite patch to which it is 
hed. 


EXPERIMENTAL RESULTS 


Effect of Stress on the Beginning and the Ending Times 
of Transformation 


The amount of austenite isothermally transformed under no 


ss and 13,000 psi is plotted versus log-time and is shown in Figs 
4, for AISI 1085 and 10B45 steels, respectively. It is evident 


these data that under stress both the beginning and ending 
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Fig. 3—Reaction Curves of AISI 1085 Steel Isother- 


mally Transformed at 1273°F. 


mes* of transformation are shortened; the beginning times, how- 
ever, are shortened to a greater extent than are the ending times. 
[vpical progress of transformation in AISI 1085 steel, as influenced 
stress, is illustrated in Fig. 5. 
In Fig. 4 the austenite decomposition product consists of both 
roeutectoid ferrite and pearlite. By means of lineal analysis, and as 
shown in Fig. 6a and 6b, it is possible to discriminate between the 
beginning and ending times of transformation of ferrite and pearlite 
espectively. It is evident from this analysis that the beginning and 
ending times for both the proeutectoid ferrite and pearlite reactions 
re shortened by the application of stress. 


he criteria of the beginning and ending otf transt 


ormation are taken at 1° and 99% deco 
! austenite, respectively 
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Effect of Stress on Overlapping of the Ferrite and 
Pearlite Reactions in Hypoeutectoid Steel 
The lineal analysis data from which Fig. 6 was deriv 

plotted in Figs. 7a and 7b in such manner that overlapping « 
pearlite and proeutectoid ferrite reactions can be noted. Overla) 
refers to the onset of the pearlite reaction with respect to the fra 
tion of the total ferrite that will eventually form, and to the fractio, 
of total pearlite present when the ferrite reaction has ceased. It js 
evident from Figs. 7a and 7b, that stress has a moderate effect 0; 
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Fig 4-—Reaction Curves of AISI 10B45 Steel Isothermally Trans 
formed at 1253°F. 


overlapping of the two reactions. The effect is one of increasing th: 
percentage of total pearlite for the same percentage of total ferrit 
present when formed under stress compared to that of pearlit 
formed under no stress. 


Effect of Stress on the Rate of Decomposition of Austenite 


From the data of Figs. 3 and 4, the true rate of austenite ce- 
composition cannot be determined readily since the amount o! 
austenite remaining untransformed continuously decreases as trans- 
formation proceeds. Inasmuch as the true rate of austenite decom- 
position must be related to a unit volume of untransformed austenite, 
it becomes necessary to determine the true rate by plotting log 
[1—f(t)] versus transformation time, where f(t) is the fractional 
amount of austenite isothermally transformed in a given time. Th 
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Illustrating the Effect of Stress and No Stress on the 
ermally Formed at 1273°F in AISI 1085 Steel; (a—c) No Stress 
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Proeutectoid Ferrite 
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Fig. 6—Reaction Curves of AISI 10B45 Steel Isothermally Trans 
ormed at 1253°F. (a) Proeutectoid Ferrite; (b) Pearlite 
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Fig. 7—Reaction Curves of AISI 10B45 Steel Isothermally Trans 
tormed at 1255°F. (a) No Stress; (b) 13,090 psi 
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slopes of the curves represent the true rates of decomposition o! 
residual austenite per unit volume of untransformed austenite, and al 
may be expressed, 


d : l df(t) fi 
~ 1—f(t) dt 


log.[1 —f(t)] Equation 


dt 
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Fig. 9—Relationship Between the Amount ot Untranstormed Austenite and 
Transformation Time at 1253°F in AISI 10B45 Steel for No Stress and 13,000 psi 
df(t) , : sl tach hss 
where 1, 3s the rate of transformation, |1—f(t)| is the fractional 
at 
mount of austenite remaining after a transformation time, t. 
Determinations as described above are plotted in Figs. 8 and 9 
1085 and 10B45 steels, respectively. By noting the change in 
slope of the no stress curve in Fig. 8, it is evident that the rate of 


fo: 
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transformation increases gradually and reaches a maximum; i 
remains constant, and finally decreases. In the case of trans! 
tion under a stress of 13,000 psi, the rate after decreasing beg 
increase slightly. This circumstance may be more apparent 
real. because in the region of the curve where this increase o 
any slight error in drawing the time-transformation curve (Fig. 3 
will introduce considerable deviation in the value of log, [1 
It appears from the slopes of the two curves that the maximun 
of transformation under stress is not appreciably higher than that 
under no stress, although the maximum rate is attained earlier dur- 
ing transformation under stress. 

Fig. 9 shows that the rate of austenite decomposition in 10B45 
steel, as indicated by the slopes of the two curves, increases grad- 


ually and eventually becomes constant. The decomposition product 
of the austenite consists of two structural constituents, ferrite and 
pearlite, and this causes some difficulty in interpretation of the rate 
of reaction owing to the overlapping of austenite-ferrite and austen 
ite-pearlite reactions. However, since during the early part of the 
transformation only one phase, namely ferrite, is present, the rate of 
reaction during this period indicates the rate of austenite decom. 
position to ferrite. Similarly, at a later time when all the ferrite has 
formed, the slope of the curve reflects the true rate of decomposition 
of austenite to pearlite. The ferrite reaction rates are obtained from 
those parts of the curves marked a-b, and a’-b’, and the rate of 
pearlite formation from parts c-d and c’-d’, for no stress and 13,000 
psi stress, respectively. It is evident from the slopes of the curves 
between a-b, a’-b’, c-d, and c’-d’, respectively, that the rates of 
formation of both ferrite and pearlite are increased under stress; the 
ferrite rate being affected relatively more than the pearlite rate. 


Effect of Stress on the Rate of Growth of Pearlite 


In Figs. 10 and 11 are plotted the maximum pearlite nodule 
radii vs. transformation times for AISI 1085 and 10B45 steels under 
no stress and 13,000 psi, respectively. The curves in Fig. 10 and the 
data in Table III indicate that the rate of growth of pearlite 1s 
constant and is virtually unaffected by stress. 

In the case of the hypoeutectoid steel, and under restrictions o! 
measuring pearlite nodule radii as mentioned heretofore, the curves 
of Fig. 11 indicate that the growth rate of pearlite is constant during 
the early stages of transformation and then gradually decreases 
with time. This constant growth rate is practically unaffected by 
applied stress. The effect of stress on rate of growth is most notice- 


able at the longer times of transformation; the rate under stress 


being about 8 times greater than that under no stress. 
The proeutectoid ferrite existing in the prior austemitic grat 
boundaries was measured metallographically (in a direction alons 
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1253°F Under No Stress and 13,000 psi. 


the grain boundary) as a function of transformation time. These 

data, expressed in terms of half length of ferrite, are shown in Fig. 

12. The curves indicate that during the early stages of transforma- 

ion the rate of growth of proeutectoid ferrite is high and remains 

fairly constant, after which the rate gradually decreases with time. 

(he initial rate of growth is increased by a factor of about 2.4 owing 
i stress of 13,000 psi. (See Table ITT). 


+ 
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lable Ill 
Effect of Tensile Stress On the Rates of Growth of Ferrite and Pearli: 


Rate ot Growth, mm /se 


Pranstormatior 
Steel Femperature °l No Stress 13,000 psi Re 
AISI 1085 1273 1.9 X10 »0 10 Pearlite only 
Initial consta 
3.410 80 «10 rite growth 
ite grail 
lengthwise g1 
AIS OB4S S53 oe es &ro 
AISI 10B4 I 1610 1.7510 Average ferrite ¢ 
during first 20 
transtormation* 
2.1 X10 21 10 Initial constant 
pearlite growt!l 
*Up to 20 sec transformation time about 1°) pearlite present. The rate is therefor 


that ot territe tormatior 


13,000 psi 


Half- Length of Ferrite-mm 





O 5 10 IS 20 25 30 
Time — sec 

Fig. 12—Relationship Between Ferrite Half-Length 
ind Transformation Time in AISI 10B45 Steel Isother 
mally Transformed at 1253°F Under No Stress and 13,000 
psi 

Effect of Stress on the Rate of Nucleation of Pearlite in 
AISI 1/085 Steel 

Using the rate of growth values tabulated in Table II], th 
rate of nucleation Ny, was calculated by appropriate substitution 1 
Equation 2 and determination of f.5 from Fig. 3. 

Such calculations indicated the rate of nucleation under a stress 
of 13,000 psi and at a transformation temperature of 1273°F to be 
1.87 X10? nuclei, mm*/sec. as compared to 3.37 under no stress. The 
influence of stress was therefore to increase the rate of nucleation 
a factor of about 55. 


Effect of Stress on The Rates of Nucleation of 
Ferrite and Pearlite in AISI /OB435 Steel 


No quantitative data on the rates of nucleation of proeutectoid 
ferrite and of pearlite are possible from the experimental data owing 
to the complexities in deriving adequate mathematical equations to 
define these quantities. However, on a comparative and qualitative 
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the experimental data suggest that the application of stress 
the formation of proeutectoid ferrite increases the rate of 
ition to a greater degree than it does the rate ot erowth. 
ident from the slope of the curves in Fig. 9, in the regions 
ul a’-b’, the reaction rate of ferrite formation is increased by a 
of 2.75 through application of stress during formation. The 
é grow th rate of proeutectoid ferrite, as deduced from the slope 
oft e Curves in lig. 12, is increased only by 2 tactor oft about ] 1 
iwh application of the same stress. Inasmuch as the overall 
reaction rate is dependent upon the rates of nucleation and growth, 
erefore appears that stress application during transformation 
the more pronounced effect on the rate of nucleation. 


METALLOGRAPHIC OBSERVATIONS 
a. Pearlitein AISI JOSS Stee 

lo determine whether or not the application of stress signifi 
tly altered the character of the pearlite in fully transformed 
specimens, critical observations were made metallographically. 
In both stressed and unstressed specimens, unresolved pearlite 
patches were present at a magnification of 2000, and it is believed that 
such areas were present in somewhat greater abundance in the 
stressed specimens. 

[-lectron photomicrographs were secured of several fully trans- 
formed structures formed under no stress and 13,000 psi, and sub- 
jected to critical measurement regarding the interlamellar spacing. 
Che imposition of stress during transformation decreased the spacing 
distance by about 10° on the average. 

b. Ferrite and Pearlite in AISI /OB435 Steel 

Critical metallographic observations of a variety of fully trans- 
formed structures formed under no stress and 13,000 psi indicated 
no significant differences in the proeutectoid phase or in the pearlite 


constituent. 


(CONCLUSIONS 


lhe isothermal transformation of austenite at temperatures 
ibove the knee of the appropriate C curve, is accelerated in AISI 
10B45 and 1085 steels by applied stress. Both the beginning and 
ending times are shortened; the beginning time being more affected 
by stress than the ending times. 

In AISI 10B45 steel, the amount of ferrite in the fully trans- 
lormed structure is probably increased slightly due to stress. The 
1 to the time where 


pe determined over the time interval from the onset of trans{ormatior 
1°) pearlite is formed 
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overlapping of the ferrite and pearlite reactions are also foun by EI 
extended. The rate of nucleation of proeutectoid ferrite is probah | O 
more than doubled by a stress of 13,000 psi; the rate of gro 
increased by an amount considered insignificant. The rate of ¢ 

of pearlite is unaffected by stress in the early stages of transf 
tion, but increases greatly later in the process. 

In AISI 1085 steel, the application of stress increases profou 
ly the nucleation rate of pearlite; the growth rate, however, is vi 
tually unaffected. 

No significant changes were observed in the microstruct 
the two steels investigated that could be attributed to stress appli 
cation during transformation, except a slight decrease in the inte; 
lamellar spacing of the pearlite in the eutectoid steel. 
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EFFECT OF TEMPERATURE ON DELAYED YIELDING 
OF MILD STEEL FOR SHORT LOADING DURATION 


By JosepH M. KRAFFI 


Abstract 

A bar loading technique has been developed for applying 
uniform compressive stress for a duration of /00 microsec- 
onds and for allowing measurement of time delay before 
plastic yielding within this duration. With the apparatus, 
the relationship between loading stress and delay time was 
measured for a mild steel at five temperatures in the temper- 
ature range 100 to —196°C (2/0 io —319°F). The results 
show that the loading stress increases linearly with decreasing 
ogarithm of the delay time. The rate of increase is, however, 
much greater than would be anticipated from extra polation of 
the similar relationships measured by Clark and Wood for 
loading times greater than /0O microseconds. Agreement is 
found Letween such extrapolation and the stress supported 
after yielding, or flow stress. At —196°C (—3/9°F) a wait- 
ing time before yielding could not be detected. At the next 
lowest temperature, —75°C (—/03°F), delay time was found 
hut always shorter than about 25 microseconds. Activation 
energy for delayed yteld evaluated at a series of stress levels 
decreases with increasing stress level. (ASM-SLA Classifi- 
cation: 023, CN) 


INTRODUCTION 
NVESTIGATIONS of enhanced strength of iron when stressed 
for very short time intervals were made by J. Hopkinson during 
the period beginning about 1875 (1,2).' Recent studies of this 
nomaly have been strongly influenced by the Clark and Wood 
measurements begun in the mid 1940's, which disclosed a waiting 
time before onset of rapid vielding of diminishing duration for larger 
loading stress (3). Increased interest in the topic has occurred both 
because of increased interest in shock loading of mild steel structures 
nd because of the currently improved opportunity to obtain meas- 
irements having theoretical significance. Clark, Wood and their 
issociates have published extensive data for mild steel showing the 
effect of temperature ranging from 121 to —196°C (250 to —320°F) 
the duration of loading before yielding through the range of 10~4 
sec. to 10° seconds (4,5,6). While the existing information is sugges- 
he figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Seventh Annual Convention of the 
ty, held in Philadelphia, October 17-21, 1955. The author, Joseph M. 
Krafft, is associated with the Mechanics Division, Naval Research Laboratory, 
Vashington, D.C. Manuscript received April 11, 1955. 
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tive with respect to the theoretical and practical answers 
much remains to be found out about this eighty vear old p 
a ae 

Although the measurement of delayed vield is a compara 
recent development, the associated phenomena of vield point 
tion with increased straining speed has been studied for sony 
(8,9,10). Both types of experiment give a measure of enh 
strength for short time. The measures will differ, however, becay« 
of differences in the treatment of the variables—load and tin l 
the delayed yield experiment, load is applied very suddenly 
held essentially constant until the specimen vields. The inte: 
between application of the load and the occurrence of QTOSs | 


Nel 
va 


rastry 


vielding is called the time delay and is measured as a function of 
loading stress. Here the independent variable is stress: the dependent 
variable, time. On the other hand, in the elevation of Vield point 
studies, load is applied less rapidly and at a controlled rate. The 
stress at which vielding occurs is then measured as a function of 


loading rate. The variables are now reversed; the independent vari 
able is time (or loading rate); the dependent variable, stress. For the 
present studies measurement of delay time was chosen in hopes that 
the essential simplicity inherent in maintaining the stress and the 
strain rate constant would be advantageous in understanding ex 
perimental results in terms of fundamental characteristics o! 
material. 

The present experiments extend the range of delay measure 
ment to much shorter time intervals—from the 10-4 seconds of th 
Clark and Wood compression experiments to 10-® seconds. Investi 
gation of shorter time intervals appeared to offer the best Oppo 
tunity for discovery of phenomenon which could enhance a 
fundamental understanding of delayed yield. The use of refined bat 
loading techniques and high speed oscillographic equipment has 
made such an extension feasible. To allow direct comparison, the 
specimen temperature in these experiments was varied over a 
range comparable to that used by Clark and Wood. 


I;XPERIMENTAL TECHNIQUE 

In this experiment, compressive loading is produced by the 
longitudinal impact of bars of equal diameter and conveyed to the 
specimen by the propagation of an elastic wave. It is to be dis- 
tinguished from the more usual impact loading with a massive ham- 
mer in which the load is sustained for a time equivalent to wave 
traverse many times the length of the hammer and thus of sufficient 
duration to average through initial wave propagation effects in the 
specimen. Bar impact methods are well suited for maintaining con- 
stant load during a time less than 10-4 seconds. The nine-inch stee! 
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sed in these tests, for example, applied an approximately uni 
stress for about ninety microseconds. If plastic vielding occurs 
this loading interval, the waiting or delay after onset of load 
easured from the effect of yielding on the propagation of the 
gy wave. 
The apparatus (Fig. 1) has been described by the author 


and 
s associates in previous publications (11,12 


; modification to per- 
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Fig. 1—Bar Impact Loading Apparatus 
it the present Gelay-time measurements has been more with re 
spect to technique than to physical specification. The loading bar 
system is comprised essentially of four axially aligned bars of 
hardened steel and a gun which accelerates one of the bars. In Oper- 
ition the sequence of events begins with the firing of the gun (at 
left in Fig. 1). A loading rod, %-inch O.D., 9-inch long, is ac- 
celerated in the gun until its base end uncovers pressure ventilating 
holes near the muzzle. Still guided by the remainder of the gun tube, 
the bar emerges and strikes the input loading anvil—the first of two 
stationary bars which adjoin the specimen. As a result of the impact, 
i rectangular strain wave of “‘uniform’’ compression is propagated 
forward through the input loading anvil; it is measured as it passes 
the midsection of the bar with wire resistance strain gages (SR4, 
(-10, 1000 2, G. F. 3.3) and oscillographic recording apparatus 
Dumont 294-A and camera). The length of the input anvil bar 
20 inch) is slightly greater than two times the loading bar length 
18 inch) in order to permit all of the loading wave to be recorded 
at the gage site before the reflected wave can return to the gages 
the bar end. The specimen (1% inch O.D., 4% inch long) is 
positioned adjacent to the bar end, and is backed up by another 


invil bar identical in dimension and instrumentation to the impact 
invil bar. 
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Supporting Anvil illustrating A) No Yielding of specimen, B) Vielding without Delay, ( wit 
Yielding with 16 Micro-second Delay, D) Yielding with 46 Micro-second Delay. These T: ; 
at *25°C (77°F) : 


Wal 
The remainder of the loading wave which passes through th: ie 
input anvil bar, the specimen, and the supporting anvil is trapped tra 
in a throw-off bar, % inch O.D., 10 inch long. As the tensile refle: | 
tion of the wave from its free end cannot reenter the anvil bar sys j wh 
tem, the throw-off bar acquires a velocity proportional to the area pre 
under the strain-time pattern as recorded in the supporting anvi to 
bar. Measurement of the throw-off bar velocity thus provides direct \s 


calibration of the strain measuring apparatus. 


Method of Delay Time Measurement 


Typical examples of strain measurements recorded simultane 
ously at the mid-section of input and backup anvil bars (traced fo! : 
Fig. 2) illustrate the technique of delay measurement. q the 
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rst 


\) If a loading stress is introduced which is not sufficient to 
vielding of the specimen, the stress ¢; recorded in the input 
bar is supported by the specimen and transmitted o, essen 
without change to the support anvil bar (Fig. 2A). No reflec 
eturns to the gage site in the input anvil. 
13) If the loading stress is increased sufficient to cause \ ielding 
the specimen vields immediately (i.e., without delay), the loss 
{ stiffness in the specimen will cause a tensile reflection o, to return 
. the loading anvil gages (Fig. 2B). The transmitted stress o, is 
educed in amplitude and becomes essentially the difference between 
nd oy, neglecting effects of plastic Wave propagation in the 
specimen (and differences in gain and linearity of the oscillograph in 
he supporting anvil circuit). 
() If the loading stress is such that, for a time, the specimen 
ewhaves as though elastic after which it vields and becomes plastic, 
the first part of the resulting strain patterns should correspond to 
the elastic case (Fig. 2A) and the remainder to the plastic case (Fig. 
1B). The waiting time before vielding can then be measured from 
he time at which transition from elastic to plastic behavior occurs 
the records. Thus it is seen that until the specimen vields, no re 
lected signal ¢, will be returned to the gages in the input anvil bar. 
by measuring the actual time of arrival of the reflected signal (after 
lelaved yielding) and comparing this with its time of arrival when 
ielding occurs without delay (Fig. 2B) the waiting time is directly 
letermined as a simple difference. The shape of the transmitted 
vave o, can be used to corroborate measurement from the relative 
lisplacement of the reflected signal o,. In actual practice, the posi- 
tion of the second reflection o, (compression) returning from the 


with respect: to the loading wave is independent of gage position 
ilong the bar and further is less affected by residual strain in the 
wake of the loading wave oj. Fig. 2D shows an example of delaved 
vield after a somewhat longer delay (46 microsec.) than that illus- 
trated in Fig. 2C (16 microsec.). 

he measurements have shown that the present technique by 
which delay time is measured from the effect of vielding on the wave 
propagation in loading bars appears to be of comparable sensitivity 
to methods based on actual strain measurement on the specimen. 
\s a matter of convenience, it greatly facilitates procedure as wire 
gages need be applied only once to the anvil bars to serve for tests 


' 


of an indefinite number of specimens. 


Calibration 


Calibration is afforded by comparison of the velocity, and thus 
the linear momentum with which the throw-off bar is ejected with 








254 TRANSACTIONS OF THE ASM 





= { , ae 4 eA 


Fig. 3— Photomicrograph of Cross-section of Specimen, Nital Etch. «200 


the area under the transmitted stress (¢,) curve. In addition. eve 
record is calibrated by observing the trace deflection produced 


incremental steps in resistance introduced in series with the strain 


gages (these traces omitted from Fig. 2). The agreement betwee 
calibration by the two methods was within 3°%. 


Temperature Range 


A temperature bath was provided to surround the specimen and 
about two inches along each adjoining bar. In addition to roon 
temperature at 77°F, four testing temperatures were provided: | 
—196°C (—319°F) by immersion in liquid nitrogen; 2) —75% 
(—103°F) by immersion in a dry ice and alcohol bath; 3) —25% 
(—13°F) by controlled additions of dry ice to an alcohol bath: and 
4) +100°C (212°F) by boiling water with an immersion-type ele 
tric heater. Temperature was measured with a Copper-Constantan 
thermocouple in contact with the specimen. 


cy 


az 


Specimen Material and Preparation 
The mild steel used in these tests was cut from the center part 
of a 34-inch thick plate of Al-killed ship plate. Its composition b 
chemical analysis was found to be as follows: 
: Mn Si P S Ni Cr Mo Ca \ 
0.204 0.84 0.191 0.010 0.026 0.09 0.046 0.018 0.138 0.03 


j 


Specimens were cylindrical in shape, 0.5 inch O.D. and 0.5 inch 
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ong, with longitudinal axis transverse to the rolling direction paral 

el to the original surfaces of the plate. A photomicrograph of a cross 

section is shown in Fig. 3. Sawed strips of the as-received material 

vere heated to 1100°F for 1 hour and furnace cooled to relieve 

nternal stress. Final machining removed decarburized material neat 
surfaces. 

Some specimens were tested in the static compression using the 
test jig described in a previous publication (11). Average values from 
four tests at room temperature gave an upper vield strength of 
36,000 + 1500 psi; lower vield strength, 33,000 + 500 psi. 


RESULTS 


The data obtained in the dynamic compression tests is shown 1n 
tas a plot of log delay time versus loading stress. The data 
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10 * to 10° sex Range 


points at each temperature appear to be well fitted by a straight ta 
line, agreeing in this respect with the similar functional relationship 
already established by others. The accuracy to which the waiting 
time can be measured is about two microseconds, rather inde 
pendent of the magnitude of the waiting time. As a consequence 
the data points toward the longer delay time side (right) of Fig. 4 
more accurately define the slope and character of the delay time 
relationship. Another plot (Fig. 5) shows the present data (except 
that at —25°C) on a graph showing also the delay-time data ol 
Clark and Wood for a mild steel at various temperatures. 

At —196°C (—319°F), a critical stress (146,000 psi) extended 
throughout the range of time observation. Above this stress, vield | 
ing occurred without measurable delay, below, no yielding occurred t 
This could well be an extension of the plateau observed by Clark a 
and Wood (5) (126,000 psi) at the same temperature for loading 
time shorter than about three seconds. The difference in magnitude \ 
could be a result of differences in specimen material and/or geon S 
etry. Baron has suggested that the lack of delay time at this tem- 
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ny ire could be a result of deformation by twinning (13). That 
ing at this temperature is the dominant feature of the defor- 
nis Clear from earlier work by the writer and associates (11) as 
is from work by Rosenthal and Woolsey (14). 
In the tests at — =. (—85°F) another critical value of stress 
119,000 psi) was found below which no vielding occurred. Unlike 
plateau at 196°C (—319°F) vielding at stresses above the 
iu stress showed a measurable delay time. These were, how 
always shorter than about 26 microseconds. The st 
85°F) plateau of stress must terminate after some waiting time 
eer than presently observable as this stress is far above static 
per vield strength values for 75°C (11,13). At this temperature 
the plateau is unlikely the result of strain aging which was sug 
vested by Clark and Wood as the reason for plateaus at longer wait 
times and higher temperatures. It was observed that polished 
vitudinal sections of specimens deformed at —75°C show plenti 
ful formation of Neumann Lamellae. If the plateau is, as suggested 
196°C, the result of an initial deformation by twinning, one 
ight consider the sloped delay time curve at the left a measure of 
elay time for deformation by twinning at 75°C. Specimens 
ded at the higher temperatures showed no appreciable formation 
{ Neumann Lamellae so that the corresponding delay-time curves 
vould appear to define critical stress, time, temperature combina- 
ns for failure by slip. 
from the relationship between temperature and waiting time 
lig. 4) it is possible to calculate an energy of activation for the 
ielding process. It is customary to use an Arrhenius type expression 


for the delayed yield as a thermally activated process such as 


Q/kT I t l 
™ ul 
vein quation 


), an activation energy, is a function of 


~ 


here r is the delay time, ¢ 
stress level, k is the gas constant, T is the absolute temperature and 


\ isa constant. The constant A can be eliminated in solving Equa- 
1 for O at constant stress, thus obtaining 


(In t) : 


O=k 
’ 1/1 


Equation . 
om Equation 2 it is seen that slopes taken from curves of log delay 
ne versus 1/T will give values of the activation energy. Such data 
e shown in Fig. 6 for stress levels from 80,000 to 130,000 psi (in 


10,000 psi steps) taken from the straight lines on the log delay time 
vs loading stress data. The plot does appear to define a family of 
straight lines for points taken at +100°C, +25°C, and —25°C. 
However those from —75°C fall below the line passing through the 
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100°C 25°C 25°C 75°C 
(212°F) (77°F) (-13°F) (-103°F) 





O 0.002 0.004 0.006 
Reciprocal Temperature, |/T, (°K ') 
Fig. 6—Plot of Reciprocal of Absolute Temperature 
versus the Logarithm of the Yielding Delay-Time. Slope ot 


Curves Gives a Measure of Activation Energy. Data was 
taken trem Lines Drawn in Fig. 4 


other points—suggestive of an activation energy lower for twinning 
than for slip processes. 

Slopes measured from Fig. 6 are shown in Fig. 7 as a plot of 
activation energy Q versus stress level. The activation energy values 
range from 3000 to 4400 cal. per mole increasing with decreasing 
stress levels. Baron in a similar treatment of the Clark and Wood 
data finds similar values of Q (Fig. 7D). These values are somewhat 
lower than the curve considered most likely by Cottrell and Bilb 
(15) (their curve 4). 


Elevated Flow Strength 


The delayed vielding effects described in the foregoing are ol 
some fundamental interest. As a practical point, however, on 


‘ 
should be careful to note that a delay time can be observed only i! 
stress is applied uniformly over a substantial volume of the specimen 
material. Stress concentration in the specimen will lead to immediat 
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Fig. 8-——Plot of Flow Stress Supported by Specimen after Yielding versus Delay 
lime before Yielding. Lines Represent Extensions of Clark, Wood Data as shown in 


rig. > 


vielding. What should be of practical importance, however, is that 
r vielding substantial increases in flow strength are realized for 
whole time of loading. This enhanced strength occurs very de- 
endably even if, for some reason, delayed yielding is not in evidence. 
lt is the increase in flow strength, rather than the ‘‘delayed yield,” 


ty 
il 
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which one might expect to increase the resistance of mil 
structures to impulsive loading. 

The strain-time records of the bar loading experimen 
direct measure of the flow stress after plastic yielding. In the 
mitted stress pattern o, (Fig. 2) the stress amplitude appearin, 
that supported by the specimen and thus applied to the face of 4] 
backup anvil bar. The flow stress can be measured directly from {| 
transmitted stress wave o, after vielding or as the differen: 
tween the loading wave amplitude o; and the reflected wave 


yt] 


tude o,. Curves showing the flow stress (o; minus o,) versus lox 


1 


delay time for three temperatures are shown in Fig. 8. The shorte 
delay time points correspond to greater loading stress and 
respondingly increased average strain rates. A slight increas: 
flow stress with shorter delay times (increase in strain rate) apy 


4 iT> 


in these records. The line drawn through these points are those ey 
trapolated from the Clark-Wood delay time data at longer waitin 
times. 

It is indeed curious that the present flow stress curves would 
appear to extend the Clark-Wood delay time curves (Fig. 5) whil 
the present delay time curves do not, having a much greater slope o1 
time sensitivity. Early results by Clark and Wood did show an up 
ward trend in slope of stress vs delay time curves for shorter delays 
(2). Their recent tests, however, show a straight line relationship. A 
reason for this difference is not apparent at present. It is hoped that 
investigations of the efiect of specimen geometry and size, of th: 
rolling direction, and through a more extended time range will 
clarify this anomaly. The measurement of micro-vielding befor 
gross Vield in the shorter time range would also prove enlightening 
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DISCUSSION 


Written Discussion: By C. W. Curtis, professor of physics, Lehigh Univer 
Bethlehem, Pennsylvania. 

Dr. Krafft should be complimented both for the development of an ingenious 
cation of the “pressure bar” technique and for his measurements supplement 
he work of Messrs. Clark and Wood. 

| will confine my remarks to two general observations concerning the tech 
e, 


First, this method of measurement is attractive since the “pressure bar”’ pro- 


+a means of suddenly applying a iarge stress to the specimen and of maintain 
yg this stress approximately constant until the specimen yields. To the extent 
hat the stress can be applied instantaneously and then be kept constant, the ex 
periment is ideal. Actually, however, a short but finite time is required for thi 
ress to reach a maximum and this is followed by periodic variations which may 
great as 20% of the final average value.?,*,4 This behavior results from the 
nce of the free lateral surface of the bar and is therefore inherent in the meth 
Dr. Krafft noted in an earlier report® that the periodic variations can be re 
| by decreasing the rate at which the force is applied to the ‘‘input loading 
R. M. Davies, Transactions, Royal Society, London, Serial 240A, 1948, p. 375 
\. Ripperger, Proceedings, First Midwest Conference, Solid Mechanics, Un 
\pril, 1953 


W. Curtis, Journal of Applied Physics, Vol. 25, 1954, p. 928 
M. Krafft, SESA, Vol. 12, 1955 


iversity of Ih 
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anvil,’ but this is done at the expense of increasing the time for the stress 

a maximum. Measurements we have made indicate that, even when the to 
is applied within a fraction of a microsecond to the end of a steel “input 
anvil” having the dimensions used by Dr. Krafft, approximately 5 micro 
will elapse before the stress applied to the specimen reaches a maximum a 
other loading conditions the rise time will be longer. The existence of the hi 
time should not appreciably change Dr. Krafft’s results, at least for thy 
delay times, but it does limit the method to the observation of delay { 

other events, longer than a few microseconds. 

Secondly, it is noted that SR4, type C10, iso-elastic wire gages wer 
this work. Recently Dr. Meitzler observed that when gages of this type we: 
jected to rapidly varying stresses, they developed voltages across their ter 
even when there was no gage current and when they were bonded to nonma 
bars.® This signal is proportional to rate of strain rather than to strain a 
current through the gage is superimposed on the normal signal resulting 
change in gage resistance. It should not have affected the measurement of a; 
times, but might have distorted the rate at which the stress appears to 1 


maximum. 


Written Discussion: By D.S. Clark and D. S. Wood, California Instit 
Pechnology, Pasadena, Calif. 

The group at California Institute of Technology are very much intereste: 
the work reported by Dr. Krafft. The author may be correct in his presumpti 
that the change in slope of the stress versus delay time is associated with a chang 


in the manner of deformation. It is conceivable that above a certain stress the ck 


formation may occur or be nucleated by twinning. Further consideration and 


vestigation will be necessary before a definite answer can be given to this behavi 
The author's results are very interesting and significant. 

Has the author obtained any results of tests made with the same mate 
used by Clark and Wood? and Johnson, Wood, and Clark?’ The extension of th 
data obtained by these. authors to shorter delay time would be of considerabl 


interest. 


Author’s Reply 


I wish to thank Professors Clark and Wood and Professor Curtis for their 
teresting discussions. As the remarks of Professor Curtis pertain to the validity of 
the method, I will reply first to him before discussing the questions on the result 
of using this method. The anomolous strain rate dependent signal from wire gages 
was known to us during the preparation of the present data. As this signal can | 
measured with no applied gage current independent of the apparent strain sig 
with gage current, it is possible to correct for this effect. This correction was 1 


) 


cluded in the numerical results although not in the oscillograms shown in Fig. 2 


Since last Spring when I learned from Professor Curtis and Dr. Meitzler that this 


effect was attributable directly to the use of C-type SR4 gages, I have conve! 
my apparatus to use the copper nickel wire A-type SR4 gages which do not show 


‘Forthcoming Letter to the Editor, RSI 

D. S. Clark and D. S. Wood, “‘The Time Delay for the Initiation of Plastic Detormat 
Rapidly Applied Constant Stress,"" Proceedings, American Society for Testing Materials, \ 1 
1949, p. 717 

8]. E. Johnson, D. S. Wood, and D. S. Clark, “‘Delayed Yielding in Annealed Low- 
Steel under Compression Impact,’ Proceedings, American Society for Testing Materials, \ 
1953, p. 755 
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Fig. 9—Delayed Yield Data for Annealed Mild Steel at 23° 


is effect. The resulting loading patterns are thereby much improved over those 
own in this paper. 
[In ascribing a limit beyond which the present measurements of delay time is 
t meaningful, the finite rise time is a primary and inherent limitation. Times as 
is two microseconds were included in the data (Fig. 4) even though the total 
time was greater than this because during a large portion of the rise time the 
es involved would cause yielding only after waiting time much greater than 
hve microseconds. Thus it was felt that the rise time from the order of 80° of 
naximum load to the maximum might define an effective loading time, and this 
me is more the order to two rather than five or ten microseconds. In addition a 
lar experiment using 6/10 scale bars and specimens with a correspondingly 
r rise time indicated an identical trend of loading stress versus delay time in 
hort time range. Even with this qualification, however, I agree with Professor 
that the data at very short delay times must be regarded as questionable. 
\ith respect to the discussion of Professors Clark and Wood, a development 
he preparation of my original manuscript is of interest. Through the kind 
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ness of Professor Wood I have obtained specimens from the stock used j 
on mild steel. These were machined into short compression specimens 
annealed in dry hydrogen at 1600°F. In order to obtain yield delays overla, 
room temperature data of Professors Clark and Wood, loadings at const 
level were repeated until the specimen yielded—the delay being then m 
the cumulative time under load. The results plotted in Fig. 9 show sur; 
excellent agreement with Professors Clark and Wood results in the regio: 
lap. But at shorter delay times there is a distinct break in the curve with t] 
defining a line of much steeper slope quite similar to that for the ship 
which the original experimental data was obtained. This break occurs ina 
waiting times in which the effect of finite rise time should not be a serio 
tion. That it should be so sharply defined is of considerable interest in co 
the gradual shift predicted by Fisher.® 

Further experimental evidence for the change in slope of the delay 
tionship has been published recently by Ramberg and Irwin’ working 
Bureau of Standards. We have also made measurements of delayed yield | 
material at room temperature and find excellent agreement with their res 


range up to sixty microseconds. A knee in the delay time curve is not sharply d 


fined in the Ramberg-Irwin data but this could be attributed to experim 
uncertainty in their data. 


9]. C. Fisher, ‘“‘Application of Cottrell’s Theory of Yielding to Delayed Yield in Ste 
ACTIONS, American Society for Metals, Vol. 47, 1955, p. 451 

10W. Ramberg and L. K. Irwin, ‘‘Longitudinal Impact Tests of Long Bars with a S 
Machine,’’ American Society for Testing Materials, Preprint 93a, 1955. 








rHE OPTIMUM BORON CONTENT FOR HARDENABILITY 


By J. C. SHyNE, E. R. MORGAN AND D. N. FREY 


Abstract 
The relationship between boron content and hardena- 
ity has been established for a series of high purity tron- 
arbon-boron alloys. T his correlation has been made in terms 
of ‘‘effective’’ rather than the total boron content. A method 
for determining effective boron contents is described. 

A maximum boron hardenability effect was obtained in 
in alloy which contained 0.00033% effective boron. This 
amount of boron ts believed to represent the limit of boron 
solubility in these steels at the auste — tem perature of 
[550° F. (ASM-SLA Classification: J26, ST) 


INTRODUCTION 
\ A hardenability agent, boron is unique in several respects. In 


contrast to other alloying elements, boron increases the harden- 
bility of steel by retarding the rate of nucleation of ferrite or pearlite 
icleated by ferrite, without influencing the rate of growth of these 
onstituents (1).- Small additions of boron to steel cause an increase 
n hardenability equivalent to that produced by much larger addi- 
tions of any other element. With other common alloying elements 
the hardenability effect is proportional to the amount added; this is 
not the case with boron. Several investigators have shown that there 
isan optimum boron content which gives a maximum hardenability 
effect (1,2,3). This optimum boron content has been estimated vari- 
isly from 0.0001 to 0.0025°%%. It has been suggested that the dis- 
parity can be attributed to the presence of impurities in the steels 
nvestigated. The present paper describes an attempt to correlate the 
boron content and hardenability of high purity iron-carbon-boron 


k).X PERIMENTAL 
All the alloys used in this work were prepared by vacuum melt- 
ing to obtain minimum amounts of soluble oxygen and nitrogen 
without resorting to additions of such elements as aluminum or tita- 
To avoid ambiguities caused by other elements the alloys were 
prepared from electrolytic iron (Plast Iron A 101) and spectrograph- 
e figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Seventh Annual Convention of the 


5 held in ae October 17—21, 1955. The authors, J. C. Shyne, 
k. | ‘eine and D. N. Frey are associated with the Metallurgy Department, 
tord Motor Company, Dearborn, Michigan. Manuscript received May 31, 1955. 
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ically pure carbon. The carbon contents of the alloys we; 14 
within the range 0.48 to 0.51%. The only compositional varia] 
boron which was added as ferroboron. The vacuum cast 
were either forged and swaged or hot rolled from 2-'% inch 
eter ingots down to 38 inch diameter bars. Hardenability specimens 
and specimens for compositional analysis were machined from on), 
the center portions of the 548 inch diameter bars. 

The critical cooling rate, the slowest rate of cooling tha 
avoids any transformation to pearlite and ferrite, was used as th 
measure of hardenability. This method rather than the Jomin 
hardenability test was chosen because it was a more sensitive meas 
ure of the low hardenability exhibited by the present alloys which 
did not contain the usual residual amounts of alloying elements 
found in commercial steels. 

Small specimens, 0.100 0.100 0.040 inches, for critical coo! 
ing rate determinations were machined from the experimental steels 
and then nickel plated to prevent decarburization. The plated 
specimens were spot welded to chromel and alumel wires, so that 
each specimen acted as the bead of a thermocouple. Two-hole c 
ramic thermocouple spaghetti served as handles for the specimens 
as well as insulators for the thermocouple wires. 

The specimens were austenitized at 1550°F for 10 minutes in 
a tube furnace constructed for the purpose. The work of Roberts 
and Mehl indicated that 10 minutes at .1550°F was long enough to 
dissolve all the carbides and to homogenize the austenite (4). This 
austenitizing treatment resulted in an ASTM grain size of 6 to 7 in 
all the alloys used. Higher austenitizing temperatures were not 
used because grain coarsening occurred in some of these alloys at 
1600°F. Longer austenitizing times were not used because of the 
danger of deboronizing the small specimens to significant depths. It 
was not possible to avoid deboronization by any special austenitizing 
atmosphere or by any plating technique (5). The possible effects of 
deboronization were avoided by observing the microstructures onl) 
at the centers of the specimens. 

After austenitizing for 10 minutes at 1550°F the specimens were 
plunged into a quench chamber directly below the austenitizing fur- 
nace; simultaneously, the quenchant, nitrogen gas, was released 
through a nozzle into the quench chamber. Cooling rates were ad- 
justed by varying the nitrogen flow rate. 


Vas 


‘Ss 


im) 
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During quenching, the specimen temperatures were recorded as 
a function of time by a Consolidated recording galvanometer which 
was attached to the specimen thermocouple. The traces made by this 
instrument were measured to obtain the cooling rates of the spect- 
mens. The experimental cooling rates were taken as the average rate 
of cooling from 1300 to 900°F in every case. 
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Fig. 1—Nuclei Density as a Function of Average Cooling Rate 
Between 1300 and 900°F Alloy: 0.48°, Carbon, 0.00054% Effective 
Boron, Austenitized at 1550°F 


Each quenched specimen was cut in half, polished and etched. 
Che number of pearlite colonies per unit area of polished surface at 
the specimen center, the nuclei density, was counted by visual obser- 
vation at high magnification. It was necessary to correct these nuclei 
lensity data by subtracting the density of inclusions which were in- 
listinguishable from small pearlite colonies. This correction was 
obtained for each alloy by counting the ‘‘nuclei density” of very 
rapidly cooled specimens in which there was no pearlite. 

For each alloy the logarithm of the corrected nuclei density was 
plotted against the cooling rate and the best straight line was drawn 
through the experimental points. Fig. 1 shows such a plot for a typ- 
ical alloy. From these curves the cooling rate which corresponded to a 

uclei density of 3.310* nuclei per square inch was taken as the 
critical cooling rate for the alloy. This nuclei density represents 0.1% 
pearlite. Thus, the reported critical cooling rates represent the cool- 
ing rate for each alloy which resulted in the formation of 0.1% pearlite. 

In order to observe the variation in hardenability of the alloys 
isa function of their boron contents, special spectrographic analyt- 
ical methods were required. Samples containing less than 0.0010% 
boron were analyzed by the improved spectrographic technique of 
Runge, Brooks, and Bryan (6). This method yields results which are 
iccurate within + 0.00005%. 

It was necessary to measure the “‘effective’’ rather than the total 
boron contents of the alloys. The effective boron content can be de- 


+ 
iil 


ined as that boron which is free to dissolve in and diffuse through 
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the austenite lattice. Boron oxide and probably boron nitride ar 
stable compounds which, when once formed in boron steels, will not 
be decomposed by the usual heat treatments. Boron tied up in such 
stable compounds cannot be effective toward increasing hardenabi! 
ity. In view of the low nitrogen contents which resulted from the 
vacuum melting process it is improbable that a significant amount 
of boron nitride was formed. However, even the best vacuum melt 
ing technique used left about 0.002% oxygen, some of which com 
bined with boron. 

The boron oxide or ineffective boron content was measured by 
the spectrographic analysis of deboronized specimens. The effective 
boron was free to diffuse through the lattice and could be rapidly) 
removed by surface oxidation at elevated temperatures in much the 
same way that decarburization occurs. One-quarter inch diamete! 
pins of the boron steels were heated to 1750°F in an atmosphere of 
wet hydrogen and held for sufficient time to complete the deboroni- 
zation. After this treatment, the surfaces of the pins were machined 
off to a depth of one sixty-fourth of an inch to remove any boron 
oxide adhering to the surface. The boron oxide originally present in 
these pins could not dissolve and diffuse out, therefore, spectro- 
graphic analysis after the wet hydrogen deboronization treatment 
showed the original boron oxide content or percentage of ineffectiv: 
boron in each alloy. The effective boron is the total boron content 
less the measured amount of ineffective boron oxide. 








OPTIMUM BORON FOR HARDENABILITY 69 


|\600 








| 200 
800 
400 
O 
0 0,0002 0.00! 0.002 0.005 O.O!1 0.02 
Effective Boron Content, % 
Fig. 3—Critical Cooling Rate as a Function of Effective Boron Content 
Table I 
Compositions and Critical Cooling Rates of Experimental Boron Steels 
Total Effective Critical 
Nitrogen* Oxygen? Boron Borot Cooling Rate 
Percent Percent Percent Percent F/S« 
0.49 <0.00001 0.0029 0.00013 Nil 2790 
0.49 0.0002 0.0040 0.00010 0.00010 1810 
0.50 0.0006 0.0029 0.00040 0.00025 660 
0.51 0.00005 0.0017 0.00058 0.00033 550 
0.50 0.00025 0.0025 0.00053 0.00039 1255 
0.48 0.00018 0.0024 0.00068 0.00054 1290 
0.49 0.0017 0.0015 1195 
0.49 0.00005 0.0029 0.0025 0.0023 1395 
0.50 00001 0.0024 0.017 0.017 1560 
\ll the above alloys were made with electrolytic iron cont ng less than 0.10 metallic 


*Nitrogen and oxygen analyses by vacuum fusion 


Che time required for complete removal of the effective boron 
epended on the rate of diffusion of boron in austenite. In order to 
etermine the necessary time at 1750°F, samples of SAE 81B40 steel 
were held for various periods of time in wet hydrogen at 1750°F and 
then analyzed for boron. This preliminary work led to the adoption 
of 200 hours at 1750°F as the standard deboronization treatment for 


one-quarter inch round specimens. 
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RESULTS 

The preliminary deboronization tests on one-quarter inch 
of SAE 81B40 steel showed that a constant boron content \ bh 
tained after 150 hours in wet hydrogen at 1750°F. These data a) 
ted in Fig. 2. 

The critical cooling rate of the iron-carbon-boron alloys contai; 
ing 0.50% carbon is shown as a function of effective boron conten; 
in Fig. 3. The hardenability increased to a maximum (indicated }y 
a minimum critical cooling rate) at 0.00033% effective boro: 
compositions of the alloys are listed in Table I. 


DISCUSSION 

The rate at which deboronization occurred in the SAE 81840 
samples was slightly lower than would be predicted from the diffy 
sivity data for boron in austenite as reported by Busby, Warga, and 
Wells (7). Using their diffusivity data it can be computed that at thi 
centers of 0.25-inch rounds only 0.5 of 1.00% of the original effective 
boron would remain after 77 hours at 1750°F. In the present work, 
no observable lowering in boron content occurred after 150 hours in 
the case of the SAE 81B40 steel. The 200 hour treatment, which was 
used to obtain measurements of the boron oxide contents of the ex- 
perimental steels, was considered sufficient. 

Boron increases hardenability by reducing the rate of nucleation 
of the upper transformation products. It is generally agreed that dis 
solved boron in austenite must be segregated to the potential nucle 
ation sites for ferrite and pearlite. These sites are regions of high 
energy such as grain boundaries, interfaces between inclusions and 
the austenite matrix or any other place where the regularity of the 
lattice is imperfect. The size of the boron atom, small for a substitu 
tional but large for an interstitial solute, severely limits the solubility 
of boron in iron and favors the segregation of dissolved boron to dis- 
turbed regions such as grain boundaries. By occupying positions 
suitable to their size at disturbed regions the boron atoms reduce 
the lattice strain energy at the potential nucleation sites for ferrite 
and pearlite. This increases the activation energy required for the 
formation of stable nuclei at these regions and reduces the rate ol 
nucleation. 

The hardenability effect of most elements is proportional to the 
amount present in solution; in this respect boron is a typical alloy 
ing element at the lower boron contents. The experimental steels 
containing 0.00033% effective boron or less, exhibited increasing 
hardenability with increasing amounts of boron. An increase in the 
amount of boron in solution led to an increase in the amount of boron 
adsorbed at the grain boundaries and other imperfections and lov 
ered the rate of nuclei formation. 
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Che effective boron content of 0.00033° at which the harden- 
suddenly decreased is believed to represent the solubility limit 
f boron in austenite at 1550°F. When the amount of effective boron 
ded the solubility limit the critical cooling rate abruptly in 
reased because of the presence of a boron rich phase in the austenite 
to quenching. This boron rich phase (iron-boride or a boro 
ide) must have been dispersed as fine particles which acted as 
sites for pearlite nucleation and therefore decreased the hardenabil- 
When the boron content was further increased, a gradual increase 
ie critical cooling rate was observed representing a further slight 
reduction in hardenability. Although more boron must have created 
nore nucleation sites this only increased the critical cooling rate 
slightly. Increasing the boron content could not change the nature 
of the interface between the boron rich particles and the saturated 
matrix. Therefore, in the alloys containing boron in excess of the 
solubility limit at the austenitizing temperature, the hardenability 
was relatively insensitive to variations in boron content. 
lhe experimental results indicate that there isa maximum boron 
ardenability effect at an optimum boron content which corresponds 
the limit of solid solubility. However, for practical purposes there 
is no optimum boron content. It would be quite difficult in commer- 
cial steelmaking practice to control the effective boron content to 
obtain the very low optimum amount. The common practice of add- 
ing 0.001 to 0.003% boron gives a dependable hardenability effect 
if the proper care 1s taken to protect the boron addition. The addition 
of less than 0.0005% boron probably would result in erratic harden- 
ibility. 
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DISCUSSION 


Written Discussion: By J. W. Spretnak, associate professor of my 
lhe Ohio State University, Columbus. 

This experimental investigation on the relationship of boron cont 
hardenability of high purity iron-carbon-boron alloys was read with inter 
experiments are significant, but it is feared that the conclusions drawn, « 
ably outstrip the scope of the investigation. 

lhe initial part of this discussion consists of a series of questions: 

1. What is meant by the ‘“‘nucleation of pearlite,”” which is an aggregat 
phases? 

2. What was the analysis of the ferro-boron used in the preparation of th 
purity alloys? 

3. What is the response of the recording galvanometer and accessori 

+. Did the count of the “nuclei density’”’ on very rapidly cooled specim 
amount to an inclusion count on unetched specimens? Also, what were thi 
sions observed ? 

5. What is the theoretical basis for plotting the logarithm of the corrected 
nuclei density against cooling rate? 

6. Why was the preliminary investigation on the rate of deboronization do: 
on a commercial steel, whereas the experimental work was done on high purit: 
alloys? 

7. How reliable are the determinations of the critical cooling rates? 

lt must be kept in mind that reactions involving the decomposition of aus 
tenite occur very rapidly in high purity iron-carbon alloys. It will be noted that 
the composition giving the minimum rate of about 550°F per second is within the 
cited experimental error of the next higher composition for which a critical cooling 
rate of about 1250°F per second was reported. Along this line, how can it be state 
that the maximum hardenability occurs at a boron content of 0.00033° %, when th 
reported error in the analytical procedure is +0.00005°%? This error amounts t 
five parts in ten million, which makes a metallurgist, at least, shudder. 

The second phasé of the writer’s remarks is concerned with the section e: 
titled “Discussion” and is being written in the interest of objectivity in metal 
lurgical science. Initially, this section presents an explanation of the mechanism by 
which boron enhances the hardenability of heat treatable steels. Is it to be pri 
sumed that the explanation arises from the experimentation presented? If so, th 
writer stoutly maintains that scope of the work is too limited to attempt to formu 
late a theory of the boron effect. If the work and thinking of other investigators !s 
included, why are they not cited? How can an explanation of the boron behavior 
neglect the contributions, to name just a few, of R. Grange and associates, L. 5 
Darken, T. Digges and associates, M. Nicholson, Messrs. Simcoe, Elsea, and 
Manning, C. Wells and associates, H. T. Chandler, and the writer’s laboratory 
Finally, a boron explanation cannot ignore the shear type transformation involv: 
in the transformation of gamma iron to alpha iron predicted by Spretnak and 
Speiser,? and recently confirmed by Heidenreich,? employing the electron emissio 
microscope. Heidenreich finds that austenite decomposes in general by a diffusion 
less transformation of austenite to supersaturated alpha, followed by a diffusio! 
controlled precipitation of iron carbide to form pearlite, or bainite. 


2]. W. Spretnak and R. Speiser, ‘‘A Hypothesis for the Boron Hardenability Mechanism 
TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 1089. 

8R. D. Heidenreich, ‘‘Thermionic Emission Microscopy of Metals II Transformations 
Plain Carbon Steels,” Journal of Applied Physics, Vol. 26, No. 7, July 1955, p. 879. 
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the second part of this section, the solubility of boron in austenite is de 
rom hardenability data. It is evident that the decomposition of austenite is 
too complicated a phenomenon to form a sound basis of determining the 
ty of an element in austenite. More serious is the ignoring of the careful 

rements of solubility of boron in gamma iron reported in the literature by 

( ells, M. Nicholson, and the writer. These independent investigators find a 

litv value which is ten-fold higher than assumed by the authors. It is very 

ful that the presence of 0.50°7 carbon could reconcile this discre pancy. For 

ce, in the writer’s laboratory unpublished work on the effect of carbon on the 

litv of boron in gamma iron indicates no significant effect of 0.44, carbon 

925°C (1695°F). In any event, would it not have been more sound to apprais« 

rrent method ot determining the solubility ot boron and to compare the re 

so obtained with carefully determined values published in the literature? 

Written Discussion: By C. R. Simcoe, Battelle Memorial Institute 
Ohio. 


Colum 


[he authors have shown the existence of an optimum boron content which 
ices a maximum hardenability. A boron hardenability mechanism was pro 
posed recently which pointed out the possibility of an optimum boron content in 
composition range.’ Experimental work which will soon be published shows 
0.0003 to 0.0004% boron produced a maximum hardenability of 0.25, 0.35, 
1 0.50°% carbon steels with a base composition similar to the 8600 series 
It should be pointed out that other factors not touched upon in this paper 
ive considerable influence upon the hardenability of boron steels. For example, 
grain growth generally increases the hardenability of most alloy steels, but this 
s not usually true of a boron treated steel. Grain growth in a boron steel increases 
the boron concentration at the grain boundaries. If the concentration is already 
above the optimum amount (as it is in most commercial boron steels), the steel 
will show a decrease in hardenability with grain growth. 
| do not agree with the authors in their statement that ‘for practical purposes 
there is no optimum boron content.’’ The knowledge that increased hardenability 
and more consistent results can be obtained with a minimum of boron (that is 
0.0005 to 0.001 rather than 0.002 to 0.003% boron) should be of considerable value 
in manufacturing boron steels. Furthermore, the present paper points out a rela 
vely easy method for determining the amount of effective boron, although it has 
been our experience that all the boron added will be effective if the steel is thor 
ghly deoxidized. 
lt is gratifying to see that the boron hardenability mechanism recently pro 
posed has been so well accepted, and that the more recent investigations have sub 
tantiated the earlier observations. 
Written Discussion: By Cyril Wells, Carnegie Institute of Technology 
Pittsburgh. 
(he authors state ‘a maximum boron hardenability effect was obtained in 
in alloy which contained 0.00033°% effective boron’”’ and that ‘‘this amount of 
is believed to represent a limit of boron solubility in these steels at the 
iustenitizing temperature of 1550°F.”’ 
lt is thought, at least from a practical point of view, that these conclusions 
ly not only to the high purity iron-carbon-boron alloys used by the authors 


C. C. McBride, J. W. Spretnak and R. Speiser, TRANSACTIONS, American Society for Metals, 

16, 1954, p. 499. 

C. R. Simcoe, A. R. Elsea, and G. K. Manning: “Study of the Effect of Boron on the Decon 
n of Austenite,"’ Journal of Metals, Vol. 7, January, 1955, p. 193. 
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but also to certain commercial steels. One may note, for example, that:a s 
value reported in the literature® for one commercial steel (composition of 
is given in Table II) is 0.0006% boron—temperature 817°C (1503°F): th 
is probably on the high side because it is the “‘total”’ rather than ‘“‘effectiy: 
content figure. 


Table II Pp 
Chemical Compositions of Steels 
Per Cent of Element 


Steel 

No ( Mn P S Si Ni Cr Mo V B 
1 0.43 1.64 0.020 0.019 0.37 0.01 0.04 0.045 0.0038 
6A 0.37 0.78 0.013 0.018 0.31 0.79 0.67 0.50 0.09 0.0009 


In addition, the accuracy of the boron analysis was unlikely to be bette: 
+ 0.0002°%. In view of these facts, one should not be surprised if the actual “et 
fective boron’’ were 0.0003°%, that is, close to the solubility, 0.00033°% at 1550 
(842°C) given by the authors for their high purity alloys. 

That the maximum boron hardenability effect is associated with the soly 


bility limit at the austenitizing temperature used also seems to be a reasonabl 

















point of view and applicable to certain commercial steels as well as to the hig! 
purity alloys. In this connection one may observe from Fig. 4 that a commercial 
steel (Steel 6A—composition given in Table I1) to which 0.0009% boron was added | 
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Fig. 4 


‘Paul E. Busby, Mary E. Warga, and Cyril Wells, ‘‘Diffusion and Solubility of Boron it rC 
and Steel,’ Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 19 
1953, p. 1463. 
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naximum hardenability at 1700°F (926°C); the boron solubility at 930°C 
F) reported in the literature® is 0.0010 boron. Steel 6A was aluminum 
ind the boron added as Grainal #79 was probably for the most part “effec 
ron.’’ Apparently as the austenitizing temperature increased the optimum 
ive boron” content (solubility) to give maximum hardenability increased 
Attempts have been made to explain the decrease of hardenability with in 
¢ temperature beyond that at which the maximum hardenability occurs; 
ps the true explanation is closely connected with the relation between grain 
dary adsorption effect and boron content in unsaturated solution. 
lhe method used for determining ‘‘effective boron’’ contents should be of 
rest. Here again the principle on which the method is based has other applica 
For example, it has been used in the determination of hydrogen diffusion 
efaicients where, as in the boron case, some ot the diffusing element “effective 
ogen” enters into the diffusion process and some “ineffective hydrogen,” 


* 


1a : oe. * 


Written Discussion: By Morris E. Nicholson, Institute for the Study of 
Metals, University of Chicago, Chicago. 

[he authors have demonstrated very effectively that in carefully prepared, 

ium-cast alloys the boron content for maximum hardenability occurs at 0.0003 
weight “) boron when austenitized at 1550°F. I think this observation may be im 
jortant in leading us to a proper understanding of the influence of boron on the 
iardenability of steel. 

[n discussing the critical boron content of 0.0003° , the authors suggest that 
this may be the solid solubility of boron in austenite at 1550°F. This agrees ap 
proximately with the studies of solid solubility which have been made recent- 
ly.*,° However, | question whether or not the suggestion that the critical cooling 
rate abruptly increases because of the presence of a boron-rich phase in the 

stenite prior to quenching is correct. If this were the case, theré should be a 
ritical boron concentration for each temperature equal to the solid solubility al 
that temperature. I do not believe this behavior is observed. 

lhe authors state that the decrease in hardenability is abrupt with concen- 
tration of boron above 0.00033° %. This certainly is true when the data are plotted 

the basis of the logarithm of the concentration. However, it is not true when 


the boron concentration is plotted directly in terms of weight %. Is there any 


physical reason for plotting the concentration logarithmically? 


On the basis of Fig. 3 it would appear more reasonable that the initial de 
crease in hardenability was due to an excess of boron in solid solution, which at 
beritical temperatures accelerates nucleation, after the hypothesis of Simcoe, 
Elsea and Manning (1). It would also seem that the relatively constant harden- 
ibility beyond 0.0005% B might indicate that this percentage represents the 
solid solubility at 1550°F. 


One final observation concerns the apparent dioxidizing power of boron in 


the authors’ alloys. Apparently the amount of “‘ineffective’’ boron in these steels 
was about 0.0002% boron. This is apparently only a small fraction of the amount 


‘ 
YY 


xygen in the steels. Further this amount does not seem to appear to be any 


Cyril Wells, ‘‘Chemical Techniques and Analysis of Diffusion Data,”” ATOM MOVEMENTs, 

rican Society for Metals, Cleveland, Ohio, 1951, p. 26. 

M. E. Nicholson, ‘‘Constitution of Iron-Boron Alloys in the Low Boron Range,”’ Transactions, 
\merican Institute of Mining and Metallurgical Engineers, Vol. 200, 1954, p. 185. 
’C. C. McBride, J. W. Spretnak and Rudolph Speiser, ‘‘A Study of the Fe-Fe2B System,” 
NSACTIONS, American Society for Metals, Vol. 46, 1954, p. 499. 
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simple function of the amount of oxygen present. It was my experienc: 
iron containing no carbon, boron combined with virtually all of the oxyg: 
to form B2QO;. Do the authors believe that the oxygen in their steels mix 
been present in combined form rather than in solid solution in iron? Is jt 
for example, that an alumina crucible was used which might have ifttrod 
minum into the iron which dioxidized it during subsequent heat treatment 

Written Discussion: By Paul E. Busby, Heppenstall Company, Pi; 

The authors are to be commended for their excellent research on a ; 
subject. Their results demonstrate quite conclusively what many metal 
have suspected for some time regarding the effect of boron on harde: 
namely, that like other elements, increasing the amount in solution does 
hardenability. Although the authors state that grain coarsening occurred j " 
of their alloys at austenitizing temperatures higher than 1550°F, it would b 
esting to see data for higher austenitizing temperatures; from the iron-boron phas, 
diagram, one would predict that the optimum boron content for harde: 
should increase quite rapidly with increasing austenitizing temperature. 

The authors state that ‘‘the rate at which deboronization occurred 
SAE 81B40 samples was slightly lower than would be predicted from th 
sivity data for boron in austenite as reported by Busby, Warga, and Wells 
They note that computations based on our published data gave a value of 77 
hours for the time required to reduce the boron content at the center of 
specimens to 4 of 1% of the amount of boron present whereas their experiment 
results showed that ‘‘no observable lowering in boron content occurred after 150 
hours.”’ 

In a private communication, it was learned that the authors’ computati 
were based on the data of Russell.’ In the opinion of the writer, the apparent d 
crepancy noted above is due, in part, to the fact that the boundary conditions r 
quired by the applied form of Fick’s Law were not satisfied when the calculati 
was made. 

The solution used by the authors is similar to that of Newmann!! and cal 
lations similar to theirs but based on Newmann’s work also gives a value of a) 
proximately 77 hours. However, when the same method is applied to the authors 
experimental results, the following D values are obtained if it is assumed tha 
values given in Fig. 2 represent the average boron content over the cross-secti 
of the samples: 


t (hrs) D (cm?/sec) 
1 0.4 «10 
2 2.5 X10 
5 4.1 «10 
10 3.7 X10 
20 2.910 
50 2.0 X10 
77 1.7 X10 


The relatively low D values corresponding to the extremes of time are indicative 
of the partial failure of the method near the beginning and end of the diffusio 
period. The more accurate values are associated with the median times wher 
the so-called fractional saturation (amount of material diffusing out in time, 
divided by the amount of material which would diffuse out in infinite time) 1s 


tT 


near 0.50. These values are in excellent agreement with the D value calcul 
from our published diffusion data—3.6 x 10~" cm?/sec at 1750°F. 


10First Report of the Alloy Steels Research Committee, Iron and Steel Institute Special R¢ 
#14, 1936. p. 149. 
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11Newmann, Transactions, American Institute of Chemical Engineers, Vol. 27, 1931, p 
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Authors’ Reply 


tuthors wish to thank those who have offered the interesting and in 
Ve dis ussions Lo this paper. 
e data presented by Professor Wells is especially interesting. It shows 
: commercial steel a maximum hardenability effect was obtained at the 
izing temperature for which it was most probable that the boron solubility 
ial to the boron content. As Professor Wells points out this evidence does 
the authors’ conclusion that the optimum boron content is the same as 
of boron solubility at the austenitizing temperature. 
Dr. Busby’s comments demonstrate that the authors’ deboronization data 
igreement with the published boron diffusivity and not somewhat slower 
concluded. For the purposes of this paper, the authors were entirely inter 
the practi al end point of the deboronization process and therefore based 
conclusions about the rate of boron diffusion on the end point. While this 
valid procedure it was certainly less accurate than the method suggested 
Dr. Busby 
lhe boron contents in Fig. 3 were plotted on a logarithmic scale simply to 
ry the scale in the low boron region. A cartesian plot ol reasonable size 
g the reported range of boron content severely condenses the important 
boron region. It appears to the authors that the decrease in hardenability 
een 0.0003 and 0.0004%% boron seems equally abrupt when plotted on car- 
coordinates. The authors feel that this data is entirely consistent with the 
py thesis that the decrease in hardenability was caused by exceeding the solid 
bility of boron at the austenitizing temperature. If the solubility data for 
in pure gamma iron’ reported by Professor Nicholson is extrapolated down 
1550°F a solubility ot 0.0003 to 0.0004% boron is indicated. This is the effective 
content for maximum hardenability observed by the authors. Admittedly 
ch an extrapolation cannot be regarded as absolutely dependable, however, we 
that it supports the idea that a decrease in hardenability is caused by exceed 
g the solid solubility of boron at the austenitizing temperature. 

Che authors agree W ith Professor Nicholson that at these low boron and low 
ygen levels there was no apparent correlation between oxygen content and the 
effective boron content. It may be as Professor Nicholson suggests, that some of 

measured oxygen content came from entrained refractory oxides. The problem 
{ the formation of BLxO;, BN and other boron compounds in boron steels should be 

ewarding area for study. 

(he authors agree with Dr. Simcoe that other variables not touched upon in 

present paper do influence the hardenability of boron steels. Certainly varia 

in grain size and austenitizing temperature may cause boron steels to respond 
pecial ways. 

Professor Spretnak asks, ‘‘What is meant by the nucleation of pearlite?”’ 

subject has been very adequately treated in a recent paper, ““On the Nuclea- 

ol Pearlite,”’ by Professor M. E. Nicholson." 

lhe lot analysis of the ferro-boron used in the preparation of the experi- 


P. E. Busby, M. E. Warga and C. Wells, “Diffusion and Solubility of Boron in Iron and 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 197, 1953, 


M. E. Nicholson, ‘‘Constitution of Iron-Boron Alloys in the Low Boron Range,” Transactions, 
in Institute of Mining and Metallurgical Engineers, Vol. 200, 1954, p. 185 

M. E. Nicholson, ‘On the Nucleation of Pearlite,’"’ Transactions, American Institute of 

g and Metallurgical Engineers, Vol. 200, 1954, p. 1071 
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mental alloys indicates 17.5% boron and as impurities, 1.22% silicon, 0 
bon, and 0.04% aluminum. 

The cooling rates were determined by recording the output EM] 
specimen thermocouples, on a Consolidated recording galvanometer (Cons: 
No. 7-215). The galvanometer had a natural frequency of 100 cps and was 
to obtain a damping factor of 0.7. This resulted in a response time of 0.005 
over the full range of deflection. This was much faster than actually requ 
the experiments. 

The inclusion counts on the very rapidly cooled specimens were 
etched specimens as it was the appearance of inclusions in the etched samp 
was of interest. The exact nature of the inclusions is unknown. Possib! 
may have been particles of refractory oxides from the crucible. 

The logarithm of nuclei density was plotted against cooling rate (as in Fig. | 
to expand the scale in the region of low nuclei density in order to facilitat; 
determination of the critical cooling rates. The fact that the data resulted 
straight line when so plotted, was regarded as fortuitous. The authors do not 
ply any theoretical basis for this. 

An SAE 81B40 steel was used in the preliminary deboronization work be 
of the limited supply of the high purity alloys. 

By the ‘‘accuracy”’ of the spectrographic boron determination the authors 
meant to imply absolute accuracy which is a different thing from reproducibility 
or precision. The accuracy of + 0.00005% boron takes into account the depe 
bility of the reference standards, plate background line density and like factors 
This means that the whole curve of critical cooling rate versus effective boron c 
tent may be displaced + 0.0005% boron tn the low boron range. However the re 
producibility of the analytical method is believed to be better than this. Fi 
analytical samples were used to obtain each reported value. In the range of 0.0003 
to 0.0010% boron, the coefficient of variation was no more than 10%. The pri 
cision of the reported boron contents is therefore believed to be + 0.00002 
0.00003% boron. These boron determinations were obtained by E. F. Rung 
using an improved spectrographic method which is described in detail in a paper 
by Runge et al.® 

As Professor Spretnak suggests the authors could have cited many mor 
references. However as this paper was intended neither as a critical review of th 
subject nor as a report of an all inclusive experimental program, only papers im 
mediately pertinent to the present work were cited. 


i6E. F. Runge, L. S. Brooks and F. R. Bryan, Analytical Chemistry, Vol. 27, 1955, p. 1543 





ON BANDING IN STEEL 


By C. Fk. Jatezak, D. J. GiRARDI AND E. S. ROWLAND 


Abstract 

The banding phenomenon was studied in 1340, 2340, 
£140, 4340 and 5140 type steels. The banding characteristics 
of these steels were established by studying transformation 
behavior to ferrite and pearlite and to martensite on direct 
quenching and after a prior isothermal treatment at the up 
per nose of the TTT curve. 

Transformation studies after homogenization treat 
ments at 2200° F indicated that chemical heterogeneity is the 
primary cause of banding. Steel analyses containing pri 
marily carbide forming elements homogenize more readily 
than those containing primarily solution type elements. 

Comparison of physical properties between banded and 
homogenized (100 hours at 2200°F) 4340 steel shows that 
only transverse ductility 1s improved. However, the degree of 
improvement 1s not commercially significant. (ASM-SLA 
Classification: N8, M27, Ay) 


INTRODUCTION 


\NDED structures in steels arise from carbon segregation into 

preferred regions. This banding phenomenon has been the 
subject of numerous investigations. Although other factors have 
been considered, it is generally agreed that the primary cause of 
banding is the effect of alloy segregation on carbon location. Other 
factors influence the degree, type and form of banding either per se 
or by their influence on the degree of chemical segregation. Some of 
these factors are austenitizing temperature and time, diffusion rates 
of carbon and alloy ’ grain size, cooling rates, and rates of nucleation 
and growth of decomposition products of austenite. Much of the 
controversy concerning banded structures arises from the lack of 
sufficient information on the influence of these various factors on the 
degree, type and form of bands. 

The type steels chosen for this investigation were 1340, 2340, 
4140, 4340, and 5140. Analyses are given in Table I. These particu- 
lar grades were chosen in order to include analyses having primarily 
carbide forming type elements, analyses having primarily solution 
type elements and analyses having both carbide forming and solu- 


\ paper presented before the Thirty-Seventh Annual Convention of the 


Society, held in Philadelphia, October 17-21, 1955. Of the authors, E. S. Rowland 
hief metallurgical engineer, D. J. Girardi is research metallurgical engineer, 
| C. F. Jatezak is research metallurgist, The Timken Roller Bearing Company, 

w 


land Tube Division, Canton, Ohio. Manuscript received April 13, 1955. 
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Table I 
Chemistry of Heats Investigated 
Type ( Mn Si Cr Ni Mo As-Re 
1340 0.39 1.70 0.27 0.16 0.29 0.03 1" 
2340 0.41 0.68 0.29 0.23 3.20 11, 
4140 0.39 0.82 0.31 0.96 0.13 0.20 114” k 
4340 0.42 0.72 0.29 0.82 1.74 0.25 114,” RR 
5140 0.42 0.85 0.27 0.81 2” 


tion type elements. This selection is based on the different effe 
various alloy segregates on carbon location (1—4)'. Because of th 
more sluggish characteristics of the 4340 analysis, it was investi: 
more extensively. 

The banding characteristics of these steels were established } 
studying transformation behavior to: 

1. Ferrite and pearlite 

2. Martensite on direct quench 

3. Martensite on quenching after a prior isothermal treatment 
at the upper nose of the TTT curve. 

Austenite transformation to ferrite and pearlite is a nucleation 
and growth process which is affected by chemical heterogeneity and 
other nonuniform nucleating conditions. Austenite transformation 
to martensite is essentially a nondiffusion process which is not 
nucleated in the ordinary sense and is affected solely by chemical 
heterogeneity (considering no grain size variation). A study of 
banding under both of these conditions of transformation is conven 
ient as a means of separating the effects of concentration gradients 
from other persistent nucleating conditions. The use of an isothermal 
treatment prior to transformation to martensite was used to bring 
out specific effects that will be discussed in the body of the paper. 

PROCEDURE 
As-Received Steels 

Various continuous cooling and isothermal cycles were run 
from an austenitizing temperature of 1550°F on the as-received 
materials to determine the treatment most sensitive toward the 
development of banding in each steel. Continuous cooling treat- 
ments ranging from 10 to 100°F per hour for the 4340 steel and 10 
to 20°F per hour for the other steels were run. Isothermal trans- 
formation characteristics were surveyed from 1300°F down to 600 
°F for all analyses. The lower temperatures were investigated to ex- 
clude the possibility that banding would appear more pronounced 
in the bainite region. For the isothermal treatments, temperatures 
corresponding to the nose of the respective TTT curves were found 
to be most sensitive. These temperatures were 1100°F for 2340, 


1The figures appearing in parentheses pertain to the references appended to this paper 
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Fig. 1—Effect of Isothermal and Continuous Cooling on Banding in 4340 Steel 


1150°F for 1340 and 1200°F for 4140, 4340 and 5140. Isothermal 
transformation results obtained in the upper regions for the 4340 
steel are shown in Fig. 1. Similar isothermal transformation results 
obtained on the other steels are revealed in figures and tables 
throughout the paper and are not reproduced in the form of Fig. 1. 
Comparisons between the continuous cooling and isothermal treat- 
ments show that the isothermal treatment is more sensitive for 
developing banded structures. Fig. 2 compares the banded condition 
in the 4340 steel as developed by both continuous cooling and iso- 
thermal treatments. Comparison can also be made between Fig. 3 
showing the results of continuous cooling 4340 at 20°F per hour 
from 1550°F after various homogenization treatments at 2200°} 
and Fig. 7 showing results of isothermally treated 4340 with like 
homogenization treatments. 

The banding behavior of each steel in the martensite region 
was assessed by the well known Ms technique of Greninger and 
roiano (5). Wafer specimens l¢ inch or less were austenitized at 
1550°F and treated according to the method shown in Fig. 4. Ms 
temperatures of 570°F and below were investigated for the 4340 
steel and 600°F, 650°F and 550°F and below for the 4140, 5140 
ind 2340 steels, respectively. In this treatment, the dark or tempered 
martensite which appears in bands (Fig. 2) is normally representative 
of the lowest alloyed regions in the steel. 

For all treatments on as-received material, including partial 
homogenization, the center to center distance of the bands in each 


t 


steel averaged about 0.008 inch. 
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Fig. 2— Banding Condition in As-Received 4340 Material as Reveaied by: 


(a) Continuous Cooling Cycle of 20°F Per Hour— 100 
(b) Isothermal Method—1200°F—30 Minutes— 100 
(c) Ms Technique—550°F 


Homogenizing Treatments 
Homogenizing treatments of 25 and 100 hours at 2200°F wer 
carried out on 1340, 2340, 4140 and 5140 and of 5, 16, 25, 50, /5, 
100 and 200 hours on 4340. These cycle times were calculated from 
diffusion data shown in Table II. Calculations were based on a geo 
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Fig. 3—Structure of 4340 Upon Continuous Cooling (20°F 
\fter Several Homogenizing Treatments at 2200°F. 
a) 5 Hours; (b) 16 Hours; (c) 75 Hours (Nital 100) 


per Hour) from 1550°F 


Table Il 
Rates of Diffusion of Various Alloying Elements at 2200°F (1225°C) 


D cm? Per Second 
Silicon (1300°¢ 7)* 13x 
Chromium (7)* 1.4 x 10 
Molybdenum (8)* 9.0 x 10 
Manganese (9)* 1.36 x 10 
Nickel (10)* 3.75 x 10 
Iron (Self-Diffusion) (11)* 3.56 x 10 


Retere nces 
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Fig. 4—Details of the Isothermal and Ms Quench Technique Employed j 
Study of Banded 4340 Steel. 


metric arrangement of segregates as infinitely long rods distributed 
equi-distantly throughout the steel (Fig. 5). To preserve the original 
carbon and alloy content, steel samples were enclosed in a 0.40°; 
carbon 6 inch round billet and cap welded. No difficulties with loss 
of carbon or alloy and with overheating were experienced. Fiv: 
successive grain refining normalizes, two at 1700°F and three at 
1550°F, were imposed on all material treated at 2200°F. Only grain 
refined specimens were used in the isothermal and martensite studies 
to determine the degree of band homogenization. 


Analysis Of The Degree Of Homogenization 

The degree of homogenization attained in the various treat 
ments was established by analyzing quantitatively the ferrite 
pearlite transformation and/or the martensite reaction in adjacent 
bands by lineal analysis techniques with the aid of a Hurlbut coun- 
ter. Isothermal structures were studied at X 1350 and the martensitic 
structures at X 2900. The former were etched in 5°, FeCl; and the 
latter in 3% nital. Traverses were made in each sample in order to 
gather information on three points. First, traverses were made 
along those bands showing the worst degree of banding. Secondly, 
traverses were made along numerous low and high alloy regions to 
measure the average transformation in each region. Thirdly, tray 
erses were made across band layers to determine the overall average 
transformation. 

Nonmetallic inclusions were employed as fiducial markers o! 
high alloy regions. Inclusions are, in general, interdendritic and thus 
coincide with high alloy concentrations as shown in Fig. 2. 
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Fig. 5—Three Dimension View of Banding in Rolled Solids and Pierced Tubes 


Physical Properties Of Banded Versus Homogenized 4340 

Longitudinal and transverse tensile and impact properties were 
determined on quarter section material taken from 6X6 inches 
square billets of 4340 in the as-received condition and after homog- 
enizing for 100 hours at 2200°F. Samples were hardened from 1550°F 
in oil and tempered at 1175°F to about 275 Brinell. 
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Fig. 6—Effect of Homogenization at 2200°F on Isothermal Transforma 


tion Behavior of Banded 4349 Steel at 1200°F. 


RESULTS 
Homogenization Of 4340 


The influence of homogenization on the isothermal transfo1 
mation characteristics of the 4340 steel is shown in Fig. 6. The 
data shown represent average per cent transformation in various 
high and low alloy regions. Representative fields of the worst con- 
dition of banding which prevailed after different homogenization 
treatments are shown for various stages of isothermal transfor- 
mation in Fig. 7. It is evident that the ferrite and the pearlite re 
actions respond differently. The pearlite reaction in its intermediate 
stages is a more sensitive indicator of banding and on this basis the 
4340 steel shows banding at the 200 hour homogenization treatment 
On the basis of ferrite transformation and of the completely trans- 
formed structure (ferrite formation pattern governs final structure 
pattern) the 4340 steel is completely randomized between 5 and 16 
hours at 2200°F. 

The influence of homogenization on the martensite reaction 
under direct quenched conditions is shown in Figs. 8 and 9. Fig. 8 
shows the results obtained for the average per cent transformation 
in the low and high alloy regions and Fig. 9 shows representative 
fields of the worst condition of banding which prevailed after dil 
ferent homogenizing treatments. It is observed that complete 
randomness of the martensite reaction is achieved in about the sam« 
time required to produce random ferrite isothermally. Since the 











b—Progress of Homogenization in Banded 4340 Steel After Various Treatments 


»200°F is Depicted at Various Stages in Isothermal Study at 1200°F <100 
0 Hours 


Fig. 7a-7 


Fig. a 


martensite reaction is generally considered to be sensitive to chem- 
istry (assuming no grain size variations) one would be tempted to 
conclude that the original chemical heterogeneity in the 4340 steel 
is completely homogenized in this relatively short time. However, 
results to be presented shortly will show that this is not necessarily 
true 

In the case of the martensite reaction further insight into the 
banding phenomenon can be attained by subjecting the homogenized 
steel to a prior isothermal incubation period at about the nose of 
the TTT curve. Such a treatment may cause an increase in the 
degree of segregation (primarily carbon) in the austenite because 
of the effects of alloy gradient, temperature and transformation. 
incubation times were so chosen as to produce no transformation 
or some ferrite transformation or some ferrite and pearlite trans- 
formation. The effects of isothermal incubation of austenite at 
1200°F on the martensite reaction for 4340 specimens homogen- 
ized 16 to 75 hours are shown in Fig. 10. Samples homogenized up 
to 50 hours and which previously showed random martensite on 
direct quenching now developed banded structures as a direct 
result of the incubation treatments. This banding developed re- 
gardless of whether transformation did or did not occur during 
the isothermal treatments. Another interesting observation of the 
influence of isothermal holding is that the dark martensite occurs 
principally (>85%%) over nonmetallic inclusions as shown in Fig. 
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Fig. 7c-7e—Progress of Homogenization in Banded 4340 Steel After Various Treat 
ments at 2200°F—as Depicted at Various Stages in Isothermal Study at 1200°F— 100 
Fig. c, d, e—5 Hours 


11. In the direct quench treatment for both the nonhomogenized 
as-received 4340 and the partially homogenized but still banded 
4340 the dark martensite occurred between the nonmetallic in- 
clusions as shown in Figs. 2 and 9. Apparently during the isothermal! 
treatment the factors which influence martensite formation have 
shifted one-half band width from a position between inclusions (low 
alloyed regions in as-received material) to coincidence with in 
clusion position (high alloyed regions in as-received material). The 
isothermal hold did not develop martensitic banding in 4340 samples 
homogenized for 75 or more hours at 2200°F. 
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Fig. 7{-7h—Progress of Homogenization in Banded 4340 Steel After Various Treat- 
ents at 2200°F—as Depicted at Various Stages in Isothermal Study at 1200°F <100 


} 


g, h—25 Hours 


Homogenization Of 1340, 2340, 4140 And 5140 

The as-received banded conditions in these steels are shown in 
lig. 12. The influence of homogenization treatments on isothermal 
lerrite-pearlite transformation is shown in Table III. Photomicro- 
graphs for these structures are not given. The 1340, 4140 and 5140 
steels, when homogenized for 25 or 100 hours, showed random 
territe and pearlite for intermediate and completely transformed 
structures. For the 2340 steel faintly banded conditions existed for 
the 100 hour homogenization treatment. These results are in general 
igreement with diffusion data shown in Table II. 








290 TRANSACTIONS OF THE ASM 


J a Nh 
. Ve 
De ft 
*¢¥ ™~ « 


- 
Theol OE VE Sek 





Fig. 7i-7k—Progress of Homogenization in Banded 4340 Steel After Various Treat 
ments at 2200°F—as Depicted at Various Stages in Isothermal Study at 1200°F x 100 
Fig. i, j}, k—200 Hours 
When banding occurs in the 1340, 4140 and 5140 analyses the 
segregation of ferrite and pearlite into bands is rather marked. In 
the case of the 2340 analysis, the bands are more diffused. Banding 
is, therefore, more vivid in the 1340, 4140 and 5140 analyses even 
though these grades homogenize more readily than the 2340 stee! 
For the 1340, 4140 and 5140 steels the non-metallics were lo- 
cated primarily in the heavy pearlite bands. For the 2340 analysis 
after the 25 and 100 hour homogenization treatments, the non- 
metallics were located principally in regions of first ferrite formation 
The general effect of the 100 hour homogenization treatment 
on the martensite reaction on direct quenching was studied for all 
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Fig. 8—Effect of Homogenization at 2200°F on Martensite Transformatio: 
Banded 4340 Steel 


steels. However, only the results for the 1340 and 2340 steels are 
shown in Fig. 13. The results on the 4140 and 5140 analyses were 
similar to those for the 1340 steel. A significant point here is that 
the 2340 steel remains banded after the 100 hour treatment while 
the 1340, 4140 and 5140 grades are not. Also, the first forming 
martensite in the 2340 steel occurs in regions of inclusions (Fig. 11 
while in the other steels it forms between inclusions. 

The effects of isothermal treatments on the martensite reaction 
in the 1340, 2340, 4140 and 5140 steels are shown in Fig. 14. In 
contrast to the 4340 steel, isothermal treatments of 1340, 4140 an 
5140 did not develop banded structures for homogenization treat- 
ments that gave random martensite on direct quench. The 2340 
steel, which never attained randomness of martensite on direct 
quench, did not show any significant effects from the incubation 
treatment. 

Throughout the transformation studies on as-received and 
homogenized materials, it was observed that the effect of non- 
metallic inclusions on ferrite-pearlite transformation and_ the 
martensite reaction was almost nonexistent (5,6). At times, ferrite 
was observed at inclusions but in almost all instances, this con- 
dition did not arise from premature or early precipitation. Elon- 
gated and/or banded regions of inclusions per se have little influence 
on banding. 


Physical Properties Of Banded Versus Homogenized 4340 


Table IV gives the results of longitudinal and transverse tensile 
and impact properties of 4340 material before and after homogeniz- 
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Table IV 
Physical Properties of Nonhomogenized and Homogenized 4340 Steel 
A. TENSILE PROPERTIES 
gtl Reducti 
ffset Ultimate Strength Yield To Elongatior Of Area Brinell 
P.S.1I Ultimate Ratio : % Hardnes 
NON-HOMOGENIZED STEEI 
Longitudinal Direction 
3.750 137,750 0.90 15.5 60.7 77 
3 250 137,500 0.89 17.0 61.2 77 
3.750 137,000 0.90 21.0 62.6 77 
3 750 138,500 0.89 21.0 60.2 285 
»2 600 137,680 0.895 18.6 61.2 280 
lransverse Directior 
4250 137,500 0.90 14.0 5S 8 285 
123,000 137,000 0.90 12.6 24.0 277 
122.500 137,500 0.89 13.5 27.5 285 
122.500 137,500 0.89 11.0 19.0 285 
123.100 137,375 0.895 12.8 24.3 283 
HOMOGENIZED S1EEI 
Longitudinal Directior 
124.500 136,500 0.91 2 5 59 4 IRS 
125.000 138,000 0.90 21.0 60.6 277 
122.000 136,500 0.89 20.0 62.2 285 
122,650 136,500 0.90 20.0 61.0 285 
123.540 136,900 0.90 20.6 60.8 283 
r'ransverse Direction 
124,250 139,000 0.89 14.5 30.1 285 
123.250 137,500 0.89 17.0 41.1 285 
121.750 137,000 0.89 12.0 24 3 285 
123,000 138,750 0.89 17.0 10.0 285 
123,250 138,500 0.89 16.0 37.0 285 
123.100 138,150 0.89 15.3 34.0 285 
B. IMPACT PROPERTIES? 
Longitudinal Direction Transverse Direction 
V”’ Notch Brinell Charpy “‘V”’ Notch Brinell 
Ft. Lbs Hardness Ft. Lbs Hardness 
Non-Homogenized Steel 
82.0 285 32.0 285 
80.0 »77 33.0 285 
81.0 285 33.0 277 
80.0 285 31.0 285 
86.0 285 32.0 285 
32.0 269 
28.0 280 
Ave. 82.0 285 31.4 281 
Homogenized Steel 
78.0 285 38.0 277 
86.0 277 38.0 285 
96.0 277 40.0 285 
81.0 285 40.0 277 
87.0 285 38.0 277 
38.0 277 
41.0 285 
\ve. 86.0 282 39.0 280 


Homogenized 100 hours at 2200°F, re-normalized at 1550°F five times to remove last vestiges 

rse grain. Specimens prepared from quarter section of 6” 6” square billet, oil quenched from 
and tempered at 1175°F for 2 hours 

Charpy “‘V”’ notch 


for 100 hours at 2200°F. Prior to homogenizing, the 4340 ma 
terial was grossly banded, while after homogenizing the annealed 
1 to quench structure was reasonably free from banding. It is 
lent that longitudinal properties are little influenced by homog- 
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Fig. 9—Progress of Homogenization in Banded 4340 Stee! After Various Treatments at 
2200°F as Revealed by Ms Technique. 
(a) O Hours; (b) 5 Hours; (c) 25 Hours; (d) 200 Hours 100 
enizing. However, transverse ductility (elongation and reduction 
of area) and impact are somewhat improved by homogenizing, al- 
though the degree of improvement is not of commercial significance. 


DISCUSSION 
Banding in 1340, 2340, 4140, 4340 and 5140 steels is the direct 
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Fig. 10a-f—Effect of Austenite Incubation and Transformation at 1200°F on Character 


f Martensite Reaction of 4340 Steel, «100 
Fig. 10a Austenitized 1550°F, Held 3 Minutes at 1200°F, Quenched to 540°F 
red Directly at 675°F, then Water-Quenched. Representative of Specimens 
5S, and 50 Hours at 2200°F 
Fig. 10b—Treatment same as (a) Representative of Specimens Homogenized 75 Hours 
i Longer at 2200°F <100 











lem 
Homogenized 


result of heterogeneous austenite with respect to alloy and carbon. 
The results obtained with the chemistry sensitive martensite re- 
action bear this out. The heterogeneity of carbon in austenite is 
due to the presence of banded concentration levels or aggregates 
of alloy. The relative effect of the various alloying elements on the 
location of carbon is evident from the results obtained on the 2340 
steel as compared to the 1340, 4140 and 5140 steels. In the case of 
partially homogenized 2340, the first precipitation of ferrite, pearlite 
and martensite occurred always in regions of relatively high nickel 
inclusion region). In the as-received and partially homogenized 
1340, 4140 and 5140 steels, first precipitation of these constituents 
occurs in the low alloy regions (between inclusions). This difference 
in the banding behavior of these steels is believed to be due to the 
opposing effects of nickel and the carbide formers on the location 
of carbon (and carbon activity) in austenite at austenitizing tem- 
peratures, during cooling and during transformation. In high nickel 


j 
; 


is, the carbon concentration tends to be relatively low while in 
low nickel regions or bands containing relative high amounts of 


bar ( 
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Fig. 10c—Austenitized 1550°F, Held 25 Minutes at 1200°F, Quenched to 540°F, Ten 
pered Directly at 675°F, then Water-Quenched—Homogenized 16, 25, and 50 Hours at 
2200°F. 

Fig. 10d—Treatment Same as Above—Homogenized 75 Hours at 2200°F. 


carbide forming type elements, the carbon concentration tends to 
be relatively high. The resulting effect is a higher than average Ms 
for the high nickel bands and a lower than average Ms for the low 
nickel and/or high carbide forming element bands. Similarly cor- 
responding effects on ferrite formation and even greater effects on 
pearlite formation may be expected, not only because of the initia! 
carbon and alloy segregation in the austenite but also because of the 
added influence of cooling conditions and transformation on carbon 
and alloy segregation. 

It appears that the relative effect of the carbide forming ele- 
ments toward increasing carbon concentration in their vicinity 1s 
greater than the influence of nickel toward decreasing carbon in its 
vicinity. In the case of the 2340 steel (0.919% manganese plus chro 
mium versus 3.20% nickel) a lesser amount of total carbide forming 
tvpe elements apparently had the dominating effect because the 
first pearlite and martensite precipitated between the inclusions 
Available data on the effects of nickel (3) and manganese (4) on 
the activity of carbon indicate that the above effects are to b 
expected. 





> 


—— 
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Fig. 10e—Austenitized 1550°F, Held 45 Minutes at 1200°F, Quenched to 490°F, Tem- 
pered Directly at 675°F, then Water-Quenched—Homogenized 16, 25, and 50 Hours at 
200°F 

Fig. 10f—Austenitized 1550°F, Held 45 Minutes at 1200°F, Quenched to 520°F, Tem 
pered Directly at 675°F, then Water-Quenched— Homogenized 75 Hours at 2200°F. 


The carbide forming elements present in the analyses under 
study diffuse more rapidly than nickel at 2200°F (Table I1). There- 
fore, for a ternary alloy steel, assuming the diffusion rate of a given 
element is not greatly influenced by the presence of other alloys in 
the range under consideration, there comes a time during homogeni- 
zation when the carbide forming type elements are relatively 
homogenous while nickel is still relatively segregated. Therefore, 
ina partially homogenized 4340 steel, the formerly high alloy regions 
of manganese, chromium, nickel and molybdenum are now relative- 
ly highly alloyed with respect to nickel alone. These relatively high 
nickel regions may become bands of lower carbon, higher Ms or 
early ferrite and pearlite formations. Therefore, an approximate 
half band width shift in the position of the initial precipitation of 
these constituents may occur in partially homogenized 4340 with 
respect to their position in the as-received material. If the time of 
homogenization is sufficient to remove nickel segregation then, of 
course, random structures will result. An actual reversal of band 
position between the as-received and the partially homogenized 4340 
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Fig. 11a-b—Shift of Initial Martensite Transformation to Position Along Inclusions as 
Result of Austenite Incubation. 

Fig. 1la—4340 Steel Homogenized 50 Hours at 2200°F—Austenitized 1550°F —Held 
remporarily at 1200°F for 3 Minutes—Quenched to Martensite Range— 400 


Fig. 11b—2340 Steel Homogenized 100 Hours at 2200°F—Austenitized 1525°F — Held 
at 1100°F for 25 Minutes—Quenched to Martensite Range— 500. 
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steel was noted in the case of the martensite transformation follow- 
ing a prior isothermal treatment at the nose of the TTT curve 
(Figures 10 and 11). In the case of the ferrite-pearlite reaction, the 
question of band reversal becomes more complicated. For low 
homogenization times, sufficient diffusion of alloy does not take 
place to give rise to band shifts. Homogenization times sufficient!) 
long to allow alloy diffusion give rise to random ferrite patterns and, 
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g. 12—Banding in As-Received (a) 1340, (c) 2340 and (b) 4140 Steels as Revealed by 
ermal Method (5140 Similar to 4140 and not Shown) x 100 


therefore, random final structures so that the band shifting phenom- 
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Ve 


i must be looked for during the early stages of pearlite formation. 
the latter conditions, band shift was noted during the early 


iwes of pearlite formation. 


From a practical viewpoint, the data on longitudinal and trans- 
e properties of banded versus homogenized 4340 steel given in 
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Fig. 13—Effect of Homogenization on Characteristics of Martensite Reaction in 1340 
2340, 4140 and 5140 Steel Types— 100 (a) 1340—no Homogenization (4140 and 5140 similar 
(b) 2340 


no Homogenization; (c) 1340—Homogenized 100 Hours at 2200°F. (4140 and 5140 
similar); (d) 2340—Homogenized 100 Hours at 2200°F. 


Table IV show that banding plays only a minor role in accounting 


for the difference between longitudinal and transverse ductility 
properties of rolled steel products. 


CONCLUSIONS 


1. The primary cause of banding in rolled steel products is 
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Fig. 14—Effect of Austenite Incubation on Characteristics of Martensite Reaction in 
1340, (b) 2340 and (c) 4140 Steels (5140 Similar to 4140) x 100. 


chemical heterogeneity. The effects of other nucleating agents such 
as banded inclusions, etc., are either minor or nonexistent. 

2. Chemical heterogeneity produces visible banding through 
its effect on nucleation and growth of ferrite and pearlite from 
austenite. The pattern of nucleating and growth of ferrite and 
pearlite is determined primarily by the aggregate effect of alloy 
heterogeneity on carbon segregation. 

3. In the analyses studied, carbide forming type elements tend 
increase carbon concentration in their vicinity while solution 
pe elements (nickel) tend to decrease carbon concentration in 


+ 


Ty 
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their vicinity. Therefore, in single alloyed steels, the de; 
carbon segregation and the location of high and low carbo. 
relative to a fixed marker depend solely on the amount and 
bution of the one alloying element. As noted in the paper, 
cation of high carbon bands relative to inclusions differs f, 
carbide forming type elements versus nickel. In multi-alloyed s 
these visual banded conditions depend upon a balanced inf 
as determined by alloy types, amounts and distribution. 


nes 


4. The overall effect of chemical heterogeneity on nucleatio, 
and growth of ferrite and pearlite from austenite into carbon seg 
regated structures is further influenced by the added effects of coo! 
ing conditions from austenitizing temperatures and also trans 
formation. 

5. Isothermal transformation at the nose of the TTT curve is 
a very sensitive measure of banding. Continuous cooling treatments 
and direct quench Ms techniques were found to be less sensitiv: 
Ms techniques were found to be very sensitive if preceded by 
incubation treatment. 

6. Banding in the 1340, 4140 and 5140 analyses presents a mor 
vivid separation of ferrite and pearlite than the 2340 steel. However 
the 1340, 4140 and 5140 analyses homogenize more readily than th 
2340 grade. 

7. Comparison of physical properties between banded and 
homogenized (100 hours at 2200°F) 4340 steel shows that only 
transverse ductility is improved. However, the degree of improv 
ment is not commercially significant. 
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DISCUSSION 


Written Discussion: By Paul P. Mozley, staff metallurgist, Lockheed 
Corporation, Burbank, Calif. 

Lhe authors’ work on banding is of considerable inter ‘ST, especially since the 
ndustry is now using 4340 steel at extreme strength levels. We have been 

rned with the effects of banding in this steel but have been especially ap 


( 


sive about the effects on the fatigue life ol highly loaded, complex parts 


is landing gear Components. The author’s tests indicated little to tear as to 


properties, however, the effects on dynamic properties should afford an 

onal field for study. 

lhus far, we have been fortunate in not encountering much banding in parts 

used at extreme strength levels but have not been so fortunate in hand 

| and formed billets, machined into parts to be used at more conventional 
eth levels. 

\pparently a small amount of work during banding at 1900°F and subse 
heat treatment resulted in severe banding and isolated islands which have 
called “Colonization.”’ Either annealing or austenitizing at usual tempera 
seemed to accentuate the banding. An anneal at 2000°F after banding and 
austenitizing resulted in a structure free or almost free from banding and 

ch was considered to be in a structurally sound condition. As a salvage meas 
re several parts already in a severely banded condition were sufficiently homog 
red by the 2000°F treatment to show uniform micro-hardness traverses in 

Ing that considerable improvement had been accomplished. In some Cases 
everely banded material was not greatly improved by the treatment. 

lhe above experience has led us to believe that the dispersal or segregation 
sing banding may be accentuated by recrystallization resulting from slight 
ints of work and that this becomes an additional factor in banding phe- 
ena. This is another item that might be worthy of future study. 

All studies of banding have assumed the segregation of constitutents in bands 
iyers. None have explained why the dispersal of the constituents should be in 
rs or bands. Perhaps we are at the point where the colloid chemist is needed. 

‘ossibly we are the victims of the colloidal migration and segregation into bands 

wn as the Liesegang phenomenon. Research on banding of steels has possibly 
gone back far enough into the history of the steels studied. 

| wish to congratulate the authors on their work and their excellent report 


hope that my few comments may serve to stimulate them to further study of 


ictors causing banding in steels. 
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Written Discussion: By U. Wyss, chief metallurgist, Maag Gea; 
Comp. Ltd., Zurich, Switzerland. 

The authors have presented a very interesting contribution to the 
banding in steel. Some of the essential results described in the paper qui 
with my own metallographic observations on this subject. I especially 
support the statement that chemical heterogeneity is the primary cause of! 
ing in rolled and forged steel products (and, of course this chemical heteroge, 
is due to dendritic segregation). 

The authors relate the location of high carbon bands to inclusion regi 
would be interesting to learn to what kind of inclusions this statement 
Probably sulphide inclusions are meant. This question seems to be an importa 
one as | repeatedly observed in many metallographic examinations, that afte 
solidification of steels distinct types of inclusions are always in the same lo 
relative to dendrites. For example, silicate-type inclusions which are formed }y 
fore the crystallization of steel have a very pronounced tendency to be accun 
lated at the first formed thread-like axis or branches of dendrites—probably by 
the effect of surface tensions—so that the last solidifying interdendritic zon 
main free of this type of inclusions. Contrary to this, the eutectically forme: 
sulphide-type inclusions always are precipitated within interdendritic zones 
Hence in hot-worked steels, silicate-type inclusions generally are located in low 
alloy bands whilst sulphide inclusions always are to be found in high alloy band 
Chis fact is the reason why in former times nonmetallic inclusions were regarded 
as the only cause of the band-like arrangement of decomposition products of 
austenite. 

In addition to the steels examined by the authors, it might be interesting | 
mention the different behavior of hypoeutectoid carbon steels: After transforma 
tion of such steels into ferrite and pearlite, the bands corresponding to interde: 
dritic zones, which contain the sulphide inclusions, are ferritic and the band 
caused by dendrites, in which most of the silicate-type inclusions are accumulated 
are pearlitic. This is due to the nucleating effect of the interdendritically enriched 
phosphorus and is an example for a different behavior of these steels compared 
with the nonhomogenized steels described in the paper. 


Authors’ Reply 


The authors wish to thank Mr. Wyss for his interest in our paper and appr 
ciate his comments. It is gratifying to receive his support with respect to ou 
conclusions. 

The inclusions employed as fiducial markers of high carbon regions were al 
most wholly identified as sulphides. It was regrettable that this fact was not fully 
discussed in the paper. The silicate type of inclusion was found to exist primarily 
in the low alloy regions, as surmised by Mr. Wyss. Since not many of these inclu 
sions are normally found in aluminum-killed steels, we were not confused by this 
factor. The alumina type inclusions were found to exist in juxtaposition with th 
sulphides or at boundaries of low and high carbon regions. Again, these types wer 
in the minority and did not confuse the use of sulphides as markers of the higher 
alloyed regions. 


Mr. Wyss’ explanation for the existence of the various inclusion types 10 the 


particular regions on freezing agrees well with our own interpretation of the ingot 
freezing phenomena and also with our results. 
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Ve are cognizant of the possible differences in the banding behavior of plain 
steels as opposed to our alloy steels. We thank Mr. Wyss for his remarks on 
int. Since we do not have.any data on plain carbon steel, we have nothing 


ructive to add. In speculating, however, it can be shown why phosphorus 


d cause a banding condition reversed to that shown in our alloy steels if 


it in large amounts. Phosphorus is known to strongly increase the activity 


rbon in steel, akin Lo ric kel and silicon. Since it deposits inte rdentri ally. it 


| cause these regions to be ferritic, and the ck ndriti area to be pe arliti 





AN APPROACH TO THE STUDY OF THE EFFECT « 
RARE EARTH ADDITIONS TO STEEL BY USE 0; 
RADIOACTIVE TRACER TECHNIQUES 


By C.S. DuMont, J. E. GATEs, AND C. M. HENDERs: 


Abstract 

Additions of radioactive misch metal were made to an 
alloy of 25% nickel, 20% chromium, 3.5% copper, and 
2.5% molybdenum to determine the distritution of residua 
misch metal constituents within the alloy. Compared auto 
radiographs and metallographic analyses showed that 
certum and neodymium atoms were dispersed throughout 
the matrix and were also slightly concentrated in the inte) 
dendritic zones of the as-cast material. There was no evidence 
of any concentrations of these atoms at the grain boundaries 
or within the nonmetallic inclusions. Heat treatment at 
forging temperatures tended to homogenize the interdendriti: 
concentrations of the two radioactive constituents of the misch 
metal. (ASM-SLA Classification: S79, M25, AY) 


CURRENT joint effort between Mallinckrodt Chemical Works 
A and Battelle Memorial Institute has been devoted to a search 
for the causes of poor hot forgeability in steels and to an evaluation 
of the effects of rare earth additions as a possible cure. One natural 
phase of this study has been an interest in microstructure and any 
evidence of harmful segregation of intermetallic compounds or non 
metallic inclusions. To gain more information along these lines, the 
program has turned to the addition of radioactive trace elements in 
the hope of thus delineating the location and distribution of im 
purities which might not be revealed by conventional metallogra 
phy. This paper describes a first study of this sort in which radio 
active misch metal was added to a stainless steel. 

As a further step in research on this problem, it was decided to 
study the distribution of rare earths in stainless steels by radioactiv: 
tracer and autoradiographic techniques. 


EXPERIMENTAL PROCEDURE 


In radioactive tracer techniques, the alloy constituent that ts 


A paper presented before the Thirty-Seventh Annual Convention ol 
Society, held in Philadelphia, October 17 21, 1955. Of the authors, i. om DuM 
is associate consultant, Physical Metallurgy Division, and J. E. Gates ts resear 
radiochemist, Radioisotope and Radiation Division, Battelle Memorial Institut 
Columbus, Ohio, and C. M. Henderson is associated with the Development D' 
partment, Mallinckrodt Chemical Works, St. Louis. Manuscript rec 
April 26, 1955. 
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erest is made radioactive. This can be done, as it was in this 
ch, by irradiation of the constituent with neutrons in a nu 
ear reactor before the constituent is added to the melt. When an 
ent is subjected to neutron irradiation, a nuclear reaction may 
place. krequently, the reaction produces anothe1 isotope of the 
same element which may be radioactive. An example of a nuclear 
reaction 1s: m 
58Ce "+On' 98Ce "(32 days, B, + 
which a neutron of mass 1 and charge (atomic number) 0 reacts 
vith the nucleus of a cerium atom having a mass of 140 and charge 
{58 to form a radioactive isotope of cerium with a mass of 141 and 
i charge of 58. The radioactive isotope in this example emits both 
beta and gamma radiation as it decays with its characteristic half 
ife of 32 days. A radioactive isotope of an element can be used as a 
tracer because such an isotope emits a characteristic radiation bv 
which it may be identified, even though it does not differ meas 
rably from other isotopes of that element. With a few exceptions 
of no importance in this work, the isotopes of an element have es 
sentially identical chemical properties. Differences in properties 
hat depend On mass are small enough to be negligible. 

The actual location of the radioactive constituent of the alloy 
may be determined by autoradiographic techniques since nucleat 
radiations will expose photographic emulsions (1)!. Special emul 
sions are available that are sensitive only to beta radiation which 
has very low penetrating power. One type of emulsion, termed perme 
ible-base stripping film, can be applied directly to the polished sur 
lace of the metal containing a radioactive constituent. In the emul 
sion, the beta radiation produces a latent image of a thin surface 
layer of the metal. The depth of the surface layer, which emits beta 
radiation that penetrates to the emulsion, is controlled b. the energy 
of the radiation and is, at most. a few millimeters with higher energy 
beta particles. After exposure, the image in the emulsion is made 
visible by photographic development. Since the emulsion remains 
ittached to the metal and is optically clear, the developed silver 
grains and the microstructure of the metal may be examined simul 
taneously with the aid of a microscope. The silver grains appear as 
black spots superimposed on the surface of the metal. The location 
of the developed silver grains indicates the location of the radio 
ictive constituent that is emitting the beta radiation. Resolutions 
in the range of 2 to 5 microns have been reported (2) using the strip 
tlm method. 

\nother type of nuclear emulsion that is available for use in 
utoradiography is attached to a glass slide and is termed a track 


plate. The radioactive specimen is simply placed on the track plate 


lhe figures appearing in parentheses pertain to the references appended to this paper. 
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for the exposure time, and then the slide is developed. Only 
correlation between the macrostructure of the metal and th 
radiographic exposure is possible with this technique. 

In this particular study, a specimen of Mallinckrodt 5 
Metal 45C* weighing 2.1 grams was irradiated with neutrons jn th 
X\-10 Reactor at the Oak Ridge National Laboratories fo 


CVel 


Table I 
The Radioactive Isotopes Produced During the Neutron Irradiation of Misch M,¢ tal 


Radi 

Types ol Prov 
Radioactive Lsotope Halt-Lit Emitted Radiation Millicur 
Cerium-137 46 hrs K-capture X-ray & Gamma 14 
Cerium-139 140 days K-capture X-ray & Gamma 0.4 
Cerium-141 32 days Beta and gamma ) 
Cerium-143 $3 hrs Beta and gamma 10 
Lanthanum-1t40 10 hrs Beta and gamma 147 
Neodymium. 147 11.6 days Beta and gamma +8 
Neodymium-149 1.8 hrs Beta and gamma 1.4 
Neodymium-t51 12 mins Beta and gamma 0 
Praseodymium-142 19.3 hrs Beta and gamma 54 

Value calculated trom S 164 1 ec = ) where 
\ ry 
S 


ictivity ot target in curies/gm (one curie =3.7X10!° disentegrations /s¢ 
e =thermal neutron capture cross section in barns 
FF =neutron flux X10!! 


\ itomic weight of target element 
t =time of irradiation in same units as T4 
I halt-lite of the produced radioisotope 
Phe calculations were based on the irradiation of one gram of misch metal for seven day 


neutron flux of 5 X10!) neutrons/cm?/second 


General Electric Chart of the Nuclides, Knolls Atomic Power Laboratory, Fourth Edit 
November, 1952 


Table Il 
rhe Isotopic Composition (*) of the Elements in Misch Metal 


Stable Isotope Percentage Abundance 
Cerium-136 0.19 
Cerium-138 0.26 
Cerium-140 88.5 
Cerium-142 11.1 
Lathanum-139 100 
Neodymium-142 25.95 
Neodymium-143 13.0 
Neodymium-144 22.6 
Neodymium-145 9.2 
Neodymium-146 16.5 
Neodymium-148 6.8 
Neodymium-150 5.95 
Praseodymium-141 100 


‘General Electric Chart of the Nuclides, Knolls Atomic Power Laboratory, Fourth | 
November, 1952 


This is the percentage of the naturally existing isotope of the element 


days at a flux of approximately 5X10" neutron-cm?-sec'. Based on 
calculations, the irradiation produced a total of 445 millicuries of 
the radioisotopes listed in Table I. Only the major constituents 0! 
the misch metal—cerium, lanthanum, praseodymium, and neodym 


Composition: Cerium 44% Gadolinium 1% 
Lanthanum 29° Magnesium 2°; 
Neodymium 17% Iron 0.1% 


Praseodymium 7% 
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were considered in the calculations. The isotopes ot these el 
are listed in Table Il. Decay rates of the longer lived, beta 
ing isotopes, based on the relative amounts of each that wer 
ced and their known half-lives, are plotted in Fig. 9. The frac 
f the total radiation that was due to a particular radioisotop. 
y time after the irradiation was determined from these curves 
ilations based on the energy of the beta pal ticles of the radio 
isotopes, cerlum-141 and neodymium-147, whose radiations produced 
he autoradiographs, indicated that the radiation would penetrat 
he emulsion from a maximum depth in the stainless steel of approx 


rif 


nately 0.4 millimeter (3). 


The results of previous laboratory work had shown that th 
nickel, 20°; chromium, 3.5‘ 


25° 
had consistently resulted in 


iidition of misch metal to a , 
opper, and 2.5% molybdenum alloy 

proved hot working properties as measured by the hot-forge cone 
test. It appeared advisable to continue to work with this grade of 
stainless steel. A 16-pound heat of the above alloy was melted in a 
magnesia-lined induction furnace. The melt was deoxidized with 
0.05°, calcium as calcium silicide. Following deoxidation of the 
heat, one forge test cone was poured after which a misch metal addi 
ion, equivalent to ten pounds per ton, was made to the remainder 
of the melt in the furnace. A second forge test cone was then poured 


ind 2.1 grams of radioactive misch metal was added to the metal 


remaining in the furnace. The total misch metal addition was 0.07 
pound. Subsequent analysis of this heat indicated a total rare-earth 
content of 0.114% which is equivalent to a recovery of 22°). 

One of the primary interests in this phase of the work was to 
establish the distribution of the misch metal in the alloy with partic 
ular regard to whether it occurred in the grain boundaries or within 

he grains. Therefore, in order to obtain a maximum grain size, the 

melt was allowed to solidify in the furnace, as such a procedure is 
known to produce coarse-grain structure. 

\fter the metal in the furnace had cooled to room temperature, 

it was removed, cleaned, and sectioned. The ingot was approxi- 

mately 4 inches in diameter and 3 inches high. A 1-inch cube was 


removed from the center of the ingot and was forged to 0.25-inch 
O°F to check the forgeability of 


thickness at a temperature of 2 
the alloy. Two small cracks occurred along one edge during the final 


25 


stage of forging. 
lo study the effect of soaking time on the distribution of the 


misch metal, a second section was removed from the ingot and was 
held for 24 hours at 2400°F and allowed to cool in the furnace. 
\dditional samples were taken from the as-solidified metal for 
metallographic and radiographic examination. 

Kastman Kodak Type NTB plate and permeable base strip- 
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Fig. 1—Macrostructure of Specimen As-Solidified in the Melting Furnace. Right 
hand edge shows metal furnace lining interface. Etchant 4HC1: 1HNO. «2 


emulsion autoradiographic films were used in the initial analytical 
work. The results showed that the strip emulsion was more satisfac 
tory than the plate film. It was difficult to obtain true flat surfaces 
on the prepared specimens and, when the plates were pressed on top 
of the mounts, the uneven contact would result in a decrease in 
resolution of the image. The strip emulsion, however, provided 
intimate contact with the surface and eliminated this difficulty. The 
strip emulsion was developed in place with the advantage of provid 
ing absolute correlation of the autoradiographic exposure with the 
microstructure of the underlying etched sample. Photomicrographs 
were then made showing in a single exposure both the exposed areas 
of the strip film and the structure of the metal beneath the emul 
sion. The autoradiographs were produced approximately 17 days 
after the neutron irradiation of the misch metal. Referring to the 
curves shown in Fig. 9, it is indicated that 95% of the exposure in 
the autoradiographs was produced by the beta radiation from 
cerium-141 and neodymium-147. 

Autoradiographs of nonradioactive stainless steel specimens 
were produced as controls. Inspection of these autoradiographs 
revealed no exposure in them. This indicated that the exposures pro 
duced in the autoradiographs of the radioactive specimens were 
caused by radiation from the radioactive constituents of the misch 
metal and not by chemical reaction between the metal specimens 
and the emulsion. 


RESULTS AND DISCUSSION 


Fig. 1 shows a photomacrograph of a polished and etched spect 
men from the furnace-cooled sample of Heat B-1039. The massive 
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itic structure ts plainly visible. The outside edge of the ingot is 

e bottom of the photomacrograph. 
2 shows a direct print of a track plate autoradiograph of the 
sa specimen shown in lig. 1. The exposed sections of the auto 
ograph, indicating the location of the radioactive constituents, 
show as light areas in the direct print. The exact location of the 
radioactive tracers cannot be determined from this autoradiograph, 
but careful examination of Fig. 2 will reveal an image of the dendritic 





> 


Fig. 2 
Negative Prepared on Specimen Shown in Fig. 1 
The light area along the right edge indicates a 
relatively high level of radioactivity. This suggests 
some concentration of rare earths at the metal tur 
nace lining interface. x1 


Direct Print from an Autoradiographi 


structure shown in Fig. 1. This indicates that the distribution of the 
misch metal constituents cerium and neodymium was related to the 
dendritic structure of the metal. 

The highly radioactive area at the outside edge of the specimen, 
shown in Fig. 2 as a white area at the right edge of the print, indicates 
that a large percentage of the radioactive material was either 
rejected from the melt or tended to concentrate at the metal-crucible 
interface during slow cooling, possibly due to selective oxidation. 
Radioactive areas in the remaining figures are shown as dark areas 
in the photomicrographs. 

Figs. 3 and 4 show the autoradiographic image superimposed on 
the microstructure at 100 and 250 magnifications of a specimen in 
the as furnace-cooled condition. The exposed areas in the autoradio 
graph, produced by beta radiation from the radioactive constituents 
in the metal, show as dark irregular areas in Fig. 3 and as shaded 
areas in Fig. 4. These are indicated by arrows. Thus, the radioactive 
misch metal constituents cerium and neodymium appear to be con- 
centrated in the last volumes to freeze in the dendritic structure. 
Chere was no evidence of any concentration of radioactivity at the 
grain boundaries or in the inclusions. 

Figs. 5 and 6 show the combined structures of a specimen which 
was annealed for 24 hours at 2400°F. A comparison of these struc- 
tures with those of Figs. 3 and 4 shows that the heat treatment 
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Fig. 3—Combined Micro and Autoradiographic Structure of a Polished and Etched 
Specimen from a Furnace-cooled Sample. In the above and following photomicrographs 
concentration of radioactivity is shown as irregular dark areas. 100. 
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Fig. 4—Same as Fig. : 


3 at a Higher Magnification. «250. 
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Fig. 6—Combined Micro and Autoradiographic Structure 
+ Hours at 2400°F. 250. 


of Specimen Annealed for 
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Outside Area of Forged Specimen (Note Incipient Crack) 


Center Area of Combined Structure of Forged Specimen. 
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Fig. 9— Radioactive Decay Curves for the Longer Lived Beta Emitting Radio- 
sotopes Produced During Neutron Bombardment of Misch Metal 


tended to homogenize the interdendritic concentrations of cerium- 
141 and neodymium-147. The dark concentration lines present in 
Fig. 3 are not found in Fig. 5. A slightly longer development time 
for the autoradiograph resulted in larger silver grains than those 
appearing in Figs. 3 and 4. Figs. 7 and 8 show the areas at the edge 
and near the center of the forged sample B which are not related to 
the respective edge and center areas of the as-solidified ingot. As 
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mentioned previously, the forged samples showed some sligh 
ing in the final states of reduction. Fig. 7 shows the structure sy), f 
rounding a small crack at the outer edge of the forged spr 
This fracture appears to follow a grain boundary. Of more ; 
in the current study is the gradual transition from a light . 
tration of radioactivity at the outer edge of the specimen (;; 
hand edge of Fig. 7) to a fairly dense concentration at the center of 
the specimen (center of Fig. 8). The reason for this decrease }; i 
activity at the outer edge is not clear. The specimen shown in Figs / 
5 and 6 was held at the forging temperature (2400°F) for 24 hours 

without showing any evidence of outward diffusion of the radio 

active constituents. Thus, it does nat appear that the chang 
concentration can be attributed solely to the thermal treatment o| 
the specimen. 

It is of interest to note that the inclusions shown in the micro 
structure of all specimens do not show any evidence of radio 
activity in the autoradiographs. If there had been any segregation 
of radioactive cerium-141 and neodymium-147 at these inclusions, 
there would have been a heavily exposed area of the autoradiograph 
centered over them. This would be caused by the much higher con 
centration of radioactivity per unit volume around the inclusions 
This is not contrary to the findings of other investigators (4), but 
indicates that neither neodymium nor cerium segregates at these 
inclusions. 

Other considerations that may prompt questions concerning 
the validity of the present findings include the use of a split addition 
and correlation of the experimental method with industrial practic 
With regard to the split addition, the possibility is recognized that 
the first addition of misch metal may have combined or reacted with 
any of the tramp elements present and, in so doing, would take up 
unknown locations within the matrix. Under such conditions, the 
later addition of radioactive misch metal could merely have proved 
to be an excess that went into solution in the steel. This aspect will 
be further explored in future work. 

With regard to the correlation of the experimental methods 
with industrial practices, it was not the intention to reproduce pro 
duction technology. The melt was allowed to solidify in the furnace 
as a means for producing a large grain size with the thought in mind 
that such a structure would afford a more direct correlation with 
behavior during forging than would a fine-grained structure. 

The results of the work to date indicate that additions of radio 
active misch metal are uniformly distributed throughout the matrix 
of a 25% nickel, 20% chromium melt. Examination of the various 
samples by means of a combined metallographic-autoradiographic 
technique showed some slight concentration of radioactivity in the 
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lendritic zones of the as-slow-cooled sample. Further, the 
forged specimens showed some variation in the degree of concentra 

between the outer and center sections of the sample. 

Che future work will be directed to a further study of the effect 
of misch metal on the hot working properties of austenitic stainless 
-teels. In this work, elements known to have a harmful effect on the 
hot working properties of the matrix will be added as radioactive 
isotopes. Additions of misch metal will then be made to portions of 
the heats to study whether such additions have any effect on the 
distribution and form of the impurities present. 


ACKNOWLEDGMENTS 

[The authors gratefully acknowledge the sponsorship of this 
research by the Mallinckrodt Chemical Works and wish to thank 
them for permission to publish the results of this work. In addition, 
the authors wish to express their appreciation to various divisions 
and personnel at Battelle Memorial Institute and the Mallinckrodt 
Chemical Works for their cooperation during this study. The assist- 
ance and critical comments of Mr. R. B. Fischer, Chief, Physical 
Metallurgy Division, and Mr. G. D. Calkins, Chief, Radioisotope 
and Radiation Division, of Battelle Memorial Institute, were most 
helpful during the course of this work. 


References 


H. Yagoda, Radioactive Measurements With Nuclear Emulsions, 1949. 

2. H. J. Gomberg, “High Resolution Autoradiography for Study of Grain Boun 
daries in Metals,’’ Engineering Research Institute, University of Michigan, 
No. 2029-1-F, February 1954. 

3. E. Bleuler and G. J. Goldsmith, Experimental Nucleonics, 1952, published by 
Rinehart and Company, Inc. 

1. R. H. Henke and R. A. Lula, ‘“‘Rare Earths Counteract Hot Rolling Defects 
in Stainless Steel,’’ Journal of Metals, Vol. 6, 1954, p. 883. 


DISCUSSION 

Written Discussion: By D. J. Dilworth, Jr., director of metallurgy and 
Kk. A. March, chief metallurgist, Crucible Steel Company of America, Pittsburgh. 

lhe experimental technique used in this paper represents one which shows 
great promise as a means of giving assurance in the solution of problems of a 
complex nature both in the laboratory and in production. We are quite interested 
in this technique but have had no direct experience with it. We have, however, 
studied the effect of rare earth additions to steels. 

[In using misch metal one of our primary causes for concern has been the 
fact that there have been occasions when nonmetallic inclusions were found to 
in abnormal degree in the material treated. Two theories have been postulated 
is to the mode of formation of these inclusions. 

1. The first rare earth material added, being very reactive, forms 
nonmetallic compounds with the residual amount being effective 
through some other mechanism. 
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2. The second theory indicates that it is mainly the qua 


misch metal in excess of that required to improve hot workabili; 
is entrapped in the form of nonmetallics. This work tends t 
the first theory but does not firmly establish the facts since th 
shown has the appearance of those sometimes found in stee! 
dized with calcium silicon. Perhaps the authors can further 
the constitution of the inclusions found. 

It seems that the irradiated portion of the rare earth addition repr 
somewhat less than 10% of the total addition. It would be of interest 
if the recovery of the second addition was of the same order as the total re 
his might provide a further clue as to the action of each of the two addi 

In spite of considerable work done by many organizations, there is 
versally accepted method of determining whether or not a rare earth ad 
to steel has been effective except to determine the effect of this addition 
workability. Therefore, it would seem of some interest to also include in th 
work a comparison of the forgeability of the cone test ingots before and afte: 
the addition to insure that the normally expected reactions were actually 
tained. We would also like a comment from the authors as to the cracks whic! 
developed during the forging of the 1l-inch cube. Are these indicative of the h: 
workability having been improved or not? 

We are quite interested in the future work proposed by the authors. Ther 
is a dearth of information concerning the mechanism through which rare ear 
additions improve hot workability. Any contribution to our knowledge on this 
subject would be very welcome. Now that the authors have ably demonstrated 
the applicability of tracer techniques to this problem, the work which they 
propose should be of definite value. In this connection it might be well to accou 
for the 78% of the rare earth material not recovered. It might be possible t 
show that the rare earth material not recovered was as effective in accomplishing 
the end result as was that which was recovered. 

It might also be possible through the identification of the rare earth cor 
pounds formed, to better define the action which has taken place. 


Authors’ Reply 


The authors appreciate the comments offered by Messrs. Dilworth 
March. 

lhroughout the course of extensive research on the effects of rare earth 
additions to stainless steel, we have attempted to establish the identity of th 
inclusions. However, except for modification of the sulphide inclusions of various 
types, it has not been possible to positively identify other forms of inclusions 
associated with or attributed to rare earth additions in the present work 

With regard to the recovery of the second addition, our experience has 
shown a nominal recovery of approximately 20% of the misch-metal additio 
Thus, the initial addition of 0.51° could result in a residual rare earth cont 
of about 0.12%. At the same rate of recovery, the further addition of 0.05 
radioactive misch-metal would result in an increase in the residual rare eart! 
contents of about 0.01%. To compare the difference between the rare « 
contents after the first and the second additions would amount to comparing 
residual contents of 0.12% and 0.13% for an estimated 20% recovery ol! 


earths. There was some question whether the analytical procedures could ac 


rately detect this small difference with sufficient accuracy. However, the aut! 
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hat it would be of interest to know what portion of the second addition 
overed. 


re ply to the question regarding the effect of the initial addition on forg: 


only single forge test cones were poured before and after the misch-metal 


1) 
il 


While the forged cube taken from the metal which was allowed to 


» in the furnace showed two small cracks after forging, the limited number 


nples did not appear sufficient to justify any conclusion regarding the effect 
h additions on the forgeability of the base alloy. 





INHIBITION BY NITROGEN OF 
GRAPHITIZATION IN STEEL 


By G. V. SmITH and B. W. RoYLe 


Abstract 

Graphitization, during an arbitrary heat treatmeni 
known to promote it, was inhibited in 8 heats of cold-rolle 
high-carbon, steel strip, by prior heating in an atmospher: 
of nitrogen for 6 hours at 1900° F, which increased the nitro 
gen content from a level of about 0.005 to about 0.073°, | 
Heating in hydrogen for 2 hours at 1900°F, on the othe | 
hand, reduced the nitrogen content to about 0.003%, and in 
creased graphitization. (ASM-SLA_ Classification: N8. 
CN) 


REVIOUS work(1),(2)! has shown that the introduction of nj 

trogen into bar samples of eutectoid carbon steel, by heatin 
atmosphere of gaseous nitrogen, caused a surface rim in which th 
carbide phase was resistant to graphitization during heating of inj 
tially martensitic material for 10 days at 1200°F. 

Among the possible applications of this discovery is that of pri 
venting the graphitization that has been observed sporadically in 
the processing of various commercial articles from cold-rolled, hig 
carbon steel strip. Consequently, samples of eight such steels wer 
obtained, austenitized either in helium or nitrogen for 6 hours at 
1900°F, quenched to form a martensitic microstructure (most sus 
ceptible to graphitization 1-3) and heated for 10 days at 1200°F un 
der vacuum. As an adjunct to the investigation, samples of th 
steels were also austenitized for 2 hours in hydrogen, before quench- 
ing and heating at 1200°F, to test previously reported observations(4 
that hydrogen inhibits graphitization. 


Y 1N al 


MATERIALS AND PROCEDURE 


The chemical composition of the steels employed in the pro- 
gram is given in Table I. The analyses for nitrogen and sine 
(soluble in 1:1 HCl in either case) represent check determinations 
The hot-rolled samples, as received, had a thickness of about 0.10 


1The figures appearing in parentheses pertain to the references appended to this papet 


A paper presented before The Thirty-Seventh Annual Convention of © 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, G. V. Smith is 
Bard professor of metallurgical engineering, Cornell University, Ithaca, New 
York and B. W. Royle is with the American Steel and Wire Div., U. 5. 5te 
Corp., Cleveland. The authors were formerly associated with the Fundamenta 
Research Laboratory, U. S. Steel Corp., Kearny, New Jersey, where the invest 
gation was performed. Manuscript received April 6, 1955. 


320 





GRAPHITIZATION IN STEEI 321 


: Table I 
Identification of Test Steels 


Heat No Cc Mn Si Cr A1* N* P > 
27T0O0O9 1.26 0.36 0.18 0.25 0.015 0.005 0.008 0.025 
25C660 1.23 0.35 0.18 0.27 0.014 0.004 0.015 0.022 
21C604 1.31 0.40 0.23 ° 0.40 0.007 0.005 0.007 0.026 
38D530 1.24 0.43 0.26 0.28 0.012 0.005 0.015 0.027 

5 22C457 1.28 0.41 0.22 0.32 0.014 0.005 0.010 0.026 
22T565 1.19 0.42 0.20 0.32 0.022 0.006 0.008 0.028 
21C603 1.23 0.39 0.19 0.35 0.008 0.005 0.006 0.024 

g 21C606 1.22 0.43 0.24 0.29 0.008 0.005 0.008 0.024 


id soluble in 1:1 HCI. 


‘inches; a variable small amount of surface metal was removed in 
hand grinding before heat treatment. 

One lot of samples of the steels was heated in purified helium, 
ind another lot in purified nitrogen, for 6 hours at 1900°F. Both lots 
were quenched in brine. Purification of the gases was effected by 
passage over heated copper and then through activated alumina. 
Another set of samples was heated in purified hydrogen for 2 hours 
it 1900°F and brine quenched; purification was effected in the same 
train used for the helium or nitrogen with the addition of passage 
over heated magnesium turnings. Microscopic examination showed 
ill quenched samples to be completely martensitic, the structure 
known from previous experience to be most easily graphitized. The 
three lots of samples were then separately sealed in Vycor under 
vacuum, and heated for 10 days at 1200°F. 


RESULTS AND DISCUSSION 

The results of the investigation are summarized in Figs. 1, 2 
and 3, which show the microstructural appearances of the whole 
cross sections of the samples. 

All of the steels heated in helium graphitized to some extent 
with the exception of Steel No. 5. Except for this steel, the quantity 
of graphite is roughly proportional to the aluminum content. 

None of the steels heated in nitrogen graphitized, with the ex- 
ception of Steel No. 1, which showed a trace of this phase. Samples 
of the steels which had been treated in nitrogen were analyzed 
chemically, with results, Table II, showing that the nitrogen con- 

Table II 
Nitrogen Content after Heating 6 Hours in Nitrogen at 1900°F 


Code % N* 


0.014 
0.014 
0.014 
0.012 
0.014 
0.014 
0.013 
0.013 


OnNAM RE ®N 


*Acid soluble in 1:1 HCI. 
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had been increased to about 0.012-0.014°% from an initial level 
bout 0.005%. 

Whereas the graphitizing treatment employed in this study 

s not simulate the processing of certain commercial articles of 

se steels, it is the severest test that we have been able to devise 

without employing plastic deformation) and it seems probable that 

steel resistant to graphitization in our experiments would not 
graphitize during commercial processing. 

Heating in hydrogen for 2 hours at 1900°F resulted in appreci- 

ably more graphitization, Fig. 3, than was observed after heating 

in helium for 6 hours at 1900°F, when the samples were subsequently 


Table III 
Nitrogen Content after Heating 2 Hours in Hydrogen at 1900°F 


Code % N* 
2 0.003 
7 0.003 
8 0.003 


*Acid soluble in 1:1 HCl. 


heated at 1200°F. Unless this difference can be attributed to the 
difference in time of austenitizing, which does not seem likely, our 
observations appear to contradict those that have been previously, 
reported(4) for cast irons. Again, the quantity of graphite is roughly 
proportional to the aluminum content, with the exception of Steel 
No. 5. Chemical analysis of several of the steels, Table III, sug- 
gested that heating in hydrogen had increased susceptibility to 
graphitization by lowering the nitrogen content to 0.003 from about 


0.005%. 


SUMMARY 


All except one steel of those heated in helium developed graph- 
ite in some degree, Fig. 1, whereas graphitization was completely 
absent in those steels heated in nitrogen, except for one steel which 
showed a trace of this phase, Fig. 2. Chemical analysis showed that 
the nitrogen content of these resistant steels was on the order of 
0.012 to 0.014%. 

The results of the experiment involving heating in purified 
hydrogen, Fig. 3, showed that all steels graphitized, including the 
one that had not graphitized at all after heating in helium, and to a 
greater extent than after heating in helium. Thus, these results in- 
dicate that hydrogen promotes, rather than hinders, graphitization 
of these steels, unless, as seemed unlikely, the difference in be- 
havior is accounted for by the difference in austenitizing times em- 
ployed (2 hours in hydrogen, 6 in helium). Chemical analysis showed 
that heating in hydrogen had lowered nitrogen from the initial 
level of about 0.005 to 0.003 per cent. It seems possible, therefore, 
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that the increased susceptibility to graphitization that resuli : | 
heating in hydrogen may be an indirect effect of the simult 
lowering of nitrogen. 
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DISCUSSION 

Written Discussion: By Floyd Brown, head, Physical Metallurgy Branc! 
Metallurgy Division, Naval Research Laboratory, Washington, D. C. 

In view of numerous observations that hydrogen in quantity inhibits graphit 
zation in cast irons, some alternate explanation seems more desirable to accou 
for the increased graphitization observed in the authors’ hydrogen-treated spe 
mens than to attribute the increase to a direct effect of hydrogen. 

It was observed in reference (4) that when the atmosphere of hydrogen wa 
replaced with helium, the inhibiting effect disappeared in a very few minutes 
even without vacuum treatment, and it is known also that hydrogen escap 
rapidly from steel at room temperature, so that one should not be surprised | 
find that the hydrogen inhibition did not survive the quench and the vacuun 
sealing operations in the present investigation. We know that hydrogen wil 
remove nitrogen from steel at high temperatures as HCN, and the authors find 
an approximately 40° % reduction in nitrogen in their hydrogen-treated speci 
mens; they also convincingly confirm the intrinsic graphitization-inhibiting 
effect of nitrogen. 

The authors’ alternative explanation therefore that the increased suscepti 
bility to graphitization following hydrogen treatment simply reflects removal 
of nitrogen seems the preferred one. 


Authors’ Reply 


We are pleased to have Dr. Brown's views, which confirm our own, regarding 


the reason for an increased susceptible to graphitization of the samples that w 
austenitized in hydrogen before graphitizing. 








EFFECT OF TEMPERING TEMPERATURE ON STRESS- 
CORROSION CRACKING AND HYDROGEN 
EMBRITTLEMENT OF MARTENSITIC 
STAINLESS STEELS 


By PETER LILLYs AND A. E. NEHRENBERG 


Abstract 

Data on the susceptibility to cracking by stress corrosion 
and hydrogen embrittlement are reported for Types 4/0, 420, 
4?? and 436 stainless tempered at various temperatures in 
the range 300 to 1200° F. Beam type specimens were stressed 
hy bending, generally well below the elastic limit, and were 
either exposed to 5% NaCl spray or were arranged as the 
cathode in a cell containing 0.1 N H.SOy+-3 mg As /liter as 
the electrolyte. 

The data indicate that a temper at about 500°F pro- 
vides minimum susceptibility to cracking by hydrogen em- 
hrittlement for high levels of hardness. Maximum susceptt- 
bility to stress corrosion cracking and hydrogen embrittle- 
ment results from a temper at about 800 to 1000° F. 

Delta ferrite minimizes the tendency for stress corrosion 
cracking by narrowing the range of tempering temperatures 
which produce susceptibility, and by interfering with crack 
propagation. (ASM-SLA Classification: R/, Q23, J29, SS) 


maw, J & 


INTRODUCTION 

ANY metals and alloys are known to be susceptible to stress 

corrosion cracking, that is, cracking which is attributable to 
the combined action of a static tensile stress and a corroding environ- 
ment. Generally, the stress involved in a stress corrosion failure is a 
residual stress resulting from cold forming, welding, or some other 
processing operation, but external tensile stresses encountered in 
service may also contribute to this type of failure. 

Franks, Binder and Brown (1)' have suggested that a “‘limit- 
ing’ or “‘threshold”’ stress must be exceeded before stress corrosion 
cracking will occur. The magnitude of this stress may be consider- 
ably less than the yield strength. 

A variety of environments have been found to promote stress 
corrosion cracking (2). In general, these environments are not partic- 


rhe figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, Peter Lillys 
is research metallurgist and A. E. Nehrenberg is supervisor of the Research Lab 

tory, Crucible Steel Company of America, Pittsburgh. Manuscript received 
May 31, 1955. 
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ularly corrosive. Stress corrosion has not been observed in e: 
ments which are severely corrosive and thus produce a rapid, oy 
attack. In the case of the austenitic stainless steels it is general] 
believed that environments containing chlorides are required, by 
some failures have been reported in media which contaii 
chlorides (2). 

The cracking which is observed progresses in a direction which 
is approximately normal to that of the residual or applied tensil, 
stress and may or may not be intergranular in character (3,4). Th 
precipitation of a phase at grain boundaries, such as chromium ca; 
bide in the case of the austenitic stainless steels, or CuAl, in th, 
case of aluminum-copper solid solution alloys, provides grain bound 
ary zones which may be anodic with respect to the grains them 
selves in a particular environment so that localized corrosion can pro 
ceed along the grain boundaries. Such precipitation does not neces 
sarily promote intergranular stress corrosion cracking, however 
Transgranular stress corrosion cracking has been observed in spite 
of the presence of grain boundary precipitation (2,5,6). Conversely, 
in high purity lead and high purity aluminum intergranular stress 
corrosion cracking has been observed although there is no evidence 
of precipitation in the grain boundaries (7). Inasmuch as freedom 
from both intergranular and transgranular stress corrosion cracking 
can be readily obtained by employing an electric current for cathodi 
protection, it seems reasonable to conclude that stress corrosion 
cracking involves an electro-chemical mechanism (3,7,8). This mech 
anism seems applicable to the austenitic stainless steels and man\ 
nonferrous metals and alloys. 

In the case of the hardenable stainless steels, such as the 12% Cr 
martensitic stainless steels, a different mechanism has been proposed 
to explain stress corrosion cracking. Uhlig (9) has demonstrated that 
failure of such a steel by cracking is accelerated, rather than pre- 
vented, by making it the cathode in an electrochemical cell. When 
coupled with anodic aluminum in a 3% NaCl solution, a 12.5% Cr 
stainless steel was observed to crack overnight, for example. Inas- 
much as hydrogen is discharged at the surface of the steel when it 
is the cathode, Uhlig has suggested that this type of failure is more 
properly the consequence of “hydrogen embrittlement.” 

Cracking of 12% Cr martensitic stainless steels, as well as othe 
high strength steels, has been observed when these steels are exposed 
to an aqueous solution of hydrogen sulphide. Under such conditions 
hydrogen is generated by the corrosion reaction, but there is lack of 
agreement concerning the role played by hydrogen. Fraser and Tre 
seder (10) consider that failures in hydrogen sulphide solution are 
stress corrosion failures and that the hydrogen produces additional 
localized stress which accelerates the rate of crack propagation 
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oh the metal. Others argue that the failures observed are the 
-esult of “hydrogen embrittlement” (11,12,13). 

fvidently, more work is required to establish more definitely 
he exact nature of the mechanism responsible for the cracking of 
stressed martensitic stainless steels in various corroding media. Also, 
the effect of tempering temperature on the susceptibility of stressed 
12°; Cr steels to failure in mildly corroding environments appears 
not to have been thoroughly investigated although Badger (14) and 
lhielemann and his associates (15) have published some data which 
ire pertinent. In view of the commercial importance of martensitic 
stainless steels, it seemed desirable to evaluate the effect of tempering 
temperature on the susceptibility of these steels to stress corrosion 
cracking or cracking by hydrogen embrittlement. It was hoped also 
that such an investigation would furnish data which would be useful 
in providing a better understanding of the mechanisms by which 
these steels fail by cracking when exposed in the stressed condition 
to. a mildly corrosive medium. 


MATERIAL 


During the course of this investigation a considerable number 
of commercial heats of Types 410, 420, 422 and 436 stainless were 
studied. The analyses of two or three representative heats of each 
of these types of hardenable stainless steel are shown in Table I. 
All of the steels were obtained in the form of hot rolled bars of 
various sizes. ‘These bars were forged to rectangular bars 54 inch 
x 44 inch, a convenient size for the specimens which were to be 
used for this investigation. The bars were annealed by a subcriti- 
cal temper to soften them adequately for easy machining. 


PROCEDURE 


The test procedure employed during the early stages of this 
investigation was the same as that described by Scheil (4). Test 


Table I 


Compositions of Representative Steels 

eel Type [ Mn Si Ni C1 V W Mo 
Al 410 0.10 0.50 0.33 0.44 12.60 0.27 
A2 410 0.08 0.47 0.38 0.36 12.26 0.28 
\3 410 0.09 0.39 0.54 0.37 13.14 . 0.28 
Bl 422 0.23 0.87 0.14 0.70 13.16 0.25 1.02 1.01 
; 422 0.20 0.79 0.44 0.76 12.89 0.31 1.05 1.26 
5 422 0.19 0.83 0.28 0.73 13.13 0.34 1.11 1.03 

a 420 0.34 0.42 0.34 14.82 

C2 420 0.18 0.45 0.37 - 13.15 
I 436 0.16 0.41 0.39 2.10 12.67 3.04 0.18 
436 0.15 0.34 0.38 2.03 13.39 3.22 0.12 


“Chromium content is outside standard range 12.0/14.0 
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Fig. la—Stress Corrosion Test Assembly Showing Simple Beam with Single Point 
Loading. Type A-1 strain gage mounted on test specimen. Test specimen with \% inch se 
tion cut off one end for hardness measurements. In foreground. 


specimens 0.500 x 0.125 x 4 inch were stressed by bending and th 
magnitude of the stress produced was measured by employing Typx 
A-1 SR-4 resistance strain gages. These strain gages have a gage 
length of 13/16ths of an inch. Thus, the measured stress is the aver- 
age stress over this gage length. The test assembly is illustrated by 
Fig. la. 

After the test specimens were bent to obtain the desired stress 
level the strain gages were removed, the test assembly was washed 
thoroughly in soap and water, dried in alcohol and degreased in 
carbon tetrachloride vapor. Most of the assembly was then coated 
with paraffin wax to minimize contact corrosion and to prevent cor- 
rosion of the specimen holder. Only the outer surface opposite the 
fulcrum where the fiber stress was a maximum was left exposed. The 
total length of this exposed surface was about 1 inch. 

This test assembly was then placed in a salt spray cabinet and 
exposed to an atmosphere of 5% NaCl until failure occurred, or 
until 75 days had elapsed without failure. 

A specimen was considered to have failed when visible cracking 
or actual fracture was observed. In the case of the specimens most 
susceptible to stress corrosion cracking, it was found that the rate of 
crack propagation was very high with the result that the times for 
appearance of visible cracking and for fracture were nearly the same. 
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Fig. 1b—Stress Corrosion Test Assembly Illustrating Modified Procedure. Stress is 
letermined on test specimen (bottom) by means of dummy specimen (top) on which a Type 
\-1 strain gage is mounted. The two nuts separating specimens are 0.200 inches thick. Ful- 
is 0.200 inch in diameter. 
In the case of the specimens less susceptible to stress corrosion 
cracking the rate of crack propagation was much less rapid. Each 
specimen was examined daily for evidence of cracking except on 
weekends. 

The mounting of strain gages on each test specimen was found 
to be time consuming. Inasmuch as several hundred specimens were 
to be tested during the course of this investigation, it seemed desir- 
able to try to simplify this procedure. It was found that the proce- 
dure illustrated by Fig. 1b could be used to eliminate the necessity 
for mounting strain gages on each test specimen. This simply in- 
volves bending a dummy specimen on which a strain gage is mounted 
the same amount as the test specimen. Under these conditions, 
the stress measured in the dummy specimen is the same as that in 
the test specimen. This is accomplished by inserting two nuts and a 
fulcrum of the same thickness between the dummy and the test spec- 
imen as illustrated by Fig. 1b. Stress is applied to the test specimen 
as in the earlier procedure by turning the nuts in contact with it to 
produce bending. Then, the dummy specimen is brought tight 
against the two nuts separating it from the test specimen. Inasmuch 
as the dummy specimen and test specimen are then equidistant from 
each other the outer fiber stresses are the same. After the test piece 
is stressed in this way to the desired value, the dummy specimen is 
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removed and used again in stressing another specimen. This methoc 
was found to be reproducible within 2% in the range 70,000 ¢¢ 
100,000 psi. For stresses below 70,000 psi, the procedure des 
earlier was used. The fulcrum used for bending a particular test 
imen was made from the same material and heat treated in ¢| 
same manner as the test specimen. 

The two methods of measuring the fiber stress described 
and illustrated by Figs. la and 1b were checked occasionally agains; 
each other, and it was found that the time for failure for a particula; 
level of stress and for a given heat treatment was essentially th, 
same. 


Ve 


The test specimens employed in this investigation were ma 
chined from the annealed flats to 0.600 x 0.225 x 4 inch austenitized 
at appropriate temperatures, oil-quenched and tempered for 2 hours 
at temperatures in the range 300 to 1200°F. For Type 410 a 1 hour 
austenitizing at 1800°F was employed. For Type 420 the austeni 
tizing treatment consisted of a 1 hour heating at 1850°F. Types 
422 and 436 stainless were austenitized at 1900°F for 1 hour. 

After being austenitized, oil-quenched and tempered, the test 
specimens were ground to final size, that is, 0.500 x 0.125 x 4 inch, 
and were abraded on dry belt grinders to obtain a #120 grit finish 
Hardness measurements were made on a )&% inch length cut from 
each test piece as illustrated by Fig. 1. Some of the failed specimens 
were subjected to metallographic examination. 

In order to evaluate the susceptibility of the hardenable stain 
less steels to hydrogen embrittlement, test specimens which were 
prepared and stressed as described above were immersed as the 
cathode in a solution of 0.1 normal sulphuric acid containing 3 mg 
of arsenic per liter of solution (16). The potential across the cell 
amounted to 3 volts and the current used was 0.6 ampere. The speci 
mens were observed continuously while current was flowing through 
the cell and the time for failure by cracking was noted. When no 
failure was observed after 3 hours of exposure, the test specimen was 
removed from the assembly and immersed in a beaker of water at 
200°F to produce effervescent bubbling as evidence that the speci 
men actually had absorbed hydrogen. 

The stress levels employed for both the stress corrosion and 
hydrogen embrittlement studies were selected to lie in the vicinity 
of, or below, the elastic limit. It seemed desirable to avoid using 
stresses which would produce significant amounts of plastic deforma- 
tion. The stress level used for the Type 410 specimens was 70,000 
psi. For the higher strength steels, Types 420, 422 and 436, a stress 
of 100,000 psi was applied. 

The amount of delta ferrite in the microstructures of some ol 
the steels studied was evaluated quantitatively by lineal analysis 


(17). 
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RESULTS 


Effect of Tempering Temperature and Microstructure 


Typical stress corrosion data for Types 410, 420, 422, and 436 
stainless are summarized in Tables II, III, IV and V, respectively. 
The data indicate that each of these steels is most susceptible to 
stress corrosion cracking when it is tempered at about 900°F. Speci- 
mens in the as-quenched condition, those tempered at 700°F or less, 
and those tempered at temperatures of 1100°F or higher showed no 
evidence of failure after 75 days exposure to the salt atmosphere. 

Also, the data indicate that the susceptibility to stress corrosion 
cracking is minimized when 5 to 10% delta ferrite is present. The 
data of Table II show, for example, that a heat of Type 410 stainless 
which contained no delta ferrite, steel Al, failed by stress corrosion 
cracking when it was tempered at temperatures of 800, 900, 950 and 
1000°F. On the other hand, steels A2 and A3 which contained 5 and 
10% delta ferrite respectively, failed only when a 900°F temper was 
employed. Furthermore, the time required for failure after a 900°F 
temper is much greater when 5 to 10% delta ferrite is present. 

The data in Tables IV and V indicate that delta ferrite tends 
to minimize the susceptibility to stress corrosion cracking in Types 
422 and 436 stainless also, but the effect of delta ferrite is not as 
creat as was observed for Type 410. 

Type 420 stainless contains no delta ferrite, and the data of 
Table III indicate that this steel, like Type 410, containing no delta 
ferrite, is susceptible to stress corrosion cracking after a temper at 
temperatures in the range 800 to 1000°F. 

Many of the specimens which failed by stress corrosion cracking 
were examined metallographically to ascertain the nature of the 
cracking produced. It was found that the cracking was intergranular 
when a tempering temperature of 950 to 1100°F had been employed. 
Typical intergranular cracking in a steel containing no delta ferrite 
is illustrated by Fig. 2. Note in the upper left corner of the micro- 
graph that there is evidence of precipitation in a prior austenite 
grain boundary. The minimum tempering temperature for evidence 
of grain boundary precipitation in the steels of this investigation was 
found to be 850°F. With increase in tempering temperature above 
850°F precipitation at the former austenite grain boundaries became 
more prominent. After a 950°F temper there was an almost continu- 
ous network of grain boundary precipitation. The etching solutions 
employed for these examinations consisted of dilute concentrations 
of HCl in 5% picral. Such solutions are known to be particularly 
sensitive to carbide precipitation in steels of this general type (18). 

When the tempering temperature is high enough, the steels be- 
come immune to stress corrosion. Specimens tempered at tempera- 
tures just below the minimum temperature for immunity to stress 
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Table II 
Effect of Tempering on the Susceptibility of Type 410 to Stress Corrosion Cra, ig 
All specimens were oil-quenched from 1800°F, tempered at indicated temperatures 
stressed at 70,000 psi and tested in an atmosphere of 5% NaCl. 
Steel Al 0% Ferrite* Steel A2 5% Ferrite Steel A3 10% 
lempering Time in Days Time in Days Tin : 
Temperature R« F* NF** Re F NF Re I Ni 
700°F 40 75 38 75 39 c 
75 75 5 
800° F 41 53 38 75 39 5 
75 75 5 
900° F 42 6 40 50 39 30 
9 75 
950°F +1 11 39 75 38 
3 75 ; 
1000°F 34 11 34 75 34 s 
11 75 
1050°F 28 75 27 75 27 
75 75 


*This steel in the as-quenched condition and when tempered at 300; 400; 500 and 600°} 
not fail in 75 days under the same testing conditions 

**i Failure by cracking 

NF—No Failure; test discontinued 


Table III 
Effect of Tempering on the Susceptibility of Type 420 to Stress Corrosion Cracking 


All specimens were oil-quenched from 1850°F, tempered at indicated temperatures { 
stressed at 100,000 psi and tested in an atmosphere of 5% NaCl. 


or 2? 


Steel C1* Steel C2* 
rempering Time in Days Time in Days 
lemperature Ri F* NF** Re F NF 
700°F 50 75 45 75 
800° F 50 4 46 13 
900°F 51 Lé 47 1 
1000°F 39 6 35 5 
1100°F 31 75 29 75 


*These steels in the as-quenched condition and when tempered at 300; 400; 500 and 600°! 
did not fail in 75 days under the same testing conditions. 

**F Failure by cracking 

NF—No Failure; test discontinued. 


Table IV 
Effect of Tempering on the Susceptibility of Type 422 to Stress Corrosion Cracking 


All specimens were oil-quenched from 1900°F, tempered at indicated temperatures for 2 |! 
stressed at 100,000 psi and tested in an atmosphere of 5% NaCl. 


Tempering Steel B1 0°) Ferrite Steel B2 6% Ferrite Steel B3 10°, Ferrite 
Time in Days Time in Days Time in Days 
remperature R« fk * NF* Re F NF Re F NI 
700°F 47 75 
75 
950°F 19 2 50 6 48 3 
2 9 8 
1000°F 46 3 44 & 45 9 
4 7 9 
1050°F 40 s 41 75 40 15 
9 75 id 
1100°F 38 21 38 75 36 i) 
32 75 i) 
1200°F 33 120 
2¢ 


*F —Failure 
NF—No Failure; test discontinued. 
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Table V 
ct of Tempering on the Susceptibility of Type 436 to Stress Corrosion Cracking 


pecimens were oil-quenched from 1900°F, tempered at indicated temperatures for 2 hours 
it 100,000 psi and tested in an atmosphere of 5% NaCl 


Steel D1 0% Ferrite Steel D2 5% Ferrite 

lempering Time in Days Time in Days 
femperature R¢ FF * NF* Rx k NF 
700°! 46 75 15 75 
75 75 

900°F 47 5 47 11 
3 75 
1000°F 41 22 41 75 
75 75 
1050°F 38 75 38 75 
75 75 
1100°F 34 75 33 75 
75 75 

Failure 


No Failure; test discontinued 
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Fig. 2—Steel Al (Type 410) Oil-Quenched from 1800°F and 
Tempered at 1000°F. Specimen stressed at 70,000 psi and tested in 
an atmosphere of 5% NaCl. Specimen failed in 11 days. Top of 
micrograph tension side. Etched in 5% picral + 0.5% HCl. 500. 
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Fig. 3—Steel B1 (422 0% ferrite) Oil-Quenched from 2100°F to Produce Grain Coarse 
ing. Tempered at 1100°F. Specimen stressed at 100,000 psi and tested in an atmospher 
5% NaCl. Specimen failed in 15 days. Unetched. X75. 
corrosion cracking were found to exhibit general corrosion as well as 
intergranular cracking. This is illustrated by Fig. 3. 

The cracking produced in the specimens tempered at 900°F was 
observed to be both intergranular and transgranular. The mode of 
cracking for the specimens tempered at 800°F could not readily be 
evaluated since the etchants employed did not adequately develop 
the grain boundaries and grain structure. 

One effect of delta ferrite as mentioned previously is to restrict 
the range of tempering temperatures which promote stress corrosion 
cracking. Fig. 4 illustrates this effect. Type 422 containing no delta 
ferrite when tempered at 1050°F failed by intergranular cracking 
when stressed to the 100,000 psi level and exposed to the salt spra) 
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Fig. 4—Effect of Delta Ferrite on Stress Corrosion Cracking of Type 422. Specimens 
were austenitized at 1900°F, oil-quenched, tempered 2 hours at 1050°F, stressed to 100,000 


psi and exposed to 5% NaCl spray. Top of photo micrograph is tension side. Unetched. X75. 
Steel B1 No Delta Ferrite Failed in 8 days; (b) Steel B3 10° Delta Ferrite No Failure 
ter 75 days 


atmosphere. Type 422 stainless containing 10% delta ferrite did not 
fail when tempered at the same temperature and tested under the 
same conditions. Corrosion pits were observed, as Fig. 4b indicates, 
but there was no evidence of intergranular cracking. 

It has also been mentioned that delta ferrite increases the time 
required for failure by stress corrosion cracking. Fig. 5 suggests an 
explanation for this observation. It appears that the ferrite inter- 
rupts crack propagation. Note that in several instances in this single 
micrograph cracking appears to have been stopped when a ferrite 
grain was encountered. Actually, the crack probably changes direc- 
tion when it comes in contact with the delta ferrite. It would seem 
reasonable to expect that the rate of crack propagation would de- 
crease when the crack deviates from the direction which is normal to 
the applied stress. 
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Fig. 5—Steel A3 (410, 10% ferrite) Oil-Quenched from 1800°F 
and Tempered at 900°F. Specimen stressed at 70,000 psi and tested 


in an atmosphere of 5° NaCl. Specimen failed in 30 days. Top ot 
micrograph is tension side. Etched in 5% picral + 0.5% HCl. «1000 


lig. 6 indicates that delta ferrite minimizes the amount of pre 
cipitation in the former austenite grain boundaries. When there is no 
delta ferrite present the prior austenite grain boundaries are clear! 
outlined with a precipitate, presumably carbide, after a temper 
950°F as Fig. 6a indicates. When delta ferrite is present there is littl 
precipitation in the former austenite grain boundaries. (Fig. 6b 
There are two reasons for this observation. In the first place, when 
delta ferrite is present there is a tendency for the precipitation to 
occur preferentially at the ferrite former austenite grain boundaries 
This was observed not only in the present investigation but in earlie1 
investigations as well. Secondly, when delta ferrite is present the 
austenite grain size is smaller at a given austenitizing temperature so 
that a given amount of precipitate will be less concentrated when 
distributed over a greater grain boundary area. The grain size of th 
steel of Fig. 6a is about ASTM No. 5 compared with a grain size 0! 
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Fig. 6-—Effect of Delta Ferrite on Precipitation at Parent Austenite Grain Boundaries 
Specimens austenitized at 1800°F, oil-quenched and tempered at 950°F 2 hours. Etched in 
5 picral + 0.1% HCi. 1000. (a) Steel Al (410) No Delta Ferrite; (b) Steel A3 (410) 10% 
Delta Ferrite 





ibout ASTM 7 or 8 for the steel containing delta ferrite illustrated 
by Fig. 6b. No effort was made during the course of this investiga- 
tion to ascertain the effect of grain size on susceptibility to stress cor- 
rosion cracking. It is planned that the effect of grain size will be ex- 
plored in the work on stress corrosion cracking which is to be con- 
tinued. 


EFFECT OF HYDROGEN LIBERATED DURING CORROSION 


It might be argued that the failures which have been described 
are attributable to hydrogen embrittlement rather than to stress 
corrosion. In an attempt to resolve this issue the following experi- 
ment was carried out. Specimens of Steel Al (Type 410) which was 
known to fail by cracking in about 7 days when tempered at 900°F, 
stressed to the 70,000 psi level and exposed to the 5% salt spray at- 
mosphere were used. Specimens of this steel were removed after ex- 
posures to salt spray of 4%, 1% and 3 days and were baked at 400°F 
for 2 hours to remove any hydrogen which may have been produced 
by the corrosion occurring during the initial exposure and absorbed 
by the specimen. The specimens were then returned to the salt spray 
cabinet for further exposure. If hydrogen embrittlement were in- 
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Table VI 
Tests to Determine if Hydrogen Embrittlement is a Factor 
in Stress Corrosion Cracking of Type 410 








Specimens of steel Al were oil-quenched from 1800°F, tempered at 900°F for 2 hoy 
at 70,000 psi and tested in an atmosphere of 5% NaCl. Control samples were exposed co; 
until failure. Other specimens were removed after indicated times, baked at 400°F fo) 
restressed to 70,000 psi and returned for further exposure in salt atmosphere until failyr; 


Time in Test Before Total Time for Failure 
Removal for Baking, Days in Days 
Control 6, 8, 8 
le ee eS 
1% 5, 6, 6 
3 6 7. 8 


volved it would be expected that the failures would all occur in abo: 
7 days after the specimens were reexposed. It was found, however. as 
Table VI indicates that the specimens failed at various times wit] 
the result that the sum of the two exposure times equalled about 7 
days, the time required for failure during continuous exposure. || 
seems reasonable to conclude, therefore, that hydrogen liberated }\ 
the corrosion process is not an important factor in the cracking fail 
ure of these steels. The failures which have been described so far are 
perhaps best designated as stress corrosion failures. 


HYDROGEN EMBRITTLEMENT 

There is evidence, however, that the 12% Cr martensitic stain 
less steels may, under some conditions of exposure, fail by hydrogen 
embrittlement (9,19). It seemed of interest, therefore, to ascertain i! 
susceptibility to hydrogen embrittlement, like susceptibility to stress 
corrosion cracking is affected by variations in tempering tem 
perature. 

It was found that Type 410, 420 and 422 stainless all showed a 
similar relationship between tempering temperature and suscepti 
bility to hydrogen embrittlement. Only the data obtained for Type 
410 are presented and discussed in this paper. 

Specimens of steel Al stressed to 100,000 psi were charged with 
hydrogen by arranging them as the cathode in a cell containing 0.1 
normal sulphuric acid plus 3 mg per liter of arsenic as the electrolyte 
The time for failure under these test conditions was noted. 

The data obtained are summarized in Table VII. Failure was 
observed to occur in 1 hour or less when the specimens were in the 
quenched condition, or tempered at temperatures of 1000°F or less 
With increasing tempering temperature up to 500°F the time for 
failure increased. With a further increase in tempering temperature 
from 500 to 850 or 900°F the time for failure decreased. Finally, as 
the tempering temperature was increased above 900°F the time for 
failure again increased. No failures were observed after 3 hours ol 
exposure when a tempering temperature of 1050°F or higher was 
employed. 
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_ Table VII 
Effect of Tempering Temperature on the Susceptibility 
of Type 410 to Hydrogen Embrittlement 
mens of Steel Al oil-quenched trom 1800°F and tempered at indicated temperatures for 
Specimens stressed at 100,000 psi and tested in 0.1 N HeSO4 + 3 mg arsenic/liter of solutio 


les of a ce 


ring Hardness lime For Failure 
ture Re In Minutes Type of Failure 
Jone 43 16 lransgranular 
00°F 42 28 lransgranular 
100°F 41 40 lransgranular 
00°} 40 60 lransgranular 
600°] 39 40 lransgranular 
00°F 40 30 rransgranular 
g00°F 41 1S lransgranular 
g50°F 42 5 Transgranular 
Intergranular 
900°F 42 5 Transgranular 
Intergranular 
950°F 41 20 rransgranular 
Intergranular 
1000°F 34 40 Intergranular 
1050°F 28 No Failure 


Also, it is of interest that the mode of cracking varies with tem- 
pering temperature. The failures were entirely transgranular for 
tempering temperatures of 800°F or below. Cracking was partly 
transgranular and partly intergranular when an 850 to 950°F temper 
was used. The specimens tempered at 1000°F failed only by inter- 
eranular cracking. These three modes of cracking are illustrated by 
Figs. 7a,7b and 7c, respectively. 


DISCUSSION OF RESULTS 

The data of Table VII are plotted as the upper curve of Fig. 8. 
(he lower curve indicates the effect of tempering temperature on the 
room temperature Izod impact values for Type 410. The similarity 
in shape of the two curves is striking. It has been demonstrated by 
\\lingler and his associates (20) that the shape of the impact versus 
tempering temperature curve for 4340 can be related to the changes 
which occur during tempering. Similarly, then, it should be possible 
to relate the shape of the impact and hydrogen embrittlement sus- 
ceptibility curves to the various stages of tempering in the 12% Cr 
steels. 

Klingler et al (20) found that the peak which occurs at about 
{00°F for 4340 when the tempering time is about 1 hour corresponds 
with the end of the first stage of tempering or the start of the third 
stage (cementite formation). As increasing amounts of cementite 
lorm during tempering of martensite at increasing temperatures 
above 400°F the impact values for 4340 and other low allov steels 
decrease until minimum values are obtained after a temper in the 
range from about 500 to 700°F. There is an increase in impact values 
with increasing tempering temperature above about 700°F and this 
seems to be associated with the agglomeration of cementite. 
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Fig. 7— Effect of Tempering Temperature on the Mode of Cracking of Type 410 Charged 
with Hydrogen. Specimens of steel Al austenitized at 1800°F, oil-quenched and tempered at 
indicated temperatures for 2 hours. Specimens stressed at 100,000 psi and charged wit! 
hydrogen in a solution of 0.1 N sulphuric acid containing 3 mg of arsenic per liter of solutio 
(a) failed in 30 minutes (b) failed in 5 minutes (c) failed in 40 minutes. Top of photo micro 
graph is tension side. Etched in 5% picral + 5% HCl. 500. (a) 700°F; (b) 850°F; 
1000°F. 


The shape of the impact versus tempering temperature curve 
for Type 410 stainless follows the same general pattern. The peak for 
Type 410 occurs after a 1 hour temper at 500°F instead of 400°F and 
the minimum value is obtained after a temper at 900°F, rather than 
at 500 to 700°F. Dilatometric work which need not be reported here 
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Fig. 8—Effect of Tempering Temperature on the Notch Impact Strength 

and Susceptibility of Type 410 to Hydrogen Embrittlement Average of impact 

values tor ten commercial heats of 410 
has indicated that the third stage of tempering starts at about 500°F 
lor Type 410 stainless (21). Thus, in this steel also it appears that 
the initial decrease in impact value with increasing tempering tem- 
perature is associated with the early stages of cementite formation. 
[he cementite reaction seems virtually complete, on the basis of 
dilatometric evidence, when a tempering temperature of about 600 
to 650°F is reached, so the continued lowering of impact values with 
increasing tempering temperature above these temperatures cannot 
be attributed to continued cementite formation. 

The hardness versus tempering temperature curves shown in 
lig. 9 indicate that secondary hardening is observed when the mar- 
tensitic stainless steels are tempered at temperatures above about 
700°F. It seems reasonable to attribute this secondary hardening to 
the formation of a coherent chromium carbide. The maximum 
amount of secondary hardening occurs on tempering at 850 to 900°F. 
Uhis treatment produces the minimum impact values. With increas- 
ing tempering temperature above 900°F the hardness drops off rap- 
idly and the impact values increase abruptly. This softening is attrib- 
utable to loss of coherency. 

It has been observed that chromium retards the softening of 
steels during tempering in the third stage by retarding the coales- 
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Fig. 9—-Plot of Hardness Versus Tempering Temperature for Type 410 
420 and 422 


cence of the cementite particles (22). This may be a factor which 
contributes to part of the plateau at 500 to 700°F in the hardness 
versus tempering temperature curves. 

In an earlier section of this paper it was mentioned during the 
discussion of microstructures that the lowest tempering temperature 
which produced grain boundary precipitation detectable by a light 
microscope is 850°F. This precipitate presumably is an incoherent 
chromium carbide. It appears that a somewhat higher tempering 
temperature is required to produce general precipitation of the 
chromium carbide throughout the matrix, and softening. 

The association between microstructural changes on tempering 
and mode of cracking by stress corrosion and hydrogen embrittle- 
ment does not seem to be well defined. Evidence of precipitation in 
the parent austenite grain boundaries could be detected after a 
temper at 850°F. Cracking which was exclusively intergranular was 
not observed until after a 950°F temper in the case of the specimens 
exposed to the 5% NaCl atmosphere, and after a 1000°F temper for 
the specimens subjected to hydrogen embrittlement. 


SUMMARY AND CONCLUSIONS 


Specimens of hardened Types 410, 420, 422 and 436 stainless 
were tempered at various temperatures in the range 300 to 1200°F, 
stressed by bending to a stress level generally well below the elastic 
limit and were subjected to stress corrosion and hydrogen em- 
brittlement. 

For the stress corrosion studies an atmosphere of 5% NaCl was 
employed. It was found that these steels when free from delta ferrite 
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re susceptible to stress corrosion cracking when tempered in the 
range 800 to 1000°F. Delta ferrite minimizes the tendency for stress 
corrosion cracking in these steels by narrowing the range of temper- 
ing temperatures which produce susceptibility to stress corrosion 
cracking and by interfering with crack propagation. The tempering 
temperature which produces maximum susceptibility to stress cor 
rosion cracking is 900°F. 

It was also shown that the times for failure by hydrogen embrit- 
tlement vary with tempering temperature in the same manner as 
impact values vary with tempering temperature in these steels. For 
high levels of hardness, minimum susceptibility to failure by hydro- 
cen embrittlement results from a temper at about 500°F. Maximum 
susceptibility was observed when 850 or 900°F is employed for the 
tempering. These variations in susceptibility seem to bear a definite 
relationship to the various stages in the tempering process. The tend- 
ency for hydrogen embrittlement in the steel heat treated to high 
strength levels is a minimum at the temperature at which cementite 
begins to form (500°F) and is a maximum at about the temperature 
it which an incoherent chromium carbide begins to form at the par- 
ent austenite grain boundaries. 

This investigation has indicated that the 12°, chromium stain- 
less steels can be made to fail by hydrogen embrittlement, as other 
investigators have previously reported, when they are tempered at a 
temperature of 1000°F or lower. Failures were also obtained by 
exposing these steels to a 5° NaCl atmosphere. It does not neces- 
sarily follow, however, that these failures must also be the result of 
hydrogen embrittlement. The failures observed in salt spray are 
considered to be stress corrosion failures. During the tempering 
process chemical inhomogeneities are developed along crystallo- 
graphic planes and at parent austenite grain boundaries so that 
localized corrosion by the electrochemical mechanism is possible. 
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DISCUSSION 


Written Discussion: By D. K. Hanink, chief metallurgist, Allison Div 
General Motors Corp., Indianapolis, Indiana. 
The clear and concise manner in which the authors have presented the resul' 


of their carefully conducted investigation increases the importance of their work 
ly 
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proper that this discussion should be limited to our experience with gas 
e engine compressor blading since the thermal treatments currently being 
mav seem to contradict conclusions reached by the authors. 
lt has been recognized for some time that the choice of thermal treatments o1 
c stainless steels is governed by many factors influenced occasionally by the 
ed manufacturing procedures dictated by the particular part being made. 
Vl often however, processing procedures can be the result of determining r 
d durability after making an accurate appraisal of the component under 
lated operating environment. Then, recognizing these requirements, a suit 

ompromise may have to be determined which will produce an overall com 
tion of acceptable properties. 

sper ifically, if we « onsider Type 410 steel one of the materials covered in this 
per and which is currently a popular gas turbine compressor blade alloy, we 
to make the following comments based on extensive bench vibration fatigue 


( in both air and corrosive sea water fog atmosphere: 
Generally, regardless of thermal treatment, cracking can be produced through 


urface corrosion pits before the material exhibits an intergranular type 


ot stress Ce rrosion. 


Atk ATMOSPHERE 
) In comparing new blades processed with 1100 to 1025°F tempering tempera- 
tures we find: 
(a) 1100°F tempered blades are 21% lower in endurance strength. 
(b) In comparing used blades the 1100°F tempered parts were 7°% 


lower in endurance strength. 


CORROSION ATMOSPHERI 
Per ASTM D1141-52 Temperature 92°F — 97°F. 
(a) Comparing 1100°F tempered new blades, the endurance strength 
was 10% higher. 
(b) Comparing 1100°F tempered used blades, the endurance 
strength was 16% lower. 

§. The improvement of endurance limit in corrosive atmosphere representing 
the 1100°F tempered blades could not be attributed to the higher damping 
capacity since the actual engine running air damping minimizes influence 
of initial damping capacity of material. 

\fter examining these test results it became obvious that to improve cor 
rosion resistance of blading there might also be sacrifice in fatigue strength. 
Since it was also recognized that cracking was generally associated with the 
corrosion pits, it was decided that possibly superficial stresses imposed by 
finishing operations after thermal treatment were a major contributing factor. 
A stress relief of 950°F after finishing seems to have eliminated residual sur 
face stresses which with superimposed dynamic stress during operation was 
accelerating corrosion susceptibility. 

This experience suggests that a strict extrapolation of test results, such as 
vered in this paper, may not be justified. This is particularly true in consider- 
ition of the lower dynamic stresses experienced in actual blade application, and 
the higher static stress of 70,000 psi used on Type 410 steel in this investigation. 
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It has become apparent with development of this and other additiona! }ya, k 
ground data that further major improvement in blade durability requires sorioy. 
consideration of higher chromium content and nickel bearing alloys of highe, 
fatigue endurance limits without accompanying deterioration under cor; 
environment. 


SIVE 


Written Discussion: By V. W. Cooke, Materials Development Laboraton 
Pratt & Whitney Aircraft, Division of United Aircraft Corp., East Hartford 
Conn. 

We wish to compliment the authors and their associates upon their excelle;: 
presentation of data regarding stress-corrosion and hydrogen embrittlement oj 
the hardenable stainless steels. The fact that this class of very useful steels js 
subject to stress-corrosion type failure has been of quite some concern to th 
aircraft industry. We have conducted a parallel series of tests over a period of 
some years, although with slightly different techniques. PWA tests employed 
threaded tensile specimens loaded in cages and subjected to 20% salt spray at 
95°F, so that the conditions were probably more severe than those of the Crucib\ 
strip tests. Our tests essentially confirm the results in this paper; namely, that 
maximum susceptibility to stress-corrosion cracking occurs when these steels hav: 
been tempered in the 800 to 1000°F range. This does not mean that they are fre: 





Fig. 10— Microstructure of Crucible 422 Stainless Steel Disk: Stress-Corrosion Specimen 
from This Heat Failed in Nine Days at 100,000 psi. 100. Etchant: Vilella’s Reagent. 


from danger when tempered in most favorable ranges, however, since the time to 
failure merely takes longer. The limiting time of 75 to 120 days used for both in- 
vestigations could mean little compared to actual service life of parts. Also, we 
feel that it is not fair to generalize that delta ferrite minimizes the tendency for 
stress-corrosion cracking. It is agreed that if the stress is applied in such a manner 
as to propagate cracks transverse to the grainflow, ferrite may have a beneficial 
effect. However, if crack propagation is parallel to the grainflow, delta ferrite 
appears to offer no benefit. An example of random ferrite orientation is shown in 
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rig. 10a photomicrograph of a Crucible 422 disk section. This specimen has 
.pproximately 5% delta ferrite, and failed in salt spray tensile test in 9 days at 
100 10 psi. This disk has been tempered at 1200°F to Rockwell C-32-34. 

One further comment, in case anyone feels that salt spray tests are too severe, 
we also found that cracking could occur on tensile specimens subjected to a plain 

imidity environment, although times to failure were longer. 

\s indicated by the authors, some PWA data are reported by Thielemann et 
4] in reference 15. A more recent presentation has been given by H. J. Noble and 
\V. H. Sharp at the SAE meeting in Atlantic City in June 1955. 

Despite the accumulation of test data I am left with the feeling that we still 

ot have a good answer to the problem. If some heats are more resistant to 
stress-corrosion than others, it should be possible to produce an overall improve- 
ment if we can obtain a better idea of the mechanism involved. If the difficulty is 
truly one of chromium carbide particle size and distribution, we might be able to 
mprove this by columbium additions and perhaps heat treat variations. What 
few tests we do have on a columbium bearing steel do not indicate such a solution. 


Written Discussion: By Julius J. Harwood, head, Metallurgy Branch, Of- 
fice of Naval Research, Washington, D. C. 

This paper by Messrs. Lillys and Nehrenberg is an excellent report of experi- 
mental data which is highly valuable for achieving a better understanding of 
cracking of the martensitic stainless steels in certain environments. Data concern- 

ng the correlation between metallurgical structure and cracking tendencies has 
been sorely needed and this paper is, therefore, a valuable contribution to this 
subject. The cracking of the 12% chromium and other martensitic stainless steels 
is becoming an important problem and the present expedient of tempering at high 
temperatures (~1100°F), while it apparently solves the cracking problem, does 
not permit taking advantage of the higher strength potentialities of these steels 
ind often places them in an unfavorable competitive position with respect to 
other materials. 

The question of whether the cracking of the martensitic stainless steels in 
chloride and other environments is due to hydrogen embrittlement or stress-cor- 
rosion cracking is a most intriguing one and the critical and definitive experiments 
are yet to be performed to resolve this issue. In this respect, the results of the 
baking experiments reported by the authors are not sufficient to draw the con- 
clusion that hydrogen liberated by the corrosion process is not a contributing 
factor in the cracking failure of these steels. The fact that the same cracking times 
(about 7 days) in salt spray tests were found for specimens which were continu- 
ously exposed and for those which were given baking treatments at various time 
periods is no conclusive argument against the possibility of hydrogen playing a 
role in the cracking process. Indeed, the results which were obtained in this set of 
experiments are what might be expected. 

There is increasing evidence that the causative agent in promoting brittle 
stress-corrosion cracking and related phenomena plays its greatest role shortly 
before final failure occurs.* This is particularly true of those alloys or of those ex- 
perimental conditions in which once the crack is initiated, it is rapidly propagated 
through the specimen. For example, it has been shown, in some cases of stress- 
corrosion cracking, that the time to failure was the same for specimens which were 





*J. J. Harwood, “The Phenomena and Mechanism of Stress-Corrosion Cracking,’ to be 
published in Symposium on Stress-Corrosion Cracking by Electrochemical Society. 
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stressed throughout the test as for those for which the stress was appli: 
before failure occurred.’ These findings are of some significance to thx 
tions of Messrs. Lillys and Nehrenberg. It appears that the major port 
time required for the initiation of stress-corrosion cracking is associated 
time necessary to develop a corrosion fissure of critical length and radiy 
to establish the necessary stress field around the base of the corrosio 


which then triggers the stress-corrosion cracking process. 
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Fig. 11—Influence of Tempering Temperature on Hydrogen Cracking and Stress 
Corrosion Cracking of Type 410 


In the authors’ experiments a similar situation might well prevail. The tim« 
to failure may be, primarily, the time required to develop the necessary conditio 
for the growth of the corrosion fissure and the hydrogen produced by the corrosio: 
reaction would become most effective when a corrosion crack of critical length a 
radius exists. Baking treatments at earlier intervals to remove any hydrog 
which may have been produced would not negate the possibility of the action ol 
hydrogen generated upon the crack surfaces at the critical time in promoting a 
brittle cracking process. Gas analyses to determine the hydrogen content of th 
specimens (in the vicinity of the crack, if possible) before and after exposure to 
salt spray tests may provide some meaningful data to help resolve this matter 
It does not appear, from the data which is currently available, that we can dil 
ferentiate between a hydrogen cracking mechanism or another type of stress 
corrosion cracking mechanism. 

The data reported by the authors contain a point of interest upon which they 
did not elaborate. They showed a striking correlation between impact properties 
and hydrogen embrittlement as a function of tempering temperature. From th 


3C. Edeleanu, ‘“‘A Mechanism of Stress-Corrosion in Aluminum-Magnesium Alloys,’ /ourna! 
Institute of Metals, Vol. 80, 1952, p. 187. 
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data another interesting correlation can be drawn between hydrogen 

¢ and stress-corrosion cracking. In Fig. 11, the data for time to failure of 

{10 in salt spray tests as a function of tempering temperature has been 
nposed upon the authors’ curve of susceptibility to hydrogen cracking. Not 
nsitivity to cracking in salt spray environment is limited to specimens 

ered within the temperature range of 800 to 1000°F which corresponds to 
ame tempering range for maximum susceptibility to hydrogen embrittlement. It 
be noted also that there is a close correspondence between the modes of 
king in the salt spray and hydrogen embrittlement tests, as a function of 


ring temperature, as shown in Table VIII. 


Table VIII 
Influence of Tempering Temperature Upon Mode of Cracking 


Mode of Cracking 


lempering Hydrogen 
Temperature, °F Embrittlement Tests Salt Spray Test 
Up to 800 Transgranular No Failure 
850 lransgranular + 
Intergranular 
900 Transgranular + lransgranular 4 
Intergranular Intergranular 
950 Transgranular +4 Intergranular 
Intergranular 
1000 Intergranular Intergranular 
1050 No Failure No Failure 


These correlations strongly suggest that the structural factors responsible 
the cracking of hydrogen charged specimens are also responsible for promoting 
stress-corrosion cracking in salt spray. Some evidence has been presented by the 
uuthors that cracking may be associated with a grain boundary precipitate, 
vhich they suggest is a chromium carbide. This is quite reasonable and it may be 
postulated, similar to the stress-corrosion cracking of steels in nitrate solutions,‘ 
that the strains at the grain boundary associated with the formation of a coherent 
chromium carbide may sensitize the grain boundary area (make it more anodic) 
ind thus lead to a presusceptibility to intergranular corrosion. This could result 
the development of corrosion fissures of the appropriate length and sharpness to 
rigger the stress-corrosion cracking process. The mixed cracking which was ob 
served might be more closely associated with the propagation of the brittle cracks 
rather than with their initiation. Alternatively, the depletion of chromium from 
the solid solution adjacent to the grain boundaries, as a result of the precipitation 
t the chromium carbide, may also be a factor in making the grain boundaries 
odic and susceptible to intergranular attack. The possibility of hydrogen, pro 
duced as a product of the corrosion reaction, contributing to the cracking process 
annot be completely ignored. 

Che implication that the formation of chromium carbides is associated with 
the susceptibility to stress-corrosion cracking and hydrogen embrittlement leads 
to the interesting speculation of the possible advantageous effects of additions of 
olumbium or titanium to the martensitic stainless steels. If columbium or titani 

is in the case of the stabilized austenitic stainless steels, can retard the 
precipitation of chromium carbide, susceptibility to stress-corrosion cracking 


. R. N. Parkins, ‘‘The Stress-Corrosion Cracking of Mild Steels in Nitrate Solution,” Journal, 
iT d Steel Institute, Vol. 172, 1952, p. 149. 
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might be inhibited also. The decreased cracking susceptibility of martensi; 
stainless steels containing delta ferrite, as reported by the authors, provides som, 
basis for this type of reasoning, since the delta ferrite not only acted as a barrie, 


to the propagation of cracks but also acted to decrease the extent o 
boundary precipitation. 

The results reported in the paper by Messrs. Lillys and Nehrenberg are quit, 
consistent with recent advances in our understanding of the mechanism of stresc 
corrosion cracking,? and the authors are to be commended on their efforts to eo, 
relate structural changes with cracking tendencies. It is hoped that these effort: 
will be continued, since this type of research is essential for arriving at the mech 
anism of cracking in the 12% Cr and other types of martensitic stainless stee! 


RTall 


Written Discussion: By R. H. Gassner, chief metallurgist, and C. ( 
Angstadt, group leader-Metallurgy, Douglas Aircraft Company, Inc., El Segund 
California. 

The authors are to be congratulated for their contribution to the understand 
ing of stress-corrosion and hydrogen embrittlement phenomena in martensiti 
stainless steels. Some results of the writers’ investigation involving low (2%) and 
high (10%) delta ferrite heats of Type 431 stainless steel (hardened by preheating 
at 1400°F for 1 hour, austenitizing at 1875°F for 30 minutes, quenching, and 
tempering at 550°F for three hours) corroborate the authors’ views. However, th 
writers’ data indicate that some of the authors’ deductions require qualificatio: 

The conclusion regarding interruption of crack propagation by delta ferrit: 
is corroborated by the results of tests on specimens embrittled by hydrogen infu 
sion from “protective” austenitizing atmospheres. Diffusion of hydrogen into th 
low ferrite heat caused lower ductility in direct proportion to both hydrogen and 
water vapor content of the austenitizing atmosphere. No ductility loss was evi 
dent in similarly treated specimens from the high ferrite heat. This was con 
sidered a manifestation of the crack deterrent characteristics of the ferrite, rather 
than indicative of absence of hydrogen. 

Slow quenching caused selective grain boundary carbide precipitation similat 
to that observed by the authors on tempering. In specimens from the low ferrit 
heat, the precipitate was distributed throughout all grain boundaries while the 
precipitate in specimens from the high ferrite heat was concentrated at the bound 





Fig. 12—Directional Embrittlement of Slow Quenched Type 431 Stainless Steel 
Containing 10% Delta Ferrite. The bend test specimen fractured after 90° deflection when 
bent across rolling direction and split after 5—10° deflection when bent parallel to the rolling 
direction. The longitudinal charpy V-notch specimen fractured diagonally at 41 ft-lbs. (A 
similarly treated short transverse specimen fractured at 1 ft-lb) 
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‘ries between the ferrite and tempered martensite grains. (The carbides were 
electrolytically extracted and identified by X-ray diffraction as the MasCs type). 

Evaluation of the ductility of slow quenched specimens indicated that the 
srain boundary precipitate severely lowered transverse ductility in the high fer 
-ite heat with no detectable effect on longitudinal ductility. In the low ferrite 
heat, the embrittling effect of the precipitate was detectable in all directions. 
lhese effects are obvious when one considers that the delta ferrite is elongated by 
reduction of the ingot to the finished mill product. Fig. 12 dramatically illustrates 





Fig. 13—Stress-Corrosion Test Specimen 
From Type 431 Stainless Steel Containing 10% 
Delta Ferrite. Failure occurred after 470 hours 
exposure to salt spray per QO-M-151. Note frac- 
ture parallel to direction of applied stress. 


how extreme transverse brittleness may be disguised by good longitudinal ductility. 

lt is considered that the effect of selective grain boundary precipitation on 
ductility should parallel its effect on stress-corrosion cracking. Therefore, the writ- 
ers suggest that the authors’ views regarding the beneficial effects of delta ferrite 
content are applicable to longitudinally stress specimens only. It seems likely that 
resistance to stress-corrosion cracking under transverse stress would be inversely 
proportional to the delta ferrite content. This hypothesis is supported by Fig. 13 
which shows a stress corrosion test specimen from the high ferrite heat which 


cracked longitudinally, parallel to both the direction of rolling and the direction 
of maximum applied stress. 


Authors’ Reply 

lhe authors wish to thank the discussers for their valuable contributions to 
this paper. 

[he authors were pleased that Mr. Cooke’s results essentially confirm those 
reported in this paper. 

We agree with Mr. Cooke that the hardenable stainless steels studied may 
not be free from danger when tempered at temperatures which were found to 
provide immunity to stress-corrosion cracking when a time limit of 75 days of ex- 
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posure to the salt atmosphere is imposed. Steels tempered somewhat al 
susceptibility range of temperatures, although free from cracking after 75 
exposure might be expected to fail after extremely long exposures to 
atmosphere. 

Both Mr. Cooke’s and Mr. Gassner’s observations that the presencs 
ferrite appears to offer little or no benefit to stress-corrosion cracking 
stress is applied normal to the grain flow, is quite interesting. In our st 
stress-corrosion cracking, the stress was applied in such a manner that th 
tion of crack propagation was normal to the ferrite stringers. Under thes: 
tions, the observations of the authors and those of the discussers are in agr: 
as to the beneficial effects of delta ferrite in interrupting crack propagati 
entirely possible as both Mr. Cooke and Mr. Gassner pointed out that 
may not have a beneficial effect, as one might expect on the basis of our 
when the stress is applied such that a crack will propagate parallel to th 
flow. 

We attempted during this investigation to obtain material containing va, 
ing amounts of delta ferrite of a size suitable for extracting specimens for t 
in the transverse direction. However, in all cases the steels contained traces of 
delta ferrite and were of little use in evaluating the effect of delta ferrite wh 
stresses are applied in the transverse direction. Additional work is planned 
study the effect of grain size and delta ferrite on stress-corrosion cracking in bot} 
directions. 

In reply to Mr. Hanink, the data presented in our paper show the effect 
tempering temperature on a single property of the hardenable stainless steels, tha: 
is, their susceptibility to stress-corrosion cracking or hydrogen embrittlement 
when subjected to a static stress. The performance of a component in service wi 
generally depend upon a variety of properties not discussed in this paper. T] 
endurance limit as affected by tempering temperature, notch sensitivity, surfac: 
condition, residual stress level, etc. are among the many factors other than 
ceptibility to stress-corrosion cracking which affect the performance of turbin 
blading. A combination of maximum endurance limit and at the same time, mi 
mum susceptibility to stress-corrosion cracking in a corrosive atmosphere is not 
possible. In general, the endurance limit decreases with increase in tempering 
temperature above 1000°F whereas susceptibility to stress-corrosion cracking d 
creases. Thus, the optimum tempering temperature will be the tempering temper 
ature which affords the best compromise. On the basis of considerations such a 
these, the results reported by Mr. Hanink can be rationalized and we do not se 
anything contradictory in his data. 

In reply to Mr. Harwood, the authors visualize that hydrogen liberated by 
the corrosion process may play an important role in triggering the stress-corrosio 
process once the necessary stress field is established around the base of the corro 
sion fissure. However, this does not preclude the theory that hydrogen may not 
be a contributing factor and that external stresses present produce high stres 
concentrations at the base of the corrosion fissure which tend to tear the meta 
apart at that point and set off the stress-corrosion process. The authors agre: 
therefore, with Mr. Harwood that the baking experiments cannot be tak 
conclusive evidence that hydrogen liberated by the corrosion process is 


contributing factor in the cracking of these steels. Certainly, more work is neces 
sary to establish the role played by hydrogen in the failure of these steels as w’ 
as in other metals. 
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are pleased that Mr. Harwood feels that there is an association between 
ctural changes which occur on tempering and susceptibility to failure by 
en embrittlement and stress-corrosion. Whether this susceptibility is th 
f localized strains associated with the formation of a coherent chromium 
or chromium impoverishment at the prior austenite grain boundaries re 
in Open question just as it does in the case of austenitic steels susce ptibl 
granular corrosion. 
Vir. Cooke and Mr. Harwood suggested that columbium or titanium addi 
) these steels might minimize susceptibility to stress-corrosion cracking and 
ven embrittlement. Our feeling on this matter is that if enough of either of 
trong carbide forming elements is added to prevent the precipitation of 
im carbide on tempering, little or no carbon would be available for harden 
ese steels. Possibly a somewhat smaller addition than that required for com 
te stabilization would result in a reasonable compromise between attainable 


rdness and susceptibility to stress-corrosion cracking and hydrogen embrittle 





AUSTENITIC Fe-Cr-C-N STAINLESS STEELS 


By G. F. Tistnar, J. K. STANLEY AND C. H. SAMANs 


Abstract 

Completely austenitic structures are formed at tem 
peratures above about 2200° F in nickel-free steels containin: 
21 to 33% chromium provided proper additions of carbon 
and nitrogen are made. Rapid cooling retains the austenite 
but on slow cooling 1t decomposes to a mixture of ferrite, car 
bides and nitrides. Completely austenitic structures have 
been produced by casting, by nitrogenizing lower nitrogen 
alloys, and by powder metallurgy techniques. The austeniti: 
structures are moderately strong and hard in the annealed 
state and work harden rapidly. Machining 1s not difficult in 
the ferritic state but is difficult in the austenitic state. 
(ASM-SLA Classification: N8, M27, Q general, SS) 


INTRODUCTION 


HE austenitic iron-chromium-nickel and iron-manganese-carbo! 

alloys are well known and have useful, distinctive corrosion re 
sisting, and/or mechanical properties. Another system of completel\ 
austenitic alloys, also with distinctive properties but based on th 
iron-chromium-carbon-nitrogen system, now has been developed 

Ordinarily the iron-chromium-carbon alloys are ferritic. How 
ever, it has been known for some time that, with the introduction of 
sizable amounts of nitrogen, the higher chromium (above about 
22%) alloys could be made partially but not completely austenitic (1 
It now has been found that if the higher chromium alloys contain 
up to 1% carbon, the amount of nitrogen which can be retained is 
increased tremendously. The high carbon and nitrogen appear to act 
synergistically, so that completely austenitic alloys result. 

The iron-chromium-carbon system already has been studied ex- 
tensively (2-7); an excellent summary was given by Kinzel and 
Crafts (8). Tofaute, Kiittner and Biittinghaus (2) showed in detail 
the manner in which increased chromium restricted the austenite 
field, and how this is counteracted by increasing carbon. The) 
showed also that the single phase austenitic field, i.e., in which 
neither ferrite nor carbide is present, cannot be extended beyond a 
maximum of about 20% chromium. Krivobok and Grossmann (6 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-Seventh Annual Convention of thi 
Society, heid in Philadelphia, October 17-21, 1955. Of the authors, G. F. Tisina 
is research engineer, and C. H. Samans is associate director, Materials Division 
Engineering Research Department, Standard Oil Co., Whiting, Ind. J. K. Stanley, 
formerly with this department, now is associated with Crucible Steel Co. 0! 
America, Pittsburgh. Manuscript received April 8, 1955. 
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reported that they could produce a completely austenitic structure 
‘na 21% chromium—0.62% carbon alloy, and that this could be re- 
tained completely by rapid cooling from elevated temperatures. On 
the other hand, a predominantly austenitic structure, but with some 
ferrite, was obtained with a 21% chromium-—0.35% carbon composi- 
tion. In an extension of their work to 28 and 33% chromium alloys 
of variable carbon content (up to 0.70%), they produced only minor 
amounts of austenite. On the basis of these results they postulated 
that in alloys containing as much.as 33% chromium, a completely 
austenitic structure could be obtained with carbon contents in ex- 
cess of 0.70% but subsequent studies have not supported these 
deductions. 

In none of these early studies is there evidence that the effect of 
nitrogen was given any serious consideration. However, in 1926 
Adcock (9) observed that iron-chromium alloys could dissolve more 
nitrogen than plain carbon steels. In 1935, both Krivobok (10) and 
Franks (11) reported that high chromium steels containing more 
than nominal amounts of nitrogen contained increased amounts of 
austenite after being quenched from above 2000°F, and they at- 
tributed this effect to the austenitizing power of nitrogen. Colbeck 
and Garner (12), in 1939, studied the austenite-forming tendencies 
of nitrogen in iron-chromium alloys in more detail, and found that 
they could produce 24% chromium alloys which were as much as 
60° austenitic and 27% chromium alloys which were as much as 
50% austenitic. About this time, it was realized that nitrogen could 
be substituted for nickel in the iron-chromium-nickel alloys and the 
emphasis in this field switched to the study of iron-chromium-nickel- 
nitrogen alloys. 

The purpose of this paper is to show that completely austenitic 
structures, without ferrite, carbides and nitrides, can be obtained in 
21 to 33% chromium alloys by a proper combination of carbon and 
nitrogen. The austenite is produced by heating above 2000°F and is 
retained by rapid cooling. This austenite decomposes to ferrite, car- 
bides and nitrides, at temperatures somewhat below the stated 
austenitizing temperature, in accordance with a “‘C”’ type of reaction 
curve. The martensite transformation is suppressed although it can 
be obtained in alloys in certain ranges of composition. 


EXPERIMENTAL PROCEDURE AND RESULTS 
Compositions for the study of the iron-chromium-carbon-nitro- 
gen system were produced in several ways, the most useful of which 
were casting, powder metallurgy, and nitrogenization (solid-gas re- 
action). In casting, the addition to a low carbon (less than 0.1%) 
melt, of more nitrogen than 1/75 to 1/100 of the chromium content, 
results in considerable loss of nitrogen during solidification. How- 
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ever, if the carbon content of the melt is increased (say up t 
this loss of nitrogen is minimized or prevented so that high nit 
alloys (containing up to 0.7% nitrogen) can be cast directh rh 
retention, in alloys containing less than 0.3% carbon, of thi of 
percentages of nitrogen needed to produce completely austeniti 


structures is difficult to do by melting at atmospheric pressure, by; 


UT 


may be simpler if nitrogen pressure casting is used. Some typica! 





Fig. 1—Alloy 78. (a) Cast Alloy Showing a Considerable Degree of Decompositior 
White is Austenite; Dark Areas are Mixtures of Ferrite. Carbides and Nitrides; (b) Wrought 
Alloy Held at 2200°F for 20 Hours and Water-Quenched; the Material is Entirely Austenitic 
Aqua Regia etch. 100. 


austenitic compositions that have been made using ordinary casting 
techniques are 21% chromium-0.3% carbon—0.3% nitrogen, 24° 
chromium-—0.4% carbon-—0.4% nitrogen, and 27% chromium-—0.5“% 
carbon-0.5% nitrogen. Although the austenitic grain size is quite 
large in the cast alloys, it can be refined for control of mechanical 
properties by decomposing the alloys to ferrite, carbides and nitrides 
and then reaustenitizing for short periods of time at 2200-2300"! 
Fig. 1 illustrates typical structures obtained in the decomposed cast, 
and reaustenitized states. Cast ingots of analyses which can be made 
completely austenitic have been satisfactorily reduced in size b) 
forging. 
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\nother method of producing the desired compositions is by 
nitrogenizing iron-chromium-carbon alloys in dry nitrogen at tem- 
oeratures above 2000°F, preferably at 2200—2300°F. The nitrogen 
i absorbed by the alloy and produces a case of austenite. By nitro- 
senization, the completely austenitic structure can be obtained in 
the presence of much lower carbon contents than are required for 
he casting technique. For example, a ferritic 27% chromium steel 
containing 0.05% carbon can be nitrogenized to a completely aus- 
renitic structure. The rate of penetration of the nitrogen in amounts 
sufficient to form the austenitic case is a function of the carbon con- 
tent and the nitrogen pressure. Fig. 2 illustrates typical structures 
obtained by nitrogenization. A technique similar to the above is to 
use conventional nitriding. The iron-chromium-carbon alloys can be 
nitrided at 1000-1200°F, and then homogenized, in either a vacuum 
about a max. of 3 mm.) or a protective atmosphere, at 2200—2300°F. 

A third method used to obtain these compositions was powder 
metallurgy. Proper proportions of iron carbide (Fe3;C), chromium 
nitride (CreN), chromium and iron powders were mixed thoroughly, 
compacted into pellets, sealed in evacuated Vycor tubes, and sintered 
at 2200 to 2250°F. Graphite also has been used as a source of carbon, 
instead of the carbides. Compacting pressures above 80,000 psi were 
used. Sintering times of 16 hours proved satisfactory. Once the per- 
centage recoveries of chromium, carbon and nitrogen were estab- 
lished, compositions could be compounded quite accurately. Fig. 3 
illustrates typical! structures obtained in such pellets. It was this 
technique, in particular, that permitted a rapid and accurate de- 
termination of the phase boundaries in the quaternary system. 

The powders used to prepare these mixtures were relatively 
pure. Therefore, the percentages of other elements, ordinarily pres- 
ent as steelmaking impurities, were very low. This fact is reflected 
in the microstructure of some of the 21 and 24% chromium pellets 
which have relatively low carbon and nitrogen contents. These alloys 
become martensitic when quenched to room temperature. Since 
comparable compositions of the cast and forged material did not 
undergo the martensitic transformation, it appears reasonable that 
the steelmaking impurities suppressed the transformation. In fact, 
alloy 51 of Table II, which was prepared by melting, did not trans- 
form martensitically even when cooled to liquid nitrogen temperature. 

The approximate limits of the austenite field in the iron-chro- 
mium-carbon-nitrogen system at 2200°F are given in Fig. 4 for five 
different chromium levels. These boundaries were determined from 
the data obtained from alloys produced by casting, by powder metal- 
lurgy and by nitrogenizing. The incidental variation in composition 
due to minor elements which results from the use of the three prepara- 
tion techniques did not appear to affect the location of the phase 
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Fig. 2—Alloy 91. (a) As Nitrogenized, Showing Huge Austenite Grains, (b) Decomposed 
Partially into Ferrite, Carbide and Nitride (dark mixture) by Holding for 1 minute at 1600°F, 
(c) A Completely Decomposed Sample Reaustenitized at 2200°F (70 minutes) and Water- 
quenched. The grain structure is considerably refined. Aqua Regia etch. 100. 


boundaries. See Tables I, II and III. The austenite-austenite plus 
ferrite boundaries have been determined to rather close limits but 
the austenite-austenite plus carbide boundaries are known only ap 
proximately because less sampling was done on these alloys. All 
other boundaries are based on more limited information. The 
amounts of nitrogen and carbon required to produce the pure aus 
tenite field increase with increasing chromium content. 











AUSTENITIC STAINLESS STEELS 361 





Fig. 3—(a) Alloy 18. A Sintered Compact Which is Predominantly Austenitic but Has 
Faint Traces of Martensite. Almost All of the Black Zones are Voids. (b) Alloy 37. A Sin- 
tered Compact Which is Predominantly Austenitic but Contains a Small Amount of Ferrite 
dark mottled grains); the Black Zones are Voids; and the Dark Particle Almost in the Cen 
ter of the Photograph is Oxide. Glycera Regia etch. «100 


lor the 21% chromium alloys containing 0.62 and 0.35% car- 
bon, quoted by Krivobok and Grossmann (6), about 0.05 and 0.18% 
nitrogen, respectively, is required to obtain a completely austenitic 
structure at 2200°F. Thus, if such alloys picked up about 0.15% 
nitrogen from the atmosphere during melting, an amount which is 
conceivable, the results of Krivobok and Grossmann (6) as com- 
pared to those of Tofaute et al (2), could be explained. However, as 
the chromium content is increased beyond 21%, 0.15% nitrogen is 
too low a concentration to yield a completely austenitic structure. 
Also, it becomes clear why the alloys of Colbeck and Garner (12) 
fall into the two phase, ferrite plus austenite, field. The results of 
lofaute et al (2) showing that large percentages of carbon act to 
precipitate carbides rather than to increase the limits of the pure 
austenite field also becomes clear. On the other hand, the present 
work shows clearly (Fig. 4) that nitrogen, if increased to more than 
about 1.0%, will cause alloys containing as much as 33% chromium 
to become completely austenitic even when the carbon contents are 
relatively low (0.20% carbon). 
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Fig. 4—Tentative Phase Relationships for the Quaternary System 
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Table I 
Compositions (°;) of Sintered Compacts and Phases Present After Quenching 
From 2200F 


Cr ( N Phases* Compact Cr ( N Phase 
21.22 0.56 0.071 A-M-C 26 26.05 0.44 0.393 \ 
20.38 0.61 0.119 \ 27 27.32 0.30 0.396 F-A 
21.24 0.41 0.148 M-A-F 28 27.39 0.52 0.425 \ 
22.18 0.22 0.154 M-A-F 29 25.85 0.33 0.497 \ 
20.16 0.37 0.301 \-M 30 27.38 0.09 0.509 FA 
20.48 0.18 0.316 M 31 27.28 0.10 0.616 \-F 
20.02 0.36 0.450 — \ 32 25.79 0.22 0.621 \ 
19.54 0.23 0.455 M-A 33 29.00 0.50 0.302 \-F-( 
19.92 0.14 0.497 M-A 34 30.34 0.46 0.488 \-F-( 
20.18 0.12 0.528 M-A 35 29.81 0.81 0.521 \-( 
20.13 0.21 0.569 A-M 36 29.14 0.44 0.613 \ 
24.34 0.52 0.154 \-F-C 37 28.66 0.28 0.641 \-F 
24.68 0.55 0.309 \-C 38 30.95 0.54 0.686 \-¢ 
{ 23.56 0.27 0.321 \-} 39 30.40 0.30 0.700 \-F-( 
24.38 0.27 0.428 A-F 40 30.48 0.10 0.817 \-] 
23.40 0.43 0.445 A 41 28.92 0.42 0.869 \-( 
23.70 0.11 0.504 \-M 42 28.92 0.25 0.889 \ 
Q 22.90 0.24 0.522 A-M 43 31.27 0.56 0.920 \-¢ 
19 23.32 0.45 0.574 A 44 30.38 0.11 0.921 k-A 
”) 23.10 0.16 0.635 \-M 45 32.95 0.63 0.739 AWG 
1 23.14 0.25 0.724 \ 46 34.11 0.23 0.906 \-F-¢ 
23.44 0.22 0.736 \ 47 32.04 0.34 0.910 \-( 
23.56 0.20 0.772 \ 48 33.88 0.11 0.9?1 F-A 
26.21 0.10 0.176 F-A 49 34.24 0.17 1.019 \-F 
26.21 0.33 0.285 \-F 
\ \ustenite 
Ferrite 


( Cubic Carbide 
M — Martensite 


Preliminary studies of the physical properties of the austenitic 
iron-chromium-carbon-nitrogen alloys reveal some distinctive char- 
acteristics. Similar to the iron-manganese-carbon Hadfield steels, 
the chromium alloys show extreme work hardening. This effect is 
reflected in their resistance both to cutting and to deformation in the 
tensile test. Even though this austenite shows a hardness value of 
only about Rockwell C-20, it is virtually impossible to cut it with 
ordinary tool steels although the materials can be cut readily with 
carbide tools. However, when the alloys are decomposed to ferrite, 
carbides and nitrides, they may be machined readily with ordinary 
cutting tools. In the tensile test, very little localized necking occurs 
even though reduction of area values of 50% are attained. The ten- 
sile strength of a 27% chromium-0.5% carbon-0.7% nitrogen alloy 
is 138,000 psi and the yield strength 90,000 psi. The alloys, of course 
are nonmagnetic when in the completely austenitic state. 

These alloys should have a potential usefulness in corrosive en- 
vironment (because of their high chromium contents) where strength 
and abrasion resistance are required. The alloys may not be too 
suitable for elevated temperature application because they tend to 
decompose to ferrite, carbides and nitrides, above about 800°F. 


SUMMARY 


Combined additions of carbon and nitrogen can convert steels 
containing between 21 to 33% chromium to a completely austenitic 
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Table II 
Compositions (‘~) of Wrought Alloys and Phases Present After Quenching from 229°; 
Mn S P Cc Ni Cr N 
0.80 0.017 0.008 0.28 0.64 20.12 0.204 
0.83 0.010 0.014 0.46 0.72 20.81 0.230 
0.86 0.013 0.024 0.65 0.64 21.05 0.289 
0.97 0.023 0.014 0.31 0.66 21.27 0.320 
1.02 0.011 0.023 0.52 0.59 20.60 0.325 
0.95 0.024 0.012 0.56 0.64 20.88 0.330 
0.81 0.016 0.012 0.45 0.71 22.20 0.350 
0.98 0.010 0.010 0.32 0.63 21.11 0.359 
0.84 0.024 0.020 0.48 0.68 22.24 0.362 
0.86 0.018 0.017 0.35 0.02 21.15 0.380 
0.75 0.013 0.012 0.47 0.75 21.93 0.385 
0.79 0.010 0.020 0.48 0.64 22.30 0.440 
0.80 0.010 0.008 0.39 0.64 24.14 0.220 \-] 
0.83 0.023 0.010 0.46 0.71 25.34 0.240 
0.77 0.014 0.026 0.36 0.13 23.98 0.290 
0.99 0.012 0.008 0.28 0.18 25.46 0.310 | 
1.05 0.020 0.012 0.29 0.71 22.60 0.328 | 
0,95 0.013 0.012 0.43 0.63 24.14 0.344 \ 
0.75 0.014 0.012 0.09 0.63 22.53 0.361 
1.01 0.008 0.014 0.22 0.63 22.77 0.382 
0.82 0.013 0.010 0.38 0.55 24.58 0.392 
0.64 0.023 0.018 0.26 0.02 27.03 0.206 
0.98 0.010 0.012 0.47 0.25 26.55 0.260 } 
0.85 0.007 0.020 0.29 0.40 27.18 0.263 | 
0.86 0.010 0.010 0.45 0.20 27.00 0.325 FA 
0.71 0.019 0.014 0.46 0.40 26.28 0.330 \-] 
1.04 0.012 0.012 0.15 0.63 26.99 0.476 | 
0.86 0.016 0.014 0.60 0.71 26.96 0.501 \ 
0.96 0.012 0.012 0.45 0.71 25.57 0.505 \ 
0.80 0.014 0.012 0.28 0.63 26.38 0.507 \-] 
0.86 0.017 0.014 0.33 0.71 27.57 0.538 
0.90 0.034 0.014 0.65 0.67 26.79 0.550 
0.84 0.020 0.020 0.49 0.67 26.62 0.580 \ 
0.98 0.010 0.008 0.47 0.25 26.89 0.587 \ 
0.90 0.020 0.022 0.68 0.67 25.74 0.638 ‘ 
0.81 0.017 0.016 0.30 0.71 33.73 0.768 F-A 
0.95 0.019 0.016 0.44 0.71 33.59 0.710 F-A 
0.87 0.020 0.018 0.71 0.63 33.46 0.781 \-]} 
Table Ill 
Nitrogenization Data 
COMPOSITIONS (%) OF STEELS BEFORE NITROGENIZATION 
Si Mn S P ck; Ni Cr 
0.61 0.32 0.014 0.032 0.06 0.04 21.86 
0.63 0.77 0.017 0.026 0.32 0.08 21.21 
0.71 0.90 0.016 0.016 0.09 0.23 26.61 
0.61 0.51 0.017 0.024 0.28 0.18 27.50 
CARBON AND NITROGEN CONTENTS AND PHASES AFTER NITROGENIZATION 
0.12 0.12 0.05 0.04 0.03 0.06 0.05 
0.946 0.568 0.462 0.350 0.262 0.193 0.112 
A A A F F F ’ 
0.17 0.17 0.17 0.15 
0.710 0.579 0.259 0.140 
A A A+F F+A 
0.15 0.10 0.12 0.10 0.08 0.04 
1.055 1.039 0.932 0.535 0.266 0.224 
A A A A+F F+A F 
0.31 0.27 
0.836 0.483 
A A 


Phases 
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<tructure at temperatures approximating 2200°F or higher. This 
enite can be prevented from decomposing to ferrite, carbides 
nitrides by rapid cooling to room temperature. The amounts of 
carbon and nitrogen required to produce a completely austenitic 
<tructure increase with increasing chromium content. 

\lloys having the desired composition can be produced in sev- 
eral ways. The casting technique is feasible providing the carbon 
content is not too low. Nitrogenizing of iron-chromium-carbon alloys 
causes a case of austenite to form, the rate of penetration of the 
nitrogen which produces this case being proportional to the carbon 
content and the nitrogen pressure. The alloys also can be made by 
powder metallurgy techniques using carbides, nitrides, chromium 
and iron. Graphite has been used successfully, instead of carbides, 
as a source of carbon. 

The austenite has some interesting properties in that it exhibits 
a high degree of work hardening as well as high tensile and yield 
strengths. 
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DISCUSSION 

Written Discussion: By Oscar E. Harder, consultant in Metallurgy, | 
Memorial Institute, Columbus. 

The authors have made a valuable contribution to our knowledge of ] 
of alloy by extending our knowledge of the relation of chromium to nit: 
carbon to higher chromium contents in alloys which may be made wholly 
tic. They have plotted these relations for different chromium levels with o1 
of nitrogen and carbon in Fig. 4. James T. Gow and the writer? had stud 
relation of carbon and nitrogen in cast 25% Cr-12% Ni type alloys. 








° 





Chromium, 9 





0.4 0.8 1.2 1.6 2.0 2.4 
Carbon and Nitrogen, % 


Fig. 5—Relation of Carbon and Nitrogen to Structures in Fe-Cr-C-N 
Stainless Steels. 


‘James T. Gow and Oscar E. Harder, ‘‘Balancing the (¢ omposition of Cast 25 Per ; f 
mium-12 Per Cent Nickel Type Alloys,” TRANSACTIONS, American Society’ for Metals 
1942, p. 855. 
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that publication, Fig. 9 showed the relation of yieldstrength tocarbon and 
1 content when the abscissa was carbon plus two times nitrogen (C +2N) 
°F. Figs. 18 and 19 showed a similar relation for the tensile strength and 
trength at 1800°F. It was therefore of interest to see if a simple, but reason 
correlation could be found between chromium and the nitrogen and carbon 
ovs which could be made wholly austenitic by using the authors’ data. In the 
ipanying figure (Fig. 5), the chromium content and the carbon plus nitrogen 
tted in one curve and the carbon plus two times the nitrogen in the second 
Both of these curves suggest reasonable relations but the curve representing 
( )N appears to be more nearly a straight line. While the authors have drawn 
ram for these relations in Fig. 4, it would be of interest to see if these curves 
used to give a first approximation; and if further experience shows this to 
case, the work of selecting compositions would be greatly simplified. Fur 
if this relation is found to hold, it would seem possible to work out a nomo 
ohic chart such as Fig. 17 in the above reference for various combinations of 
bon and nitrogen to produce alloys, which can be made austenitic by annealing, 
various chromium levels. Possibly, within limits, combinations of carbon and 


wen for the curve for C+2N (Fig. 5) can be used for rough approximations 


Authors’ Reply 


lhe authors wish to thank Dr. Harder for his discussion of this paper. We 

ee that the representation of compositions of fully austenitic alloys by a nomo- 
graphic chart would be useful. The first approximations of either C plus N or C 
plus 2N, however, do not appear to yield the desired results. For example, Dr. 
Harder’s plot shows a value of 1.5 at 27% chromium for the C+2N curve. Assum 
g a value of 0.1% carbon, this would result in an alloy with 0.7% nitrogen. Such 
illoy would be almost 50% ferritic. However, if a more complex equation were 
developed to fit the austenite /austenite plus ferrite boundaries, it would be useful 
simplifying the presentation of these data. 
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By Fk. A. BrRanpt, H. F. BisHor AND W.S. PELLIN: 


Abstract 


The influence of composition and heat treatment vari 
ables on the notch ductility of 12% Cr (Type 410) cas 
stainless steels were investigated. Sharp crack tests of larg 
specimens were used to establish the temperature range of 
transition from notch-ductile to notch-brittle behavior and 
correlation was established with results of conventional 
Charpy V tests. It was demonstrated by the sharp crack tests 
that conventional Type 4/0 steels (normalized and tempered 
to 90,000 pst. TS.) are susceptible to brittle fracture at 
‘warm’ service temperatures. The addition of approximate 
ly 0.70% molybdenum and nickel and the lowering of silicon 
from the normal /.0/1.2% to approximately 0.50% results 
in material which 1s highly resistant to brittle fracture at 
low winter temperatures. It is concluded that the brittle fail 
ures of Type 4/0 castings experienced in various applica 
tions may be prevented by the use of the improved material. 
(ASM-SLA Classification: 023, SS) 


INTRODUCTION 


HE ADDITION of 12% chromium to steels imparts sufficient 
resistance to corrosion to justify the term “‘stainless.”’ Such 
steels are not stainless to the degree which is characteristic of 18° 
Cr grades; however, unlike the 18% Cr grades, it is possible to heat 
treat these steels to high hardness (martensitic grades) and to tem- 
per the hardened material to a wide range of strength and ductility. 
The straight 18° Cr grades are ferritic, and therefore nonharden- 
able, while the familiar 18° Cr-8% Ni grades are austenitic, i.e., 
the high temperature austenite phase is retained in metastable 
form by rapid cooling to ambient temperatures. Type 410 stainless 
represents a straight chromium steel of the martensitic class with 
the maximum (12-14%) chromium content which permits full re 
sponse to heat treatment. 

Because of its economy, high strength and good corrosion re 
sistance Type 410 stainless has been used for ship propellers, wate 
turbine wheels, oil well pressure valves and similar critical applica- 
tions. Service experience involving the brittle fracture of Type 410 
castings, particularly for the case of propellers, has indicated the 

A paper presented before the Thirty-Seventh Annual Convention of th 
Society, held in Philadelphia, October 17-21, 1955. The authors, F. A. Bra: 
H. F. Bishop and W. S. Pellini, are associated with the Metallurgy Division, Na 


° ° as . . .99 Ocs 
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for improved notch ductility. This investigation is concerned 
h studies of the effects of alloy modifications and heat treatment 
cedures on the notch ductility of Type 410 stainless with the 
. of developing material which would be expected to be resistant 
to brittle fracture at low service temperatures. 

[he general problem of the brittle behavior of steels of appar 
ently high tensile ductility has been studied extensively for the 
case of structural mild steel and it has been established that such 
brittleness is a manifestation of inadequate notch ductility; i.e., a 
steel may show high ductility in the absence of notches, such as is 
the case of tensile tests, and no measurable ductility when notches 
are present. Such notche:s may be in the form of sharp fillets, threads 
and other design details or material defects in the form of nicks, 
casting imperfections, corrosion fatigue cracks, weld flaws, ete. 


TESTING PROCEDURES 

The general method of evaluating notch ductility involves the 
use of small notch-bend specimens such as the Charpy V or keyhole 
types. The specimens are broken at various temperatures and the 
temperature range of transition from high to low values of energy 
absorption serves to define the relative resistance of the steels to 
brittle fracture. Extensive correlation of service data with the re- 
sults of these tests is necessary to determine values of energy ab- 
sorption in the fracture of the small specimens which are required 
to provide resistance to brittle fracture in service. 

As a more direct method of evaluating resistance to the initia- 
tion and propagation of brittle fracture, the Naval Research Labo- 
ratory has developed a procedure by which a sharp notch (consid- 
ered equivalent to a crack-like defect in a service part) is introduced 
into a specimen of sufficient size to be representative of a section 
of the structural item. The crack defect is developed by means of 
a bead of brittle, hard surfacing weld metal. On loading, the bead 
cracks in a brittle manner thus injecting a sharp, crack-like notch 
into the test material. The method has been described previously 

1,2,3)'; loading is by drop-weight or explosion depending on the 
severity desired. The drop-weight test, Fig. 1 (left), is aimed at 
determining if fracture is possible in the presence of a sharp notch 
when the conditions of loading are such as to develop only incipient 
yielding. For this test, a stop is used to limit the bend deformation 
of the test specimen to very low values. Fig. 2 illustrates a test 
series with the abrupt change from no fracture to fracture in a 10°F 
interval which is characteristic of the test. The highest temperature 
of fracture is defined as the D.W.T. (Drop-Weight Transition) 
which is a transition to nil ductility (CQ}EL =nil value) in the pres 


Che figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1 Lett top) Crack Starter Weld. (Left bottom) Loading of 3% x14™1 
specimen with crack starter weld by means of drop-weight; deformation limited to i 
yielding. (Right) Explosion loading of 1414 X1 inch plate with crack starter weld 
deformation developed to ‘‘force’’ initiation and propagation of brittle fractures 


ence of a crack-like defect. All steels develop such a sharp transi 
tion; however, the exact temperatures of the change vary widel 
depending on the specific notch ductilities of the materials. 

The explosion test, Fig. 1 (right) uses the same crack starting 
weld bead as the drop-weight test, placed on the center of a 14”> 
14”x1” plate. Fig. 3 illustrates a test series for a 12% Cr stee! 
having a D.W.T: of 0°F. It should be noted that 60°F above th 
highest fracture temperature in the drop-weight test (temperatur 
of easy initiation of brittle fracture) the resistance to fracture is o! 
high order. Despite the explosive loading, only short fractures 1 
the central part of the bulge were developed at 60°F (fractur 
propagation was resisted). All of the wide variety of steels invest 
gated to date have demonstrated such high resistance to fractur 
propagation in explosion tests at temperatures 40 to 60°F above 
the D.W.T. 

It is apparent that the drop-weight test and the explosion test 
establish two broad limits of performance in relation to temperatur 
For example, the steel of Fig. 3 is denoted as highly susceptible to 
fracture initiation below 0°F (prefers to fracture rather than to ce 
form) and is described as essentially immune to fracture propaga 
tion at temperatures in excess of 60°F. In the range of 0 to 60°! 
fracture may or may not occur depending on the severity of plasti 
overloading (forcing of fracture initiation) in the presence ol 
notch. Above 60°F brittle fracture cannot be ‘“‘forced” to occu 
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Fig. 2—Illustrating a Drop-Weight Test Series for a 12% Chromium Steel; D.W.T. is 
30°F. Specimens are 14 3% X1 inches 


failure may be considered to be possible only by a mechanism of 
ductile tearing. The +60°F correlation, as will be demonstrated, 
permits full evaluation of the material on the basis of simple drop- 
weight tests. 
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Fig. 3—Series of Explosion Loaded Test Plates (14141 inch) with Crack Starter 
Welds to Provide a Sharp Notch Condition. (a) O°F, (b) 20°F, (c) 60°F, (d) 100°F. Type 410 
Steel with a D.W.T. of O°F illustrating essentially complete resistance to brittle fracture 60°] 
above D.W.T. Temperature 


It is recognized that prototype tests such as the drop-weight 
and explosion crack starter tests require special equipment and that 
the usual procedure is to specify notch ductility as a minimum 
Charpy V energy value at a specific temperature. Extensive invest! 
gations of various steels have demonstrated that the drop-weigh' 
transition temperature corresponds to temperatures of the lower 
“tail” region of the Charpy V transition curve; i.e., low energ) 
values in the range of 10 to 20 ft-lb, depending on the class of steel 
involved, (1,3,4). Accordingly, a correlation was developed be 
tween the D.W.T. temperatures and Charpy V energy values (at 
the D.W.T. temperatures) so that the Charpy test could be used to 
specify values which would preclude the development of brittle 
fracture at selected service temperatures. 
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SCREENING OF COMPOSITION EFFECTS 


In order to evaluate the effects of variations in analysis on ten 
oil properties and notch ductility, a series of keel blocks (1” K 1” 
12” test sections projecting from a massive feeder block) were cast 
with systematic variations in composition. The heats were melted in 
an induction furnace from Armco iron stock to which ferro-alloy 
additions were made. The castings were poured at approximately 
29000°F. In the screening heats 0.10°%, titanium was added to the 


ymmon Band for All 


ther Heats of Table ! 


| G11 (80% Si,73% Ni, .37%Mo) 


C9(1I9% Si, 73% Ni , 37 %Mo) 
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Fig. 4—Charpy V Transition Curves of Steels Listed in Table I (1850°F 
4 hours, A.C 1200°F, 4 hours, A.C.). 
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Fig. 5—Effect of Silicon on Charpy V Transition Curves (1850°F, 4 hours 
\.C,—1300°F, 4 hours, A.C.). 


ladle as a final deoxidizer but in subsequent heats no final addition 
was made. Charpy and tensile bars were machined from the 1” 1" X 
12" bars following heat treatment. The elements which were indi- 
cated to be critical to the fracture problem were then to be explored 
lurther with drop-weight tests. The chemical analysis and tensile 
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+ 
Table I 
Effect of Composition on Tensile Properties 
YS TS 
Heat Temper* (KIPS/ (KIPS 
No. CY Mn% SiY Cr& NiX% Mo% a in?) in?) RA 
C-4 0.10 0.80 0.52 12. 0.66 0.43 1200 100 114 49 
c.7 0.12 0.69 0.30 12.4 0.78 0.38 1200 101 116 43 5 
C-15 0.13 0.75 0.24 12.1 0.73 0.37 1200 98 112 48 6 
C-18 0.14 0.67 0.24 12.1 0.73 0.40 1200 103 117 22 
C-16 0.11 0.54 0.24 12.1 0.73 0.37 1200 98 110 55 { 
C-15 0.13 0.75 0.24 12.1 0.73 0.37 1200 98 112 48 if 
C-14 0.13 0.88 0.24 12.1 0.73 0.37 1200 103 116 46 15 
C-13 0.13 1.02 0.24 12.1 0.73 0.37 1200 99 114 44 15 
C-15 0.13 0.75 0.24 12.1 0.73 0.37 1200 98 110 55 ‘7 
C-12 0.14 0.73 0.44 12.1 0.73 0.37 1200 102 115 47 15 
C. 0.14 0.72 0.80 a2 0.73 0.37 1200 103 114 46 15 
Cc 0.14 0.77 1.19 12.1 0.73 0.37 1200 96 117 41 16 
C-§ 0.15 0.69 0.34 11.2 0.73 0.40 1200 100 117 39 16 
C-6 0.14 0.69 0.34 11.5 0.73 0.37 1200 100 115 46 15 
C-15 0.13 0.75 0.24 12.1 0.73 0.37 1200 98 112 48 16 
C-8 0.16 0.71 0.32 13.0 0.73 0.37 1200 102 118 40 15 
1)-30 0.12 0.55 0.50 11.0 0.74 — 1250 79 98 62 2? 
1-33 0.12 0.55 0.30 11.6 0.73 - 1250 76 95 66 23 
D-17 0.12 0.70 0.37 13 0.54 0.18 1250 62 100 49 ?1 
1-18 0.12 0.70 0.37 13.6 0.54 0.18 1250 60 99 48 21 
D-19 0.12 0.65 0.35 14.4 0.54 0.18 1250 64 95 37 18 
C-1 0.12 0.67 0.37 12.4 - - 1200 86 102 50 17 
3 0.13 0.70 0.37 12.3 0.95 " 1200 91 106 41 15 
(«3 0.12 0.67 0.37 12.4 1200 86 102 50 17 
C-4 0.12 0.70 0.34 23 0.53 1200 88 107 46 16 
C-15 0.13 0.75 0.24 12.1 0.73 0.37 1200 98 112 48 16 


*All heats austenitized 4 hours and air-cooled. 


properties of the various groups are listed in Table I. The base com- 
position which consisted of a nominal 0.12% carbon, 0.30% silicon, 
12% chromium, 0.70% nickel, 0.35% molybdenum was modified by 
changes in the individual elements. Charpy data, presented in Fig. 
4, indicated essentially common notch ductility for all heats (com- 
mon band in Fig. 4) with the exception of the two high silicon heats 
and the two heats without molybdenum. It should be noted that the 
heat which contained molybdenum but no nickel fell into the com- 
mon band. These data indicate that high silicon contents and the 
absence of molybdenum are detrimental to the notch ductility of 
these steels. The harmful effect of silicon on notch ductility was veri- 
fied by the Charpy test data of a second silicon series which involved 
a 1300°F tempering treatment, Fig. 5. 


EFFECTS OF TEMPERING TEMPERATURE 


The preliminary screening tests indicated that tempering at 
1200°F developed high strength properties at the expense of ductil- 
ity, Table I. In order to establish the effects of tempering temper- 
ature on tensile properties, two keel block heats were normalized 
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_ Table Il 
Effect of Tempering Temperature on Tensile Properties 
vs rs 
remper KIPS KIPS 
CY Mn% Si% Cr& Ni% ‘ in?) in?) RAG EL% 
0.14 0.66 0.26 12.3 0.64 1100 144 193 11 5 
1200 90 109 56 20 
1300 79 100 58 22 
1400 69 99 60 23 
0.14 0.66 0.70 12 0.64 1200 94 114 50 19 
1300 84 106 57 21 





1850°F 4 hrs. A.C.) and tempered (4 hrs. A.( 
Table II. 

The effects of tempering temperature on notch ductility were 
the drop-weight test. For this purpose drop- 
weight specimens were cast in a cluster, as shown in Fig. 6, and heat 
treated by normalizing (1850°F, 4 hrs., A.C.) and tempering (4 hrs., 
\.C.) as indicated in Fig. 7 and Table III. 

Fig. 7 and Table III indicate that tempering at 1300°F devel- 
oped maximum notch ductility for the case of the low silicon mate- 
rial. The loss in notch ductility indicated by the 1400°F and par- 
ticularly by the 1500°F tempering treatments is due to partial re- 
austenitization during tempering. A check of the critical temper- 
ature by dilatometer measurements indicated a range from 1380°F 
for low silicon material to 1480°F for high silicon material. This is in 
agreement with the D.W.T. data of the low silicon material which 
indicate damage from 1400°F tempering. The data presented in 
Table III show that high silicon material may be tempered at 
1400°F without embrittlement as is predicted by the dilatometer 
data which indicate no austenitization at this temperature for high 
silicon material. [t should be noted that increasing the silicon con- 
tent has a detrimental effect on notch ductility as indicated by the 
increase in the D.W.T. from — 30°F for the two low silicon heats to 
+70°F for the high silicon heat. 


.) as indicated in 


investigated by 


Table III 
Comparison of the Effects of Tempering at 1300°F and 1400°F for Steels 
of Low and High Silicon Contents 


Temper D.W.T.Charpy \ 
No C% Mn% Si% Cr% Ni% Mo% ; I ft-lb at 
D.W.T 

D49 0.09 0.55 0.31 12.5 0.60 1.50 1300 30 12 
1400 >0 

D42 0.08 0.96 0.54 12.5 0.70 0.55 1300 30 18 
1400 -O 

D45 0.11 1.17 1.40 12.2 0.50 0.14 1300 70 15 
1400 60 
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Fig. 6—Drop-Weight Test Specimens as Removed from Mold 
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Fig. 7—Effect of Tempering Temperatures on 


D.W.T. (C 0.13%, Mn 0.67%, Si 0.26%, Cr 12.2%, 
Ni 0.64%, Mo 0.62%). 
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Fig. 8—Effect of Silicon and Molybdenum on D.W.T. of 1-inch Sections (1850°F 


+ hours, A.C 1300°F, 4 hours, A.C.) 
EFFECTS OF SI, Mo, Ni—1-INCH SECTIONS 

The adverse effect of silicon and the beneficial effect of molyb- 
denum indicated by the screening and tempering tests were further 
evaluated by additional heats of drop-weight test specimens. It was 
particularly desired to establish the inter-relationship of these two 
elements with respect to notch ductility. These additional heats 
were normalized (1850°F, 4 hrs., A.C.) and tempered (1300°F, 
4 hrs., A.C.). The results of these tests are listed in Table IV and 
presented graphically in Fig. 8. 

Fig. 8 illustrates that the effects of silicon and molybdenum on 
notch ductility are opposite and additive. For any level of molyb- 
denum each 0.10°% silicon increase has the effect of raising the 
D.W.T. by approximately 10°F. For any given level of silicon the 
addition of 0.20/0.30°% molybdenum serves to lower the D.W.T. by 
approximately 50°F; the results of further increases of the molyb- 
denum content to 0.50/0.60% are either very small or not significant 
lor sections of 1-inch thickness. 

Table V summarizes the results of various tests related to nickel 
etlects. 
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ASM 


Effects of Si and Mo-l” Sections 
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I 
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It is indicated that the addition of 0.70° nickel to a molvb 


denum free steel has no significant effect on notch ductility (D65, 
1)14, D60), however, the improvement in notch ductility obtained 
by molybdenum is slightly enhanced by the addition of nickel. 


It should be‘recognized that the effect of silicon is one of solid 
solution embrittlement and therefore is not a function of section 


size. In other respects these data indicate effects which are specifi 
to the 1-inch section size of the test pieces. The possibility that in 
creasing the molybdenum from the 0.20/0.30% range to 0.50/0.60°, 


range may be beneficial for thicker sections and that the addition of 


nickel may provide for additional improvements will be discussed 11 


the following sections. 
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a VY 


IK FFECTS OF SECTION SIZE AND COOLING Rat 
Prior to evaluating the effects of slow c¢ oling rates such as are 


ied with massive sections it was necessary to est: iblish if opti 


notch ductility was obtained by air cooling 1-inch sections 


Accordingly, compari 
sons were made of the notch ductility of 1-inch sections (drop 
weight specimens) resulting from the standard normalizing treat- 
with that obtained as the result of oil quenching from 1850°F: 
both tvpes were tempered at 1300°F for 4 hours. The effects of dou- 


le tempering treatments were also investigated to establish 


the 1850°F austenitizing temperature. 


if any 
benefit resulted, Table VI. 
Table VI 
Effect of Quenching I-Inch Sections 
Charpy 
D.W.T. ft-lb at 
( Mn wi, Cr, Ni Mo’, Heat-Treat k D.W.T 
0.10 0.41 0.19 12.3 0.73 0.60 Standard 40 26 
1850-O0, Temp 40 
1850-00, Dbl. Temp 10 
x 0.12 0.49 0.25 10.8 1.21 0.43 Standard 40 14 
1850 AC, Dbl. Temp 40 
1850-O0, Temp 10 
18 0.12 0.75 0.37 12.3 0.73 0.52 Standard 30 y 
1850-00, Temp 30 
1850-00, Dbl. Temp 40 


The results of these tests show that the notch duc tility of the 

inch sections of steels containing molybdenum is not improved by 

quenching treatments. Similarly, there appears to be no benefit 
resulting from double tempering treatments. 

To determine the notch ductility characteristics of more mas- 
sive sections, plates having dimensions of 41414 inches were 
cast and normalized as such (in two cases the 4-inch sections were 
oil-quenched). In all cases the treatments consisted of austenitiza- 
tion for 4 hours at 1850°F (A.C.) and tempering for 4 hours at 
1300°F (A.C.). Standard, 1-inch thick specimens were also cast from 
the same heat for comparison purposes. The D.W.T. 


determined 
with the 


cast-to-size 1-inch specimens were also compared with 
those determined with 1-inch thick specimens removed from the 
t-inch thick plate, Table VII. 

These data indicate that the slower cooling rate obtained with 
the thick plates has no significant effect on notch ductility in the 
case of the high molybdenum steels; the D.W.T. is raised only 10°F 
tor the case of the molybdenum (and nickel only) steels an in- 
crease in D.W.T. of 30 to 60°F is obtained. The notch duc tility of 
nch thick sections cut from the 4-inch plate prior to heat treat- 

t (D39) shows no significant difference when compared to that 
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Table VII 
Effect of Section Size 





Section 


Heat Heat D.W 
No C% Mn% Si% Cr% Ni% Mo% Cast Treat Heat-Treat | V7 
D39 0.12 0.40 0.66 10.8 0.74 0.13 sd y Standard , 0 
4” 4” Standard L 4) 0 
4” ” Standard L410) 
D45 0.11 1.17 1.40 12.2 0.50 0.14 od ” Standard Le 
4” 4” Standard +100 
D83 0.12 0.54 0.49 11.4 0.60 0.37 : Standard 0 
4” 4” Standard 19) 
D48 0.12 0.75 0.37 12.3 0.73 0.52 ” 1 Standard 30 ) 
4” 4” Standard 20 { 
4” 4 1850-OQ0-Temp 30) 
D42 0.08 0.96 0.54 12.5 0.70 0.55 a Standard 30 «18 
4” 4” Standard 20s 13 
D53 0.11 0.56 0.18 12.1 0.61 0.64 i ‘@ Standard 4() 0) 
4” 4” Standard 30 12 
D60 0.13 0.82 0.58 12.6 0.70 r e Standard +50 
4” 4” Standard +80 
- = 1850-O0-Temp +40 


of the cast-to-size 1-inch sections. Quenching of the 4-inch sections 
develops properties equivalent to those of the 1-inch thick sections 
even for the case of the low molybdenum steels. 

It may be concluded that a molybdenum content in the order of 
0.20/0.30% is required to develop optimum properties for sections 
which cool in air at rates equivalent to 1-inch thick plates. At these 
cooling rates the difference between no molybdenum and 0.20 
0.30% molybdenum involves a 50°F difference in D.W.T. but in- 
creasing the molybdenum content above 0.20/0.30% does not im 
prove notch ductility. For cooling rates corresponding to 4-inch 
thick plates, 0.50/0.60% molybdenum appears to be sufficient to 
develop optimum notch ductility. Oil quenching of a 4-inch thick 
molybdenum-free plate lowered the D.W.T. from 80 to 40° 
Therefore, quenching treatments applied to molybdenum-free 12% 
chromium steels appear to be relatively ineffective compared to that 
which may be accomplished by the addition of molybdenum which 
results in a D.W.T. as low as —30°F for normalized 4-inch thick 
plates. The effect of silicon is essentially independent of section size 
or heat treatment as is expected of a solid solution embrittling 
element. 

Additional tests were conducted to further evaluate the effects 
of nickel in combination with molybdenum. It should be noted that 
all the high molybdenum heats of Table VII also contained 0.60 to 
0.70% nickel. In consideration of the strategic value of nickel it was 
considered important to determine with certainty if its addition ts 
necessary for heavy sections. 
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Sections of 4” X 14” X14" size were cast of the compositions list- 
ed lable VIII and heat treated 1850°F (4) A.C., 1300°F (4) A.C. 


Table VIII 
Effect of Nickel in Combination with Molybdenum 


1H CY Mn% Si% Cr, Ni% Mo% D.W.T. (°F) 
0.11 0.64 0.41 12.0 0.10 0.05 +40 
0.11 0.64 0.41 12.0 0.10 0.52 +10 
( 0.11 0.64 0.41 12.0 0.77 0.52 --10 
go. 0.11 0.66 0.56 53.2 0.09 0.05 +30 
0.11 0.66 0.56 12.2 0.09 0.57 0 
( 0.11 0.66 0.56 54.2 0.71 0.57 20 


It is evident from these data that nickel in combination with 
molybdenum is beneficial for the case of heavy sections. Values of 
L).W.T. below 0°F are developed only for the two heats which con- 
tained both nickel and molybdenum. 

For sections somewhat in excess of 4-inch thickness a question 
arises as to the possible need of molybdenum contents higher than 
).50/0.60% for cooling rates slower than obtained with 4-inch thick 
sections. To establish this fact, furnace cooling treatments were 
applied to the standard 1-inch thick drop-weight specimens. Slow 
cooling rates of 20 to 30°F per hour through the critical transforma- 
tion temperatures (750 to 500°F) were used. While the thickness of 
the section cooling in air, to which these cooling rates are compar- 
able, is not known, it would necessarily be great when it is consid- 
ered that 1-inch and 4-inch sections cooled in air have been found to 
cool through the transformation range at average rates of 2000°F 
per hour and 500°F per hour respectively. The results obtained from 
the furnace cooled specimens are presented in Table IX. 


Table IX 








Effect of Slow Cooling 
Charpy 
Heat Heat-Treat D.W.T. Ft-lb at 
No CY Mn% Si% Cr&% Ni% Mo% °F F D.W.T. 
D55 0.13 0.37 0.22 12.0 0.75 0.65 Standard 50 
1850 FC-1300 AC —30 
1D36 0.12 0.45 0.28 10.7 0.60 0.18 Standard 0 20 
1850 FC-1300 AC 50 14 
D60 0.13 0.82 0.58 12.6 0.70 Standard 50 
1850 FC-1300 AC 100 


These data demonstrate that in the presence of nickel, 0.65% 
molybdenum is sufficient to develop good notch ductility even for 
exceedingly slow cooling rates, i.e., corresponding to sections thicker 
than the 4-inch plate size used in this investigation. It is noted that 
when molybdenum is low or absent, the presence of 0.60/0.70% 
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nickel is not effective in developing optimum properties 4 
ID.W.T. of the furnace-cooled material is raised 50°F. It p 
concluded that nickel by itself is ineffective but added to 12° 
mium steel containing molybdenum it is beneficial and 

be used. 

The effect of high molybdenum contents for material co: at 
normal rates was further investigated by casting two heats of 1.50 
molybdenum material for comparison with the 0.70% molybad ae 
vrades. The heat treatment cycle 1850°F (4 hours) A.C.. 1350°] 
(4 hours) A.C. was used for both the 1-inch and 4-inch sec: 
which were investigated. 


' 
IONS 


Table X 
Effect of High Molybdenum Content 
Heat CY Mn% Si% Cr&% Ni% Mo’, Section D.W 
149 0.09 0.55 0.31 12.5 0.60 1.50 4” ‘ 
- 3() 
DS2 0.13 0.59 0.37 12.1 0.67 1.42 1” 0 
1” 2 
D48 0.12 0.75 0.37 12.3 0.73 0.52 4” 
is ( 
D61 0.13 0.80 0.58 12.6 0.67 0.54 4” ae 
0) 
1)42 0.08 0.96 0.54 12.5 0.70 0.55 4” n 
ss 0) 


The comparisons Table X indicate that there is no advantag 
insofar as notch ductility is concerned, resulting from higher molvy| 
denum contents. As predicted by the furnace cooling experiments 
0.60/0.70°% molybdenum is sufficient to develop optimum notch 
ductility in heavy sections. The tensile and Charpy V properties o! 
the two high molybdenum type heats were as follows: 


Y.S. (psi) T.S. (psi) %E!I %RA D.W 


1D49 4” Section 73,000 98,000 21 55 15 
D49 1” Section 77,000 102,000 23 64 10 
D52 4” Section — 17 
D52 1” Section 83,000 109,000 23 58 13 


RELATION OF NotcH DUCTILITY TO MICROSTRUCTURE 


The 12% chromium steels border the gamma loop and therefor 
are sensitive to composition changes. Additions of ferrite forming 
elements such as silicon and molybdenum contract the gamma loop; 
conversely, austenite forming elements (Ni, C, N, Mn) act to ex 
pand the gamma loop. Whether a given composition will be entire!) 
within the gamma loop or in a partially ferrite region at austenitiz 
ing temperatures may be established in terms of “‘chromium equiva 
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Fig. 9—Microstructures at Fracture Surfaces of D.W.T. Specimens (Right Nickel 


P 1) Left, Si 0.55% Cr Equivalent 10.0 D.W.T 10°F; Right, Si 1.24% Cr equivalent 
1.9 | 


WW r. 100°F (100) 
lent’ according to the following formula which is the authors’ modi- 
fication of Rickett’s original formula (5). 
Chromium Equivalent = 1Cr+2Si+1.5Mo—2Ni—1Mn—15N 

27C. Values of C. E. above 7.3 indicate that ferrite will be present 
in the microstructure. The effects of such untransformed ferrite was of 
concern since it has been considered that brittle fractures of 12° 
chromium steels may have been related, in part, to the presence of 
ferrite networks. As the result of metallographic studies of the vari- 
ous heats of this investigation it appears that the presence of free 
ferrite is due to the high silicon contents and while it thus indicates 
a brittle material it is not per se the cause of brittleness. Fig. 9 pre 
sets representative microstructures in relation to notch ductility 
for a high silicon material with sufficient additions of austenite 
forming elements to result in a chromium equivalent of less than 7.3 
no ferrite present) as compared to a lower silicon material with a 
chromium equivalent of more than 7.3 (ferrite present). The con- 
clusion that free ferrite is not deleterious to the notch ductility of 
12°, chromium steels is justified only for ferrite contents as high as 
10°; no data are available for higher amounts. 

The microstructures resulting from the various heat treatments 
and alloy variations consisted of acicular, low temperature products 
which are difficult to resolve and differentiate. It was found micro- 
structural appearance could not be correlated with notch ductility. 
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Fig. 10— Explosion Loaded 14 X14 X1 inch Plates with Crack Starter Welds, Illustrating 
High Resistance to Fracture at Freezing and Higher Temperatures Despite Drastic Loading 
Materials have D.W.T. temperatures 50 to 70°F below freezing temperature. (a and b) Steel 
DS, > W.T. —20°F; (c and d) Steel D13 D.W.T. —20°F; and (e and f) Steel D47 D.W.1 

40°F. 


EXPLOSION TESTS 
As described in the introductory section, the D.W.T. signifies 
the highest temperature at which the steel is unable to deform 
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Fig. 11—Explosion Loaded Plates Tested Under Same Conditions as Plates of Fig. 10 
lllustrating Brittleness at Warm Temperatures Developed by Drastic Loading for Materials 
with D.W.T. Temperatures Above O°F. (a and b) Steel D35 D.W.T. 100°F; (c and d) Steel 
D45 D.W.T. 60°F; (e and f) Steel D14 D.W.T. 30°F; and Steel D36 D.W.T. O°F 





even slightly in the presence of a crack or a notch-like flaw. If 
service conditions are considered to entail drastic deformation, safety 
from fracture will not be assured by steels having D.W.T. tempera- 
tures which are only slightly below the lowest temperature of service. 
lor such loading conditions it is necessary to have steels with 
D.W.T.’s which fall approximately 60°F below the lowest temper- 
ature of service. This is established on the basis of explosion tests 
which demonstrate that temperatures 60°F above the D.W.T. are 
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required to prevent the forced initiation and propagation of britt! 
fractures as the result of drastic loading. Figs. 10 and 11 present 
evidence of the behavior, at 30 to 90°F, of various 12% chromiun 
steels of different D.W.T. characteristics. Note that steels wit! 
D.W.T. of —20°F, or lower, are highly resistant to fracture in explo 
sion tests at 30 to 60°F; steels with 0°F D.W.T. fragment at 30°! 
and barely manage to hold together at 60°F; steels with D.W.T. of 
60°F and higher fragment when tested at temperatures as high 
140°F. 

[t should be emphasized that whether a steel with a D.\W.T 
slightly below the lowest service temperature or one with D.W.1 
60°F below the lowest service temperature is desired, depends o1 
the severity of service which is expected. If the loading conditions 
are assumed to be mild, i.e., entailing only yield point loading, th 
former material would be satisfactory; however, if severe loads 
resulting in large plastic deformations are expected, the latter mati 
rial should be required. In all cases an assumption is made that 
notches will be present and that the problem is one of preventing 
the triggering of a brittle fracture from these notches. 


CORRELATION WITH CHARPY V TrstTs 


In the various tables of this report the Charpy V ft-lb values 
developed at the drop-weight transition temperature (D.W.T.) wer 
reported. Fig. 12 presents a summary of this correlation from which 
it is concluded that the D.W.T. temperatures occur at temperatures 


of Charpy V 10 to 20 ft-lb (most frequently 15 ft-lb). To insure t! 
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Fig. 13—Fluidity of 12° Chromium Steels of Various Silicon Contents 


the D.W.T. would be below any given temperature a minimum 
value of 20 ft-lb should be specified for the desired temperature. 
Depending upon the criteria of service severity described in the pre- 
vious section this would mean that 20 ft-lb minimum should be set 
slightly below the lowest temperature of service or 60°F below this 
temperature. It is apparent from the results of various tests that 
low silicon, Mo-Ni, 12% chromium steels of 90,000 psi tensile 
strength are suitable for nondeformation type service to as low as 
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—40°F; for severe service entailing deformation the lowest syitah) 
temperature is approximately +20°F. 


CASTABILITY OF 12% CHROMIUM STEELS 

High chromium steels are not as easily cast as the lowe: 
steels and have a tendency to exhibit wrinkles, laps, and in 
pletely filled corners on the cope surfaces of the castings. Such ¢, 
fects are commonly ascribed to inadequate fluidity and have lead to 
the prevalent belief that high silicon with its reported beneficia| 
effect on fluidity is necessary to obtain good surfaces on 12° 
chromium steel castings. In this investigation these defects were 
noted on test castings made with either high or low silicon and are 
ascribed primarily to the tenacious chromium oxide surface film 
which is characteristic of these steels. 

In order to quantitatively determine the fluidity of these steels. 
fluidity spirals were poured at temperatures varying between 2900) 
and 3100°F with 12% chromium steels in which silicon content 
varied from 0.20 to 1.9%. The interrelation between spiral length, 
silicon content and pouring temperature, Fig. 13, shows that at any 
given pouring temperature the maximum variation between th 
most fluid and the least fluid steel is 8 inches of spiral length, and 
that for each 100°F increment in pouring temperature the spiral 
length for any analysis is increased approximately 8 inches. A repro- 
ducibility of +2 inches is usually the best which can be obtained in 
such tests. Inasmuch as silicon lowers the liquidus temperature, the 
moderate increase in fluidity obtained at a given pouring temper 
ature with increasing silicon content may be ascribed to this effect 
These data show that the small losses in fluidity resulting from low- 
ering the silicon content can be regained with moderate increases in 
superheat. 


1 
LLLO\ 


17) 


SUMMARY 

The factors which influence the resistance to brittle fracture ol 
12% chromium steels were investigated by Charpy V tests and by) 
sharp crack tests of large specimens involving drop-weight and ex 
plosion loading. The investigation was aimed at finding a solution to 
the problem of the brittle fractures of 12% chromium castings such 
as propellers and valve bodies. The following general conclusions 
were indicated: 

1. As was firmly established for the case of structural mild steels, 
brittle fracture is possible for 12% chromium steels which show high 
tensile ductility (50-60% RA and 20-22% EL). Evaluation of the 
relative resistance to catastrophic, brittle failures requires the use o! 
notch ductility tests. 


i 


2. Optimum notch ductility for any given composition is ‘e- 
veloped by tempering in the range of 1300 to 1400°F; high silicon 





NOTCH DUCTILITY OF STAINLESS STEEI 389 


nts permit the use of the higher temperatures because of an 

ise in the critical temperature. 

;. The addition of molybdenum and nickel is required to de- 
velop optimum notch ductility in heavy sections. Approximately 
9.70% molybdenum and nickel permits full hardening on normalizing 
of sections equivalent at least, to 4-inch thick plates; approximately 
(259% molybdenum is required for a similar effect for sections equiv- 
lent to 1-inch thick plates. 

4. Decreasing the silicon content from the normal 1.0/1.2% to 
).40/0.50% results in a marked improvement in notch ductility. The 
improvement is additive to that obtained by increased hardena- 
bility. 

5. The following analyses and heat treatment are recommended 
for 12% chromium steels expected to resist brittle fracture to low 
temperatures. 

(a) 1-inch section size: 0.50% silicon (max), 0.259% molyb- 
denum (carbon, manganese, chromium, sulphur and phosphorus 
within existing specifications) 

(b) 4-inch section size: 0.50% silicon (max), 0.50/0.60°% 
molybdenum, 0.60/0.70% nickel, (carbon, manganese, chromium, 
sulphur and phosphorus within existing specifications). Normalize 
1850°F (1 hr/in of section) A.C. temper 1300°F (4) A.C. 

6. In the presence of sharp crack flaws (worst case) the above 
material resists the development of brittle fracture as follows: 

(a) to as low as —40°F for conditions of loading involving only 
incipient yielding. 

(b) to as low as +20°F for conditions of loading involving 
drastic deformations such as obtained by explosions. 

In comparison, the conventional Mo and Ni free, type 410 
material which has frequently failed in service has equivalent critical 
temperatures of approximately 80°F and 140°F. Increasing silicon 
above the 0.509% max specified increases the critical temperatures 
by 10°F for each 0.10% silicon. 

7. Charpy V test correlation with the sharp crack tests indi- 
cates that a 20 ft-lb minimum value at the lowest expected service 
temperatures are required to preclude the development of brittle 
fractures under conditions of 6 (a) and 20 ft-lb minimum values 60°F 
below the lowest service temperature are required for conditions 
of 6 (b). 
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DISCUSSION 


Written Discussion: By J. J. Connelly, metallurgist American Brak, 
Shoe Company, Mahwah, New Jersey. 

The effect of silicon noted by the authors confirms the results of unpublished 
research conducted at Battelle Memorial Institute under the sponsorship of thy 
Alloy Casting Institute. To have this effect further defined by the Drop-Weigh: 
Transition Test is a valuable addition to the literature on 12% chromium stainless 
steel castings. 

Since the authors state that service experience involving brittle fractures of 
Type 410 propellers was one of the prime reasons for conducting this research, th 
question of why stainless is considered rather than a copper-base alloy for this 
application appears appropriate. The British? have recently made public a new 
copper-base alloy and claim that service results prove it to be ideal as a propelle 
material. Its chemistry (12-14% manganese, 7—8% aluminum with small amounts 
of iron and nickel, balance copper) is so adjusted to give a low melting point (abou 
1800°F). This, together with an aluminum content which is lower than th 
amounts normally contained in aluminum bronze of comparable strengths, makes 
this alloy an excellent foundry material with good fluidity at low pouring tem 
peratures. 

Work performed at our laboratories on this alloy has indicated that the fol 
lowing physical properties are obtainable in the as-cast condition: 


Table XI 








Tensile Properties: 
Yield strength 40,000—46,000 psi. 
(0.5% elongation) 
Tensile Strength 85,000—100,000 psi. 
Elongation 26-45% 
Brinell hardness 145-190 


Impact Properties—Charpy V Notch 


233°7 . 36 ft. lbs. 
75°F. 26 ft. Ibs. 

— 40°F. 22 ft. lbs. 
— 80°F. 20 ft. Ibs. 


Fatigue test data developed in England? certify the alloy to be equivalent to 
high strength aluminum bronze and superior to manganese bronze under both air 
and salt spray test conditions. 

In view of the above properties and also the fact that these properties are ob- 
tainable without heat treatment in an alloy which has far superior foundry char- 
acteristics to those of Type 410 stainless; the original question will be restated: ie., 
why not use a copper-base alloy of the type described as a propeller material 
instead of Type 410 stainless? 


2Payne and Webb, U. S. Patent No. 297,976, April 1955. 
’Private Correspondence, J. Stone and Company, Ltd., Charlton, London. 





'NELUENCE OF ALLOYING ELEMENTS ON THE 
(MPACT TRANSITION BEHAVIOR OF 12% 
CHROMIUM STEELS AGED AT 900°F 


By E. J. WHITTENBERGER AND E. R. ROSENOW 


Abstract 


The effect of varying amounts of carbon, chromium, 
molybdenum, aluminum and titanium upon the V-notch 
Charpy transition temperature of 12% chromium steels 
aged for 10,000 hours at goo0°F was determined. Higher 
(0.08%) carbon content favored slightly lower transition 
temperatures for AISI Type 410 steels in the annealed 
condition, however, an increase 1n transition temperature 
was observed for all combinations of carbon and chromium 
contents after aging for 10,000 hours at goo° F. Contrary to 
published information, 0.25% aluminum (AISI Type 405) 
appeared to have no influence on the transition temperature. 
While the addition of 0.50% molybdenum minimized the 
increase in transition temperature, the combined addition 
of molybdenum and aluminum appeared to eliminate it en- 
tirely. Evidence of a grain boundary network of a very fine 
lamellar precipitate which appeared to be carbides and/or 
nitrides appeared to correlate in every case with an increase 
in transition temperature. (ASM-SLA Classification: QO, 
023, SS) 


ONFLICTING data have been presented in the literature con- 
[. cerning the effect of composition upon the 885°F embrittlement 
of 12% chromium steels. Attention has been concentrated particu- 
larly on Type 405 steel which contains 0.10 to 0.30% aluminum. 
Newell(1)! reported embrittlement and failure of the lining of a hot 
oil separator after five years of service at elevated temperature of 
about 735°F. Since the Type 405 strip composing the lining had been 
welded to a regular Type 410 strip, the two grades were compared. 
He stated that Type 410 was still ductile, whereas Type 405 was 
badly embrittled. 

In reply to Newell, Scheil (2) presented data which justified the 
application and the use of Type 405. His investigation showed that, 
of six reported instances of embrittlement upon prolonged service 
exposure at elevated temperatures, five cases were attributable to 
composition irregularities and one to stress corrosion. Scheil investi- 

lhe figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17—21, 1955. Of the authors, E. J. Whitten- 


berger is chief development metallurgist and E. R. Rosenow is physicist, South 
Works, United States Steel Corp., Chicago. Manuscript received April 11, 1955. 
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gated the material, which was reported by Newell as embritt}, 
concluded that both alloys had age hardened but exhibited | 
encies to embrittle at room temperature. 

The commercial importance of 12% chromium steels 
that additional data are required on the effect of alloying ele 
on their embrittling behavior. This investigation was therefore 
undertaken to obtain these data on the basis of a study of impacy 
properties. The change in impact transition temperature offers » 
convenient method for evaluating embrittlement since embritt}, 
ment generally causes a shift in impact transition temperature to 
higher temperatures. The Charpy ‘‘V”’ notch test shows a marked 
drop in impact values in the transition zone and permits a reasoy 
ably accurate evaluation of the effect of variations in chemical con 
positions on susceptibility to embrittlement. 


EXPERIMENTAL PROCEDURE 

Steel from thirteen laboratory induction furnace heats and 
three commercial electric arc furnace heats was studied in this 
experimental program. In addition to the base 12 Cr composition 
(AISI Type 410), steels containing lower carbon contents (12 Cr 
low C), molybdenum (12 Cr-Mo), aluminum (12 Cr-Al or AISI 
Type 405), aluminum plus molybdenum (12 Cr-Al-Mo) and alumi- 
num plus titanium (12 Cr-Al-Ti) were investigated. Within each 
grade, heats containing low (12.0%) and high (13.5%) chromium 
contents were studied to determine whether chromium content 
alone affected transition behavior during aging and also whether an 
interaction existed between chromium and the other elements with 
regard to transition. Also included in the experimental program 
were single low carbon heats of 17% chromium (17 Cr-low C) and 
27% chromium (27 Cr-low C) steel which have known embrittling 
tendencies and which were expected to contain sigma after extended 


Table I 
Chemical Composition of the 12 Per Cent Chromium Steels Investigated 

Steel Composition—Per Cent y 
Code Type Special Characteristics C Mn Si Ni Cr Mo Al Ti N 

1 12 Cr-Low C 0.03% max.C—Low Chromium 0.026 0.35 0.28 0.33 11.62 0.010 — 0.055 

2 12 Cr-Low C 0.03% max.C—High Chromium 0.018 0.40 0.34 0.30 13.48 0.006 — 0.053 

erie, Low Carbon—Low Chromium 0.080 0.45 0.37 0.29 11.64 0.015 0.058 

4 12Cr Low Carbon—High Chromium 0.060 0.41 0.38 0.32 13.73 - 0.009 - 0.062 

§ iat High Carbon—High Chromium 0.100 0.50 0.21 0.18 13.35 0.02 0.008 0.029 
6 12 Cr-Mo Low Carbon-—Low Chromium 0.080 0.27 0.36 0.30 11.96 0.43 0.030 0.056 

7 12 Cr-Mo Low Carbon—High Chromium 0.080 0.34 0.41 0.26 13.56 0.50 0.040 0.041 

8 12 Cr-Mo Low Carbon—Low Chromium 0.080 0.39 0.27 0.30 12.14 0.52 0.010 0.038 
9 12 Cr-Al Low Carbon—Low Chromium 0.080 0.32 0.22 0.10 12.06 0.250 0.032 
10 12 Cr-Al Low Carbon—High Chromium 0.070 0.38 0.45 0.30 13.61 - 0.250 V.U59 
11 12 Cr-Al-Mo Low Carbon—Low Chromium 0,070 0.34 0.44 0.23 11.92 0.49 0.250 0.04 
12 12 Cr-Al-Mo Low Carbon—High Chromium 0.070 0.36 0.45 0.30 13.61 0.49 0.230 0.00" 
13 12 Cr-Al-Ti Low Carbon—Low Chromium 0.070 0.34 0.48 0.24 12.04 — 0.210 0.11 0.04! 
14 12 Cr-Al-Ti_ Low Carbon—High Chromium 0.080 0.37 0.46 0.38 13.67 — 0.230 0.10 0.0/0 
15 17 Cr-Low C 0.03% max.C 17 Cr 0.030 0.44 0.38 0.22 16.28 0.040 - U.U04 
16 27 Cr 


-Low C 0.03% max.C 27 Cr 0.020 0.30 0.42 0.31 25.04 — 0.005 — 0.05! 
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ted temperature aging. The chemical compositions of all steels 

resented in Table I. 

[he twenty-six pound laboratory induction furnace ingots were 
foreed directly to one-half inch square bars. Specimens representing 

nercial arc furnace heats were secured from rolled billet product 

ing in size from 3% x 3% inches to 6 x 5 inches and were forged 

ne-half inch square bars. Charpy impact coupons were annealed, 

ichined and notched according to the standard ‘‘V”’ notch Charpy 
testing procedure. 

\ll forged bars of the 12% chromium steel series were annealed 
at 1550°F for one-half hour and cooled at the rate of 50°F per hour 

1100°F, followed by air cooling. Forged bars of the 17°% chro- 
nium steel were annealed at 1500°F for one-half hour and air-cooled. 
fhe annealing treatment for the 27% chromium steel consisted of 
heating at 1500°F for one-half hour and water quenching. 

One-half inch square bars for impact testing were aged at 900°F 
for 10,000 hours. Duplicate metallographic specimens were cold 
reduced 75% prior to aging for 10,000 hours at 900 and 1050°F. 
Cold working was employed to accelerate phase changes during 
wing. The aging treatments were conducted at the Lorain Works of 
the National Tube Division. Rockwell hardness measurements for 
each heat were made on Charpy specimens representing both the 
annealed and the aged conditions. 

‘“V” notch Charpy impact tests were conducted over a temper- 
ature range of —100 to +260°F. For testing temperatures of 50°F 
or lower, specimens were brought to thermal equilibrium in a mix- 
ture of alcohol and dry ice; tap water was used for temperatures of 
50 to 212°F; above 212°F, clear quenching oil was used. 

The average energy transition temperatures were selected at an 
average energy level which was the same for all heats within a par- 
ticular grade, except for the 12 Cr-Al-Ti heats. In this grade, the 
average energy levels were not consistent for the two heats involved. 
No adequate explanation for this difference can be offered. The 
average energy level selected varied from grade to grade and some 
judgment was exercised in making the selections. 

There are no standard procedures for selecting transition tem- 
peratures for ““V’’ notch Charpy impact data for 12% chromium 
steels. The method used consisted of plotting the average of the 
impact values obtained at each testing temperature in the transition 
range. The intersection of the best straight line which could be 
drawn through these average values with a line representing the 
selected average energy level, Fig. 1, denoted the average energy 
transition temperature. Use of the average energy transition tem- 
perature permitted an evaluation of the increase in transition 
temperature associated with the aging treatment. 
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Fig. 1—V Notch Charpy Impact Results of 12 Cr-Low C Steels 


Used to Determine Average Energy Transition Temperatures in the 
Annealed and Aged Condition. 


Average energy transition temperatures were determined for all 
modifications of Types 410 and 405 steels in the annealed condition 
Average energy transition temperatures for the aged condition were 
determined for 12 Cr, 12 Cr-Mo, 12 Cr-Al and 12 Cr-Al-Ti for which 
ample material was available for Charpy impact specimens. lor 
these heats for which only a limited number of specimens were 
available, it was only possible to determine qualitatively whethe: 
the transition temperature increased upon extended exposure ol 
10,000 hours at 900°F. For these heats, the temperatures selected fo1 
impact testing of the aged specimens were 20°F above the beginnin 
of transition from high to low impact values (the “knee” of th 
transition curve). At the testing temperature selected, a minimu! 
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Fig. 2—V Notch Charpy Impact Results Used to Determine 
Average Energy Transition Temperatures of 12 Cr Steel in the Annealed 


and Aged Condition. 








shift in transition temperature resulted in a maximum decrease in 
impact values. The steels with “‘V”’ notch Charpy impact values for 
the aged condition which were below the annealed transition curve 
were considered to have embrittlement tendencies, and conclusions 


were derived on this basis. Typical results of the ‘V”’ 


notch Charpy 


impact values at various testing temperatures for the modifications 


of Types 410 and 405 are presented in Figs. 1 through 5. 


Metallographic studies were conducted on specimens in the 
annealed and aged conditions. Duplicate annealed specimens from 
each heat were cold reduced 75% prior to aging at 900 and 1050°F 
for 10,000 hours. Since cold work accelerates the formation of sigma, 


it was necessary to examine identical Charpy specimens which were 
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Fig. 3—V Notch Charpy Impact Results Used to Determine 


Average Energy Transition Temperatures of 12 Cr-Mo Steels in the 
Annealed and Aged Condition. 


not cold-worked for a direct correlation between microstructure and 
embrittling behavior. X-ray and electron diffraction studies to iden- 
tify dispersed phases were also conducted on selected samples. 


DISCUSSION 
The impact testing program was arranged to provide informa- 
tion on the effect of the different alloying elements on (a) the average 
energy transition temperature for the annealed condition, and (b 
the change in average energy transition temperature after aging for 
10,000 hours at 900°F. The discussion of the data has therefore been 
subdivided into these two categories. 
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Fig. 4—V Notch Charpy Impact Results Used to Determine 


Average Energy Transition Temperatures of 12 Cr-Al Steels in the 
Annealed and Aged Condition. 


lhe Effect of Alloying Elements on the Average Energy Transition 
Temperature for the Annealed Condition 

The results of ‘““V’’ notch Charpy impact testing of the various 
12 Cr steels in the annealed condition indicated that the average 
energy transition temperature occurred over a temperature range of 
110 to —30°F and, after aging for 10,000 hours at 900°F, the range 
vas 125 to 10°F, see Table II. 

Carbon—The results of testing 12 Cr steel indicated that in- 
creasing the carbon content from 0.018 to 0.10°% decreased the 
average energy transition temperature 61.5 and 46.3°F for the high 
and low chromium 12 Cr steels, respectively, see Fig. 6. High 
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Fig. 5—V Notch Charpy Impact Results Used to Determine 


Average Energy Transition Temperatures of 12 Cr-Al-Mo Steels in the 
Annealed and Aged Condition 


chromium heats 2, 4 and 5, with respective carbon contents o! 
0.018, 0.06 and 0.10%, exhibited decreasing average energy transi 
tion temperatures (70, 40 and 20°F, respectively). Low chromium 
heats 1 and 3, with carbon contents of 0.026 and 0.08%, Fig. 6, 
indicate the effectiveness of carbon in lowering the transition tem 
perature (from 85 to 60°F, respectively). The effect of variations in 
carbon content upon transition temperature was only evaluated for 
Type 410 stainless steels. 

Chromium— The study of the effect of chromium on the averag' 
energy transition temperature, in the annealed condition for 12 (| 
(Type 410), 12 Cr-low C and 12 Cr-Al-Ti, Fig. 7, shows a decreas 
of 23.5 (heats 3 and 5), 8.0 (heats 1 and 2), and 49.1 (heats 13 and 
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Fig. 6—The Effect of Carbon at High and Low Chromium Levels of 12 
Cr Stainless Steels on the Average Transition Temperatures in the Annealed 
and Aged Conditions.’ 


Table Il 
Average Energy Transition Temperatures and Grain Size of the 12°; 
Chromium Steels Investigated 


Average Energy Change in 
Steel Transition Temp.—°F Transition ASTM Grain 
Code Type Annealed* 10,000 hrs. Temperature Size Number 
@ 900°F2 
1 12 Cr-Low C 85 > 85 Increase 6 
2 12 Cr-Low C 70 > 70 Increase 

3 12 Cr 75 >75 Increase 7-8 

4 12 Cr 40 90 50 degrees 7-8 

5 12 Cr 20 80 60 degrees 8 

6 12 Cr-Mo 40 ~40 None 8-9 

7 12 Cr-Mo 70 ~70 None 7 

5 12 Cr-Mo 40 125 90 degrees 6 

9 12 Cr-Al —20 10 30 degrees 8 
10 12 Cr-Al 55 >55 Increase 1 & 4 (duplex) 
11 12 Cr-Al-Mo 55 ~55 None 1 & 8 (duplex) 
12 12 Cr-Al-Mo 80 ~80 None 1 & 5 (duplex) 
13 12 Cr-Al-Ti 110 ~110 None 2 & 8 (duplex) 

14 12 Cr-Al-Ti 30 60 30 degrees s 

15 17 Cr-Low C 105 >105 Increase 4 
16 27 Cr-Low C 55 >55 Increase 1 & 6 (duplex) 


*See Table III 


14) Fahrenheit degrees in transition temperature, respectively, for 
1°) increases in chromium content. However, for 12 Cr-Mo, 12 
Cr-Al (Type 405) and 12 Cr-Al-Mo, Fig. 2, the average annealed 
transition temperature increased 24.6, 45.0 and i4.8°F per 1% 
increase in chromium content for the respective grades. The reason 
lor this inconsistent effect of chromium upon the transition tem- 
perature is not apparent from the available data. 

Type 410 stainless steel heats 3 (11.649% chromium) and 5 
3.35% chromium) exhibited respective transition temperatures of 
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Fig. 7—The Effect of Chromium on the Average Transition Temperatures of 12 (; 


and 12 Cr-Al Stainless Steels in the Annealed and Aged Conditions. See Legend— Fi; 


75 and 20°F. This large difference may be attributed in part to th: 
lower nickel and silicon contents and the higher carbon content of 
the latter heat. Of the two 12 Cr-low C heats, the lower chromium 
heat 1 (11.62% chromium) had a transition temperature of 85°] 
which was 15°F higher than the transition temperature of the highe 
chromium heat 2 (13.48% chromium). The 12 Cr-Al-Ti heat 14 
(13.67% chromium) had a transition temperature of 30°F, a sub 
stantial decrease in transition temperature as compared with heat 13 
(12.04% chromium) which had a transition temperature of 110°f 
Molybdenum, aluminum and molybdenum plus aluminum increased 
the transition temperature at the higher chromium contents. This 
may have resulted from an interaction effect of molybdenum and /o1 
aluminum with chromium which produced an adverse effect upon 
the transition temperature for these steels. 

Molybdenum—Contradictory influences of molybdenum upon 
the average energy transition temperature were obtained for 12 © 
heats in the annealed condition. At the lower chromium level, heats 
3, 6 and 8 in Fig. 8, the addition of approximately 0.50% molyb 
denum resulted in a decrease (about 15°F) in transition temperature. 
However, at the higher chromium level, heats 4 and 7 in Fig. 3, a 
similar molybdenum addition raised the transition temperatur 
approximately 30°F. This contradictory behavior may have resulted 
from an interaction between molybdenum and chromium as sug 
gested in the previous section. 

Aluminum—The addition of 0.25% aluminum to the 12 (1 
steels (Type 405) resulted in average energy transition temperatures 
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Fig. 9—The Effect of Aluminum on Average Transition Temperatures ot 


12 Cr and 12 Cr-Mo Steels in the Annealed and Aged Conditions 
lor the annealed condition ranging from 55 to —20°F. Comparison 
of heats 3 and 9, 12 Cr (Type 410) and 12 Cr-Al (Type 405), respec- 
tively, in Fig. 9, at the same carbon and similar low chromium 
levels indicates that a decrease in transition temperature of 95°] 
accompanied the 0.25% aluminum addition. A possible explanation 
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for the low transition temperature (— 20°F) obtained for heat 9 is 
the lower manganese, nickel and silicon contents of this heat. A 
comparison of heats 4 and 10 containing similar high chromium 
contents and the same carbon contents indicates that an increase in 
the average transition temperature of 15.5°F accompanied th 
0.25% aluminum addition. It was apparent from a comparison of 
heats 9 and 10, that in annealed 12 Cr-Al (Type 405) steels, lowe: 
chromium contents result in lower transition temperatures. For lowe: 
chromium steels containing molybdenum, the addition of 0.25° 
aluminum resulted in an increase in the average energy transition 
temperature of 21°F. At higher chromium levels, the presence of 
0.25% aluminum increased the average transition temperature 13°] 

Except at the lower (12%) chromium level, aluminum when 
added to 12 Cr and 12 Cr-Mo steels, appeared to increase the trans! 
tion temperature of the annealed product. 

Titanium—The addition of 0.10% titanium to 12 Cr-Al high 
chromium steels decreased the average energy transition temper- 
ature 25°F while at lower chromium levels the opposite effect was 
obtained, Fig. 10. These results suggest a possible interaction be 
tween chromium and titanium but more data would be necessar\ 
to firmly establish this point. 


SUMMARY OF DATA FOR THE ANNEALED CONDITION 


Considering only the transition temperatures for the various 
compositions of 12% chromium steels in the annealed condition 
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er carbon contents generally lowered the transition temperature. 
wmium, aluminum, molybdenum and titanium additions gave 
nsistent results. 


e Effect of Alloying Elements on the Change in Average Energy 
. Transition Temperature During Aging 

Sufficient impact specimens to establish the average energy 
nsition temperatures for the aged condition were available for 
9 12 Cr (Type 410), one 12 Cr-Mo, one 12 Cr-Al (Type 405) and 
ne 12 Cr-Al-Ti heats, Table Il. For these steels, aged 10,000 hours 
1 900°F, the transition temperatures ranged from 125 to 10°F as 
compared to 40 to —30°F for the annealed condition. Because of 
limited number of specimens on the balance of the steels, only par- 
tial transition curves were obtained, and only a qualitative evalu- 
ation of the effect of aging upon impact properties could be made. 

Carbon—For all heats of 12 Cr chromium steels studied, an 
increase in transition temperature occurred over the full range of 
0.018 to 0.10% carbon. The limited data do not permit a quantita- 
tive correlation of the degree of increase with carbon content, see 
Fig. 6. The carbon range was not varied for the balance of 12 Cr 
steels included in this study. 

Chromium— Increases in transition temperature occurred in all 
of the straight chromium steels, 12 Cr (Type 410), 12 Cr-low C, 
17 Cr-low C, 27 Cr-low C and also 12 Cr-Al (Type 405), Table II. 
In general, the higher chromium steels exhibited a greater increase 
than the lower chromium steels. However, in the case of 12 Cr-Al 
Type 405) and 12 Cr-Mo steels, marked increases in transition 
temperature occurred at the lower chromium level, see Fig. 7. 

Since sigma precipitation is favored by higher chromium con- 
tents, the failure to obtain a direct correlation between the increase 
in transition temperature and higher chromium contents provides 
indirect evidence that sigma precipitation may not be responsible 
for the embrittlement which reportedly occurs in some 12% chro- 
mium steels during elevated temperature service. 

Molybdenum—Of the three 12 Cr-Mo and two 12 Cr-Al-Mo 
steels investigated, only the low chromium 12 Cr-Mo heat, 8 in 
lig. 8, exhibited an increase in transition temperature after aging. 
lt should be noted that no change was found for a similar heat, 
6 in Fig. 8. This anomaly cannot be readily explained by differences 
in the base composition, see Table I. It should be acknowledged that 
heat 8 was the only heat for which sufficient aged impact specimens 
were available to establish a reasonably accurate transition temper- 
ature for the aged condition. That no increase in transition tem- 
perature was observed for four of the five heats which contained 
molybdenum suggests that molybdenum and molybdenum plus 
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aluminum may be effective in minimizing embrittlement 
elevated temperature service. However, this advantage is a 
panied by the disadvantage that the molybdenum bearing, 
exhibited higher transition temperatures for the annealed con 
than did the regular 12 Cr and 12 Cr-Al steels. This was parti 
true when comparing higher chromium 12 Cr heats 4 and 7 a; 
of the 12 Cr-Al (Type 405) and 12 Cr-Al-Mo heats in Fig. 8 

Aluminum— Both of the 12 Cr-Al (Type 405) heats studi 
this investigation exhibited increases in transition temperature a{ 
aging for 10,000 hours at 900°F, Fig. 9. This suggests that the a 
tion of aluminum alone to 12°, chromium steels will not eliminat 
the possibility of embrittlement during elevated temperature ser 
ice. Contrary to previous evidence (1), these data do not indicat 
that aluminum increases the degree of embrittlement. 

Titantum— Based on one impact result, the addition of approxi 
mately 0.10°%) titanium to 12 Cr-Al steel appeared to minimiz 
embrittlement tendencies, while a companion heat with highe: 
chromium content exhibited slight embrittlement, Fig. 10. It should 
be noted that, although the transition temperature of the low 
chromium 12 Cr-Al-Ti steel, heat 13, appeared to be unaffected by 
aging, the very high transition temperature for this steel in th 
annealed condition (110°) suggests that it would be notch sensitiv: 
at room temperature. 


Summary of Data for the Aged Condition 


Summarizing the effect of all the alloying elements studied on 
the transition behavior of aged 12% chromium steels, the combined 
addition of aluminum and molybdenum (regardless of chromium 
content) and molybdenum alone at the higher chromium level, mini 
mized tendencies toward increases in transition temperature, Tabl 
Il. The qualitative nature of many of the results do not permit 
associating the actual increase in transition temperature during 
aging with several of the alloying elements investigated. 


METALLOGRAPHIC AND HARDNESS STUDIES 


The annealed microstructures showed a random distribution o! 
carbides in a ferrite matrix, with slight banding and duplexed coarse 
and fine grain structures evident in several laboratory heats con 
taining 0.259%, aluminum. A comparison of the grain sizes of the 
various steels with their transition behavior, Table II, does no' 
reveal any relationship between the two. Heats 5, 10 and 14 all were 
fine-grained (ASTM grain sizes of No. 8 or finer) but yet exhibited 
an increase in transition temperature after aging. Laboratory indu‘ 
tion furnace heats 10, 11, 12, 13 and 16 exhibited duplexed grain 
structures. Heats 10 and 16 increased in transition temperature 
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e the balance did not. As would be expected, no change in erain 
curred during the 10,000 hour aging treatment at 900°] 

lhe hardness change during aging did not appear to correlate 
transition the hardness 
eases for heats 6, 7, 11, 12 and 13 which did not change in 


the changes in temperature, c.f. 


sition temperature with similar increases for heats 1, 2, 


3,9 and 
14. hardness decreases for heats 4 and 10 and no change in hardness 
for heats 5 and 8, all of which exhibited an increase in transition 

nperature. These data suggest that hardness measurement cannot 
be used as an indication of “900° embrittlement” in these 12° 
chromium steels and that some more sensitive indication, such as 
the impact transition temperature concept used in this investigation, 
should be employed as a criterion. 

Since prior cold work has been found to enhance sigma precipi 
tation during subsequent elevated temperature aging (3), samples 
of each heat in this program were cold-worked prior to aging. 
\ietallographic specimens of the 12 Cr (Type 410) and 12 Cr-Al 

Pype 405) steels, cold reduced 75% and aged 10,000 hours at 900° 
and at 1050°F, were examined for the presence of sigma. No sigma 
was observed in any of the steels with chromium contents less than 
13°). In the 12 Cr (Type 410) steels, sigma precipitate was identified 
in heat 4 containing 13.73°, chromium and 0.06° carbon after 
aging 10,000 hours at 900°F, Figs. 1la and 11b. Failure to identify 
sigma in a companion sample, also cold reduced 75°, but aged 
10,000 hours at 1050°F, Table III, confirms a similar observation 

Table III 


Metallographic Observations and Hardness Measurements for the Various 
Compositions and Conditions Investigated 


Annealed* Cold Reduced 75°; 


An- and Aged Aged 
nealed* Aged** Change in 10,000 10,000 
Rb Rb Grain Irransition hrs. @ hrs. @ 
Hard- Hard- Boundary rem 900°F 1050°F 
Code Type ness ness © Sigma Precipitate? perature °% Sigma ° Sigma 
1 12Cr-LowC 68.2 72.0 None identified Yes Increase 0 0 
>» 12 Cr-Low C 70.7 78.5 None identified Trace Increase 0 0 
$ 12Cr 76.2 79.0 None identified Yes Increase 0 0 
1 12Cr 82.0 80.0 None identified Yes Increase 3 0 
> Eaea 81.0 81.0 None identified Yes Increase 0 0 
6 12Cr-Mo 78.1 81.5 None identified None None 0 0 
/ 12Cr-Mo 79.4 80.0 None identified None None 0 0 
8 12Cr-Mo 83.0 83.0 None identified Yes—semi- 
continuous’ Increase 0 0 
9 12Cr-Al 82.5 81.0 None identified Yes Increase 0 0 
10 12 Cr-Al 74.1 77.0 None identified Yes Increase 8 2 
It 12Cr-Al-Mo 81.8 83.5 None identified None None 0 0 
12 12Cr-Al-Mo 76.2 78.0 None identified None None 0 0 
13 12 Cr-Al-Ti 73.4 75.5 None identified None None 0 0 
14 12 Cr-Al-Ti 83.0 84.0 None identified Yes Increase 8 } 
IS 17Cr-LowC 75.5 Re22.0 None identified Yes—con- 
uous Increase Trace 3 
27 Cr-LowC 84.8 Rc36.5 Noneidentified Yes—semi- 
continuous’ Increase i5 20 
*17 Cr-Low C annealed 30 minutes @ 1500°F and air-cooled. 27 Cr-Low C annealed 30 min 
@ 1500°F and water-quenched. All other steels annealed 30 minutes @ 1550°F, cooled 50°F 
per hour to 1100°F and air-cooled. 


“*Aged 10,000 hrs. @ 900°F and air-cooled. 
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Fig. 11—Effect of Prior Treatment on the Microstructure of 12 Cr (13.73% Chromium) 
Heat 4, After Aging for 10,000 Hours at 900°F. 2000. (a) Cold reduced 75% and aged 
Etched in Vilella's reagent to outline carbides and sigma; (b) Cold reduced 75% and aged 
Etched in glyceregia to attack sigma and outline carbides. The black constituent is sigma 
(about 3%); (c) Annealed (Table III) and aged. Etched in glyceregia showing the absenc« 
of identifiable sigma and the presence of discontinuous grain boundary precipitate responsibk 


for embrittlement. 


for a commercial purity 13% chromium steel by Link and Marsha! 
(3). Examination of heat 2 containing 13.48% chromium and 0.018", 
carbon and heat 5 containing 13.35% chromium and 0.10% carbo! 
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Fig. 12— Microstructures of 12 Cr-Al-Ti (13.6% Chromium) Heat 14, Cold Reduced 
75 ind then Aged for 10,000 Hours at 900°F. 2000. (a) Etched in Vilella’s reagent to 


ine carbides and sigma; (b) Etched in glyceregia to attack sigma and outline carbides 
Che black constituent is sigma (about 8%) 


did not reveal the presence of sigma after aging cold-reduced samples 
at either 900 or 1050°F. These observations suggest that the ferrite 
plus carbides)—ferrite plus sigma (plus carbides) phase boundary 
for these steels may be located at a slightly higher chromium content 
about 13.60% chromium at 900°F) than that proposed by Link 
and Marshall. 

The balance of 12 Cr (Type 410) steels with lower chromium 
contents (approximately 11.50%) did not contain sigma after being 
cold-reduced 75% and aged for 10,000 hours at either 900 or 1050°F, 
lable III. Neither was sigma detected in 12 Cr steels containing 
0.50% molybdenum regardless of the chromium content (11.96 to 
13.56%). 

Sigma was identified in the high chromium 12 Cr-Al (Type 405) 
steel after cold working and elevated temperature aging. Heat 10 
containing 13.61% chromium had approximately 8° sigma after 
aging at 900°F and approximately 2% sigma after aging at 1050°F. 
Heat 14, containing 0.10% titanium and 13.67% chromium, had 8% 
sigma after aging at 900°F, Fig. 12, and 4% at 1050°F, Table III. 
12 Cr-Al with 0.50% molybdenum and 13.61% chromium did not 
contain sigma, Fig. 13, suggesting that molybdenum suppresses 
sigma formation even when the samples are cold-worked prior to 
elevated temperature aging. As in the case of the 12 Cr (Type 410) 
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Fig. 13— Microstructure of 12 Cr-Al-Mo (13.61% Chromium) Heat 12, Cold Redy 


75°, and Then Aged for 10,000 Hours at 900°F. «2000. (a) Etched in Vilella’s reage 
outline carbides and sigma; (b) Etched in glyceregia to attack sigma and outline carbicdk 
The structure shows carbides at the grain boundaries and does not appear to contain sig 


steels, the 12 Cr-Al (Type 405) steel with lower chromium contents 
(11.92 to 12.06%) did not show evidence of sigma. 

Low carbon 17 Cr (heat 15) when cold-reduced 75° prior to 
aging, contained a trace of sigma after 10,000 hours at 900°F and 
3% sigma after 10,000 hours at 1050°F, Table III. Although less 
sigma was observed than in the 16% chromium steel studied by 
Link and Marshall (3), the greater amount of cold reduction 
(95.4%) used by those investigators may account for the differenc 
The smaller amount of cold reduction (75%) used in the present 
research may also account for the failure to find more sigma afte! 
the 1050°F treatment than after the 900°F treatment. This discrep 
ancy was not found for the low carbon 27 Cr (heat 16) where the 
cold-worked and aged samples contained approximately 15% sigma 
after heating 10,000 hours at 900°F and approximately 20% sigma 
after heating 10,000 hours at 1050°F, Fig. 14 and Table III. 

To develop an explanation for the changes in transition tem 
perature, a metallographic study was made on the annealed and 
aged impact specimens of all the compositions investigated. Sigma 
phase could not be identified in any of the 12% chromium steels in 
the annealed and aged condition. The absence of sigma after annea! 


ing and aging in steels which contained sigma after cold reducing 
and aging, Table III, constitutes another example of the effect o! 
cold work in accelerating solid state reactions. That an increase 1! 
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Fig. 14—Effect of Prior Treatment on the Microstructure of 27 Cr-Low C (25.04% 
Chromium) Heat 16 After Elevated Temperature Aging. (a) Cold-reduced 75% and aged 
10,000 hours at 1050°F. Etched in Vilella’s reagent to outline carbides and sigma. 2000; 
b) Same field as (a) but etched in glyceregia to darken sigma (about 20%). 2000; (c) Cold 
reduced 75% and aged 10,000 hours at 900°F. Etched lightly in glyceregia to attack sigma 

bout 15%). 500; (d) Annealed (Table II1) and aged 10,000 hours at 900°F. Etched in 
glyceregia and showing only carbides and fine semi-continuous grain boundary precipitate 
2000 
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transition temperature occurred in both the low and high chro 
steels (11.62 to 13.73%) in the annealed and aged conditio 
that sigma was identified only in the high chromium comp 
(containing more than 13.60% chromium) after cold reduci; 
aging suggests that the so-called ‘885°F embrittlement” m: 
be a result of incipient sigma precipitation. 

further metallographic studies revealed that annealed and 
impact specimens from all of the heats investigated that exhi 
an increase in transition temperature after aging contained a 
fine precipitate at the ferrite grain boundaries. This grain bou 
network is illustrated in Fig. 11¢c, a photomicrograph of a 12 | 
(Type 410) steel (heat 4) that embrittled,—i.e. the transition | 
perature after aging 10,000 hours at 900°F was 50°F highe: 
before aging. This photomicrograph and that of Fig. 14d are typi: 
of all the heats tested that increased in transition temperature afte 
aging 10,000 hours at 900°F. The balance of the heats of 12 ( 
(Type 410) and 12 Cr-Al (Type 405) steel that did not increase ji 
transition temperature did not contain this grain boundary precipi 
tate. The microstructure of a representative heat of such a steel is 
shown in Fig. 15. Because of the extreme fineness of the erai 
boundary precipitate, positive metallographic identification of this 
material could not be made. Its etching behavior more closely pai 
alleled that of carbides or carbo-nitrides rather than sigma. How 
ever, the fact that all of the heats which contained sigma after cold 
reducing and aging, heats 4, 9, 14, 15 and 16 in Table I, did not 
exhibit the fine grain boundary precipitate, Figs. 11b and 14b, while 
the annealed and aged impact specimens from these same heats did 
have the grain-boundary precipitate, Figs. 11¢ and 14d, suggests 
that this precipitate may be a transition phase which precedes the 
formation of readily identifiable sigma. This argument is refuted, in 
part, by the presence of the grain boundary precipitate in the 
annealed and aged specimens of low chromium heats 1, 3, 8 and 10, 
Table III, which did not form sigma after being cold-reduced 75% 
and aged 10,000 hours at either 900°F or 1050°F. The latter observa 
tion provides indirect evidence that grain boundary precipitate ts 
not a preliminary step in sigma formation. 


ELECTRON Microscopic EXAMINATION 


Electron microscopy did not confirm the presence of the fine 


intergranular precipitate previously observed with the light micro 
scope. Examination of selected specimens in the electron microscope 
by means of uranium shadowed collodion replicas failed to reveal 
any significant differences between specimens considered to be em 
brittled and the others, Table IV. Extraction replicas of the spe 
mens showed a small amount of a thin lamellar precipitate in britt! 


1 
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Fig. 15—Microstructure of 12 Cr-Mo Heat 6 Which Did Not Embrittle During Ag- 
ing. 10,000 Hours at 900°F, 2000. Annealed (Table III) Prior to Aging (a) Etched in Vilella’s 
reagent showing fine carbides in a ferrite matrix and the absence of a grain boundary pre- 
ipitate; (b) Etched in glyceregia which outlines carbides and attacks sigma. Neither sigma 
r a grain boundary precipitate are in evidence; (c) Light electrolytic chromic acid etch which 
ittacks carbides but not ferrite grain boundaries. Note absence of grain boundary precipitate; 
old-reduced 75% prior to aging. (d) Etched in glyceregia showing presence of carbides and 

sence of both sigma and grain boundary precipitate 
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Table IV 
Summary of X-Ray and Electron Diffraction Investigation of 
Samples Aged 10,000 Hours @ 900°F 


Change in X-ray Electron |] 
Steel Transition Chemical Composition—% Diffraction 885°F 
Code ype Temperature C N Cr Mo Al CraCe CrN B.C.C Fil 
l 12 Cr Low ( Inc rease 0.026 0.055 11.62 - 0.01 No » No 
4 as 3 Increase 0.06 0.062 13.73 - 0.009 § S Yes 
6 12 Cr-Mo No 0.08 0.056 11.96 0.43 0.03 MS S No 
& 12 Cr-Mo Increase 0.08 0.038 12.14 0.52 0.01 S MS No 
Q 12 Cr-Al Increase 0.08 0.032 12.06 0.25 S No No 
12 12 Cr-Al-Mo No 0.07 0.08 13.61 0.49 0.23 S No No 


» strong 
MS— Medium Strong 


samples 1, 10 and 8. This material was identified by electron diffra: 

tion to be hexagonal chromium nitride Cr2N. There was only a smal 
amount of this lamellar precipitate present in these samples. This 
material did not appear to occur primarily at grain boundaries. An 
appreciable amount of the chromium rich body-centered cubic pre 
cipitate (chromium ferrite), found in higher chromium steels aged at 
900°F (4), was present in sample 4 (high chromium, 12 Cr steel), 
Dark regions corresponding to areas of body-centered cubic precipi 
tation could be seen at 1000X in the light microscope. None of this 
precipitate was found in any of the other samples examined by elec 
tron diffraction. Previous experience has shown that this precipitate 
cannot be detected in earliest stages of 885°F embrittlement. 


X-RAY EXAMINATION 

A portion of each specimen listed in Table IV was dissolved in 
grain size reagent and the residue collected for X-ray diffraction 
examination. Carbide of the type (Cr, Fe, W, Mo)o3;C.5 was found in 
all but specimen 1. This specimen contained only 0.026% carbon 
which is apparently below the solubility limit for chromium ferrite 
at 900°F. Chromium nitride (Cre.N) was found in all specimens 
examined but numbers 10 and 12. Both of these samples had alu 
minum additions and apparently all nitrogen had combined as AlN 
which was soluble in the extracting solution. 

Identification of the body-centered cubic precipitate in high 
(13.73%) chromium embrittled 12 Cr sample 4, and failure to 
identify it in high (13.61%) chromium unembrittled 12 Cr-Al-Mo 
sample 12, Table IV, suggests that, in these higher chromium steels, 
embrittlement may be associated with the presence of this new 
phase which is too fine to be resolved by the light microscope. How 
ever, reference to Table IV shows that this body-centered cubic 
phase could not be identified in the lower chromium steels which 
embrittled while a film-like Cr,N precipitate was present in each 
The latter evidence suggests that, in these steels, nitrides or carbo 
nitrides participated in the embrittling process. 
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SUMMARY 


4) A series of 12% chromium steels containing varying 

ints of carbon, aluminum, molybdenum and titanium at two 

; of chromium exhibited average energy transition tempera- 

; ranging from —30 to 110°F for the annealed condition. After 
wing for 10,000 hours at 900°F, the same group of steels had transi- 
tion temperatures in the range from 10 to 125°F or higher. 

b) While the higher (0.08%) carbon content favored slightly 
lower transition temperatures for the 12 Cr (Type 410) steels in the 
annealed condition, an increase in transition temperature was 
observed for all combinations of carbon and chromium contents in 
these steels after aging for 10,000 hours at 900°F. However, in no 
steel was this increase of a serious nature. 

(c) Contrary to published information, 0.25% aluminum does 
not appear to favor an increase in transition temperature after aging. 
Low transition temperatures for both the annealed and aged condi- 
tions were obtained for a low (12%) chromium Type 405 steel. 

(d) The addition of 0.50% molybdenum to high and low 
chromium 12 Cr (Type 410) and 12 Cr-Al (Type 405) steels resulted 
in intermediate transition temperatures for the annealed condition. 
After aging, the low chromium 12 Cr-Mo steel increased in transi- 
tion temperature but the high chromium 12 Cr-Mo steel and both 
the high and low chromium 12 Cr-Al-Mo steels did not. The com- 
bined addition of molybdenum and aluminum appeared to effec- 
tively eliminate the so-called ‘“‘885°F embrittlement” of the 12 Cr 
steels. 

(e) The addition of 0.10% titanium to both high and low 
chromium 12 Cr-Al (Type 405) steels did not consistently lower the 
transition temperatures for both the annealed and the aged condi- 
tions. 

(f) Sigma phase could not be identified in any of the steels in 
the annealed and aged condition. After cold reducing and aging, 
sigma was observed in a high chromium 12 Cr (Type 410) steel after 
heating at 900°F and in a high chromium 12 Cr-Al (Type 405) steel, 
the low carbon 17 Cr steel and the low carbon 27 Cr steel after heat- 
ing at both 900 and 1050°F. 

(g) Neither the grain size, the hardness change during aging 
nor the presence or absence of sigma in metallographic specimens, 
which had been cold-reduced prior to aging, could be correlated with 
the changes in transition temperature which occurred during aging. 


(h) A fine intergranular precipitate which etched like carbides 
or nitrides was present in every impact specimen which showed an 
increase in transition temperature after aging. This finely dispersed 
phase was not found preferentially at the grain boundaries of steels 
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which did not show this increase nor was it observed in an 
steels after cold working and aging. 

(i) The body-centered cubic precipitate previously ass. 
with 885°F embrittlement in higher chromium steels (4), was | 
fied by electron diffraction in an embrittled 13.73°7 chr 
12 Cr (Type 410) steel in the present work. In samples o| 
chromium content, a lamellar CreN precipitate appeared to co) 
with impact transition behavior. 

The impact data for the various compositions and conditi 
investigated suggest that for commercial applications compri 
prolonged service at elevated temperatures where no increas: 
transition temperature can be tolerated, 12 Cr-Al-Mo steel should 
be used. It should be pointed out, however, that these steels ex 
hibited average energy transition temperatures for both the an 
nealed and the aged condition in the range from 55 to 80°F. For cold 
weather applications or service comprising only occasional briet 
intervals at elevated temperatures where low transition tempera 
tures are of primary importance and minor elevated temperatur 
embrittlement could be tolerated in the interest of achieving lowe: 
initial transition temperatures, the data suggest that low chromium 
(about 12.00%) 12 Cr-Al (Type 405) steel might be used to advan 
tage. 
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view of the complexity of embrittlement phenomena, the authors have 
ed additional information which is most welcome. The nature of precipi 
reactions in certain modified 12-chromium alloys has been recently put 


our laboratory, and it may be that our results will add to or clarify those 
iuthors. 


Sigma was found, from X ray diffraction patterns ot electrolytically ex 


d residues, to form in stressed 12 Cr-Co-W-V specimens (containing 0.10 


( 5 Cr, 5.0 Co, 3.0 W and 0.25 V) after aging for only 1000 hours at 1050°F 
precipitation reaction causes little increase in hardness (although about 10 
cht “% sigma is present) and an extreme decrease in impact resistance to the 
t that no impact transition temperature exists up to 1000°F. It would have 
. most interesting if the authors had further tested the impact properties of 
t| 


e specimens in which sigma appeared to form after cold reduction and 
The use of glyceregia alone for sigma identification is liable to error, 
particularly if one reports a visual volume %% of sigma as done in Table III. 
X-ray diffraction patterns are more reliable, and one can arrive at a satisfactory 
weight ‘ 


» of sigma in each specimen using quantitative electrolytic and chemical 
digestion techniques. 


Chromium-rich ferrite (the cause of 885°F embrittlement) was found, from 
| 


ectron-diffraction patterns of extraction replicas, to precipitate in stressed and 
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Fig. 16—Electron Micrograph at 18,000 of 12 Cr-Co-W-V Alloy After 
Service Exposure for 22,000 Hours at 1000°F. Chromium-shadowed negative 
replica shows the presence of blocky sigma, globular 


MosCe and lamellar pre 
cipitate. 
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unstressed 12 Cr-Co-W-V specimens after aging for 200 hours at 800 { 
Specimen hardness increased from 340 to 360 BHN, and impact t 
temperature increased from 200 to 900°F. The authors might find simila: 
transition temperatures if their specimens were austenitized, quench 
tempered at 1200°F rather than annealed at 1500 to 1550°F and air-coo! 
very ductile condition. Alone or jointly, sigma and chromium-rich ferrite a: 
for the damaging embrittlement observed on long-time service exposur: O00 
to 1050°F. 

The small increases in transition temperature observed by the auth 
pear to result from the minor embrittlement caused by gas absorption d 
processing and aging. The enclosed electron micrograph shows the presence o| 
a fine lamellar precipitate which is frequently observed in most 12-chromiy; 
alloys aged for long times in air. X-ray diffraction patterns of extracted r 
were not found to give sufficient identification of this phase, although 
chromium Ka radiation) there are low intensity lines at 2@ positions of 62.0 an 
66.0 which one can compare with patterns of pure Cr2N or many other phas 
The writer would appreciate seeing some of the original electron and X-ray 


diffraction patterns from which the authors made a positive identification o 
Cr.N. 


If the minor embrittling precipitate is Cr2N, then many of the reporte: 


anomolous increases in impact transition temperature may be caused by proc: 
ing rather than alloy compositional variables; the wide scatter in impact data does 
not allow one to attach great significance to transition-temperature increases of 
less than about 20°F. The detection of sigma in a high chromium 12 Cr-Al alloy 
appears to confirm, rather than refute, Newell’s original observation that Typ 
105 can badly embrittle during long-time service exposure by sigma and/or 
chromium-rich ferrite precipitation. The authors may have studied only th 
minor and unpredictable effect of gas absorption. 


Authors’ Reply 


The authors Wish to thank Mr. Hagel for his interesting and informativ: 
discussion. Perhaps a brief definition of the objective of the investigation described 
in the paper would more clearly explain the testing conditions and techniques 
employed. 

An important commercial application of 12 Cr steels comprises welded 
corrosion-resistant linings in vessels used at elevated temperatures in oil refineries 
and other chemical industries. Here, the corrosion resistance of 12 Cr steel is 
adequate and these steels are not so susceptible to embrittlement by sign 
precipitation at temperatures up to 900°F as were the 17 Cr steels formerly used 
Because of the forming operations involved, these vessels are fabricated fr 
annealed material—rarely is quenched and tempered material used. Theretor 
this investigation was concerned with the embrittling behavior or shift in trai 
tion temperature of annealed specimens of various compositions which w 
heated for an extended period at 900°F. 

A secondary objective was that of determining, if possible, what precipit 
was responsible for any embrittlement observed, and the technique of metal! 
graphically evaluating the presence of sigma in the aged samples seemed adequa' 
for this purpose. It should be pointed out, however, that in the 12 Cr-Al st: 


sigma was identified only in a cold reduced and aged sample of the high chromiu 
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’ steel, Code 10 in Table III, and could not be discerned in annealed 
dsamples of the same heat or in the low chromium (12.06 o) steel, Code 9, 
er the aging was carried out on annealed or cold-reduced specimens. Th 
im content of this high chromium steel was above the commercial specifi 
: (11.50/13.50%) for AISI Type 405 while the steel which Newell reported 
brittled contained 13.189) Cr. Comparing the annealed and the aged transi 
emperatures of 12 Cr and 12 Cr-Al steels at similar carbon and chromium 
c.f. heats 3 and 9, and 4 and 10 in Table II, does not suggest that t he 
ce of 0.25% Al produced a larger increase in transition temperature during 
10,000 hour aging treatment at 900°F. As pointed out by Scheil (2) who 
ted satisfactory service performance at 850 to 900°F of many modified lype 
105 vessel linings, 12 Cr-Al (Type 405) steel containing not more than 13°; 
mium and approximately 0.08% carbon would not be expected to embrittle 
¢ prolonged heating at temperatures as high as 900°F. 

No chemical analyses were made of the extraction residues upon which th« 
X-ray diffraction analyses given in Table IV were made. The medium to high 
sity lines of four of the diffraction patterns definitely showed that the 
terial was isomorphous with pure Cr.N. Certainly the presence of this phase 
uild be expected in 12 Cr steels which did not contain significant amounts of 

lements with stronger nitride forming tendencies than chromium. 
\ comparison of total nitrogen contents of aged impact specimens with 
nal nitrogen contents ol drillings from the as-cast ingot, lable V, does not 
iggest that any significant absorption of nitrogen occurred during hot working, 
nnealing, or the 10,000 hour aging treatment at 900°F. In fact, the data indicate 


nly an average total nitrogen increase for the fourteen heats of 0.001°%, a value 


less than the experimental error of the analytical technique. 


Table V 
Change in Total Nitrogen Content of the 12 Cr Steels During the 
Processing and Aging (10,000 Hrs. @ 900°F) Treatments 


Change in “7, Nitrogen in 

Steel % Nitrogen lransition Aged Impact 
Code Type in Ingot Temperature spec imen 

1 12 Cr-Low C 0.055 Increase 0.058 

2 12 Cr-Low C 0.053 Increase 0.055 

3 12 Cr 0.058 Increase 

1 12 Cr 0.062 Increase 0.059 

5 12 Cr 0.029 Increase 0.029 

6 12 Cr-Mo 0.056 None 0.060 

7 12 Cr-Mo 0.041 None 0.043 

8 12 Cr-Mo 0.038 Increase 0.035 

9 12 Cr-Al 0.032 Increase 0.024 

10 12 Cr-Al 0.055 Increase 0.052 

11 12 Cr-Al-Mo 0.046 None 

12 12 Cr-Al-Mo 0.080 None 0.084 

13 12 Cr-Al-Ti 0.049 None 0.048 

14 12 Cr-Al-Ti 0.073 Increase 0.076 

15 17 Cr-Low C 0.064 Increase 0.068 

16 27 Cr-Low C 0.081 Increase 0.083 


lt would appear, therefore, that the data do not represent the minor effect of 
nitrogen absorption upon impact properties although nitride precipitation as the 
equilibrium structure at 900°F was approached, may have exerted some influence 
upon the transition temperature. 































THE EFFECT OF COMPOSITION AND STRUCTURE on 
THE CREEP-RUPTURE PROPERTIES OF 
18-8 STAINLESS STEELS 


By ForEsT C. MONKMAN, PETER E. PRICE AND 
NICHOLAS J. GRANT 


Abstract 

Twenty-seven simple unstabilized stainless steels of the 
18 chromium-8 nickel variety were prepared in which 
amounts of chromium, nickel, and carbon plus nitrogen 
were varied. Stress-rupture tests were conducted on these 
alloys at temperatures of 000, 1200, and 1300°F for rup- 
ture lives of about thirty seconds to five hundred hours. Varia 
tions in the chromium, nickel, or carbon plus nitrogen con- 
tents while holding the other two constant were studied to 
establish the effects of such composition changes on the 
strength and structure of the alloys at elevated temperatures. 
he effects of the formation and growth of carbides, ferrite, 
and sigma during testing were evaluated. (ASM- SLA Clas- 
sification: O03, Q4, SS) 


HE relatively high cost and limited supply of many elements 

currently being used in high temperature alloys necessitate the 
development and better utilization of lower alloyed steels. This is, 
of course, especially important if there is to be a large scale expan 
sion in the gas turbine and other high temperature fields. In this re 
gard, a better understanding of the 18-8 type of stainless steel and 
the development of improved stainless steels as a substitute for some 
of the higher alloyed materials appears to be very promising. 

To improve existing stainless steel alloys, it is first desirable to 
know exactly what are the effects of variations in chemical composi 
tion on alloy stability and on high temperature rupture strength and 
creep resistance. Thus it is desirable to understand the effects of 
phase changes on the strength properties, because relatively small 
changes in the chemical composition of the 18-8 type stainless steels 
result in structural changes, such as the formation of carbides, sigma 

ferrite and their subsequent growth in the temperature range 
where stainless steels are normally used. 





This paper is based on theses submitted for partial fulfillment of the requirements for | 
degree of Doctor of Science for Forest C. Monkman, and for the degree of Master of Scienc 
Peter E. Price. 
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18-8 STAINLESS STEELS 


EXPERIMENTAL PROCEDURE 


\ series of simple iron-chromium-nickel stainless steels contain 
carbon and nitrogen were investigated, omitting other alloying 
stabilizing elements usually found in commercial stainless steels. 
ile the general effects of alloying elements on the high tempera- 
- rupture strength and structure are known, their specific effects 
still subject to considerable speculation. A previous investigation 
Hum and Grant (1)' indicated a strong dependency of rupture 

rength on the carbon plus nitrogen content in a series of unsta- 


lized 18-8 stainless steels. Therefore, in this study, which is an 
extension of the former work, the sum of the carbon and nitrogen 
contents was kept relatively constant when the nickel or chromium 
was varied. The chemical compositions of the alloys studied are listed 


in Table I. 


Table I 
Compositions and Initial Structures of the Alloys 
J Ni %C IN 


% Si %Mn %O M.F  Structure* 


6.15 0.032 0.033 0.10 +100 

8.7 0.030 0.030 100 

8.28 0.020 0.024 0.09 0.044 25 

8.46 0.029 0.027 0.054 110 

11.08 0.025 0.025 < 320 

9.38 0.037 0.031 125 

8.07 0.110 0.031 0.12 0.027 < 320 

8.18 0.126 0.034 0.09 250 

6.09 0.116 0.035 0.09 150 

11 f 10.92 0.032 0.036 0.07 < 320 

12 2% 10.97 0.104 0.039 < 320 

13 x 11.18 0.067 0.042 0.16 < 320 

15 8.17 0.067 0.034 0.029 75 

16 “a 6.66 0.040 0.023 0.07 150 

19 8.17 0.061 0.038 0.06 0.035 « 320 

20 20 0.098 0.025 0.037 200 

21 10 0.081 0.030 0.03 0.041 200 

29 85 0.062 0.035 0.06 75 

35 17 0.027 0.038 140 

50 78 0.024 0.025 275 

53 19 0.023 0.028 150 

55 98 0.032 0.038 200 

89 92 0.016 0.019 + 50 

103 5.03 0.020 0.028 _ ‘ 320 
104 ; 18.38 0.030 0.036 ‘ 320 
105 14.78 0.028 0.028 < 320 
106 .06 15.31 0.026 0.016 < —320 


a ph bet 
A INK wOUMO oO 


— 


*Structure after one-half hour solution treatment at 2000°F, followed by a water quench 


Heats 50, 53, and 55 were prepared in a six-pound indirect 
graphite arc furnace while the remaining heats were melted in a 25- 
pound induction furnace. The melts were deoxidized with a calcium- 
manganese-silicon alloy and cast at 1550°C (2820°F) into graphite 
molds. The ingots were forged to one half inch diameter rods at a 
maximum forging temperature of 2200°F. The rods were solution 
treated one half hour at 2000°F and water-quenched. 

Stress-rupture test specimens were machined which had a test 
section of 0.250-inch diameter by 1.0-inch gage length. Stress-rupture 


Che figures appearing in parentheses pertain to the references appended to this paper 
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tests were run on equipment previously described (2). Tests 
conducted at temperatures of 1000, 1200 and 1300°F and at st; 
which resulted in rupture lives from about 30 seconds to 500 | 
Metallographic samples were prepared from selected s| 
rupture specimens in order to follow structural changes which : 
curred during testing. X-ray diffraction patterns were obtained 
Norelco X-ray spectrometer using chromium radiation. A high | 
perature X-ray camera was used for structure determination at 
testing temperatures. It was found possible to determine accurat 
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Fig. 1—Plot of Log Stress Versus Log Rupture Time at 1000, 1200, and 1300°F for 
Alloy 4 (19.6% Cr, 8.5% Ni, 0.056% C+N). 


the formation and reversion temperatures of martensite by means ol 
resistivity measurements with a Kelvin double bridge. In addition, a 
Magnegage, which measures the force necessary to pull a magnet off 
the surface of the specimen, was utilized to determine the amount of 
magnetic phase present in the alloys. 


EXPERIMENTAL RESULTS 


Carbon and Nitrogen Series —Figs. 1 and 2 show typical log stress 
versus log rupture life and log stress versus log minimum creep rat' 
plots for one of the alloys. In every case the best curves were draw 
on the basis of the test values, supported by metallographic exami! 
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Fig. 2—-Plot of Log Stress Versus Log Minimum Creep Rate at 1000, 1200, and 1300°F 
Alloy 4 (19.6% Cr, 8.5% Ni, 0.056% C+N) 


tion of the specimens. Such plots were obtained, using about the same 
number of tests, for each of the alloys, and the point scatter is repre 
sentative of that of the other alloys; but because of the large number 
of individual plots, they have been omitted, and only the summary 
plots of log stress versus log rupture life are included and are shown 
in Figs. 3 to 7. 

Metallographic examination of the stress-rupture specimens re- 
vealed that the breaks in the curves labeled A, B and © at 1000, 
1200 and 1300°F, respectively, were due to a transition from a trans- 
crystalline type of fracture to an intercrystalline one. The breaks in 
the curves labeled D and E at 1200 and 1300°F were associated with 
a grain boundary precipitate or precipitates as seen in Fig. 8. 

Metallographic examination, magnetic tests, heat treatments, 
and X-ray diffraction were used in an attempt to identify the grain 
boundary precipitate or precipitates. The etching characteristics in- 
dicated that the precipitate was a combination of carbides, nitrides, 
and ferrite in each of the alloys of this series. Magnetic measurements 
showed that a magnetic phase was present in the stress-rupture 
specimens which broke beyond the breaks labeled D and E in the 
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_A %Cr  %Ni %CHN 37 
4 19.6 8.5 0.056 
19 19.8 8.2 0.099 
7 19.6 8.1 0.142 
1 
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Fig. 3—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, 


1300°F for Alloys 4, 7, and 19, 


and 
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Fig. 4—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 
1300°F for Alloys 35, 21, 20 and 89. 
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Fig. 5—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 
1300°F for Alloys 3, 15, and 9. 
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Fig. 6—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 
1300°F for Alloys 1, 29, and 10. 
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Fig. 7—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, an 
1300°F for Alloys 11, 12, and 13. 
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It is quite possible that the noted magnetism was due to 
site which formed in the long time rupture specimens of the 
in this series due to the fact that the M, temperatures of the 
were raised above room temperature when carbon and nitrogen 


recipitated out of solid solution during testing. To identify 


wnetic phase, sections of the ruptured test specimens were 
treated for 100 hours at 1800°F which is above the solution 
erature for sigma, carbides and nitrides, but not for ferrite. In 
case a portion of the precipitate remained at the grain bound 
ndicating that some of the precipitate was ferrite. In addition, 
\Io.C, carbide X-ray diffraction pattern was obtained from the 
esidues electrolytically separated from the long time rupture speci 
ens of the alloys in this series. On the basis of these tests, it was 
ecided that the breaks in the stress-rupture curves (D and E) at 
1200 and 1300°F were due to the growth of ferrite at the grain 
ndaries. This is supported by the observation that the instability 
breaks are suppressed by increasing carbon plus nitrogen content 
they are strong austenite stabilizers) at constant chromium and 
ickel levels. 
lhe third instability, denoted as “I” in the stress-rupture curves 
1300°F for alloys 4 and 19 (Fig. 3), is believed to be caused by 
the precipitation of sigma, even though the characteristic X-ray pat- 
tern of sigma was not found in the diffraction patterns of the electro 
lvtically separated residue. Etching studies (3) did indicate that 
sigma was present; however, this is not positive proof since the etch 
ing characteristics of sigma are similar to those of the carbides and 
nitrides. The summary plots show that this instability ‘‘F’’ is en- 
hanced by decreasing carbon and nitrogen content and with increas 
ng chromium content, both changes promoting the formation of 
sigma (4,5,6). 

lt is evident from Figs. 3 to 7 that carbon and nitrogen increase 

the rupture strength of these alloys in the temperature range investi 
vated; however, the magnitude of the strengthening effect is de 
pendent upon both testing temperature and the time of the test (01 
stress). Table [1 summarizes the stress for rupture at specified times 
it 1000 to 1300°F. The range of stress values attainable through 
variation in the carbon plus nitrogen content can be seen to vary 
considerably at all temperatures. The precipitation of carbides and 
nitrides and the adjustment of the matrix to these changes takes 
place over a sufficiently long time to result in the observed variations 
of strength with time and temperature. In addition to the relatively 
rge solid solution strengthening effect noted in the short time tests, 
nm and nitrogen maintain the strength at long times by sup 

ing the formation of ferrite and sigma. This effect can be seen 
vs. 3 to 7 where instability breaks of the type D and E, due to 


' 
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Fig. 8—Photomicrographs of Selected Stress-Rupture Specimens of Alloys 3, 4, 9 

19, Showing Precipitates Formed During Testing. Ferritic Chloride Etch 
(a) Alloy 3. 1300°F 410 hours. X 500. (17.4 Cr, 8.3 Ni, 0.04 C +N); (b) Alloy 9. 1300°! 


890 hours. X 750. (17.2 Cr, 8.2 Ni, 0.16 C+N); (c) Alloy 4. 1300°F 390 hours. X 750. (19. 
Cr, 8.5 Ni, 0.06 C+N); (d) Alloy 19. 1300°F 490 hours. X 500. (19.8 Cr, 8.2 Ni, .10C+N 


the precipitation of ferrite, and F, due to the precipitation of sigma, 
were prevented by increasing carbon and nitrogen content. 

It is important to note that the initial formation of ferrite and 
sigma is generally not detrimental to the high temperature strength 
In fact, the summary plots show that the strength of the alloys which 
exhibit a ferrite instability break (D and E) is maintained at a highe! 
level of stress (smaller slope) than the alloys without such an insta 
bility break up to a period of time just prior to the appearance of th 
instability break; compare alloys 4 and 19 to alloy 7 at 1200 and 
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Table II 
Variations in Stress to Rupture for Specified Times at 1000, 1200, and 1300°F 
For the Alloys in the Carbon Plus Nitrogen Series 


Cr %Ni %C+N 1000°F 1200°F 1300°F 
10 hrs. 100 hrs 10 hrs 100 hrs. 10 hrs 500 hrs 
1914 Cr—8 Ni varying C plus N 
4 19.6 8.5 0.056 46,000 40,000 27,000 20,500 19,000 8,900 
19.8 8.2 0.099 56,000 44,000 29,500 21,000 20,500 10,000 
19.6 8.1 0.141 59,000 48,500 28,000 21,600 20,000 11,700 
17 Cr—8 Ni varying C plus N 
17.4 8.3 0.044 43,500 37,000 25,700 18,700 17,800 7,500 
16.6 8.2 0.104 55,000 44,000 26,500 19,500 19,000 8,800 
17.2 8.2 0.160 60,000 47,500 28,500 21,800 19,500 11.400 
18 Cr—8 Ni varying C plus N 
gg 18.1 7.9 0.036 — 18,500 9,000 
26 18.3 8.2 0.065 47,500 39,500 26,400 20,500 17,500 8,100 
{ 18.5 8.2 0.111 56,000 42,000 26,200 18,800 18,600 10,000 
0 18.5 8.2 0.123 55,400 44,000 27,000 20,600 17,500 10,000 
18 Cr—6 Ni varying C plus N 
1 18.5 6.2 0.065 44,000 35,000 23,000 15,500 17,000 7,800 
29 18.5 5.9 0.099 51,000 41,500 25,000 17,000 18,000 8,200 
10 18.4 6.1 0.144 60,000 50,000 28,500 22,000 19,500 11,000 
18 Cr—i1 Ni varying C plus N 
il 18.7 10.9 0.068 49,000 37,500 27,500 20,000 18,500 9,000 
13 18.2 11.2 0.109 55,500 42,000 28,500 20,500 20,500 11,000 
i 


0.139 60,000 44,500 31,500 24,000 21,000 12,000 











300°F in Fig. 3. This indicates that the initial formation of ferrite 
and sigma) actually strengthens the alloys; however, the subse- 
quent growth and agglomeration of ferrite (and sigma) at the grain 
boundaries weaken the structure and result in the noted instability 
breaks D and E, after which there is a more rapid decrease in strength 
with increasing rupture life. 

The Effect of Chromium Variations—The summary plots of log 
stress versus log rupture life for the chromium series are presented 
in Figs. 9 to 13. The instability breaks labeled A, B, and C at 1000, 
1200, and 1300°F, respectively, were again determined to be due to 
the transition from a transcrystalline to an intercrystalline type 
failure. The instability breaks D and E were again found to be asso- 
ciated with the same type of grain boundary precipitation. 

While the most recent iron-nickel-chromium phase diagram (4) 
at 1200°F indicates that it is impossible to form ferrite in stainless 
steels containing more than about 8 to 10° nickel, magnetic tests 
with a Magnegage showed small but discernible amounts of magnetic 
phase present in the chromium series of alloys containing as much 
as 12 and 15% nickel. A section from a stress-rupture specimen of 
alloy 103 (19 chromium-15 nickel) was tested in a search coil in a 
strong magnetic field. An amount of ferro-magnetic phase equivalent 
to 0.05% iron was measured, which corresponds approximately to 
the amount of grain boundary precipitate observed in this alloy 
about equal to the amount of precipitate in alloy 53 in Fig. 20). 
besides responding to etches for ferrite, this precipitate did not dis- 
solve even after being held at 1800°F for 100 hours. 
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lable Ill 
Variation in Stress to Rupture for Specified Times at 1000, 1200 and 12300 
For the Alloys in the Chromium Series 


Alloy 7% Cr %Ni % C+N 1000°F 1200°F 
No 10 hrs 100 hrs 10 hrs 100 hrs 10 
8 Ni 14 C+N varying Cr 
9 17.2 8.2 0.160 60,000 47,500 28,500 21,800 19.500 
20 18.5 8.2 0.123 55,400 44,600 27,000 20,600 17.500 
] 19.6 8.1 0.141 59,000 48,500 28,000 21,600 10 O00 
8 Ni 10 C+N varying Cr 
15 16.6 8.2 0.104 55,000 44,000 26,500 19,500 19.000 
?1 18.5 8.1 O.111 56,000 42,000 26,200 18,800 18.600 
19 19.8 8.2 0.099 56,000 44,000 29,500 21,000 1) 500 
& Ni—.06 C+N varying Cr 
) 15 8.7 0.056 26,000 19,000 
17.4 &.3 0.044 43,500 $7,000 25,700 18,700 17.800 
35 18.3 &.2 0.064 47,500 39, 500 26,400 20,400 17.500 
1 19.6 8.5 0.056 46,000 40,000 27,000 20,500 19.000 
12 Ni—.06 C+N varying C1 
50 10.7 11.8 0.049 21.000 
53 13.3 12.2 0.051 18.000 
55 15.4 12.0 0.070 17,600 
11 18.7 10.9 0.068 49 000 37,500 27,500 20,000 18.500 
15 Ni 06 C+N varying Cr 
106 13.1 15.3 0.042 14.100 
105 16.3 14.8 0.056 26,000 17.500 18.000 
103 19.3 15.0 0.048 18.200 
On the basis of these summary plots, it is seen that chromiur 


in solid solution increases the high temperature strength up to th 
point where sigma is formed as a relatively coarse product. The stress 
for rupture at specified times at 1000, 1200 and 1300°F is summari 

in Table II1. The strengthening effect at short times due to chromiu: 
is less than that of carbon and nitrogen as can be seen in comparil 
igs. 5 and 12. In these figures, an increase in carbon plus nitroge: 
content from 0.04 to 0.16% % increased the 36 second rupture life 6,000 
psi, while an increase in chromium content from 10.7 to 18.7% on! 
increased it 4000 psi. As in the case of the initial formation of cai 
bides and ferrite, sigma formation strengthens the alloys at short 
test times, as evidenced by the flat slope of the curves in Figs. 9,10 
and 13 (see for example alloy 4 at 1300°F, Fig. 9, and alloy 19 1 
Fig. 10, also at 1300°F). The subsequent growth of the sigma into 
massive phase results in the ‘‘F”’ instability beyond which the slop 
of the strength curve becomes much steeper. 

The Effect of Nickel Variations—The summary plots for th 
alloys in the nickel series are shown in Figs. 14 to 19. Again th 
transition from a transcrystalline to an intercrystalline type fractur 
results in an instability break labeled A, B, and C, whereas the othe 
instability breaks labeled D and E and F were found to be associate: 


‘ ' 


with grain boundary precipitation, as explained above. The stres 
rupture at specified times at 1000, 1200, and 1300°F is summar! 


in Table IV. 
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Table IV 
ariation in Stress to Rupture for Specitied Times at 1000, 1200, and 1300°I 
For the Alloys in the Nickel Series 


1000 
10 hrs 
18 Cr 06 ¢ 
44,000 
47,500 
49,000, 
18 Cr 10 ¢ 
§1,000 
56,000 
55,500 
18 Cr .14 ( 


60,000 
55,400 
60,000 


16 Cr O06 ¢ 


8 Cr 06 ¢ 
55,000 


19 Cr OS ¢ 
16,000 


100 hr 10 hr 


+N varying Ni 
$5,000 23,000 
39,500 26,400 
37,500 27,500 
+N varying Ni 
41,500 25,000 
42 000 26,200 
42.000 *® SOO 
+N varying Ni 
50,000 28,500 
44.000 7 OOO 
14.500 41.500 
+N varying Ni 
26,000 
26,000 
26,000 
26,000 
t N Varyihnz Ni 


49.800 $1,700 


26,000 


+N varying Ni 
410,000 »7 OOO 


‘5 


1200°1 
100 hi 


15.500 
20.400 
20,000 


17,000 
18.800 
0, 500 


22,000 
20,600 
»4. OOO 


19,000 
20,500 
17,000 
17,500 


20,500 


17,500 


0 500 


000 
‘500 
SOO 


OOO 
600 
SOO 


SOO 
‘500 
O00 


OOO 


19,000 
17,600 
18,000 
17,100 


19,000 
18,200 


7 800 
&.100 
9 OOO 


8,200 
10,000 
11.000 


11.000 
10,000 
12,000 


100 
& S500 
& 400 
7,700 


8,900 
‘4/00 


Comparison of the summary plots indicates that nickel has a 


small direct effect on the stress-rupture properties. Small variations 


the chromium or the carbon plus nitrogen content can be seen to 


ave a greater effect than the relatively larger variations in nickel 


content in Figs. 14 to 19. However, since nickel has an important 
effect on the stability of austenite, nickel would be expected to sup 
press the formation of ferrite, and thereby to maintain the strength 
of the alloys through increased stability. Unfortunately, as can be 
seen in Fig. 20, an increase in nickel content from 12 percent to 18% 
it about 13°) chromium and 0.05°% carbon plus nitrogen) was in 
sulhicient to suppress grain boundary precipitation. Both alloy 106 
13°, chromium, 15% nickel, 0.04°% carbon plus nitrogen) after 610 
hours at 1300°F, and alloy 103 (19°% chromium, 15° nickel, 0.05°% 
carbon plus nitrogen) after 380 hours at 1300°F, had some magnetic 
phase after test. It is highly improbable that the ferrite formed under 


1 
+} 


os 


iese conditions in these alloys is an equilibrium structure. In this 


ird, Rosenberg and Irish (7) found that a transition ferrite pre 


' t 
CIl)it 


chromium-10 nickel high purity stainless steels. 
Kffect of Martensite—A martensitic transformation of austenite 
errite takes place in stainless steel alloys which results in im 
ved strength properties at room temperature. In addition, the 


ipitate preceded the formation of equilibrium sigma in several 18 
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Fig. 9—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 


1300°F for Alloys 3, 35, 4 and 2. 
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Fig. 10—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 
1300°F for Alloys 15, 19, and 21. 
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Fig. 11—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200 
1300°F for Alloys 7, 9, and 20 
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Fig. 12—Summary Plot of Log Stress Versus Log Rupture Life at 1300°F for Alloy 
0. 53, 55, and 11. 
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Fig. 13—Summary Plot of Log Stress Versus Log Rupture Life at 1300°F for Alloy 
103, 105, and 106 


resence of an acicular ferritic phase was found in a stainless steel 
lloy which exhibited excellent stress-rupture properties at 1300°F 


1 


\s listed in Table I, a number of the alloys in this investigation 


contained martensite at room temperature. Furthermore, martensite 
: : earn Tite 
been reported to exist up to temperatures approaching 1300°F (8). 
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Fig. 14—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, and 
1300°F for Alloys 10, 20, and 12. 
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ture ty; 


Fig. 15—Summary Plot of Log Stress Versus Log Rupture Life at 1200°F for Alloys 
» 5,6 and 105. 


‘or this reason, it was necessary to determine the effect of martensite 
and its decomposition products on the high temperature creep 
strength. 

Inasmuch as the martensitic transformation of austenite to 
ferrite involves the change of a nonmagnetic phase to a magnetic 
one, electrical resistivity was found to be an excellent method of 
following this reaction. To verify the resistivity results, X-ray dif- 
fraction studies were made with a high temperature camera wherein 
the decomposition was followed by measuring the intensity of the 
lines of the martensite pattern. 

Resistivity and X-ray experiments showed further that signifi- 
cant amounts of martensite could be formed in alloys 3, 4, 15, 35, 
and 53 by quenching in liquid nitrogen, and that most of this mar 
tensite was stable at 1000°F. Stress-rupture specimens of these alloys 
were prepared by quenching in liquid nitrogen followed by testing 
at 1000°F to determine the effect of martensite. Within experimental 
error, the rupture lives and the minimum creep rates of these speci- 
mens were equal to but not superior to those which contained no 
martensite. 

To investigate the effect of the decomposition products of mar- 
tensite, samples of alloys 3, 4, and 35 were quenched in liquid nitro- 
ven to form martensite, and were then aged 20 hours at 1200 and 
1300°F, which was found to be sufficient to decompose the marten- 
site as evidenced by X-ray and resistivity experiments. These speci- 
mens were then tested and found to be weaker and to have lower 
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Fig. 16—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, an 
1300°F for Alloys 1, 35, and 11. 
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Fig. 17—Summary Plot of Log Stress Versus Log Rupture Life at 1000, 1200, 
ind 1300°F of Alloys 13, 21, and 29. 
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Fig. 18—Summary Plot of Log Stress Versus Log Rupture Life at 1300°F for Alloys 4 
and 103, 


Alloy %Cr %~Ni %C+N 

16 14.5 6.7 0.065 

55 15.4 12.0 0.070 

105 16.3 14.8 0.056 


18.3 0.066 





| 
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Rupture Life (Hrs.) 


Fig. 19—-Summary Plot of Log Stress Versus Log Rupture Life at 1300°F for Alloys 
16, 55, 105, and 104. 


ductility at these temperatures than specimens receiving only the 
20 hour aging treatment. Metallographic examination of the spec! 
mens in which martensite was found and then decomposed showed 
that carbide and ferrite precipitation had taken place within the 
austenitic grains as well as at the grain boundaries. The martensite 
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Fig. 20—Photomicrographs of Selected Stress-Rupture Specimens of Alloys 53, 106, and 
104 Showing Precipitates Found During Testing. Ferric Chloride Etch. 

(a) Alloy 53. 1300°F 380 hours. X 500. (13 Cr, 12 Ni, .05 C-+N); (b) Alloy 106. 1300°F 
610 hours. X 500. (13 Cr, 15 Ni, .04 C+N); (c) Alloy 104, 1300°F, 380 hours. X 500. (14 Cr, 
18 Ni, 07 C+N) 


probably transformed to carbides, nitrides, and austenite of low car- 
bon and nitrogen content. With increasing time at temperature, the 
equilibrium ferrite precipitated out of the low carbon-nitrogen 
austenite, and thereby weakened the alloys. 

Effect of Composition on Ductility—The elongation in a one inch 
long gage section, and the reduction in area at the fracture, were 
measured for each stress-rupture test. In every alloy a sharp decrease 
in ductility accompanied the transition from a transcrystalline to an 
intercrystalline type fracture. In addition, the ductility was found to 
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Fig. 21—Plot of Reduction in Area Versus Nitrogen Plus 
Carbon Content for 10 and 500 Hours Rupture Life at 1300°F. 


decrease as the rupture life increased. The reduction in area values 
and the elongation values for specimens having a rupture life of 10, 
100, and 500 hours were plotted against chromium content, nicke! 
content, and carbon plus nitrogen content. Within experimental 
error, the ductility was independent of both chromium and nickel! 
content but varied inversely with respect to the carbon plus nitrogen 
content; as can be seen in Fig. 21, the ductility was found to decrease 
linearly with carbon plus nitrogen content as a first approximation. 


DISCUSSION AND SUMMARY 


It was found that increasing amounts of carbon and nitrogen in 
solid solution strengthen stainless steels at elevated temperatures 
both by alloying the austenitic matrix and by suppressing the forma- 
tion of sigma and ferrite. However, carbon and nitrogen are precipi- 
tated out of solid solution as carbides and nitrides so that the 
strengthening effect is time and temperature dependent. This was 
especially evident at 1200 and 1300°F where the rate of carbide and 
nitride precipitation is relatively rapid. At 1000°F, on the other 
hand, the precipitation rate is much slower and the rupture life of 
the stainless steel alloys in this investigation exhibited a significant 
increase in strength out to 500 hours or more as a result of the in 
creased carbon plus nitrogen content. 
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Carbon and nitrogen were found to be instrumental in main- 
ing the high temperature strength by suppressing other struc- 
.| changes which occur at the testing temperatures. Because these 
ments stabilize the austenitic matrix, increasing the carbon and 
rogen content was found to eliminate the instability break in the 
stress versus rupture life curves which was caused by ferrite growth 
the grain boundaries. The initial formation of ferrite, however, 
sas seen to actually increase the high temperature strength as con- 
trasted to the weakening effect due to subsequent growth and ag- 
olomeration of the ferrite. 
The third instability break caused by the precipitation of sigma 
was also eliminated by increasing amounts of carbon and nitrogen. 
Presumably this was due to the precipitation of iron-chromium car- 


bides which suppressed the formation of sigma by decreasing the 
chromium content of the matrix. 

Chromium was also found to affect the high temperature 
strength of stainless steel alloys both as an alloying element in the 
\ustenitic matrix and by influencing the structural changes which 
can take place in these alloys. As an alloying element in the austen- 
itic matrix, chromium was found to have an important strengthening 
effect at the testing temperatures. This strengthening effect was 
found te be considerably smaller than that of carbon and nitrogen; 
however, the benefit was not found to diminish with time at tem- 
perature to any great extent. 

On the other hand, chromium was found to be detrimental to 
the high temperature strength when it promoted the formation of 
massive sigma. The initial precipitation, as with the ferrite, resulted 
in improved strength, but the subsequent growth of this phase at the 
grain boundaries was found to severely weaken the high tempera- 
ture strength. 

Nickel was not found to have an important strengthening effect 
on the high temperature rupture properties. The unavoidable small 
variations of chromium, nitrogen, and carbon contents in the alloys 
of the nickel series had as great an effect on the strength as the large 
variations in the nickel content. This is in agreement with the re- 
sults of Borzdyka (9) who reported that nickel variations up to 
eighty percent in iron-chromium-nickel alloys had very little effect 
on their high temperature strength. 

As determined experimentally, the martensitic ferrite which was 
formed in these alloys by cooling below the M, temperature, was not 
lound to have a significant effect on the rupture and creep properties 
ol stainless steel at 1000°F. On the other hand, the decomposition of 
martensite which was found to occur above about 1100°F decreased 
the high temperature strength and ductility at 1200 and 1300°F. 
his is probably due to the fact that martensite decomposes to car- 
bides, and austenite of low carbon and nitrogen content. 
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The formation of ferrite from this austenite as well as th 
crease in the carbon and nitrogen content of the matrix, \ 
account for the decrease in high temperature strength. 

The ductility of these alloys were found to decrease with 
creasing rupture life. In addition, within the composition range oj 
this investigation, the ductility was essentially independent of both 
chromium and nickel contents, but varied inversely to the carbon 
plus nitrogen content. 
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DISCUSSION 

Written Discussion: By W. L. Badger, manager, Small Aircraft Engine 
Lab., General Electric Co., West Lynn, Mass. 

This work, apparently part of an overall program on stainless steels, gives 
information which has not been available in such detail. With the earlier work o! 
Hum and Grant, this paper covers very well the changes in the 18-8 steels which 
can be produced through alloying. 

However, this work does not cover one area which would have seemed o! 
most interest-—that of composition variations in vacuum melted alloys. Th: 
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im melted high strength heats reported by Hum and Grant should prove a 
er base for chromium and nickel variations than the 0.14°% carbon and nitro 
eries, which would be undesirable from a welding standpoint. In this conne 
it would be interesting to also evaluate the effects of manganese and silicon 

low carbon and nitrogen heats, both vacuum and air melts. 


Authors’ Reply 


In reply to Mr. Badger’s comments, we have in fact done some work with the 
uum melted stainless steels of ultra low carbon content. The variable which 

was studied was the carbon-plus-nitrogen content. The results substantiated the 
high strength and ductility values reported by Messrs. Hum and Grant and clearly 
how the importance of both vacuum melting and the low carbon-plus nitrogen 
itent. Primarily it appears that the elimination of carbon and nitrogen produces 

in austenitic alloy which is very stable at high temperatures since it is not subject 
to carbide and nitride precipitation (overaging) or sigma formation (low chromi- 
im content). These interesting results have been submitted for publication. Fur 


ther, we plan to study variations of vacuum melted composition reported by 
Messrs. Hum and Grant. 








CREEP-RUPTURE PROPERTIES OF COLD 
WORKED TYPE 347 STAINLESS STEEL 


By N. J. GRANT, ALBERT G. BUCKLIN, AND WARREN Row) 


Abstract 

Type 347, columbium stabilized stainless steel, was 
cold-worked up to 60%. Recrystallization tem peratures were 
determined for 0.5, 5, and 50-hour intervals. In addition to 
tensile testing at room temperature, creep rupture tests were 
berformed at 1200, 1300, and 1500°F to study the effects of 
cold work on the high temperature properties; and to relate 
the time-temperature values for the incidence of intercrystal 
line fracture to the static recrystallization temperature. 
(ASM-SLA Classification: 03, Q4, NS, SS) 





ENEFITS due to cold working or warm working are a recog 
nized method of improving both the low temperature and thi 
high temperature properties of metals and alloys (1,2,3)'. In fact, 
the use of warm-worked 16-25-6 Timken alloy for jet engine disks is a 
standard operation (4). The use of 17 chromium—13 nickel—3 
tungsten-titanium stabilized alloy in the warm-worked condition as 
an inexpensive rotor bucket in gas turbines for relatively long life at 
temperatures below 1200°F is a fine example of the profitable appli 
cation of an alloy otherwise too weak for the application (3). Th 
alternate choice of a substitute would require a higher alloyed 
product at considerably higher cost. 

Unknown at the present are the relative advantages of various 
stainless compositions for cold or warm work strengthening. Th 
recrystallation temperature is undoubtedly one of the best, if not 
the best, measures of useful work hardening for high temperature 
applications. This in turn suggests that the presence or appearanc 
of ferrite in an otherwise austenitic structure may be undesirable. 

The results presented below illustrate the benefits to be de 
rived from cold-worked type 347 stainless steel for use in the rela 
tively high temperature range 1200 to 1500°F, it being accepted 
that at lower temperatures the benefits for long time applications 
are quite safe for prior warm work up to 50% reduction of area. 





\The figures appearing in parentheses pertain to the references appended to this papet 
A paper presented before the Thirty-Seventh Annual Convention of 1 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, N. J. Grant! 
associate professor, Albert G. Bucklin is DIC Staff member, and Warren Rowlan 
was formerly research assistant, Department of Metallurgy, Massachusetts | 
stitute of Technology, Cambridge, Mass. Manuscript recerved March 3, 1955 
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) . ¥ 
PROCEDURE 


[ype 347 stainless steel was obtained as 5¢ inch bar stock. Its 
position was: 0.057 C; 0.040 No; 18.28 Cr; 9.42 Ni; 1.36 Mn; 
; Si: 0.58 Cb; balance Fe. 

Che bars were hot-forged to % inch round at a maximum of 

00°F and were then solution treated for 1 hour at 2000°F and 
(el quenched. 

Sections were cold swaged to give reductions of area of 10.0, 
1) 8. 30.4, 37.6, 58.0, and 81.2% (they will be referred to as 10, 20, 
30, 40, 60, and 80% in the text) for the purpose of determining the 
recrystallization parameters. 

In addition room temperature tensile tests and creep-rupture 
tests at 1200, 1300, and 1500°F were performed on the solution 
treated, 10, 20, and 30% cold-worked grades. The specimens were 
of 0.250-inch diameter, 1-inch gage length size. 


RESULTS 

Recrystallization Data— After cold work, specimens were held 
for periods of time from 0.5 to 50 hours (some for 500 hours) at tem- 
peratures from 1200 to 1700°F. Hardness values were taken and 
plotted as a function of temperature for various annealing times. The 
inflection of the curve was taken as an arbitrary measure of recrystal- 
lization tor purposes of comparison. 

lig. | shows a summary plot of percent cold work versus tem- 
perature for three time periods of 0.5, 5, and 50 hours, giving the 
minimum recrystallization temperature as a function of cold work 
and annealing time. For a severely cold-worked condition, recrySs- 
tallization in 50 hours will not occur below about 1325°F, in fact, 
even 500 hours should not produce recrystallization at 1300°F. 

Room Temperature Mechanical Properties—tig. 2 shows room 
temperature yield strength (0.2% offset), tensile strength, percent 
elongation in 2 inches, and reduction of area for various degrees of 
prior cold work up to 30%. Fig. 2 also shows the increase in hard- 
ness (Rockwell A) and ferrite content as a function of cold work up 
to 80% reduction of area. It is noted that both vield strength and 
tensile strength are still increasing rapidly after 30% cold work; but 
whereas the elongation has decreased as sharply as strength has in 
creased, the reduction of area (in tensile tests) has changed remark 
ibly little. 

Beyond about 40% cold work, the hardness increases very lit- 
tle, reaching a maximum slightly above Rockwell A-65. Ferrite was 
not detected magnetically (by means of a Magnegayve) until over 
0"> reduction of area by cold work was achieved. At 80°) cold 
ork the quantity of ferrite indicated is between 20 and 25°. The 
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Fig.4—Plot of Cold Work Versus Temperature for Recrystalli 
zation of Type 347 for Time Periods of 0.5, 5, and 50 Hours 


measurements indicate greater ferrite content in the center of the 
specimen than at the surface, by about 5%. 

Creep-Rupture Data—Figs. 3,4, and 5are log stress versus log 
rupture life plots at 1200, 1300 and 1500°F, respectively, in each 
instance for the annealed (solution treated) 10, 20, and 30°, prior 
cold-worked conditions. Test times are from about 0.01 hour (about 
36 seconds) to 500 hours. Fig. 3 shows that there is an increase in 
hot strength for all degrees of prior cold work up to 30° for rupture 
times up to at least 1000 hours. At 1300°F, however, (Fig. 4) afte 
about 20 to 50 hours rupture life, the 20 and 30°% cold-worked 
structures are weaker than the 10°, cold-worked alloy, and are 
weaker than the solution treated condition for rupture times ol 
about 200 hours. The 10% cold-worked alloy continues to show im 
proved strength out beyond about 1000 hours. At 1500°F (Fig. 5 
all benefits due to cold work are lost beyond a rupture life of about 
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Fig. 4—Log Stress Versus Log Rupture Life Plot for 
Cold-Worked Type $47 at 1300°F 
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Fig. 5—Log Stress Versus Log Rupture Life Plot for Solution Treated and 
Cold-Worked Type 347 at 1500°F. 
10 hours and the solution treated condition is appreciably stronge: 
for a 1000-hour life. The 10, 20, and 30°% cold-worked conditions 
are weaker in the order shown. 
Table I summarizes the values of stress to rupture in 10, 100, 
and 1000 hours at 1200, 1300, and 1500°F for the four conditions 
Very similar trends were obtained for secondary creep rates as 
a function of cold work and temperature. Table II lists the stress 
for secondary creep rates of 1, 0.01, and 0.001% % per hour. 


DISCUSSION 


; 


It was shown in studies of cold-worked Monel that evidence 0 
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Table I 


SS STEE! 


Effect of Cold Work on the Stress for Rupture (psi) 
10 Hours 100 Hours 
ealed $2,200 35.500 
10°%, cold-worked § 2,000 10,700 
0 cold-worked 54,300 42,000 
30) cold-worked 62,700 16.700 
ocr 
Annealed 33,300 26,400 
10 cold-worked 37,500 29.300 
”) cold-worked $7,800 26.300 
20) old-worked 40, 300 27,600 
nyt 
\nnealed 18,300 11.800 
10 cold-worked 17,800 11.000 
10°%, cold-worked 17,200 9,600 
30 cold-worked 12,200 6,500 
Table Il 
Stress for Specified Secondary Creep Rates 
ib 0.01 
O°} per Hour per Hour 
lution treated 42,000 35.500 
10 cold-worked 58,000 41,000 
0) cold-worked 67,000 42,500 
30 cold-worked 72,000 47,000 
10O°K 
Solution treated 35,000 28,000 
10 cold-worked 41,000 29,000 
20 cold-worked 50.000 28.500 
30 cold-worked 52,000 30,000 
O°} 
Solution treated 20,000 8,500 
10° cold-worked 22,000 8,000 
20 cold-worked 25,000 6,500 
30 cold-worked 16,000 3,500 
Table Ill 
Total Elongation for Specified Rupture Lives 
0.1 Hours 10 Hours 
yn treated 45(T)* 25(1 5 
cold-worked 22(T) , 0 2 
old-worked 6(T) » 5S 2 
ld-worked 7(T) 1.8 
1 treated 40(T) 10 10 
ld worked 15 T) »>sS ? 
id-worked 7(T) ea 1 
ld-worked 17(1 16 1 
ition treated s0(T) 25 23 
cold-worked 10(T) 10 12 
old-worked 10(T) 12 2i 
ld-worked 12(1 35 10 


esignates transcrystalline fracture. Others are intercrystalline 
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Fig. 6—Original Grain Structure of Annealed Type 347. 10% oxalic acid, electrolytic etch. 
~< 100. 


Fig. 7—Structure at Point Removed from Fracture in Test at 1200°F, 55,000 psi. Noté 
considerable grain growth after only 8 hours. 10% oxalic acid, electrolytic etch. «100 


Fig. 8—Point Removed from Fracture in Annealed Specimen Tested at 1300°F, 30,000 psi 
(to the right of equi-cohesion zone). Note intercrystalline cracking. Appreciable grain growt! 
also apparent. 10% oxalic acid, electrolytic etch. «100. 


recrystallization is present in creep-rupture specimens at tempera- 
tures up to 200°F lower than the lowest recrystallization tempera- 
ture based on static tests (2). The same behavior is evidenced in the 
present data. Fig. 6 shows the solution treated structure of the steel 
prior to cold work. Fig. 7 shows the structure of the 20% cold-worked 
alloy after being tested at 1200°F at a stress of 55,000 psi. Fracture 
occurred in about eight hours and the alloy underwent a tota! 
elongation of 2.5% and a reduction of area of 7.9%. 

Fig. 8 shows that the solution treated alloy also recrystallized 
during the course of creep-rupture testing at 1300°F and at 30,000 
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Rupture life was 24.6 hours, elongation about 15%. Note the 

-crvstalline cracks at a point away from the fracture. 

Fig. 1 indicates a minimum recrystallization temperature of 

it 1400°F for an equivalent amount of cold deformation and an 
equivalent annealing time as the specimen in Fig. 8. These results 
confirm the observations made in studying Monel (2), namely, that 
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Fig. 9—Effect of Cold Work on the Stress for Rupture in 1 Hour and 1000 

Hours at 1200, 1300, and 1500°F. 
the first evidence of recrystallization in specimens tested in creep- 
rupture occurs at or beyond the equi-cohesive break in a log stress— 
log rupture life plot (see Fig. 3), and that this evidence of recrystal- 
lization occurs up to several hundred degrees lower than the low- 
est measured static recrystallization temperature. 

These observations also indicate severe grain boundary defor- 
mation of an order of magnitude sufficient to promote recrystalliza- 
tion processes at temperatures much lower than would ordinarily be 
expected. It is important to emphasize that the mode of failure for 
stresses below the break (to the right of the break) shown in the 
curves of Figs. 3,4, and 5 was in all instances intercrystalline. 

Unfortunately, whether there was a gain in rupture strength or 
not, cold work reduced the ductility (both elongation and reduction 
of area) at fracture at 1200 and 1300°F. The elongation values are 
tabulated in Table III for selected rupture life values of 0.1 to 1000 
hours. As long as the fracture was of the transcrystalline variety, 
ductility remained usefully high as is shown by the 0.1-hour rupture 
life values. Where the fracture was intercrystalline, at 1200 and 
1300°F, the elongation values were quite low for the cold-worked 
conditions. The solution treated condition was also embrittled at 
1200°F, although not so rapidly, but at 1300°F showed a high level 
of ductility out to 1000 hours. 
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At 1500°F, where recrystallization occurred rapidly, freq 
being well under way by the time loading was completed (a, 
time to adjust temperature and load was about 20 to 25 min 
the total ductility values were again high. 

Fig. 9 shows that for short time use (under 1 hour) ther 
steady increase in stress for rupture up to 30% cold reduction 
no evidence of a maximum. This same trend continues at 1300°| 
with a decreasing rate, suggesting a maximum soon after 30° 
work. At 1500°F all benefits are lost beyond about 20% cold r 
tion. 

For a 1000-hour life, 30% cold work still shows an improvement 
at 1200°F. At 1300°F, only 10° reduction produces a small in 
provement, whereas at 1500°F the solution treated condition is sig 
nificantly stronger than any of the cold-worked structures. 

(“ONCLUSIONS 

1. Static recrystallization studies as well as creep-rupture tests 
of solution treated and cold-worked type 347 stainless steel confirn 
that recrystallization occurs up to 200°F lower during creep-ruptur: 
than in static tests. 

2. Useful high temperature strengthening in creep-rupture can 
be achieved through cold work (or warm work) as follows: 

(a) At 1200°F, up to 30% cold reduction yields improvement 

up to at least 1000 hours. 

(b) At 1300°F, up to 10% cold reduction for a 1000 hour lif 
and over 30% for a one hour life or less. 

(c) At 1500°F, up to 20% cold reduction for a one hour life but 
avoid cold work for rupture lives of greater than about on 
hour (the solution treated condition is best). 

At 1100°F and lower, it appears that very significant im 
provements can be achieved for long time use with cold 
work up to 30% or more. 
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DISCUSSION 


Written Discussion: By W. L. Badger, manager, Small Aircraft | 
General Electric Co., West Lynn, Mass. 

his paper, together with the other papers from the same group, adds to 
le information on use of stainless steels at elevated temperatures, informa 
vhich should eventually promote economies of strategic materials through 
led working and alloy modification. 

Can any of the observed results be ascribed to « hanges in orientatio wad 

: 1 hape during cold working? Admittedly, it would be difficult to hold the et 

erain size constant during working, but could not X-ray measurement 


d to determine strain levels in the cold-worked material? 


\nother point of interest is the effect of cold work and subs« quent aging o1 
tt mperature properties, such as impact strength and corrosion resist nics 
[his should be especially interesting in view of the very low ductility values re 


led here at 1200°F. 


Authors’ Reply 


It would not be expected that large changes in creep rupture properties would 

result from the small increases in preferred orientation of a face-centered cubi 
lov associated with these amounts of cold work of the 347 stainless steel. On the 

ther hand, the change in grain shape would probably have a larger effect, th 
nitude of which is not known. Presumably one could stress relieve the cold 


worked structure without recrystallizing to measure the effect of the change i 


grain shape, but the introduction of a sub-structure would introduce an unknown 


X-ray measurements certainly could be utilized to measure line broadenii 


is a measure of cold work but would hardly be an accurate measure of the strain 


evel. We wish that this were a practical tool. We are sorry that the program did 
permit a study of the impact properties and corrosion resistance, or of the 


otch stress rupture properties too, in view of the drop in ductility 






























EFFECTS OF CHEMICAL COMPOSITION ANp 
HEAT TREATMENT UPON THE 
MICROSTRUCTURE AND CORROSION 
RESISTANCE OF AISI TYPES 309 AND 319 


By D. J. CARNEY AND E. R. RosENow 


Abstract 

AISI Types 309 and 31/0 with varying carbon and 
nitrogen contents were subjected to different solution anneal- 
ing treatments and cooling rates. Corrosion tests were con- 
ducted in boiling 65% nitric acid and copper sulphate- 
sulphuric acid. The effects of carbon and nitrogen on 
intergranular corrosion resistance were noted. Variations 
in the processing affected microstructures to such an extent 
that in some cases heats containing higher carbon contents 
yielded improved intergranular corrosion resistance. (ASM- 
SLA Classification: R2, M27, J general, SS) 


HE American Iron and Steel Institute in its standard chemical 

compositions lists, at present, 0.20 and 0.25 maximum weight 
percent carbon for Types 309 (25% Cr-12% Ni) and 310 (25° 
Cr-20% Ni) respectively. For welded applications that involve cor- 
rosion service, 0.08% maximum carbon is generally recommended 
for the above grades (309S and 310S). This recommendation follows 
the reasoning applied to the use of lower carbon contents in the 18-8 
compositions such as Type 304L. The desire for low carbon contents 
is associated with the need for the prevention of intergranular 
chromium carbide precipitation during air cooling following welding 
The formation of a network of intergranular carbides in austenitic 
stainless steel results in reduced corrosion resistance in many types 
of industrial solutions and atmospheres. 

While many investigations (1,2,3)' have been made concerning 
the effect of carbon content and heat treatment on the corrosion re- 
sistance of 18% Cr-8% Ni types of stainless steels, little data of this 
nature have been published for the stainless steels of high alloy con- 
tent such as Types 309 and 310. Consequently, a laboratory investi- 
gation was initiated in which heats of Type 309 of different carbon 
and nitrogen contents and heats of Type 310 of different carbon 


1The figures appearing in parentheses pertain to the references appended to this pape! 


A paper presented before the Thirty-Seventh Annual Convention of th 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, D. J. Carne) 
is chief development metallurgist, and E. R. Rosenow is physical metallurgist, 
United States Steel Corp., South Works, Chicago. Manuscript received January 
11, 1955. 
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ts were subjected to variations in solution annealing tempera- 
and cooling rates from the solution temperature. The effect 
of the variations in composition and heat treatment on microstruc- 
‘ure and intergranular corrosion resistance were determined. Varia- 
‘ions in the processing of these stainless steels affected microstruc- 
‘ures to such an extent that in some cases heats containing higher 
carbon contents yielded improved intergranular corrosion resistance. 


EXPERIMENTAL PROCEDURE 


\Velting and Processing—Seven AISI Type 309 heats and two 
Type 310 heats were produced in a 26 lb. laboratory induction fur- 
nace for this investigation. Ingots, 3 inches in diameter and 16 
inches long, were hammer forged to 4X1 inch flat bars. These 
bars were machined to remove surface defects and subsequently cold 
reduced 50% on a laboratory rolling mill before heat treatment. 

Heat Treatment—For austenitic stainless steels, a common 
solution annealing treatment consists of holding at 1950°F for 0.5 
hour followed by water quenching. For grades such as 309 and 310 
depending upon the carbon content and other factors, some chro- 
mium carbides can remain undissolved following this solution treat- 
ment. It will be shown later that the degree of carbide solution fol- 
lowing the annealing treatment has a marked influence upon carbide 
precipitation either during welding, cooling from annealing or dur- 
ing sensitization. To investigate this effect for both Types 309 and 
310, two solution annealing temperatures were used—one, a higher 
temperature to insure complete solution of the carbides or carbo- 
nitrides and the other, a lower temperature to dissolve only ap- 
proximately 50% of the carbides present in the as-forged or as- 
rolled structure. The two carbon levels used (0.06% and 0.16%) in 
this study required different solution temperatures to produce a 
comparable degree of carbide solution. Solution temperatures re- 
quired to accomplish the above purpose were determined by heat 
treating pilot specimens. Specimens from each heat were given the 
two required solution treatments followed by, (a) water quenching, 
b) cooling at 1300°F per hour and (c) cooling at 300°F per hour 
after being held 30 minutes at the solution temperature. The above 
cooling cycles were used to roughly approximate a range of cooling 
conditions which can exist in a welded structure. The specific heat 
treating cycle used for each heat is presented in Table I. 

Corrosion Testing—Samples from each heat having each of the 
listed heat treating cycles were tested to determine their suscepti- 
bility to intergranular corrosion by means of the boiling 65% nitric 
acid test and the boiling copper sulphate-sulphuric acid test. The 
procedures used in conducting each of these tests is listed below: 
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Table I 


TIONS QO! 


THE ASM 


lreatment Conditions for AISI Type 310 


and Type 309 Stainless Steels Investigated 


TREATMENT | 


2025°K 


2200 


2025 


2025 


2025 


2200 


2200 


2200 


2025 


EATMENT II 


1800°h 


2025 


1800°F 


L800 


1800 


2025 


2025 


2025 


1800 


Cooling Rates From Solution Temperatur: 


No. 1 


Water-Quenched 
trom Solution 
Temperature 

Water-Quenched 
trom Solution 
remperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 


Approximately 


Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
lemperature 

Water-Quenched 
from Solution 
Temperature 

Water-Quenched 
from Solution 
Temperature 


No. 2 


\ll Carbides Dissolved 


( ooled 1300 k per 
Hour from Solution 
lremperature ' 
Cooled 1300°F per 
Hour from Solution 
lemperature 
( ooled 1300 k per 
Hour from Solution 
Temperature 
Cooled 1300 I per 
Hour from Solution 
lemperature 
Cooled 1300°F per 
Hour from Solution 
lemperature 
Cooled 1300°F pet 
Hour from Solution 
lremperature 
Cooled 1300°F per 
Hour from Solution 
Temperature 
Cooled 1300 kk per 
Hour trom Solution 
lemperature 
Cooled 1300°F per 
Hour from Solution 
lemperature 


x 


Cooled 30 
Hour fro 
Temp 
( ooled 400 
Hour fro 
Tempe 
Cooled 300 
Hour from 
remper 
( ooled 400° | 
Hour fron 
remper 
Cooled 300°] 
Hour from 
remper 
Cooled 300°] 
Hour from 
Temper ] 
Cooled 300°! 
Hour from 
remper t 
Cooled 300°] 
Hour from S 
remperat 
Cooled 300°} 
Hour from S 
lemperat 


50° Carbides Dissolved 


Cooled 1300 k per 
Hour from Solution 
lemperature 
( ooled 1300 F per 
Hour from Solution 
remperature 
( ooled 1300 F per 
Hour from Solution 
Temperature 
( ooled 1300 k per 
Hour from Solution 
remperature 
Cooled 1300 k per 
Hour from Solution 
Temperature 
Cooled 1300°F per 
Hour from Solution 
Temperature 
Cooled 1300 Fk per 
Hour from Solution 
remperature 
Cooled 1300°F per 
Hour from Solution 
lemperature 
Cooled 1300 F per 
Hour from Solution 
Temperature 


Boiling 65% Nitric Acid Test 


Cooled 300°} 
Hour from Sol 
remper iture 
Cooled 300°T 
Hour from Sol 
lemperaturt 
( ooled 300°] 
Hour from Solut 
remperatur 
Cooled 300°I 
Hour from Solut 
lemperaturt 
Cooled 300°! 
Hour from Solut 
remperature 
Cooled 300° F per 
Hour from Solut 
lemperatur 
Cooled 300° h per 
Hour from Solut 
lemperature 
Cooled 300°F per 
Hour from Solut 
Temperature 
Cooled 300°F pe 
Hour from Solut 
Temperature 


For the boiling 65% nitric acid test, specimens (14 X 1 X2 inches 
were machined from the heat treated strips, were surface ground 
and hand finished on 120 grit emery paper. The samples wert 
cleaned in isopropyl alcohol and preboiled 30 minutes in a boiling 


ss 
209 


nitric acid solution. Each specimen was tested individually in a 


flask containing boiling 65% nitric acid in accordance with the test 
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lable Il 
Chemical Compositions of Laboratory Induction Furnace Heats 
of AISI Type 310 and Type 309 Stainless Steels Investigated 
Heat Ladle Analys:i 
Number j Mn Ee » Sl Cr Ni N 

\ 0.06 1.57 0.008 0.005 0.78 24.56 21.54 0.085 
B 0.16 1.52 0.007 0.008 0.73 25.608 21.29 0.058 
( 0.06 1.56 0.009 0.024 0.84 22.44 14.05 0.069 
1) 0.06 1.58 0.006 0.006 0.50 21.23 15.03 0 O80 
Ik 0.05 1.56 0.008 0.006 0.65 23.26 14.04 0.190 
F 0.16 1.50 0.010 0.020 0.75 24.39 14.29 0.042 
G 0.16 1.50 0.010 0.006 0.54 »3 41 14.06 0 069 
H 0.15 1.58 0.007 0.006 0.64 23.68 14.16 0.170 
I 0.06 1.47 0.010 0.007 0.75 25.00 12.04 0.089 


ocedure as outlined in the ASTM Specifications (4). The weight 
losses occurring during each 48-hour exposure were determined and 
converted into corrosion rates measured as inches penetration per 
month. If the corrosion rate exceeded 0.005 inches penetration per 
month during any of the 48-hour boiling periods other than the first 
period the test was discontinued. 


Bowling Copper Sulphate-Sulphuric Acid Test 


For the boiling copper sulphate-sulphuric acid test, duplicate 
samples (48X38 X3 inches) were machined from each heat treated 
strip. The specimens were surface ground, hand finished on 120 grit 
emery paper and cleaned in isopropyl alcohol. They were immersed 
for 72 hours in a flask containing acidified copper sulphate (47 ml 
H.SO,—specific gravity 1.84, 13 grams CuSO,-5H2O and 950 ml 
distilled water ). After removal from the solution each specimen was 
bent 180 degrees around a diameter equal toits thickness. If nosurface 
cracking developed during bending, the specimen was considered to 
have exhibited a satisfactory resistance to intergranular corrosion 
by this test. 

Microscopic Examination—Samples for microscopic examina- 
tion were cut from the 144 X1 inch flat bars after each of the heat 
treating cycles. These samples were prepared for microscopic exam- 
ination in accordance with standard metallurgical procedures so as 
to correlate the microstructure, particularly carbide distribution, 
with the results of the corrosion tests. 


RESULTS AND DISCUSSION 


The chemical compositions of the two Type 310 heats and 
seven Type 309 heats are listed in Table II. For each grade, a low 
0.06%) and a high (0.16%) carbon content was obtained and, for 
ype 309, the nitrogen content was varied from approximately 0.04 
to 0.19%. In addition, to illustrate the effect of a chemical composi- 

nn for Type 309 which results in the formation of considerable 
ounts of delta ferrite, a low carbon Type 309 heat with low nickel 
and high chromium content was included in this study. 
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Fig. 1—Effect of Heat Treatment and Carbon Content Upon the Suscepti 
bility of AISI Type 310 to Intergranular Attack in Boiling 65% Nitric Acid and 
Boiling Copper Suphate-Sulphuric Acid Tests 


AISI Type 3/0—Heats A and B, low and high carbon Type 310 
were annealed at two different temperatures such that in one case 
undissolved carbides were present after annealing and in the other, 
all visible carbides were dissolved. Decreasing cooling velocities con 
sisting of a water quench, 1300°F per hour and 300°F per hour cool 
ing rates were used following each of the two annealing treatments. 
Fig. 1 illustrates the corrosion resistance of the two Type 310 heats 
given the above variations in heat treatment as measured by the 
boiling nitric acid test and the boiling copper sulphate-sulphuric acid 
test. These data showed that in the case of both high and low carbon 
Type 310 heats, excellent corrosion resistance was obtained when undis 
solved carbides were present at the annealing temperature. This was 
true for all three cooling rates which followed the annealing treat 
ment. On the other hand, when the annealing treatment for both 
high and low carbon heats was such as to dissolve all visible cai 
bides, a satisfactory corrosion resistance was obtained only in wate! 
quenched specimens. Specimens cooled at either 1300 or 300°F fol 
lowing the high temperature annealing treatment failed in both 
types of acid solutions. 

The examination of the microstructures of all specimens tested 
for corrosion revealed the following. All Type 310 specimens which 
failed in the boiling nitric acid and boiling copper sulphate-sulphur\ 
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cid test had microstructures which consisted of complete encircle- 
ent of the austenite grains with carbides or carbo-nitrides. Con- 
versely, all specimens which showed excellent corrosion resistance as 
determined by these two tests showed either very few or no visible 
carbides at the austenite grain boundary. However, many of these 
specimens had a large number of randomly distributed carbides. 
Specimens of intermediate corrosion resistance showed a partial or 
semi-continuous grain boundary network of carbides. These results 
illustrated a very close relationship between the distribution of car- 
bides in Type 310 and the susceptibility to intergranular corrosion. 
fhis relationship, although not unexpected, was powerfully magni- 
fied in this study since large variations in carbon contents and cool- 
ing rates were used which resulted in large variations in carbide 
distribution. As illustrated in Fig. 1, the Type 310 heat with the 
highest carbon content had corrosion resistance equal to if not better 
than the low carbon Type 310, as long as the processing or heat 
treatment was such as to yield a microstructure relatively free of 
intergranular carbides even though there may have been many 
randomly distributed carbides. The corrosion data and microstruc- 
tures showed that when undissolved carbides were present at the 
annealing temperature, good corrosion resistance was obtained and 
few intergranular carbides were observed even when the relatively 
slow cooling rate of 300°F per hour was used from the annealing 
temperature. If these same steels were heated high enough during 
annealing to dissolve all the visible carbides and cooled at the same 
rate, poor corrosion resistance was obtained and the majority of 
carbides observed at room temperature were at the grain boundary. 
This indicated that when all or most of the carbon is in solution at 
the annealing temperature, during cooling, the carbon precipitates 
as a carbide preferentially at the grain boundaries. However, when a 
portion of the carbon is present as an undissolved carbide at the solu- 
tion temperature; during cooling, a large portion of the carbon 
apparently precipitates preferentially upon the existing carbides 
rather than at the grain boundaries. Both the corrosion resistance 
obtained, and most important, the microstructures observed sup- 
ported the above hypothesis in the case of the two Type 310 heats 
studied in this report. 

The variations in degree of carbon solution discussed above was 
accompanied by a large variation in grain size. The high solution 
temperatures which were required in both the low and the high car- 
bon 310 heats to dissolve all the carbides resulted in a marked 
coarsening of the austenite grains. Specimens treated at the lower 
solution temperature which contained undissolved carbides were 
relatively fine-grained. It was not possible in this study to entirely 
isolate the effect of grain size, if any, upon corrosion resistance. 





TRANSACTIONS OF THE ASM 


eT 


- _ 
a PN he 


Fig. 2— Photomicrographs of AISI Type 310 Stainless Steel Heat B Showing Differ 

in Structure Resulting From the Use of Different Solution Temperatures Followed by C: 

at 1300°F per Hour. Etch: Hydrochloric and nitric acid in glycerine. (a) Dissolved car! 

2200°F solution temperature). 500. (b) Undissolved carbides (2025°F solution temperat 
<500. (c) Undissolved carbides (2025°F solution temperature). «1000 


To illustrate the variations in microstructures observed, a few 
typical specimens are shown in Fig. 2. In this figure the high carbon 
Type 310 heat, B, which had been heated to 2025 and 2200°F 








STAINLESS STEELS 163 


Heat’ mHeat vu Heat ct 


0.06C, O.O69N ).O6C, O.O8N) (O.05C, 0.19 N) 





[- Woter Quenct 


108 IZ0O0°F per hr 
400°F per hr 
00600 
) 00400 
= 0.00200 
a O enanilaaal We 
slution —» 2025°F 1I800°F 2025°F I800°F 2025°F 1800°F 
emperature 
= Heat F Heat G Heat H 
e (O.16C, 0.042N) (O.16C, O.O69N O.15C,O0.I7N 





olution —» 2200°F 2025°F  § 2200°F 2025°F 2200°F 2025°F 


Temperature 


Fig. 3—Effect of Heat Treatment, Carbon and Nitrogen Content Upon the 
Susceptibility of AISI Type 309 Stainless Steel to Intergranular Attack in the Boil 
g 65°%, Nitric Acid Test 


cooled at the rate of 1300°F per hour is shown. These microstruc- 
tures show that the use of the higher annealing temperature, where 
all or most of the carbon was in solution, resulted in a complete net- 
work of intergranular carbide following the above cooling treatment 
whereas the same steel heated to a lower solution temperature which 
left many randomly distributed undissolved carbides resulted in 
practically no intergranular carbides following the same cooling 
treatment. Instead, there was a random distribution of many 
chromium carbides. These data vield marked evidence for the above 
discussion of the effect of carbon distribution at the annealing 
temperature on the corrosion resistance of Type 310 steel. 

AISI Type 309—The chemical compositions of the seven Type 
309 steels studied in this investigation are listed in Table II. The 
composition of all these steels is within the present AISI chemical 
specification. Four of the steels were produced with a low carbon 
content (0.06%) and three were produced with a high carbon con- 
tent (0.16%). The nitrogen content was varied at each carbon level 
over the range of approximately 0.04 to 0.19%. Heat I was pur- 
posely produced with a high chromium content and a low nickel con- 
tent so as to investigate the effect of delta ferrite on corrosion re- 
tance and microstructure. 
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Copper Sulphate-Sulphuric Acid Test Results 





Solution Temperature 2200°F 2025°F 2200°F 2025°F 2200°F 2025°F 


Fig. 4—Effect of Heat Treatment Carbon and Nitrogen Content Upon the Sus 
ceptibility of AISI Type 309 Stainiess Steel to Intergranular Attack in the Boiling 
Copper Sulphate-Sulphuric Acid Test. 


All of the above Type 309 steels were tested in boiling 65°, 
nitric acid and boiling copper sulphate-sulphuric acid. Results of 
these corrosion tests are shown in Figs. 3 and 4 for all heats, except 
heat I which contained a high percentage of delta ferrite. For the 
heat treatments at the high and low solution temperature followed 
by water quenching, all steels investigated had satisfactory corrosion 
resistance in both types of acid solutions. For both the low and high 
carbon Type 309 heats at the lowest nitrogen levels, corrosion 
resistance of specimens which had the slower cooling rates from the 
solution temperature was improved when using the lower solution 
temperatures at which undissolved carbides were present as com- 
pared to the higher solution temperature which dissolved all car- 
bides. In this respect these data are similar to those obtained for 
Type 310. However, the corrosion resistance obtained at the lower 
solution temperature and slow cooling rates was not sufficient to 
allow these Type 309 steels to meet the present acceptance limits in 
the boiling 65% nitric acid solution. This behavior differs from that 
of Type 310. 

The data in Figs. 3 and 4 also showed that improved corrosion 
resistance was obtained with increasing nitrogen content at both low 
and high carbon levels, but with the most significant improvement 
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Fig. 5—Effect of Heat Treatment and Delta Ferrite Upon the Suscepti- 
bility of AISI Type 309 Stainless Steel to Intergranular Attack in the Boiling 
65% Nitric Acid Test and the Boiling Copper Sulphate-Sulphuric Acid Test 


obtained at the lowest carbon level. Further, for the higher nitrogen 
content Type 309 heats there did not appear to be a marked im- 
provement in corrosion resistance with the use of the lower solution 
temperatures as compared to the high solution temperatures as was 
the case for the low nitrogen steels studied and as was discovered for 
the Type 310 steels. The reason for this behavior is not known. 

Results of corrosion testing of heat I, with the chemical com- 
position which resulted in approximately 20% delta ferrite, are 
shown in Fig. 5. This steel exhibited satisfactory corrosion resistance 
in boiling 65% nitric acid at all solution temperatures and cooling 
rates investigated. However, there was severe embrittlement of the 
specimens containing undissolved carbides at the lower solution 
temperatures when cooled at 1300 and 300°F per hour. This em- 
brittleement resulted in bend test failures even in the absence of 
exposure to the copper sulphate-sulphuric acid solution. This condi- 
tion therefore does not indicate however, susceptibility to corrosion 
either of the general or intergranular type. 

Examination of the microstructure of all Type 309 steels tested 
indicated, as with Type 310, a good correlation between distribution 
of carbides and intergranular corrosion resistance. When the aus- 
tenite grains were completely surrounded by a precipitate, failure 
occurred in either of the two corrosive media studied. When a con- 
tinuous plus a discontinuous or a discontinuous carbide network 
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Fig. 6-——Photomicrographs of AISI Type 309 Stainless Steel, 
ferences in Structure Resulting from the Use of Different Solution Temperatures and t 
Mode of Corrosive Attack After Solution Treatment at the Lower Temperature. Et 
Hydrochloric and nitric acid in glycerine. (a) Solution treated 30 minutes at 2025°F 
cooled 300°F/hour. 500. (b) Solution treated 30 minutes at 1800°F and cooled 300°F 
<500. (c) Nature of edge corrosion attack in boiling 65% nitric acid. «500 


Heat C Showing D 
hou 
was observed, corrosion properties were poor to fair. When the grat! 


boundaries were free of a precipitate, corrosion resistance was goo’ 
However, this relationship of microstructure to corrosion resistanc 
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Fig. 7—Photomicrographs of AISI Type 309 Stainless Steel, Heat E Showing Differ 
ces in Structure Resulting from the Use of Different Solution Temperatures and the Mode 
t Corrosive Attack After Solution Treatment at the Lower Temperature. Etch: Hydr 


hloric and nitric acid in glycerine. (a) Solution treated 30 minutes at 2025°F and cooled 
300°F /hour. «500. (b) Solution treated 30 minutes at 1800°F and cooled 300°! yu < 500 
c) Nature of edge corrosion attack in boiling 65% nitric acid. «500 


was not as clear-cut for Type 309 as it was for the Type 310 steels 
studied. In the case of Type 309 other factors affected corrosion 
resistance. For example, heats D, E, G and H exhibited carbide 
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Fig. 8 


ot Corrosive Attack After Solution Treatment at the Lower Temperature. Etch: Hydr 
hour 
<500. | 


chloric and Nitric Acid in Glycerine. (a) Solution treated 30 minutes at 2200°F and cooled 


x500. (b) Solution treated 30 minutes at 2025°F and cooled 300°F/hour 


Photomicrographs of AISI Type 309 Stainless Steel, Heat F Showing Differ 
c) Nature of edge corrosion attack in boiling 65% nitric acid. 500. 


ences in Structure Resulting From the Use of Different Solution Temperatures and the Mod: 
300°F 


segregation or banding which accelerated corrosion rates in boiling 


65% nitric acid particularly after annealing at the lower tempera 


tures. Further, heats C and F possessed carbide stringers which 
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Fig. 9—Photomicrographs of AISI Type 309 Stainless Steel, Heat H Showing Differ- 
ences in Structure Resulting from the Use of Different Solution Temperatures and the Mode 
of Corrosive Attack After Solution Treatment at the Lower Temperature. Etch: Hydrochloric 
and nitric acid in glycerine. (a) Solution treated 30 minutes at 2200°F and cooled 300°F/hour 

x 500. (b) Solution treated 30 minutes at 2025°F and cooled 300°F/hour. 500. (c) Nature of 
edge corrosion attack in boiling 65% nitric acid. 500 


tended to increase the corrosion rate in boiling 65% nitric acid. As 
would be expected, this visible segregation of carbides was elimi- 
nated by the use of higher solution temperatures. The two solution 
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Fig. 10—-Photomicrographs of AISI Type 309 Stainless Steel Heat I Showing the Effect 
ot Delta Ferrite on the Distribution of Carbides. Etch: Electrolytic Chromic Acid. (a) Solu 
tion treated 30 minutes at 2025°F and cooled 1300°F per hour. 500. (b) Solution treated 30 
minutes at 1800°F and water-quenched x 500. (c) Solution treated 30 minutes at 1800°] 
and cooled 1300°F per hour. 500. 


temperatures used for each heat resulted in a marked increase in 
grain size for the higher solution temperature. The difference in 


grain size and degree of carbide segregation produced by the two 
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treatments did not permit a clear differentiation of the 
dual effects, if any, of grain size and chemical homogeneity. 
[ypical microstructures of the Type 309 steels investigated 
the distribution of carbides and particularly the banding 
irbide rich stringers and their effect on corrosion resistance are 
nin Figs. 6,7,8 and 9. 
\licrostructures of heat | which contained an appreciable pel 
centage of delta ferrite are shown in Fig. 10. This figure shows the 
occurrence of a fine precipitate of carbide within the delta ferrite. 
1 precipitation occurred particularly following the slower cool 
rates from the lower solution temperature. Precipitation of cai 
hides within the ferrite is believed to be the cause of the severe em 
brittlement occurring in the specimens mentioned above. Less 


ferrite was present at the higher solution temperature. 

[examination of heat I revealed that the presence of delta ferrite 
is ver\ effective in improving intergranular corrosion resistance ol 
Type 309 by affecting the distribution of the carbides formed during 
cooling in such a manner as to prevent their formation at the austen 
ite grain boundaries. The majority of carbides precipitated during 
cooling in this latter steel were found at the ferrite grain boundaries 
ind within the ferrite. This type of carbide precipitation did not 
result in corrosion failure in the two media used for testing. 


(“ONCLUSIONS 


The effects of chemical composition and heat treatment on the 
microstructure and the corrosion resistance of AISI Ty pes 310 and 
109 as determined in this study were as follows. 


AISI Type 310 

(a) Exeellent correlation was observed between distribution of 
carbides and corrosion resistance in both boiling 65°% nitric acid and 
copper sulphate-sulphuric acid tests. 

(b) The best resistance to corrosion after slow cooling from the 
solution annealing temperature was obtained when the microstruc- 
ture contained a random distribution of undissolved carbides which 
acted as nuclei for the carbon precipitation. 

(c) When the microstructure prior to solution annealing con- 
tained intergranular carbides or when the carbides were completely 
dissolved during solution annealing, the steel became susceptible to 
intergranular corrosion after slow cooling from the solution anneal- 
ing temperature. 

(1) When the carbides were randomly dispersed and when the 
solution annealing temperature was such that only approximately 

of the carbides were dissolved, corrosion resistance of the 
0.16"— carbon Type 310 steel was equal to that of the 0.06% carbon 


So! 
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Type 310 steel after slow cooling from the solution annealin 
perature. 
AISI Type 309 

(a) A fair correlation was observed between the distribut 
carbides and corrosion resistance in boiling 65% nitric aci 
copper sulphate-sulphuric acid. Banding and segregation of ca; 
were more prevalent in the Type 309 steels than in Type 310 
and this in turn affected somewhat the correlation betwe: 
grain boundary carbides and corrosion resistance. 

(b) At the low or commercial nitrogen levels tested, improved 
corrosion resistance was obtained in Type 309 with the use of a Joy 
solution temperature which resulted in only partial solution of ran 
domly distributed carbides. In this respect, the data were similar to 
those of Type 310. With the higher nitrogen levels the use of loy 
solution temperatures did not greatly improve corrosion resistance 
when slow cooling rates were used from the solution temperature 

(c) Increasing the nitrogen content of the low (0.06°) carbon 
Type 309 heats appeared to be beneficial in increasing intergranulai 
corrosion resistance. However, increasing the nitrogen content at the 
high (0.16%) carbon level had little affect on the intergranular cor 
rosion resistance of the Type 309 steels investigated. 

(d) In Type 309 steels if rate of cooling from the solution an 
nealing temperatures is slow, adjustment of the composition to pro 
duce 20% delta ferrite will markedly improve intergranular corro- 


sion resistance by minimizing intergranular carbide precipitation 
However, in some cases severe embrittlement was observed in Type 
309 containing a higher percentage of delta ferrite. 
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.e authors are to be congratulated for their contribution to the metallurgy 
. alloys. We have had these alloys so long yet little is known about them 
he writer has been one of those instrumental in convincing the steel mills 
oly Type 310 free from a continuous network of carbides. One reason was 
rrosion resistance problem which becomes important during pickling pro- 

in sheet metal fabricatior.. 

[his paper illustrates that corrosion resistance can be good if complete 

yn is realized or under certain conditions which are usually associated 

dispersed carbide patterns. It is quite possible that the latter case is due 

tbilization of the chromium deplete areas adjacent to the carbides formed 

the primary working of the ingot. This stabilization could occur partially 

¢ the primary working and partially at the lower temperature anneal. 

\Vhether or not such a condition could be duplicated in mill practice is question 
ible 

\lthough the authors encountered severe attack of the corrosive solutions 
v-henever complete carbide envelopment of the grains occurred, it will not always 
be so. If precipitation is induced in completely solution annealed material, it 
will occur at the grain boundaries. If the precipitation is at a temperature and 
time that will result in stabilization (or enrichment of the chromium deplete 

is adjacent to the precipitate) the steel will resist corrosive attack. 

It was noted by this writer that some of the physical properties of Type 
310 were poor in some cases when the carbide networks completely surrounded 
erains of the steel. This along with the low corrosive resistance in some of these 
heats lead this writer to work toward the establishment of a solution anneal 
requirement on this steel. For example, a series of specimens of the same heat 
were furnace cooled from a 2050°F solution anneal. Specimens were water- 
juenched from a wide range of temperatures during the cooling cycle. All those 
quenched from 1300°F or above resisted acid attack. Those quenched from 1100 
ind 1200°F had low corrosion resistance. 

On the basis of some work recently done there is good reason to believe that 
the low physical properties are associated with something other than carbides. 
Carbides formed at 1200°F seem to have less corrosion resistance than those 
formed at 1600°F. 

There is a tendency for brittleness to occur in this lower temperature range. 
So far it has not been possible to induce brittleness by the 1100 to 1200°F heat treat 
ment if the steel is first stabilized at 1650°F. It is possible that the low physical 
properties as well as the low corrosion resistance can be avoided by using a 1650°F 
stabilizing treatment for post welding or interstage annealing (drawing opera 
tions) during fabrication. If it is necessary to anneal at a higher temperature 
lor interstage annealing it could be followed by a stabilization treatment. 

[t is possible that industry might best be served by: (a) the mills emphasiz- 

g the control of grain size and insuring a rapid quench from the annealing se- 
quence rather than complete solution of the carbides; and (b) the fabricators 
ising the 1650°F heat treatment for in-process heat treatments. 


Authors’ Reply 


(he authors appreciate the comments of Mr. Nulk. In our experience, we 

nd no instance of good corrosion resistance when there was complete carbide 
envelopment of grain boundaries. We made no measurements of physical proper- 
ties of the steels studied and thus cannot comment on Mr. Nulk’s studies. 












































THE INFLUENCE OF STRAIN RATE AND TEMPERA‘, pR| 
ON THE DUCTILITY OF AUSTENITIC STAINLESS SjTprpy 


By G. W. Form anp W. M. BALpwin, JR. 


Abstract 

The ductility of AISI 303 and 3/0 austenitic stainle: 

steels was determined in tensile tests over a range of strai 

rates from 0.07 in./in./min. up to 19000 in./in./min., an 

over a range of temperatures from —32/ up to +750°F 

Ductility drops as strain rate is increased, the drop bein; 

greatest at room temperature. The ductility shows a maxi 

mum at room temperature at low strain rate, but at high 

strain rates it increases slowly and steadily with the test tem 

perature. Magnetic measurements on broken specimens 

showed that the y-a transformation can not account for a 

these behaviors. (ASM-SLA Classification: 023, 027, SS 
TAINLESSsteels lose ductility at high strain rates at room tempei 
ature (1-4).' The factors which cause this strain rate sensitivit 
have not been satisfactorily rationalized vet. It has been inferred at 
times that the strain rate sensitivity is due to the y-a@ transforma 
tion. The ASTM Subcommittee V on Mechanical Tests (5), fo 
example, reports “‘Since austenitic stainless steels transform wher 
cold-worked, the amount of transformation being dependent upor 
the amount of work and likely upon the rate of working, it is to bh 
expected that rate of strain would affect the tensile properties.” Yet 
an attempt to link the y-@ transformation with the ductility drop 
leads to a paradox. Binder (6) maintains the y-a@ transformation 
lowers the ductility of 18-8 stainless steels. Cohen (7) states lik 
wise, that if austenite could withstand decomposition it would dis 
play higher ductility. If the a-phase formed during a tensile test 
lowers the ductility of 18-8 stainless steel, it would then be natural 
to conclude that, at low strain rates, where ductility is high, less 
a-phase is present than at high strain rates, where ductility ts low 
This, however, contradicts Mathieu’s results (8) which clearly show 
that the amount of a-phase drops markedly when the testing speed 
is increased. Confusing the issue even further is the fact that ductil 
ity drops at low temperatures where increased a-phase formation ts 

known to exist (8). 


'\'The figures appearing in parentheses pertain to the references appended to this paper 


This paper is based upon a portion of a research program conducted in the Metals Res 
Laboratory, Case Institute of Technology in cooperation with the Office of Naval Researc! 


A paper presented before the Thirty-Seventh Annual Convention of t 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, G. W. Fort 
is associated with Ecole Polytechnique, Montreal, Canada and was formerly asso 
ciated with Case Institute of Technology. W. M. Baldwin, Jr. is research prot 
sor, Metals Research Laboratory, Case Institute of Technology, Cleveland. Man- 
uscript received November 11, 1954. 
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the present investigation—designed to shed light on this 


ancy —tensile tests were conducted over a wide range ol 
ratures and strain rates in order to evaluate the influence of 
factors on the ductility behavior of austenitic stainless steels. 
idition, magnetic measurements supplemented by micro- 
ness tests were made on broken test specimens to determine to 
t extent, if any, the y-a@ transformation is involved in the strain 


sensitivity of this material. 


MATERIAL AND PROCEDURI 


\fatertal—The two steels selected for this Investigation were 
\ISE 303 (an 18% Cr, 8% Ni steel) and AISI 310 (a 25% Cr, 207 
Ni steel). The tensile specimens, 11% inch long with a minimum 
diameter of 0.212 inch, were machined from fully annealed rod. 

Tensile Test Procedure—Tensile tests were made at various 
temperatures and strain rates. The low strain rate tests (0.01 to 
10 in./in./min.) were carried out on a Riehle and a Baldwin-South 
wark tensile-testing machine, with the speed of the cross-head held 
constant. This, of course, yielded a variable strain rate as the speci 
men lengthened, but the true strain rate did not vary by more than 
i factor of 4 since the greatest reduction in area recorded was 75° O 
Since the strain rate was intentionally changed by a factor of almost 
two million in the various tests, the variability in strain rate during 
i given test can be reasonably overlooked. The strain rate of 100 
in./in./min. was obtained on a hydraulic type draw bench, and the 
8000 and 19000 in./in./min. on a drop-hammer. For the subzero 
temperature tests the specimens were immersed in a bath of liquid 
nitrogen (—321°F), a mixture of liquid nitrogen and isopentane 

200°F), or a mixture of isopentane and dry ice (—50°F). The 
room temperature tests (+70°F) were carried out in air, while all 
higher temperatures (+200, +300, +500 and +750°F) were 
obtained with an electrically heated furnace. In the tests carried 
out at low strain rates (0.01 to 10 in./in./min.) the specimens were 
held in a low temperature box containing the cooling liquid or in a 
lurnace so that the test temperature could be kept constant during 
the test period. At high strain rates, however, the specimens were 
transferred from the cold liquid or from the furnace after having 
reached the desired temperature and tested while surrounded by air 
it room temperature. The elapsed transfer and testing time was 
about four seconds. 


d, 

Che ductility, e=2 In—, was obtained as an average of six 
ds 

Che analyses ran: 303—Si, 0.54%; S, 0.300%; P, 0.016%; Mn, 1.37%: C, 0.045%: Cr 


17.49%; Ni, 10.30%; 310—Si, 0.35%; S, 0.006% ; P, 0.023%; Mn, 1.82%; C, 0.044%; Cr, 22.72%, 
\ 19 77307 
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measurements of the initial and final diameter, d, and dy. 
tively on an optical comparator. 
Magnetic Measurements— Magnetic measurements were 


on the broken tensile test specimens in order to detect how inuch 
a-phase (martensite) had been formed during the tensile test, \ 
relatively simple setup based on the induction principle was used. 
Fig. 1. The energizing magnetic field was produced in a coil of abou 


2700 turns, which was connected to an AC-source. 


Specimen 


Oscillo- 
scope 


Variac 





Fig. 1—Electric Circuit Used in the Magnetic Induction Method 


One half of a broken specimen was placed into a search-coil 
whose shape was conical in order to minimize the air gap.’ Th 
specimen and search coil were inserted into the center of the energiz- 
ing coil and connected to the grid of an oscilloscope. The amount of 
a-phase formed in a specimen determined the potential difference 
between grid and ground of the oscilloscope as indicated by the 
height of thesine wave amplitude on the screen. This amplitude was 
measured and expressed in terms of screen units (length of a square 
of the screen net). Both halves of a broken specimen were measured 
and the readings added. The amplitude produced by a nonmagnetic 
specimen was then subtracted and the difference taken as a qualita: 
tive measure of the a-phase formed.‘ 

In order to reveal the distribution of martensite formed during 
the tensile test, a few broken specimens were inspected by a mag- 
netic powder method. A colloidal magnetite was prepared accord- 
ing to Elmore (9) and the sol stabilized with soap. A broken spect- 
men-half was sectioned lengthwise, one half mounted in lucite and 
polished. The mount was inserted into a core of Swedish iron, and 
the assembly placed into the same energizing coil as used previously. 


3The air gap varied from specimen-to-specimen. However, the error thus involved was found 
to be negligibly small and therefore not taken into consideration when plotting the oscilloscop 
readings 

‘This difference could be converted directly into the amount of a-phase formed, e.g. by 
lineal analysis. Since the variation of a-phase under different test conditions is more important 
than absolute values for the present problems, it was not necessary to convert the oscillos 
readings into the equivalent of permeability or amount of martensite. 
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rhe magnetic sol was applied so that it covered the entire top sur- 
of the mounting. The coil was connected to a DC source, 
eby attracting the magnetic particles in the sol to those areas of 
polished specimen surface which had undergone a y-a@ trans- 
formation. The resulting patterns were photographed while the 


i 


Specimen 







Fig. 2—Electric Circuit Used in the Magneti 
Powder Method. 
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Strain Rate - € in./in./min. 
Fig. 3—(a-g): Ductility of AISI 303 Stainless Steel as a Function of Strain 
Rate at Various Test Temperatures. 
magnetic field was still in effect. The electrical circuit used in the 
magnetic powder method is shown in Fig. 2. 
Microhardness Tests—The samples that were inspected mag- 
netically for martensite distribution were subjected to microhard- 
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Fig. 4—Ductility of AISI 303 Stainless Steel as a Function of Strain Rate and Ts 
Temperature. 


ness tests. Readings were taken with a Knoop indenter and a load 
of 1000 grams on a Tukon tester and converted to Rockwell A Units 


RESULTS 
AISI 303 Stainless Steel 


The ductility, €, is plotted as a function of strain rate, €, for 
various temperatures in Fig. 3. The three-dimensional graph of Fig. 
4 represents the ductile behavior of AISI 303 steel over the entire 
range of temperatures and strain rates. These plots reveal three 
major characteristics of the ductility behavior: 

(a) The strain rate sensitivity is most pronounced at room 
temperature, while it is relatively small at low temperatures 
and disappears at +500°F. 

(b) At low strain rates the ductility increases sharply with 
temperature, reaches a maximum at room temperature and 
decreases at higher test temperatures. 

(c) At high strain rates (19000 in./in./min.) the ductility in- 
creases slowly if irregularly as the test temperature in- 
creases. 

In Figs. 5 and 6 the oscilloscope readings which were obtained as a 
measure of the martensite present are plotted as a function of strain 
rate for four different tensile test temperatures. All measurements 
on the test specimens were made at room temperature. It is seen 
that at a given temperature the amount of a-phase is less at high 
strain rates; also at a given strain rate the amount of a-phase is less 
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igher the temperature.° No a-phase could be detected in the 
mens pulled at +200°F or higher. The temperature above 

h no transformation can be induced by deformation before frac 

\[, temperature) must therefore lie between room temperature 
200°F. This agrees with results reported in the literature for 
stainless steels of similar analyses (8,10). In contrast with the 
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Fig. 5—(a-g): Effect of Strain Rate or 
the Magnetic Behavior of AISI 303 Stair 
less Steel at Various Tensile Test Tempera 
tures 


ductility curves the strain rate sensitivity of the y-a@ transformation 
is more pronounced at —321°F than at room temperature, t.e., the 
drop in oscilloscope reading over the total range of strain rates is 
larger at —321°F than at room temperature. The specimens broken 
at —321°F were magnetically tested at both —321°F and room 
temperature. The results indicated that no a-phase present at low 
temperature had reverted to austenite when brought up to room 
temperature. 

The distribution of the a-phase in four fractured specimens— 


Scheil’s theory of martensite formation (12) predicts the increase in martensite formed at 
emperatures under constant strain rate found in Fig. 6. According to this theory a critical shear 
s resolved in the slip plane has to be exceeded in order to overcome the resistance towards 
rtensite formation. Once this critical value is surpassed, the amount of martensite formed 
reases with increasing plastic strain. It is further postulated that the shear resistance to mar 
te formation decreases with decreasing temperature, while the shear resistance towards slip 
eases with decreasing temperature 
Che decrease in martensite with increasing strain rate at a given test temperature could be 
ticipated from either a) the increased heat retained in samples deformed at high speeds (which 
ld by Scheil’s theory give less martensite), or b) an increase in the stress required for martensit« 
ition with increasing strain rate (which could be expected on dynamical grounds) 
If the stress reached during deformation drops with strain rate a decrease in martensite tor 
would also be expected, since this would mean that the resistance towards martensite 
nation might not be as readily overcome. At room temperature, for example, the fracture stress 
ed from 257,000 psi. at 0.05 in./in./min. to 237,000 psi at 10 in./in./min.) 
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Fig. 6—Effect of Test Temperature and Strain 
Rate on the Magnetic Behavior of AISI 303 Stainless 
Steel. 





Fig. 7—(a-d): Magnetic Powder Patterns on Broken AISI 303 Stainless Steel 
Specimens. X15. 

(a) Specimen Pulled At: R.T.; 0.05 in./in./min. 

(b) Specimen Pulled At: R. T.19,000 in./in./min. 

(c) Specimen Pulled At: —321°; 0.05 in./in./min. 

(d) Specimen Pulled At: —321°; 19,000 in./in./min 
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Legend: 

Microhardness 

Microhardness on Specimen (b) Which Has 

Not Undergone Transformation 

Length Over Which Transformation Took Place 


(a) Specimen Pulled at: R.T.; 0.05 in./in./min. 
(b) " R.T. ; 19,000 in./in./min. 
(c) " -321°F, 0.05 in./in./min, 
(d) . -321°F; 19,000 in./in./min 


Fig. 8—(a-d): Microhardness Along the Centerline of Broken AISI 303 Tensile 
specimens, 


two specimens pulled at room temperature (0.05 and 19000 in./in. 
min., respectively), and two at —321°F .(0.05 and 19000 in./in. 
min., respectively) —is shown by the magnetic powder patterns in 
Fig. 7. The amount of magnetic particles attached to the samples 
agrees qualitatively with the result obtained by the induction 
method in that they indicate that the amount of a-phase decreases 
with both increasing strain rate and temperature. The specimen 
tested at room temperature at a strain rate of 19000 in./in./min. 
did not undergo any detectable transformation, which is in agree- 
ment with results given by Krivobok and Talbot (11). 

The microhardness tests made along the longitudinal centerline 
of the above four specimens are given in Fig. 8. The three samples 
which had undergone transformation show an excess in hardness 
over that of the sample pulled at 19000 in./in./min. at room tem- 
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Ductility of AISI 310 Stainless Steel as a Function of Strain Rate and 
Test Temperature. 
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re which had undergone no transformation. At the same time 

oth of that portion of the specimen that evidences transforma 

the magnetic sol test is greater than that over which the 
ness shows a constant high value. 


AISI 31/0 Stainless Steel 

The ductility of the 310 stainless steel as a function of strain 

at various temperatures Is given in Figs. 9 and 10. The tempera- 

effect on the ductility of the AISI 310 steel is similar to that of 
the AISI 303 steel. At low strain rates the ductility first rises with 
temperature, reaches a maximum at room temperature, and then 
decreases at higher test temperatures. At high strain rates the 
ductility increases slowly with increasing test temperature. 

\lagnetic measurements did not reveal any a-phase in any of 
the 310 specimens, even those deformed at —321°F.°* 


LJISCUSSION 


lt appears that most if not all of the peculiarities in the ductility 
behavior of austenitic steels must be explained on some other basis 
than the y-a transformation. The principal evidence for this con 
clusion 1s: 

i) Both the 303 (18-8) and 310 (25-20) stainless steel possess 
similarly shaped ductility vs. temperature and strain rate surfaces, 
vet the 310 steel shows no y-@ transformation at any temperature o1 
strain rate. 

ii) Even in the 303 (18-8) steel no y-@ transformation is found 
above room temperature where ductility drops with increasing 
strain rate. 

iil) Where the y-a@ transformation is found in 303 (18-8) steel 
room temperature and below) it is found in amounts that bear no 
direct relationship with ductility behavior; at constant strain rates 
a drop in temperature increases the amount of a-phase formed but 
decreases ductility; at constant test temperature an increase in strain 
rate drops both ductility and the amount of a-phase formed. 

iv) Sundry experiments appear to show that the amount of 
a-phase can be without influence on ductility; A 303 stainless steel 
test specimen, for example, was prestrained at —321°F and 0.05 in. 
in./min. to the “‘upper yield point,’’ which becomes very pronounced 
at this low temperature. The purpose of this operation was to render 
the specimen magnetic at the smallest prestrain possible. (The diam- 
eter after prestraining was 0.002 inch smaller than before.) The speci- 
men was easily attracted by a hand magnet, indicating that trans- 


lormation had taken place during prestraining at —321°F. The 


X-ray diffraction patterns of 310 steel deformed at —321°F showed no a-phase lines although 
ns trom the 303 steel deformed at —321°F did. 
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specimen was then pulled at room temperature and a strain | 
0.05 in./in./min. The total ductility thus obtained equaled t| 
of the spec imen which was tested at room temperature and 0.0 
in./min. without prestraining. The broken halves of the prestrai 
specimen were magnetically inspected by means of the induct 
method and revealed an oscilloscope reading of 18 screen units 
Although the amount of a-phase formed was more than 3 times as 
high as in the nonprestrained specimen (which Fig. 5a shows ran 
about 5.5 units), the ductility in the two specimens was the same. 

To complete the record, it should be mentioned that the gradua! 
drop in ductility with increasing strain rate observed here in auste 
nitic stainless steels is not to be confused with the sudden drop in 
ductility with strain rate that von Karman predicts for all metals 
because of the finite speed of propagation of plastic deformation (13 
The velocity at which this sudden drop in ductility should occur has 
been variously calculated and determined experimentally to be be- 
tween 3600 inches per minute and 144000 inches per minute (1,4,14), 
whereas the gradual drop in ductility described here occurs at strain 
rates as low as 0.01 in./in./min. 





j 
| afl 
Lied 


lon 


CONCLUSIONS 

1. At low strain rates 303 and 310 austenitic stainless steels have 
maximum ductility at room temperature as test temperature is 
varied. . 

2. At high strain rates ductility increases steadily as the test tem- 
perature is increased. 

3. The loss in ductility at high strain rates is greatest at room tem 
perature. 


4. The y-a transformation can not account for these unusual fea 
tures in ductility. 
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ROOM AND ELEVATED TEMPERATURE MECHANIC 4) 
PROPERTIES OF AISI TYPE 414 AND TYPE 43) 
STAINLESS STEELS 


by Ek. J. Duuts, S. J. PARKER, AND P. W. MArsHAL 
Abstract 
Room temperature tensile properties, elevated temper: 
ture tensile properties in the range 700 to 1100° F, and cree} 
and creep-rupture properties in the range 900 to /200° |} 
were determined for normal nitrogen (0.015%) AISI Type 
414, for high-nitrogen (0.124%) AISI Type 4/4, for norma 
nitrogen (0.010%) Type 431, and for high ‘nitrogen (0.063%, 
Type 431 steels. Also, keyhole-notch transition temperatures 
were determined for the normal nitrogen steels. (ASM-SLA 
Classification: 027, Q3, O04, Q6, SS) 


LTHOUGH AISI Type 414 (12% Cr, 2% Ni) and Type 431 
A (16°, Cr, 2% Ni) stainless steels have been used for mai 
vears, little information is available on the mechanical properties ot 
these steels at elevated temperatures. To evaluate the applicabilit 
of these steels as materials for the construction of equipment that is 
used under stress at elevated temperatures, the Applied Research 
Laboratory of the United States Steel Corporation determined thi 
room temperature tensile properties, the elevated temperature ten 
sile properties in the range 700 to 1100°F, the creep and creep 
rupture properties in the range 900 to 1200°F, and the keyhole-notch 
(Charpy transition temperatures of the steels. 

In addition, the room temperature and elevated temperatur 
tensile properties and the creep and creep-rupture properties o! 
Type 414 and Type 431 steels with high nitrogen contents (0.124 
and 0.063° %, respectively) were determined to evaluate the effect o! 
nitrogen on the properties of these steels. 


MATERIALS AND EXPERIMENTAL WORK 





Materials 

Two of the four steels for the present investigation, a high 
nitrogen Type 414 and a high-nitrogen Type 431 steel, were cast as 
30-pound induction furnace ingots. The third, a normal nitrogen 
Type 414 steel, was cast as a 100-pound induction furnace ingot 
These three ingots were forged to 54 and 1%-inch square bars. The 

Of the authors, S. J. Parker and P. W. Marshall are associated with th 
United States Steel Corp., Applied Research Laboratory, Monroeville, Pa. 
J. Dulis was formerly associated with this department and 1s now superviso! 


Research Laboratory, Crucible Steel Co. of America, Pittsburgh. Manuscript 
received May 2, 1955. 
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. steel, a normal nitrogen Type 431 steel, was obtained from a 

ercial electric furnace heat as °4-inch diameter forged bars. 
rable [A shows the chemical composition of the steels. 

Chat the compositions of the steels meet the requirements of 
\IS] specifications (1)' is evident from the information given in 
rables [A and IB. Although no limits are set by the AISI on nitro 


Table IA 
Compositions of Steels Investigated— Per Cent Ladle Analyses 


tee AISI Type ( Mn P S Si Ni Cr N 

\ 114 (Normal N) 0.13 0.78 0.008 0.017 0.71 1.88 12.31 0.015 
R 414 (High N) 0.13 0.58 0.022 0.017 0.52 1.82 12.37 0.124 
( 431 (Normal N) 0.11 0.37 0.007 0.018 0.17 1.87 15.60 0.010 
D 431 (High N) 0.16 0.58 0.021 0.022 0.53 1.82 16.13 0.063 


een content, the nitrogen contents of Steel B (0.124° ) and Steel D 
0.063%) are very high in comparison with the nitrogen content of 
Steel C (0.010°7), a commercial steel with a normal nitrogen content. 

Inasmuch as the mechanical properties of the present steels are 
subsequently compared with those of 12 and 17° chromium, nickel 
free stainless steels, the AISI chemical composition limits for the 
nickel-free steels, Types 410 and 430, are also shown in Table IB. 


Table IB 
AIS] Composition Limits for Types 414, 431, 410, and 430 Stainless Steel Per Cent 


AISI Type j Mn r > Sl Ni 


C1 
414 0.15 1.00 0.04 0.03 1.00 1.25 11.5 
max max max max max 2.50 uw 
431 0.20 1.00 0.04 0.03 1.00 1.25 15.0 
max max max max max 2.50 17.0 
110 0.15 1.00 0.04 0.03 1.00 11.5 
max max max max max 13.0 
130 0.12 1.00 0.04 0.03 1.00 14.0 
max max max max max 18.0 


Heat Treatments and Hardnesses 

Prior to being tested, bars of each of the four steels were aus 
tenitized at 1800°F for 4% hour, oil-quenched, tempered at 1225°F 
for 4 hours, and oil-quenched. (Hereafter, reference to a steel in the 
quenched condition means a steel oil-quenched from 1800°F.) The 
Rockwell hardness of the steels in the quenched condition and the 
rinell hardness of the steels in the quenched and tempered condi 
tion were determined. The Brinell hardness values were subsequently 
converted to Rockwell C hardness values. 


rhe figures appearing in parentheses pertain to the references appended to this paper 
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Tension Tests 

Room temperature tension tests were made on each of t 
steels in the quenched and tempered condition. Subsize (0.2 
diameter) specimens were tested in duplicate. 

Ilevated temperature tension tests at 700, 900, and 11099) 
were made on each of the four steels in the quenched and ten 
condition. In these tests, special 0.254-inch diameter tensil 
mens were used. 


Creep-Rupture Tests 

Creep-rupture tests were conducted at 900, 1100, and 1200°F , 
each of the four quenched and tempered steels, 0.252-inch diamete 
specimens being used. Creep data for the steels were obtained f; 
the autographic time-elongation curves recorded during the creep 
rupture tests. In addition, the Rockwell B hardness of each stee! was 
determined on the specimens that ruptured after the longest tiny 
at each test temperature. 


Q)T] 


Impact Tests 

IKXeyhole-notch Charpy impact tests were made on the norma 
nitrogen steels of each type (Steels A and C, Table IA) in th 
quenched and tempered condition. The specimens were broken at 
temperatures in the range room temperature to —320°F so that 
ductility-transition temperatures might be determined. 

Because all the material from the two high nitrogen steels 
(Steels B and D, Table I) was used in making specimens for thi 
aforementioned tension and creep-rupture tests and because thi 
main interest in impact strength was in the normal-nitrogen steels 
we did not believe that the making of additional high nitrogen steels 
for impact test studies was warranted. Therefore, impact tests wer 
not made on the high nitrogen steels. 


Metallographic and X-ray Studies 

Metallographic examinations were made on specimens of each 
of the four steels in the quenched and tempered condition prior to 
testing and after the longest exposure time at each creep-ruptur 
test temperature. The austenite grain size of each steel was est! 
mated by a comparison of the microstructure of quenched and tem 
pered specimens with ASTM standard grain size charts. 

Furthermore, microhardness measurements were made on thi 
regions of untempered martensite observed in the matrix of quenched 
and tempered specimens of the high nitrogen Type 431 steel (Steel D) 

X-ray diffraction patterns were obtained for each of the fou 
steels in the quenched and in the quenched and tempered condition 
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these diffraction patterns, the amount of retained austenite 
steels in each condition was determined. 


RESULTS AND DISCUSSION 


Heat Treatments and Hardnesses 


(he hardness of each of the steels in the quenched and in the 
quenched and tempered condition is shown in Table Il. The hard- 
ness of the oil-quenched normal nitrogen Type 414 steel, Rockwell 
(47.2, is about the same as that reported (2) for 0.13°% carbon, 
1207, chromium steels, Rockwell C-48, but the hardness of the high 
nitrogen Type 414 steel is slightly higher, Rockwell C-50.8. For the 


Table Il 
Hardness and Grain Size of the Steels 


Hardness, Rockwell C Austenite 
Quenched Quenched and Tempered Grain Size, 
AISI Type Condition* Condition** ASTM No 
414 (Normal N) 47.2 22.2 6to7 
3 414 (High N) 50.8 20.9 6 to 7 
( 431 (Normal N) 45.5 22.0 6 
D 431 (High N) 49.7 36.7 x 


*Oil-quenched from 1800°F 
**Oil-quenched from 1800°F and tempered at 1225°F. For the quenched and tempered steels, 
Brinell hardness measurements were made and were converted to Rockwell C hardnesses. 


oil-quenched Type 431 steels, the hardness of the normal nitrogen 
steel is about the same as that reported (2) for 0.11% carbon, 12% 
chromium steels, Rockwell C-45.5; the hardness of the high nitrogen 
steel is lower than expected in view of the carbon and nitrogen con- 
tents of the steel. However, as will be discussed in a subsequent 
section of this report, the retained austenite in the high nitrogen 
l'ype 431 steel in the quenched condition probably accounts for the 
low hardness of the steel. 

After being tempered for 4 hours at 1225°F, the two Type 414 
steels and the low nitrogen Type 431 steel exhibit about the same 
hardness, Table II. The hardness of the high nitrogen Type 431 steel 
after an identical tempering treatment, however, is markedly higher 
than that of the other three steels. The high hardness is probably a 
consequence of the transformation of the aforementioned austenite 
to martensite during cooling from the tempering temperature. 

The austenite grain size of the four steels is also shown in 
lable II. It is evident that except for the high nitrogen Type 431 
steel, the steels have about the same austenite grain size, ASTM 
No. 6 to 7. The austenite grain size of the high nitrogen Type 431 
steel is finer than those of the other steels by about 14% to 2 ASTM 
numbers. 
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lTenston Tests 





Room Temperature Tensile Properties. Vhe room temp 
tensile data in Table III indicate that the tensile properties 
normal nitrogen steels of both types, Steels A and C, do not 
markedly. Each of the high nitrogen steels (Steels B and D 
higher tensile strength and a lower tensile ductility than its | 
nitrogen counterpart. Inasmuch as it has been shown previou 3 





that the transformations in iron-nitrogen alloys are similar t 
in iron-carbon alloys, one might expect the strength and ductilit 
of the high nitrogen steels to be similar to those of steels wi 

higher carbon contents than those of the present steels. The tensil, 
strength of Steel B (with the highest nitrogen content) is only aly 
10,000 psi higher than that of Steel A, whereas the tensile streng 
of Steel D (with about half the nitrogen of Steel B but with th 
highest carbon content) is about 50,000 psi higher than that of Ste: 

C. The very high tensile strength, the low yield-tensile ratio, and th 
low ductility of Steel D are probably associated with the untem 
pered martensite that apparently formed in this steel during cooling 
from the tempering temperature. Although Steel D exhibits a low 
vield-tensile ratio, the yield strength of this steel is the highest ot 


vu 


the steels investigated. Because of the previously mentioned simi 






Table Ill 
Room Temperature Tensile Properties of AISI Types 414, 431, 
410, and 430 Stainless Steel 


\. Data Obtained in the Present Investigation 


Yield Strength rensile Elongation Redu 
0.2% Offset), Strength, in 1 Inch, tA 
Steel AISF Type psi psi w/ 
\ 414 (Normal N) 94,000 116,400 21.5 64.6 
B 414 (High N) 90,400 126,800 14.0 34 
( 431 (Normal N) 83,200 112,500 21.5 60.4 
D> $31 (High N) 107,800 163,100 8.0 12.7 


Data Reported in the Literature* 













Yield Strength Tensile Elongation Reduct 
AISI Heat (0.2%, Offset), Strength, in 2 Inches of Are 
Type rreatment psi psi A 
414 Oil-quenched from 105,000 120,000 20.0 65.0 


1800°F and tem 
pered at 1200°F 









Oil-quenched from 95,000 125,000 20.0 00.0 
1900°F and tem- 
pered at 1200°F. 








Oil-quenched from 85,000 110,000 23.0 65.0 
1800°F and tem- 
pered at 1200°F 














Annealed 45,000 75,000 30.0 65.0 









*Data from Reference 1 
Note: In the present investigation, 54-inch-square bars of Steels A, B and D and % 
diameter bars of Steel C were austenitized for 4% hour at 1800°F, oil-quenched, t 

for 4 hours at 1225°F, and oil-quenched. Subsize (0.252-inch-diameter) sp 
were tested in duplicate. 
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in the effect of carbon and nitrogen on the transformations 
the high nitrogen content of Steel D probably contributed 

e retention of austenite on quenching and to the subsequent 
ition of martensite during cooling from the tempering tempera 
Further discussion of the effect of the martensite formed 

» cooling from the tempering temperature is presented later. 
Shown in Table [11 are tensile properties reported to be repre 
tive of commercial Type 414 and Type 431 steels (1). It will 
noted that the yield and the tensile strengths of the present nor 
| nitrogen steels (Steels A and C) are somewhat lower than the 
ominal vield and tensile strengths reported (1) for these grades. 
it the present steels were tempered at a higher temperature 

n were the steels for which the nominal properties are reported, 

robably accounts for the differences in strength. The tensile 
ctilitv of each of the present steels is similar to the tensile ductility 

reported for the commercial steels. 
fhe nominal tensile properties reported (1) for Type 410 and 
ype 430 steel—the nickel-free counterparts of Type 414 and Type 
131 steels, respectively—are also listed in Table III. Although the 
ield and tensile strengths of the present Type 414 steel (Steel A) 
re only slightly higher than those of the Type 410 steel, the yield 
| tensile strengths of the present Type 431 steel (Steel C) are 
considerably higher than those of the Type 430 steel. The latter 
circumstance is to be expected because Type 430 steel is a non 
irdenable steel, and the properties reported are for an annealed 
steel. The tensile ductility of the present Type 414 steel is similar 
to that of the Type 410 steel, but as might be expected, the tensile 
uctility of the Type 431 steel is lower than that of the Type 430 

steel 
Elevated Temperature Tensile Properties. The results of the 
elevated temperature tension tests at 700, 900, and 1100°F are 
given in Table IV. At 700°F, the normal nitrogen Type 414 steel 
Steel A) has a higher yield and a higher tensile strength than the 
normal nitrogen Type 431 steel (Steel C); at 900°F, the Type 414 
steel has only slightly higher strength; and at 1100°F, the Type 431 
steel has slightly higher strength. Both the elongation and the re- 
duction of area of the Type 414 steel are higher than those of the 
[ype 431 steel. 

\ comparison of the properties of Steels A and B and of Steels 
ind D, Table IV, indicates that in general, the effect of nitrogen 
to raise the yield and the tensile strengths and to lower the 
ductility of the two grades of steel at elevated temperatures. It is 
evident, however, that as the test temperature increases, the effect 
of nitrogen becomes less pronounced. That the strength of the high 
rogen Type 431 steel (Steel D) decreases greatly and that the 


( 
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Table IV 
Elevated Temperature Tensile Properties of AISI Types 414, 
431, 410, and 430 Stainless Steel 


Test Yield Strength Tensile Elongation 
Temp, (0.2% Offset), Strength in 1 Inch, 
Steel AISI Type “— psi psi % 


A. Data Obtained in the Present Investigation 


A 414 (Normal N) 700 78,400 101,300 18.0 
900 * 77,200 26.3 
1100 29,600 45,700 42.3 
B 414 (High N) 700 86,500 122,500 11.0 
900 67,000 87,000 a2 
1100 35,400 49,700 sid 
. 431 (Normal N) 700 71,500 89,800 15.0 
900 61,800 75,200 16.0 
1100 33,200 49,100 27.0 
D 431 (High N) 700 112,200 156,400 6.0 
900 92,200 135,000 11.0 
1100 31,000 51,400 ( 


B. Data Reported in the Literature* 


410 700 71,000 21 
900 58,000 23 
1100 34,000 41 

430 700 33,000 58,000 28 0 
900 28,500 48,500 34 | 
1100 18,000 30,500 47 8 















*The autographic stress-strain curve obtained was unsatisfactory for the determinati 

yield strength. 

**Fracture of test specimen occurred outside of the gage marks 

*Data from Reference 4. 

Notes: In the present investigation, 54-inch square bars of Steels A, B, and D were austenitiz 
for % hour at 1800°F, oil-quenched, tempered for 4 hours at 1225°F, and oil-que: 
Special 0.254-inch diameter specimens were tested in duplicate. Also, 34-inch diame 
bars of Steel C were heat treated by the aforementioned practice, and then standar 
0.505-inch diameter specimens were tested in duplicate. Therefore, the elongat 
2 inches is reported for Steel C. 

For the data from the literature, the elongation is in 2 inches. 


ductility increases greatly as the test temperature is increased fron 
900 to 1100°F, can be attributed, at least in part, to the softening of 
the untempered martensite that was formed during cooling from 
the tempering temperature. 

Table IV also shows that in the range 700 to 1100°F, the norma! 
nitrogen Types 414 and 431 steels have higher strength and lowe: 
ductility than their nickel-free counterparts, Types 410 and 430 
steels, respectively. Furthermore, the difference between the 
elevated temperature tensile strengths of the nickel and the nickel 
free steels decreases as the test temperature increases. However, 11 
is important to note that the data given in Table IV for Type 410 
and Type 430 steels (4) represent conservative averages of data 
from many sources and for the steels in different heat treated condi- 
tions. 


Creep-Rupture Tests 


The results of the creep-rupture tests are summarized in Table 
V and are plotted in Figs. 1 to 8. At 900°F, the 1000-hour creep- 
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Table V 
Creep- -Rupture Properties of AISI Types 414, 431, Al0, and 430 Stainless Steel 


Stress*, 1000 psi, for 


rest Stress, 1000 psi, a Creep Rate of 0.001 
Temperature, for Rupture in Per Cent Per Hour 
S AISI Type F 1000 hr 10,000 hr* (1% in 1000 hr) 


A. Data Obtained in the Present Investigation 
414 (Normal N) 900 26.0 19.2 1 


5.8 
1100 8.7 5.6 a 
1200 6.3 4.0 4.0 
414 (High N) 900 28.0 20.0 19.0 
1100 8.8 5.1 4.6 
1200 5.6 3.2 ae 
( 431 (Normal N) 900 34.0 23.0 20.0 
1100 10.5 6.8 5.3 
1200 Fe 3.5 3.3 
431 (High N) 900 34.5 24.0 21.0 
1100 10.8 on 5.9 
1200 6.0 3.7 3.4 
B. Data Reported in the Literature 
410 900 34.0! 26.0! 4 
1100 10.0! 6.9! ee 
1200 4.92 3.02 ** 
430 900 30.0! 24.0! - 
1100 9.11 6.5} ** 
1200 5.0! 3.4! ea 


*Extrapolated values. 
*No data available. 
Data from Reference 4. 

2 Data from Reference 5. 
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Fig. 1—Creep-Rupture Properties of Normal Nitrogen Type 414 Stainless Steel 
steel A) at 900, 1100, and 1200°F. 


rupture strength of the normal nitrogen Type 431 steel (Steel C) 
8000 psi higher than that of the normal nitrogen Type 414 steel 
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Fig. 3——Creep-Rupture Properties of Normal Nitrogen Type 431 Stainless Steel 
C) at 900, 1100, and 1200°F, 


(Steel A); at 1100°F, the strength of Steel C is only about 2000 ps 
higher than that of Steel A; and at 1200°F, the strength of Steel \ 
is slightly higher than that of Steel C. A similar trend with increasi! 
temperature may be observed for the 10,000-hour creep-rupt 
strengths of the two steels. 
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Fig. 5—Creep-Rupture Properties of Normal Nitrogen Type 414 Stainless Steel (Steel 
900, 1100, and 1200°F., 


That high nitrogen contents contribute little to long time creep 
ure streneth is evident from the similarity in the strengths of 
Steel A and Steel B and in those of Steel C and Steel D. Indeed, 
except for the differences at 900°, the creep-rupture streneths of 

four steels are very nearly the same. This may also be seen 
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Fig. 6—Creep-Rupture Properties of High Nitrogen Type 414 Stainless Steel 
at 900, 1100, and 1200°F 
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Fig. 7—Creep-Rupture Properties of Normal Nitrogen Type 431 Stainless Steel 
C) at 900, 1100, and 1200°F. 
from the curves of Fig. 9, which were plotted from the creep-ruptur 
data in Table V. The creep-data listed in Table V are also plotted in 
Fig. 9, and it appears that except for the differences between Steels 
A and B at 900 and 1200°F, the high nitrogen contents do not hav: 
a significant effect on the stress for a minimum creep rate of 0.001% 
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Fig. 8—Creep-Rupture Properties of High Nitrogen Type 431 Stainless Steel (Steel D) 
900, 1100, and 1200°F 
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Fig. 9—Creep-Rupture and Creep Strength as a Function of Temperature for Type 414 
1 Type 431 Stainless Steel. 


per hour. At 900°F the high nitrogen Type 414 steel has a creep 
strength about 3000 psi higher than that of the normal nitrogen 
l'vpe 414 steel, but at 1200°F the high nitrogen steel has a creep 
strength about 1300 psi lower than that of the normal nitrogen steel, 
a V. The creep strength of the high nitrogen Type 431 steel at 
900°F is higher than that of the normal nitrogen Type 431 steel, 
but a steels have about the same creep strength at 1200°F 
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Mig. 10O— Keyhole-Notch Charpy Impact Curves for 
141 Steels and for Type 410 and 430 Steels 

Some creep-rupture data reported in the literature (4,5) | 
12°) chromium steel (Type 410) and for 17¢ o Chromium steel (| 
430) are included in Table V. It is apparent from these data that 
1000 and 10,000-hour strengths of the 12%, chromium steel at 900) 
and 1100°F are greater than those of the 12¢ © Chromium, 2°; 
steel (Type 414), but that these creep-rupture strengths of 
straight chromium steels at 1200°F are slightly lower than thos 
the chromium-nickel steels at 1200°F. In the range 900 to 1200°} 
the 1000-hour creep-rupture strengths of the 16°) chromium, 2' 
nickel steel (Type 431) are slightly higher than those of the 13 
chromium steel, but the 10,000-hour streneths of the two steel 
about the same. 

Impact Tests 

The results of keyhole-notch Charpy impact tests on quench 
and tempered specimens of the normal nitrogen Type 414 and Typ 
431 steels (Steels A and C) are plotted as a function of test tempera 
ture in Fig. 10. The ductilitv-transition temperatures at the 15 foot 
pound energy level are shown in the figure: the Ty pe 414 steel has 
transition temperature of about 140°F, and the Type 431 ste 
has a transition temperature of about —160°F. That the steels haw 
similar transition temperatures might be expected inasmuch as thi 


steels were quenched and tempered to about the same hardn 
Rockwell C-22. 

KNeyhole-notch impact data (6) for the nickel-free counterpat 
of the present steels (Type 410 and Ty pe 430 steels) are also show! 
in Fig. 10. Inasmuch as only average curves were reported for th 
Type 410 and Type 430 steels, the ductility-transition temperatures 


were selected at the same energy level as were those for the Typ 
414 and Type 431 steels. The transition temperature of the Typ 
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ieel, +25°F, is about 165°F higher than that of the Type 414 
and the transition temperature of the Type 430 steel, —50°F, 
uit 110°F higher than that of the Type 431 steel. 
he impact data reported for the Type 410 steel are for the 
iled condition, and one might expect the steel to exhibit a 
ewhat higher transition temperature in this condition than if 
rhe steel had been quenched and tempered. The Type 430 steel, on 
he other hand, is nonhardenable and the reported impact data are 
presumably for the optimum heat treatment. Thus the low tem 
perature impact properties of the nickel steels appear to be better 
than those of similar steels without nickel. 


Metallographic and X-Ray Studies 


fhe microstructures of the steels before testing and atter long 
time creep-rupture tests at 900, 1100, and 1200°F are shown in Figs. 
11 to 14. In each figure, the photomicrographs marked A show the 
microstructure of the steel prior to testing, that is, after being oil 
quenched from 1800°F and tempered for 4 hours at 1225°F. These 
photomicrographs show that the microstructure of the normal 
nitrogen Type 414 and Type 431 steels (Steels A and ©) consist 
chiefly of tempered martensite, Figs. 11A and 13A. On the othe 
hand, Fies. 12A and 14A show that the microstructures of the high 
nitrogen steels (Steels B and DD) consist of both tempered and un 
tempered martensite. As was mentioned earlier in this report, the 
martensite is believed to have formed from austenite that was re 
tained on oil quenching the steels from 1800°F and that trans 
formed when the steel was quenched from the tempering tempera 
tures. 

Microhardness measurements showed that the hardness of the 
light etching areas in the microstructure of Steel D was about 515 
IK TIN) (Knoop hardness number), or Rockwell C-48, a hardness 
nearly the same as that of the steel in the oil-quenched condition, 
Kockwell C-49.7. That this steel in the oil-quenched condition con 
tained austenite was confirmed by X-ray determinations, which 
indicate 11.6°, austenite. As is indicated in Fig. 14a, the martensite 

this steel is present in bands. 

No austenite was detected by the X-ray studies of the oil 
quenched and tempered specimens of Steel D or of the oil-quenched 
and tempered specimens of the other steels. However, the lower 
imit of precision of the X-ray method used is 2°, austenite. 


The results of metallographic examination showed no un 
tempered martensite (resulting from the transformation of retained 
stenite) in the microstructures of oil-quenched and tempered 
pecimens of Steels A and C, Figs. lla and 13a, but did show a 
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Fig. 11— Microstructures of the Normal Nitrogen Type 414 Stainless Steel (Steel A) i: 
the Quenched and Tempered Condition, and After Long-time Creep- Rupture Tests at 900, 1100 
and 1200°F. Photomicrographs taken near the fracture of the ruptured specimens. Etched 
in Vilella’s reagent. X 750. 
(a) Prior to test. Heat treatment: % hr. at 1800°F, oil-quenched; 4 hr. at 1225°F, oil 
CK 
well B-93.5; (c) After rupturing in 1520 hr. at 1100°F. Stress 8,000 psi. Rockwell B-85.4; (d 
After rupturing in 1298 hr at 1200°F. Stress 6,000 psi. Rockwell B-85.3. 


significant amount, approaching the 2% limit of the X-ray method 
for austenite, in the microstructure of the oil-quenched and tem- 
pered specimen of Steel B, Fig. 12a. As was observed for Steel D, 
the martensite in Steel B is present in bands, indicative of areas 
with a composition higher in carbon and alloys than the nominal 
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Fig. 12—Microstructures of the High Nitrogen Type 414 Stainless Steel (Steel B) in 
the Quenched and Tempered Condition, and After Long time Creep-rupture Tests at 900, 
1100, and 1200°F. Photomicrographs taken near the fracture of the ruptured specimens. 
Etched in Vilella’s reagent. X 750. 

(a) Prior to test. Heat treatment: \% hr. at 1800°F, oil-quenched; 4 hours at 1225°F, 
oil-quenched. Rockwell C-20.9; (b) After rupturing in 712 hours at 900°F. Stress 30,000 
psi. Rockwell B-95.1; (c) After rupturing in 1213 hours at 1100°F. Stress 8,500 psi. 
an B-83.8; (d) After rupturing in 1295 hours at 1200°F. Stress 5,200 psi. Rockwell 

-86.3. 


composition. Apparently, the high nitrogen content of Steels B and 
() augments the effect of carbon and the alloying elements in 
stabilizing the austenite. 

In all the steels, the acicular appearance of the original micro- 
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Fig. 13—- Microstructures of the Normal Nitrogen Type 431 Stainless Steel (Steel ( 
the Quenched and Tempered Condition, and After Long Time Creep-Rupture Tests 
900, 1100, and 1200°F. Photomicrographs taken near the fracture of the ruptured specime 
Etched in Vilella’s reagent. X 750. (a) Prior to test. Heat treatment: 4% hour at 1800°! 
oil-quenched; 4 hours at 1225°F, oil-quenched. Rockwell C-22; (b) After rupturing in 204 
hours at 900°F. Stress 30,000 psi. Rockwell B-94.9; (c) After rupturing in 1223 hours 


1100°F. Stress 10,000 psi. Rockwell B-84.1; (d) After rupturing in 735.5 hours at 1200°! 
Stress 6,000 psi. Rockwell B-82.8 


structure remains after the longest times at 900°F. Steel A exhibits 
a general precipitation of fine carbides (Fig. 11b); Steel B exhibits 
a fine grain boundary carbide precipitation (Fig. 12b); Steel ‘ 
exhibits a fine grain boundary carbide precipitation (Fig. 13b); and 
Steel LD) exhibits a general precipitation of fine carbides (Fig. 14) 
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Fig. 14— Microstructures of the High Nitrogen Type 431 Stainless Steel (Steel D) in 
¢ Quenched and Tempered Condition, and After Long Time Creep-Rupture Tests at 900 
1100, and 1200°F, Photomicrographs taken near the fracture of the ruptured specimens 
Etched in Vilella’s reagent. X 750. (a) Prior to test. Heat treatment: '% hour at 1800°F 
juenched; 4 hours at 1225°F, oil-quenched. Rockwell C-36.7; (b) Atter rupturing in 
1559 hours at 900°F. Stress 34,400 psi. Rockwell B-98.7; (c) After rupturing in 1087 hours 
t 1100°F, Stress 10,700 psi. Rockwell B-90.6; (d) After rupturing in 550 hours at 1200°F 
3s 6,800 psi. Rockwell B-90.8 


he microstructures of all the steels after the longest times at 
1100°F consist of spheroidized carbides (and possibly nitrides) in a 
lerrite matrix, Figs. 11¢,12c,13c, and 14c. The photomicrographs 
Is. 11d,12d,13d, and 14d indicate that as the test temperature 
increased to 1200°F, the carbides (and possibly nitrides) coalesce 
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more than at 1100°F. In general, this microstructural trend 
be expected and is confirmed by the lower strengths obtai 
1200 than at 1100°F., 


SUMMARY 

The results of the present investigation of mechanical prop: 
of Type 414 and Type 431 stainless steels can be summariz 
follows: 

1. The room temperature tensile properties of the norma! 
nitrogen steels (0.010 to 0.015% N) do not differ greatly from thos 
reported in the literature for the two grades of steel. High nitroge 
contents (0.063 to 0.124%) raise the tensile strength and lower thy 
yield-tensile ratio and the ductility of each grade. The tendency fo; 
austenite to be retained in Type 414 and Type 431 steels during th 
quench from the austenitizing temperature is apparently increased 
by high nitrogen contents. 

2. At 700 and 900°F, the yield and tensile strengths of th 
normal nitrogen Type 414 steel are higher than those of the norma! 
nitrogen Type 431 steel; however, at 1100°F the Type 431 steel is 
stronger. The strength of each steel at each temperature is highe: 
than the reported strength of its nickel-free counterpart (that is, 
Type 410 and 430, respectively), although the difference between 
the strengths decreases as the test temperature increases. However, 
the reported strengths of the nickel-free steels are based on a con 
servative average of data from many sources and for steels in vari 
ous heat treated conditions. In the range 700 to 1100°F, the elevated 
temperature yield and tensile strengths of the high nitrogen steels 
are higher than those of the normal nitrogen steels, the difference 
between the strengths at 1100°F being relatively small. 

3. In the range 900 to 1200°F, the 1000-hour creep-ruptur 
strengths of the normal nitrogen Type 431 steel are higher than 
those of the nickel-free, 17% chromium Type 430 steel; the 10,000- 
hour strengths of the two steels are about the same. At 900 and 
1100°F, the normal nitrogen Type 414 steel is not so strong as the 
nickel-free, 12% chromium steel, Type 410, but at 1200°F the Type 
414 steel is stronger than the nickel-free steel. 

4. Although the 0.001% per hour creep strength and the 1000 
and 10,000-hour creep-rupture strengths of the normal nitrogen 
Type 431 steel are somewhat higher than those of the normal nitro 
gen Type 414 steel at 900 and 1100°F, the strengths of Type 414 
are slightly higher at 1200°F. In general, a high nitrogen content 
appears to have an almost negligible effect on the creep and creep- 
rupture strengths of these steels. An exception to this effect is that 
the creep strength of high nitrogen Type 414 steel at 1200°F is 
somewhat lower than that of normal nitrogen Type 414 steel. 
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lhe ductility transition temperatures of the normal nitrogen 
114 and Type 431 steels are about 110 to 165°F lower than 
of the nickel-free, 12 and 17% chromium steels, Type 410 and 

ype 430, respectively. 

\Ve conclude that so far as mechanical properties are concerned, 
for applications in which high room temperature and elevated tem 
perature tensile strength and/or good low temperature notch tough- 

ess are necessary, Type 414 and Type 431 steels seem to be prefet 

e to Type 410 and Type 430 steels, respectively. However, for 
ipplications in which creep and creep-rupture strengths are the 
prime requisites there is no advantage to be gained by using Type 
4 i steel instead of Type 410 steel or by using Type 431 steel instead 
of Type 430 steel. 
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DISCUSSION 


Written Discussion: By Edward A. Loria, staff metallurgist, Crucible Steel 
mpany of America, Pittsburgh. 


lhis paper introducing the effect of nitrogen in Types 414 and 431 stainless 
very interesting. The aircraft industry wishes to eliminate ferrite in Type 431 
which are fabricated into a variety of pressure vessels and fittings. The pres 


ce of ferrite weakens the matrix structure and is particularly damaging to trans- 
rse impact and fatigue. The addition of nitrogen to Type 431 may be the answer 
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to this major problem if it eliminates ferrite. It is realized that the aut] 
in their photomicrographs that no free ferrite existed in the small sect 
they studied but, nevertheless, this subject is the most important one t 
sumer who has to utilize heavier sections. 

Do the authors have data on the effect of tempering temperature o 
chanical properties of Types 414 and 431, with and without nitrogen 
tensile strength and hardness less subject to scatter in the high nitrog: 
This may be possible if the presence of nitrogen reduces the amount of {i 
the presence of nickel in Type 436 does in comparison with Type 410. A 
available for tempering temperatures in the 600 to 800°F range? Also, wo 
authors comment on the results of single or double tempering treatments { 
high nitrogen Type 431 with respect to raising yield strength and impact 
Any data which show the importance of varying the austenitizing tempera 
achieving maximum properties on tempering at 600 to 800°F would be worthw! 

It is well known that high chromium and low carbon in martensitic chrom) 
steels favors formation of ferrite which may not be removed by ordinary 
treatment. The presence of ferrite can reduce the fatigue strength of engin: 


Pair 
} 


Free ferrite can confer serious directional effects for properties other than fat 
Parts will be more prone to fracture under static or impact loading. Do the aut} 


have any data on transverse tensile and impact properties for the four ste 
studied? What are the impact transition curves for the high nitrogen steel 
and D? Data on transverse tests where the grain flow was split would be of | 
siderable value. Indeed, the beneficial effect of nitrogen in bar sections suscepti! 
to ferrite formation would be evaluated by such studies. 

Would the authors comment on the relative amounts of free ferrite in th 
steels in the as-received condition? Material free from ferrite usually has a coarser 
grain size than ferrite containing steel. A comment on the effect of nitrog 
grain coarsening would be appreciated. Would the authors discuss the notch 
sitivity in fatigue and rupture of their normal versus high nitrogen steels? [1 
hoped that they will continue their study of the effect of nitrogen on ferrite for 
mation along the lines of this discussion. 

Written Discussion: By Chi-Mei Hsiao, research metallurgist, Research 
Development Laboratory, Crucible Steel Co. of America, Pittsburgh. 

lhe authors are to be congratulated for their noteworthy and timely addi- 
tions to the knowledge of mechanical properties of stainless steels at room 
elevated temperatures. 

he authors’ finding of the existence of 11.6° retained austenite in steel D 
in the oil-quenched condition is very interesting. According to recent publish 
work? the Ms temperature of the stainless steel can be calculated from its chemi 
composition. In addition, the percentage of martensite formed at various temper! 
tures below the Ms was found to be dependent upon the Ms itself* or the temper: 
ture interval below Ms.‘ 

The Ms temperatures and the temperatures at which 80, 90 and 99%% of th 
austenite of the four steels investigated by the authors will transform to mart 


2G. H. Eichelham and F. C. Hull, “The Effect of Composition on the Temperature of Sp 
taneous Transformation of Austenite to Martensite in 18-8 Type Stainless Steel,’” TRANSACTI 
American Society for Metals, Vol. 45, 1953, p. 77. 

‘Discussion by L. D. Jaffe of paper by R. A. Grange and H. M. Stewart, ‘““The Temper 
Range of Martensite Formation,’ Transactions, American Institute of Mining and Metall 
Engineers, Vol. 167, 1946, p. 493. 

‘W. J. Harris and M. Cohen, “Stabilization of the Austenite-Martensite Transforn 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 180, 1949, p. 44 
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lable VI 


Ms Temperature at Which Various Quantities o 
r I Martensite Form 
80°: 90°; 99 
734 649°] 590°] 
431 46H I: 171 | 
00; 182°] 417°) 
242 64 | Lj | 


en calculated from the aforementioned relationships, and the results are 
the following table. 
(he calculations are in general agreement, at least semiquantitatively, with 
thors’ findings that in the oil-quenched condition, there is 11.6°) austenite 
| PD. 2% in steel B, and no austenite in steels A and C. 
Phe transformation of the retained austenite in steels B and D after tempering 
{225°F for 4 hours is most probably due to the fact that the precipitation of 
de (and nitride) during tempering raise the Ms temperatures above room 
perature. 
it ippears to the writer, at least academi ally, that it is not proper to compare 
1) in a duplex structure (tempered and untempered martensite) with othe 
els. It would be interesting to transform steel D in a wholly tempered martensite 
ire either by double aging or by refrigeration and then compare its proper- 
with other steels. 
On the same line of thinking, it will be worthwhile to consider the Ms t mpera 
in designing the chemical composition of stainless steel so as to prevent the 
ecessity to use more complicated heat treatment (double aging or refrigeration) 
improving its ductility. 


Authors’ Reply 


We wish to thank Mr. Loria‘for his comments on our paper. Free ferrite 


ation in Type 431 steel is a function of austenitizing temperature and of 
composition balance between (a) the ferrite forming elements chromium, silicon, 
and (b) the austenite forming elements nickel, carbon, and nitrogen. Increasing 
the amounts of the latter elements decreases the tendency for free ferrite forma- 
; however, as has been shown in the paper, increasing the nitrogen content 
ver that normally found in Type 431 steel also increases the tendency for re- 
ied austenite to exist in this steel after austenitizing and quenching to room 
mperature. Indeed, after austenitizing at 1800°F and oil quenching to room 
temperature, the high-nitrogen (0.0639) Type 431 stainless steel (°¢-inch square 
bars) contained about 11% retained austenite. 
lf a steel that has retained austenite (a) is subsequently double tempered at 
sufficiently high temperatures, for example, about 1200°F or (b) is refrigerated to 
i temperature below Mg prior to a single tempering treatment, the resultant 
ructure is essentially all tempered martensite. However, if high strength require- 
ments limit the tempering temperatures to about 600 to 800°F, which reportedly 
the case in the aircraft industry, the retained austenite probably cannot be 
stormed by a double tempering heat treatment. In this case, the temperature 
the first tempering heat treatment may be too low to “condition” the retained 
tenite so that a martensitic transformation will not occur during cooling to 
1 temperature. To transform the retained austenite in this case, a refrigeration 


tment below Mg is needed. Thus, although the formation of free ferrite is 


imized or eliminated by increasing the nitrogen content in Type 431 steel, our 
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studies show that retained austenite and its associated problems can res 
increasing the nitrogen content. However, by properly balancing the an 
ferrite and austenite formers within the AISI specification limits, the el; 

of both free ferrite and retained austenite may be possible. 








Inasmuch as the main objective of the present study was to deter: 





tensile and creep-rupture properties of Types 414 and 431 stainless steel] 
temperature range 900 to 1200°F, studying the effects of tempering in th 





600 and 800°F prior to testing at the elevated temperature was not att 
Nor did we conduct the extensive study that would have been required to 
Mr. Loria’s numerous questions about the effects of various heat tri 
particularly of tempering in the range 600 to 800°F, on room-temp 
mechanical properties. 
In reference to the impact tests on the high nitrogen Steels B and D 
temperature range that would enable the ductlity transition temperatur 
determined, we explained on page 487 of the paper that this had not be« 
and our reasons for not doing this work. 
The amount of ferrite in the as-received condition was not determined. H 
ever, because the size of heats varied from the experimental 30-lb. heats to 
mercial heat, the processing of the steels was different and, therefore, we 
that the determination of free ferrite in these steels would be meaningful. 
The grain sizes of the steels investigated are given in Table II. As explained 


in the paper, the austenite grain size of the high-nitrogen Type 431 steel is fi 
than that of the normal-nitrogen Type 431 steel by about 2 ASTM number: 
However, the austenite grain size of the high-nitrogen and the normal-nitros 
Type 414 steels is the same. 

We believe that considerable research work remains to be done on th 
steels, particularly the Type 431 steel, to establish such factors as the chemi 
composition balances to minimize or eliminate free ferrite and/or retained aust 
ite, the effects of various heat treatments on microstructure and mechani 
properties, and the susceptibility to corrosion and stress corrosion in vari 
environments. 

We are pleased to have Dr. Hsiao’s comments and very interesting obser 
tion on the agreement between calculated and experimentally determined quant 
ties of retained austenite. The relationship between the Ms temperature and t! 
extent of transformation of austenite to martensite during cooling to room t 
perature (see table VI in Dr. Hsiao’s discussion) explains the reason for th 
greater amount of retained austenite in Steel D (16.1% Cr and 0.223% C pl 
N) as compared to that in Steel B (12.4% Cr and 0.254% C plus N). Also, wi 
agree that by balancing the chemical composition of these steels according to th 
known relationships between composition and Ms temperature, a good first ap- 
proximation can be made of the maximum carbon plus nitrogen addition that 
could be made and still avoid retained austenite. This maximum carbon p! 
nitrogen level would in turn minimize or eliminate the formation of delta ferrit 
during the austenitizing heat treatment. 

Dr. Hsiao’s observation concerning the comparison of the properties of Ste: 
D with those of the other steels is certainly worthwhile. If one wished to determin 
the effect of nitrogen per se on the properties of Type 431 stainless steel, it woul 
be necessary to determine the properties of the steels after they were heat tr 


to the same microstructure. 








HIGH NITROGEN AUSTENITIC CR-MN STEELS 


By V. F. Zackay, J. F. CARLSON AND P. L. JACKSON 


Abstract 

High nitrogen Cr-Mn austenitic steels were prepared 
hy a pressure-melting and -casting technique. Nitrogen 
levels of one-half weight percent and higher were achieved. 
The creep-rupture properties of the base composition, 16 
Cr-14 Mn-2 Mo-% N, were approximately equivalent to 
those of 16-25-6, a commercial heat resistant alloy. The 
unusually high interstitial nitrogen content resulted in 
excellent combinations of strength and ductility in both the 
annealed and cold-worked state. (ASM-SLA Classification: 
03, 04, 023, SS) 


HE advent of World War II ushered in a period of intense 
‘San activity in the field of elevated temperature materials. 
Early metallurgical efforts were concentrated on iron-base chromi- 
um-nickel alloys for supercharger applications. This was followed 
by the development of nickel and cobalt base alloys of the precipi- 
tation hardening type for jet engine components. Although con- 
tinued progress is being made in pushing the strength and tempera- 
ture limits of these alloys to still higher levels, a new area of research 
has received considerable attention in recent years. Briefly, this 
may be described as an effort to produce economically, materials 
capable of sustaining high loads at elevated temperatures which 
have a minimum of strategic, scarce, or critical elements. The 
growing possibility of application of these steels to mass-produced 
automobile gas-turbine engines greatly accelerates this phase of 
research. 

The investigation described herein is aimed at the development 
of iron-base austenitic alloys capable of service in the temperature 
range of 1200—1400°F. 


SELECTION OF BASE MATERIAL 

Generically speaking, alloys designed for service in this tem- 
perature range may be considered related to the base composition 
of the commercial 18 Cr-8 Ni type stainless steels. The addition 
of 2 to 3% of the ferrite-forming and hot-strengthening element 
molybdenum to this base requires about 4% more of austenite 

A paper presented before the Thirty-Seventh Annual Convention of the So- 
iety, held in Philadelphia, October 17-21, 1955. Of the authors, V. F. Zackay is 
supervisor, Scientific Laboratory, Ford Motor Co., Dearborn, Mich., J. L. 
Carlson is metallurgical engineer, Hoskins Manufacturing Co., Detroit, and P. L. 


jackson is research metallurgist, Misco Precision Casting Co., Whitehall, Mich. 
« ; 
‘ianuscript received April 19, 1955. 
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stabilizing nickel to form the best of the commercial] elevate: 
perature stainless steels, namely, AIS] 316, type 18-8 VI. Af 
advance came with the design of a balanced COMPoOsition of 
chromium, 25% nickel, and 6°— molybdenum known comme, 
as Timken 16-25-6. This iron-base alloy is superior in the an; 
condition to AISI 316 and has the further advantage that 
sponds to hot cold working. The latter term denotes the Proce 
working the steel in the 1200--1400°F range so as to leave re 
stresses in the materia] which in turn strenethen it up to 1350°) 
These two alloys, AISI 316 and Timken 16-25-6, are used 
basis of comparison for the alloys described in this report. 


The search for a substitute for nickel in alloys of the Cype re 
ferred to above has occupied the attention of numerous invest 
tors, particularly in Germany and Russia, where nickel was 
short supply in the late thirties and early forties. An obvious ¢ 
stitute, manganese, immediately suggests itself, although jit | 
common knowledge that the austenite forming Capacity of man 
ganese is weak compared to nickel. The structural constitution of 
chromium-manganese steels has been recently reviewed ip con 
siderable detail by ranks et al (1)! Critical reviews (2) of th 
considerable literature on the subject give confirmation that it js 
virtually impossible to build sufficient hot strength into the iron 
base chromium-manganese steels without the resultant breakdown 
of the metastable austenite at relatively low temperatures. This 
hot strength is achieved almost always by the use of ferrite forming 
molybdenum or wolfram. 

The addition of the element nitrogen, with its intense austenite 
forming capacity has been recommended to supplement the man 
ganese (3) in chromium-manganese steels. This element was found 
to confer significant hot strength, toughness, and ductility as well 
as to retain the austenitic structure under the combined action 
of thermal and mechanical] forces. Also, the chromium level neces 
sary for the formation of sigma phase is raised by nitrogen (4 
Although chromium. manganese, and molybdenum lower the a 
tivity of nitrogen and therefore aid in increasing the solid solubility 
of nitrogen, present practice is to hold the nitrogen level to about 
1/75th of the chromium content. Above this ratio ingot gas porosit\ 
may be encountered. 

If chromium-manganese austenitic steels are to be developed, 
comparable to those containing nickel, it seems imperative that a 
technique be developed wherein lower chromium-nitrogen ratios 
are obtained. Brick and Creevy (5) have shown that nitrogen solu 
bility in liquid iron-chromium alloys is proportional to the squar 
root of the pressure. A concept of pressure-melting was develop: 


'The figures ippearing in parentheses pertain to the references appended to this paper 
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.e authors of this paper wherein alloys are melted and cast under 
ratmospheric nitrogen pressures. By this procedure and with 





idded use of nitrogen-bearing ferro-alloys, sound ingots of 





mium-manganese nitrogen allovs for elevated temperature 


ice have been made having about 4°; nitrogen in interstitial 






d solution. 
\ study of both the influence of nitrogen on the Fe-Cr-Mn 





nary phase diagram (4) and the results of elevated temperature 





dies conducted by German workers (6) led to the exploration 







of the properties of a base composition of 16°, chromium, 14°; 


inganese, 2% molybdenum, and 4° nitrogen. In this alloy, 






ry 





chromium performs the dual function of imparting oxidation resist 






ince and increasing the nitrogen solubility (as does the manganese) : 







manganese and nitrogen stabilize the austenitic structure; while 
molybdenum and, again nitrogen, act as hot strengtheners. 


rXA FN A TNE 





PREPARATION OF ALLOYS 





The raw materials consisted of electrolytic iron, nickel, silicon, 





ind molybdenum metal, hydrogen deoxidized electrolytic man 
eanese (1850°F for 6 hours) and chromium in the form of 2% inch 
cubes of AISI 430 or 446 stainless steel. The stainless steel, elec 
trolytic iron (if needed) and molybdenum were melted in vacuo (1 
micron Hg). Prepurified nitrogen was then introduced until a 







Saerrvitwerya ae 









pressure of two atmospheres absolute was attained. The manganese 
was then added to the crucible by means of charging buckets and 
the melt cast under the nitrogen atmosphere. The temperature of 
the melt was kept as close to the liquidus as possible as the nitrogen 





solubility in the liquid showed an apparent decrease with increasing 
temperature. A further refinement, later added, was to raise the 
nitrogen content by the addition of hydrogen deoxidized nitrided 
manganese (Mn,yN). Approximately one-half of the manganese 
added was in this form. 


GeMITLse Feces hr 





The tendency of the ingot to gas upon solidification is a func 





tion of alloy composition, the amount of nitrogen-bearing alloy 





additions, nitrogen pressure, melt temperature, and the ingot solidi 
fication rate. A fundamental investigation of several of the impor- 
tant variables influencing nitrogen solubility is currently in progress. 
In cooperation with the Armour Research Foundation, equipment 
has been built to permit the melting and casting of Cr-Mn-N steels 








{ 


it pressures of up to ten atmospheres of nitrogen. 





The composition of the alloys discussed in this paper are shown 


in Table I. 







Processing of Ingots 






The as-cast 24% inch diameter ingots (12 to 20 pounds) were 
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Table I 
Alloy Composition 
\lloy Cr Mn Mo ( Si N N 
47 15.9 13.3 2.02 0.03 0.25 0.46 
49 15.9 13.7 1.79 0.03 0.27 0.44 
69 14.6 16.0 4.39 0.06 0.28 0.49 
73 15.6 15.0 2.88 0.07 1.32 0.46 1.15 
75 15.7 15.4 1.94 0.08 1.42 0.40 1.45 
76 15.6 15.2 1.94 0.07 1.08 0.39 2 44 
91 15.1 13.0 2.80 0.10 0.18 0.44 
153 15.9 12.6 1.75 0.08 0.57 
155 16.5 11.6 2.08 0.18 0.77 


hot-rolled at initial temperatures of 2250 to 2350°F into 5¢ 
rounds. The temperature at which these steels were worked 
determined not only by the composition balance but also by 


nature of the available processing equipment. The hot strength of 
these alloys necessitates very high forging temperatures particula: 
in view of the power limitations of laboratory-type mills. O: 
other hand, temperatures in excess of 2200°F invite the formatioy 
of delta ferrite with resultant tearing in the initial stages of hot 
working (1). 

The 58 inch hot-worked rod or the machined 4 inch round 
creep-rupture specimens were solution heat treated at 2012°F an 
water-quenched. 


Elevated Temperature Properties 

The austenitic structure in iron-base Cr-Mn-N alloys is met 
stably retained by rapid cooling from elevated temperatures. This 
nonequilibrium phase tends to decompose when subjected to th 
combined action of thermal and mechanical forces. The degree of 
austenitic stability in any given environment is closely dependent 
upon the relative proportion of the alpha- or gamma-forming el 
ments in the alloy. Thus the guiding principle in the alloy chemistr 
of these steels is to achieve the greatest austenitic stability over th 
desired temperature range consistent with the hot strength requir 
ments of the particular service application. 

The creep-rupture characteristics of the base composition, rep 
resented by alloy 47 and 49, are shown in Fig. 1, on a Larson- Miller 
plot (7). For convenience, dotted vertical lines defining the 100-hou 
rupture life at the indicated temperatures are shown. Values for the 
normal scatter of creep-rupture properties of commercial alloys 316 
and 16-25-6 taken from several sources in the published literatur 
are shown as bands superimposed on the Larson- Miller plots. 

The creep-rupture parameters for alloys 47 and 49 are seen to 
lie within the lower half of the 16-25-6 band falling off somewhat 
values corresponding to short-time rupture tests at 1500°F. Th 
excellent ductility to fracture for several typical rupture tests 1s 
shown in Table II. 





bn 
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!1OO hr. Rupture Life at Designated Temperature °F 
1100 1200 1300 1400 1500 


Stress, |OOOpsi 


o Alloy 47 15,9 Cr-13.3Mn-2.02M0-0.46N 
A Alloy 49 15.9 Cr-13.7 Mn-1.79Mo-0.44N 





34 36 38 40 42 44 
T(20+Logt) x 1075 
Fig. 1—C reep- Rupture Properties of the Base Composition 16 


Cr-14 Mn-2 Mo-4 N 


Precipitation of nitrides during creep is probably a factor in 
the plastic behavior of these alloys although no evidence for this 
could be established metallographically. However, the fall in duc- 
tility after several hundred hours of testing, as shown in Table III, 
probably attests to some precipitation taking place. 

The effect of increased molybdenum on the elevated tempera- 
ture pengersee of the base composition, alloy 47 (or 49) is shown in 
Fig. At relatively low temperatures the creep-rupture lives of 


Table Il 
Typical Ductility Values from Stress-Rupture Tests of 
Cr-Mn-MosN Steels 


Rupture 


Stress Time Elong 
Nominal Composition Temp. °F Psi (Hours) J R.A.% 
16 Cr-14 Mn-2 Mo-0.5 N 1200 40,000 86.6 14 28 
1350 20,000 400.9 13 18 
1500 10,000 246.6 47 36.5 
16 Cr-15 Mn-2 Mo-2% Ni- 
0.5 N-1 Si 1200 40,000 189.8 13 15 
1350 20,000 273.5 35 28 
1500 10,000 126.3 41 30 
1 15 Cr-13 Mn-3 Mo-0.5 N- 
0.01 B 1200 40,000 310.9 11 17 
1350 20,000 668.9 31 30 





1500 10,000 


157.0 
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(OO hr. Rupture Life at Designated Temperature °f 
\1OoO 1200 1300 1400 1500 


60 | T 


- —a 





1\OF 





O Alloy 9I 15.05Cr-13Mn-2.8Mo0-0.44N-0.01B 
A Alloy 69 14.6 Cr-16.0 Mn-4,.39M0-0.49N 
@Z Alloy 47 (49) 15.9Cr-13.3/13.7 Mn -1.79/2.02 Mo-0.44/0.46N 





J 
34 36 38 40 42 44 
T(20+Logt) x 1075 


big. 2—Effect of Molybdenum Additior m Creep-Rupture Lite 
Cr-Mn-Mo-N alloy 


these steels are considerably improved by molybdenum additior 
At higher temperatures, however, the rupture values are observ 
to fall off with increasing molybdenum content. Alloy 91. wit 
approximately 3 percent molybdenum and 0.01 percent boron, 
though somewhat weaker than the base composition at quite eleva 
ted temperatures, shows excellent short time rupture strength wy 
to 1500°F. 

A similar dependence upon composition can be shown by 
changes in the proportion of austenite forming constituents such as 
nickel. To improve the oxidation resistance of alloy 91 about 1°, 
silicon was added. It was intended to off-set the ferrite forming 
tendency of the silicon by the addition of small amounts of nickel 
The properties of this alloy, number 73, are shown in Fig. 3. The ver 
low nickel in alloy 73, is apparently insufficient in the presence ol 
the high silicon to retain the creep-rupture properties of alloy 91 
Further lowering of the molybdenum content results in the loss o! 
strength at lower temperatures without real improvement at highe: 
temperatures. A compromise is reached by increasing the nickel and 
slightly decreasing the silicon levels as shown by alloy 76. The eflect 
of nickel at the 2 to 3% level is to raise the creep parameter curve [01 
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'OO hr. Rupture Life at Designated Temperature °F 
1100 1200 1300 1400 1500 


60 
50 





40 








© Alloy 73 15.6 Cr-15 Mn-2.88Mo-1.15 Ni-0.46N-1,32Si 8 
SFA Alloy 75 15.7 Cr-15.4Mn-1.94Mo-1.45Ni-0.40N -1.42S) 
xX Alloy 76 15.6Cr-!5.2Mn-1.94Mo-2.45Ni-0.39N-1.08Si 


34 36 38 40 42 44 
T(20+Logt)x 10-3 
Fig. 3—Effect of Austenite Forming Elements on the Creep-Rupture Prop 


erties of Cr-Mn-N Steels. 


alloy 76 over the complete temperature range. Unfortunately, nick 
el even at these concentrations has an adverse effect on nitrogen 
solubility and therefore must be used with caution. 

Alloys 76, 91 and the base compositions are representative of! 
those alloys having the best creep rupture properties of nickel-free 
and very low nickel Cr-Mn-Mo-N steels. 

Other alloying elements were qualitatively appraised for thei 
effect on the properties of Cr-Mn-N steels. The behavior of wolfram, 
as would be expected, was similar to the less costly element molyb 
denum. Silicon, although a poor hot strengthener, confers added 
oxidation resistance on the nickel-free austenitics. Niobium alloys 
exhibited poor creep rupture strength while vanadium, even 
very low levels, caused embrittlement and rendered the nitroge! 
ineffective by nitride precipitation. 

Attempts to devise mechanical-thermal treatments to improve 
the creep rupture life of the Cr-Mn-N alloys, generally proved un 
successful. Hot-cold working (1400-1600°F) of the ingots during 
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ling operation either proved ineffective or actually decreased 

ipture life. 

Similar negative results were found with various combinations 

ng times and temperatures. Failure to improve elevated tem 

nerature properties by aging and by hot-cold working is undoubt 

: related to the metastable nature of these steels. Water quench 
from 2000°F was considered to be the optimum heat treatment. 


RooM TEMPERATURE PROPERTIES 

Che Cr-Mn steels have been suggested as high strength aircraft 
construction materials when used in the cold-worked state (8). 
fensile tests of the high nitrogen Cr-Mn steels as shown in Table 
IV gave sufficient promise to warrant further testing of the room 
temperature mechanical properties. Two typical Cr-Mn-Mo-N al 
loys, one single phase (153) and the other duplex (155) were alte: 
nately cold-rolled and annealed to 0.090 inch strip and subsequently 
cold-rolled as far as the roll pressures of the laboratory-type mill 
permitted. 


Table I\ 
Room Temperature Tensile Tests of Cr-Mn-Mo-N Steels 


Tensile Test Data 


loy Nominal Composition ¥.P. Pei 1.8. Pei Klong. % 
17 16 Cr-14 Mn-2 Mc-O.5 N 61,400 119,000 70 
19 16 Cr-14 Mn-2 Mo-0.5 N 59,100 121,250 68 
153 16 Cr-13 Mn-2 Mo-0.6 N 61,500 120,000 65 
155 17 Cr-12 Mn-2 Mo-0.75 N 75,000 140,000 50 


Table \ 
rensile Properties of Cold-Worked Austenitic Steels 


ype 
il AES. Ake 
tion 301 302 CM* Ford 153 Ford 155 
Cr 17 18 16 16 17 
N 7 9 1 ~ 
M 15 14 13 
MV 2 ? Ss 
} . 0.6 0.75 
ld-Work, % 40 60 40 33 25 
\ Pp 150,000 180,000 145,000 183,000 176,000 
rs. P 200,000 195,000 185,000 207,000 205,000 
Klong 10 3 5 13 11.5 
*A commercial Cr-Mn stainless steel produced during World War I] 
Es ; Table VI 
Tensile Properties of a Hot-Cold Worked Cr-Mn-Si-N Steel 
> ee aeeneneas 
Nominal Composition Condition Y.S. Psi T.S. Psi Flong. “% 
8 14 Cr-14 Mn-2 Si-44 N Solution 70,700 134,000 62 


Quenched 
Hot-Cold 
Worked 15% 145,500 174,250 9) 
Hot-Cold 

Worked 25% 


161,500 184,000 
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As shown in Table V, combinations of high tensile st 
and good residual ductility were obtained at relatively low a) 
of cold reduction. Representative values of commercial s\ 
steels, including a Cr-Mn steel (CM) produced during Wor \ 
Il, are shown for comparison. Increased yield and tensile st 
of these steels also results when they are hot-cold worked as show; 


in Table VI for a 14 Cr-14 Mn-2 Si-% N alloy. 


PSS 


WELDING CHARACTERISTICS 
A detailed study of the welding characteristics of high nitroge 
(r-Mn steels is currently being undertaken. Preliminary results j; 
dicate that sound fusion welds can be produced provided certai 
precautions are taken. Welds made by the metallic are with coated 
electrode process exhibited good fusion, nonporosity, and adequat 


juate 
mechanical properties. The short time at temperature and rapid 
freezing associated with this process probably aids in preventing 
nitrogen evolution by the solidifying metal. 

Welds fabricated by the inert gas, shielded are process wit! 
argon as the shield gas were highly porous. However, the emplo. 
ment of nitrogen or mixtures of nitrogen and argon as a protectiv: 
atmosphere allowed consistent production of sound nonporous 
welded joints. 


OXIDATION RESISTANCE 

Oxidation tests of Cr-Mn-N steels, including several comme: 
cial stainless steels for comparative purposes were conducted 
still air on carefully prepared strip material measuring approxi 
mately 0.060 inch X1 inch X2 inch. After exposure for 100 hours at 
a given temperature the strips were wire brushed, cathodicall 
descaled, and weighed, according to the method of Brasunas et a! 
(9), 

Although the test results must be regarded as qualitative in 
nature since the humidity was not precisely controlled, certain con- 
clusions may be drawn. The chromium level, as in commercial 
stainless steels, is of paramount importance in establishing the 
overall level of oxidation resistance. Those Cr-Mn-N steels having 
16% or more chromium were roughly equivalent in scaling resist- 
ance to AISI 18-8 or AISI 430 type stainless up to 1700°F. For 
intermittent service, i.e., cyclic heating and cooling, an upper limit 
of 1600°F would seem to be the maximum operating service tem- 
perature. 


SUMMARY 


Very high nitrogen Cr-Mn austenitic steels have been pre- 
pared using special pressure-melting and -casting techniques. With 
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| of nitrogen-bearing ferroalloys as charging materials and 
ernal pressure of several atmospheres nitri gen gas, sound in- 
vere cast containing about one-half weight percent nitrogen 
d solution. 


[he elevated temperature properties of the base composition, 


16 Cr-14 Mn-2 Mo-% N, and several of its modifications, were 
found to be equivalent to those of the commercial alloy 16-25-6, in 
ia mperature range of 1200-1400°F. The hot strength and satis 
factory ductility of these alloys plus the retention of an austenitic 


itrix at elevated temperatures can be attributed. in large measure. 
the unusually high nitrogen content. 

Che alloying elements wolfram, silicon. niobium, vanadium. 
ind nickel, were qualitatively appraised for their effect on the 
creep-rupture strength of Cr-Mn-N steels. None of these elements 
was found to be superior to molybdenum. While several percent 
kel appears to be beneficial in stabilizing the austenitic matrix 
it higher temperatures, its presence severely decrease 
solid solubility. 


Tii¢ 
bk 


‘s the nitro gen 


The room temperature tensile properties of nickel-free high 
nitrogen austenitic steels are characterized by vield, tensile. and 
ductility values generally superior to those of commercia] austenitic 
stainless steels. In the cold-worked state. these alloys possess both 
high tensile strength and good residual ductility. 

he oxidation resistance of Cr-Mn-N steels appears to be com- 
parable to those of commercial stainless steels 


of the same chro- 
mium content. 


Exploratory studies indicate that conventional welding tech- 
niques are applicable. A possible exception is the inert gas, shielded 
arc process wherein nitrogen or mixtures of nitrogen and argon 


mr} 


lust be substituted for the usual inert gas. 
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DISCUSSION 
Written Discussion: By Martin Fleischmann, Metallurgical Eng 
Timken Roller Bearing Company, Canton. 



















The authors deserve our thanks for this thought provoking paper. Ey 
who is concerned with austenitic steels for high temperature service k 
importance of developing economic materials of low strategic alloy 
capable of high load carrying characteristics. 

The pressure melting and casting technique described in the paper 
our attention. It indicates a new approach to a problem. An approach f: 
opposite direction compared to vacuum melting and casting of high temp: 
alloys which, in recent years, created considerable interest. 

In laboratory furnaces the authors were successful to produce a base c 
tion of 16Cr-14Mn-2Mo-!4N which exhibited high temperature properties app: 
imately equivalent to the commercial 16-25-6 alloy. The elimination of all 
as an alloying element, replacing it with manganese and increased 
content, was accomplished, employing a pressure melting and casting tec] 

We, at Timken, have worked on the problem of lowering the strategi: 


content of the 16-25-6 composition for a number of years. A paper pres 




























before the midwinter meeting of the Society in 1954 dealt with the substi 
of manganese for nickel in the 16-25-6 alloy. By replacing 10°% of the nickel \ 
6°% of manganese a new modification of this alloy was produced which exhil 
essentially the same high temperature properties as the original 16-25-6 mater 
with improved ductility. By lowering the nickel content, the nitrogen could 
increased to 0.20°% from a 0.15% average composition specified for the sta: 
16-25-6 alloy. 

In the meantime, we have learned to further increase the nitrogen cont 
the modified 16-15-6 alloy to about 0.30/0.40°%) without resorting to press 
casting resulting in a material which does not require cold working to obt 
hardness levels of 250 to 300 Brinell in the as-rolled or forged condition, a 
which may be precipitation hardened to a marked degree. 

Written Discussion: By H. E. McCune and R. A. Lula, Research Labo 
tory, Allegheny Ludlum Steel Corporation, Brackenridge, Pa. 

he authors have brought a valuable contribution to the knowledg: 
high temperature properties of austenitic chromium-manganese steels wit! 
nitrogen which might open the possibilities for the development of new econo: 
high temperature alloys. The strengthening effect of nitrogen extends also to 
temperature tensile properties. We have studied this effect in the laboratory 
3 to 60-pound induction and arc furnace heats of straight chromium-mans 
steels with up to 0.70% nitrogen. The nitrogen was added as high nit 
ferrochrome, and no special atmosphere was used. 

The plot in Fig. 4 illustrates the influence of nitrogen on the strength a 
elongation of the material annealed at 1900 to 2000°F. The maximum str 





0.08-0.12C, 15.00-16.00 Mn, 16,.00-17.00 Cr 
Annealing Temperature |I9O00°F -2000°F 

A - Tensile Strength 

Oo - Yield Strength at 0.2% Offset 

o- % Elongation in 


+ 


2 Inches 


cr 


ru fry A ree 


| 
0.10 | 0.50 | 


0.20 0.40 0.60 


meervi wri a BE 


% Nitrogen 
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Fig. 6—Oxidation Rates of Types 16-14-1, 17-16-2, and 430 


attained at about 0.50% nitrogen. The elongation decreases continuously uy 
0.50% nitrogen, and then it remains more or less constant. The tensile propert 
are seriously affected by the annealing temperature as shown in Fig. 5. Wit! 
1600 to 1700°F anneal the tensile strength and especially the yield strength 
considerably higher than with the 1800 to 2000°F anneal. A lower elongatio 
corresponds to the higher strengths. The compressive 0.2% offset yield stre: 

in the longitudinal direction of a high nitrogen austenitic chromium-manganes' 
steel with a 0.67% nitrogen is 116,000 psi after a 1700°F anneal and 91,000 ps 
after a 1900°F anneal. 

A comparison of the properties of annealed chromium-manganese steel wit! 
the properties of cold-rolled AISI Type 301 shows that the longitudinal tensil 
the chromium-manganese steel with a high temperature anneal are equivalent 
quarter hard Type 301, and with a low temperature anneal the tensiles are equi\ 
alent to half hard Type 301. Based on compressive strength, the chromiu: 
manganese high nitrogen steel is equivalent to full hard Type 301 since the long 
tudinal compressive yield strength of full hard Type 301 is 90,000 psi. Thes 
results point out some very interesting mechanical properties of the chrom 
manganese high nitrogen steel for structural applications. 

Oxidation tests using the weight gained method carried out in our laborator) 


show a lower resistance to oxidation than the data obtained by the authors. fig. 6 


shows the weight gain versus temperature of two chromium-manganese ste« 
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\bove 1400°F the resistance to oxidation of the chromium-manganese 
lower than the chromium steel indicating that high manganese impairs 
ition properties of these steels. 
Written Discussion: By Edward A. Loria, staff metallurgist, Crucible Steel 
( vy of America, Pittsburgh. 
e development of high nitrogen austenitic steels is an important one. This 
es 1n direc tly with the Lec hnical note on cast steels? which the authors 
ce tly presented, and the writer will direct some questions pe rtaining to 
First, have the authors extended their work beyond the 12 to 20-pound ingot 
\Vhat final sheet gage was achieved in the cold rolling of alloys 153 and 155? 
\ ymmments on the rate of work hardening on rolling any of the steels would 
hwhile. W hat stress rupture properties were obtained on welded sheet and 
these values compare with those obtained on the unwelded steels? Was it 
le to weld the phosphorus bearing steels? 


lhe writer has been associated with the development of Crucible CMN which 


eh C-Cr-Mn-N austenitic steel that has good elevated temperature prop 

Its nominal chemical composition is 0.65 C, 12.0 Mn, 25.0 Cr, 0.40 N. The 

ind chromium contents are higher than the subject alloys but, neverthe 

nl teel has been utilized principally in sheet form. Furnace rider sheet, 

3) x 96 x 0.037 inches thick with an annealed hardness of Rockwell C-25 to 30 
00°F for 4 minutes) is being produced commercially. CMN has a high hardness 
is-cast or hot-rolled condition which may possibly be explained by a rapid 
iction that cannot be suppressed. What were the hardness values for the 

r's steels at different stages of processing? Their comment that improved 
vated temperature properties could not be realized with aging treatments o1 

y hot-cold working is noteworthy. Despite its high initial hardness, stress rupture 
lts showed that the strength of CMN increased with increasing stabilization 


mperature and decreased with longer time at the solution temperature. 


Authors’ Reply 


lhe authors of this paper are deeply indebted to those who have made both 

ten and oral contributions. We are especially grateful for the high caliber and 
tructive nature of the comments made. 

(he beneficial properties which nitrogen confers on elevated temperature 
loys has been quickly recognized by the metallurgists of the Timken Roller 
Bearing Company and put to good use in their high nitrogen modified 16-15-6 
illoy. All of us look forward to hearing more about this new precipitation harden 

g, low strategic index alloy. 

he data presented by Messrs. McCune and Lula are most welcome to the 
growing knowledge of nitrogen as a major alloying element in austenitic steels 
t is certainly agreed that the room temperature properties of high nitrogen steels 
equally as interesting as those at elevated temperatures. 
the relatively low ductility values of the steels reported by McCune and 
is apparently due to the fact that they used sheet specimens while we 
employed 44-inch diameter round tensile bars. The lowest ductility obtained in 
olution quenched Cr-Mn-N steel was about 50% elongation. The decreased 


F. Carlson and V. F. Zackay, ‘‘High Nitrogen Cast Austenitic Steels,"" Journal of Metals 
October 1955, p. 1112. 


\ Loria, ‘‘New Stainless Steels Qualify for High-Temperature Service: Part 2—Nickel- 
rade,’’ Iron Age, Vol. 176, October 1955, p. 65. 
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ductility of this steel is probably due to the rather high carbon cont 
eighteen points. All other steels tested possessed more than 60°) elonga 
regard this retention of excellent ductility with increased tensile and yield 
as one of the outstanding characteristics of high nitrogen steels, 
containing 40 to 80 points of nitrogen. 

lhe interesting comments made by Messrs. McCune and Lula with ; 
to the potential use of high nitrogen Cr-Mn alloys for structural app 
deserves much attention. In this regard, the atmospheric corrosion and 
temperature oxidation resistance are of importance. A re-examination of 
gathered by the authors reveals, as McCune and Lula rightly point out: 
oxidation resistance of Cr-Mn-Mo-N steels is definitely inferior to either 
chromium or to the nickel-containing austenitic steels of the same ch; 
content. A considerable improvement in oxidation resistance of Cr-Mn-N 
was noted in high silicon alloys. 

A few comments regarding pressure melting and casting are in order. S 
the submission of this paper considerable effort has been devoted to devel 
of techniques designed to add nitrogen at high levels without the us 
atmospheric pressure. Several methods can now be recommended. 

Centrifugal casting was successfully used by the present authors i 
tion of Cr-Mn-Mo-N castings containing more than 70 points of nitrog: 

A process applicable to the production of large ingots of high nitrog 
is suggested by low carbon rimming steel practice. Gas holes formed duri 
solidification are not detrimental if they weld shut during hot rolling. An eco 
advantage of gassing ingots is the increased ingot-to-slab yield. This proces 
especially suited to those steels containing elements which increase the acti 
hence the vapor pressure of nitrogen in liquid steel. Molybdenum above 3 
nickel above 2%, and silicon at any level, are a few of the elements acting i: 
manner. Pressure melting and casting was used in this investigation primarily { 
alloys containing these elements. Most of the alloys made did not require pri 
melting and casting to produce sound ingots. 

Lastly, the excellent high temperature strength of the boron-contai 
chromium-manganese steels shown by Mr. Dyrkacz of Allegheny-Ludlum is m 
encouraging. Apparently iron-base “superalloys’’ have finally arrived. It 
humble opinion that further work of this caliber promises to significantly alte: 
economics of refractory metals and of course to ensure their more widesprea 
utilization. 

Dr. Loria’s interesting comments on the properties of Crucible CMN 
nickel-free austenitic, and the subject high nitrogen alloys are very much aj 
preciated. The authors, in cooperation with the Allegheny-Ludlum Steel Corp 
have made heats of 1000 Ibs. of the Cr-Mn-Mo-N alloys. The U. S. Steel Co. ha 
made ingots of the Cr-Mn-N type as large as 30 tons. The final sheet thickn 
of alloys 153 and 155 was about 0.050 inches. These alloys were cold-rolled to t! 
final thickness from 0.100 inches. The last reductions were of the order of 5' 
As other investigators have observed, alloys of this type work-harden at a rat 
intermediate between that of austenitic stainless steels AISI Types 301 and 302 
No elevated temperature stress-rupture properties were obtained on welded sheet 

The element phosphorus functions as a precipitation-hardening agent onl) 
the presence of high carbon.‘ Since all the subject alloys were low carbor 


‘}. K. Y. Hum and N. J. Grant, “Austenite Stability and Creep-Rupture Properties 
Stainless Steels,"" TRANSACTIONS, American Society for Metals, Vol. 45, 1953, p. 105. 
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was derived from the addition of phosphorus as an alloying element. By 
.e token, no increase in hardness or stress rupture life was observed with 
heat treatments since the relatively low carbon content does not allow 
sive chromium carbide precipitation. Chromium nitrides are not effectiv: 
tation-hardening compounds. The addition of vanadium does initiate pre 
on of vanadium nitrides, thereby making the high nitrogen alloys amenabl 


it treatment. 
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ROLLING TEXTURES IN TANTALUM 


By J. W. PuGH AND W. R. HIBBARD, JR. 


Abstract 


Cold-rolled and recrystallized textures of tantalum a 
presented as pole figures. Pole figures for cold-rolled me 
were interpreted in terms of the ‘‘ideal’’ orientations | // 
<O/1>, {100} <O/1>, and {711} <1/2>. Similari 
with other body-centered cubic textures was observed, but t) 
existence of discrete orientations near the \//2{ <O// 
unusual. Analysts by means of the Pickus-Mathewson « 
terton indicates that slip takes place on the \//0} plane 
Inter pretation of the recrystallized texture has been made i) 
terms of a single ortentation, {7/7} <//2>. The usua 
split {100} <0O/1>+J/5° orientation was not observed. | 
ts suggested that the dominant recrystallization mechanisn 
for tantalum 1s that of growth selectivity. (ASM-SLA Clas 
sification: O24, Ta) 


INTRODUCTION 

HE earliest work on the sheet textures of body-centered 

metals was concerned with iron and steel. The cold-rolled te) 
ture was found to be primarily {100} <011> with a deviati 
from this position chiefly about the rolling direction as an axis (1 
Textures in mild steel have been shown to have orientations whi 
are rotated up to about 55 degrees about the rolling direction fro 
the ideal {100} <011> orientation (2). There is evidence that tl 


range of deviation decreases with increasing amounts of cold rolling 


(3). Kurdjumow and Sachs have published pole figures of col 
rolled iron which are described in terms of ideal orientations }112 
<011> and {111} <112>, as well as {100} <011> (4). Pole! 


ures for iron containing 4.6% silicon have been published which ar 


almost identical to those of Kurdjumow and Sachs (5). However 
increasing carbon content has been shown to cause an increasil 
randomness of the texture (6). 

Kurdjumow and Sachs have also analyzed the recrystallize 
texture of iron and steel (4). In this case, the texture can be d 
scribed in terms of two orientations. These are {111} <112> a! 
‘100! <011> +15 degrees of rotation about the normal to the rol! 


iThe figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Seventh Annual Convention 
Society, held in Philadelphia, October 17-21, 1955. The authors, J. W. P 
and W. R. Hibbard, Jr., are associated with the Metallurgy and Cer 
Research Department, General Electric Co., Schenectady. Manuscript re‘ 
June 9, 1955. 
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ine. Recrystallized textures reported for iron-silicon allovs are 
onsistent. They have been found to be similar to those for 
5) and, in another case, to be describable in terms of the {110} 
| orientation (7).? 

[he cold-rolled texture tor molybdenum is very similar to that 
mn. The principal orientation is again the {100} <011> with 
ilar spread about the rolling direction (8). The recrystallized 
ire 1S reported to be identical to the cold-rolled texture, except 
t less spread about the {100} <011> orientation is observed. 
Vanadium appears to have a cold-rolled texture like iron also, 
has been described in terms of the orientations {100} <011 


1) 
Ld 


011>,and {111} <112> or bya +55-degree spread about 


1 
| 
i 


e {100} <011> (9). Pole figures made for recrystallized vanadium 
ilso very similar to the recrystallized pole figures of iron. They 
represent a texture which is described as centered about the orien- 

tion $111} <112> and the orientation {100} <011> rotated 
+15 degrees about the normal to the rolling plane. 


lhe texture of another body-centered cubic metal, chromium, 

is been investigated recently (10). The cold-rolled texture is re- 

ported to be mainly {100} <011> with some evidence of the {111} 

112> orientation. A determination for recrystallized chromium 
sheet indicated no preferred orientation. 

Zirconium-niobium alloys containing 18° niobium are body- 
centered cubic. A recent analysis of the rolling textures of such an 
illoy indicates that both the cold-rolled and recrystallized textures 
ire comparable to those of iron (11). In this case, the cold-rolled 
texture was described as the {100} <011> orientation with +47- 
degree spread about the rolling direction. Recrystallized textures 
were said to consist of two {100} <011> orientations displaced 
+23 to 26 degrees from the rolling direction about a normal to the 
olling plane as an anis of rotation. 

It is apparent that the textures of body-centered cubic metals 
ire strikingly similar. Cold-rolled textures are consistent and can 
usually be described by the {100} <011> orientation with a large 
spread (40 to 60 degrees) about the rolling direction in the plane of 
the sheet. Much smaller spreads are observed around the cross di- 
rection as an axis. Alternate descriptions of this texture can be made 
based on the three ‘‘ideal’’ orientations {100} <011>, {112! 

O11>,and {111} <112>. For recrystallized body-centered cubic 

etals the most frequent components reported are the {111} 
112> orientation and a split {100} <011>, each component of 
ch is rotated (15 to 25 degrees) from the rolling direction about 
pole of the rolling plane. 


s likely that the difference is due to obtaining primary recrystallization in the first case 
ndary recrystallization in the latter 
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EXPERIMENTAL PROCEDURE 


Tantalum was received as 95% reduced cold-rolled stri 
the Fansteel Metallurgical Corporation. Fig. 1 is a photomicr 


of the as-received metal. A series of annealing treatments 
subjected the tantalum to various temperatures for 44-hour p 
were applied. The hardness measurements and the metallog: 


examination of these samples indicated that recrystallization 


Fig. 1—Tantalum Cold-Rolled 95%, 250. 


be expected to take place between 1830 and 2550°F. Fig. 2 shows 
hardness plotted as a function of annealing temperature. Strip 
which had been recrystallized at 0.010-inch thick was further cold 
rolled 95% to 0.0005-inch thick in a Sendzimir rolling mill. X-ra’ 
diffraction samples were cut from this strip and annealed at 2010, 
2190, 2370, 2550, and 4530°F. Attempts to polish and etch this very 
thin strip for metallographic comparison with the thicker strip wer 
unsuccessful. Figs. 3 to 7 are photomicrographs of the thicker strip 
which had the same annealing treatments as were used for the X-ra\ 
diffraction specimens. 


Chemical analysis for this material is as follows: 


Element Weight Per Cent Present 
oxygen 0.0056 

nitrogen 0.013 

niobium 0.10 

tungsten 0.01 

iron 0.015 

carbon 0.02 
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Fig. 2—Effect of Annealing Temperature On The Hardness of 


Cold-Rolled Tantalum. 
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Tantalum Cold-Rolled 95% —Annealed at 1100°C (2010°F) For 30 Minutes, 


4—Tantalum Cold-Rolled 95% —Annealed at 1200°C (2190°F) For 30 Minutes, 


Pole figures were made by a technique devised by Geisler (12). 
nvolved the use of an integrating pole figure goniometer which 
permits the continuous rotation about a perpendicular to the sheet 
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Fig. 5—Tantalum Cold-Rolled 95% Annealed at 1300°¢ 2370°F) For 30 M 
<250 

Fig. 6—Tantalum Cold-Rolled 95% Annealed at 1400°C (2550°F) For 30 M 
<250 

Fig. 7—Tantalum Cold-Rolled 95% Annealed at 2500°C (4530°F) For 30 M 
~<250 


as an axis (8 angles) and a 5-degree incremental rotation about 
direction parallel to the plane of the sheet (a angles). The specim 
was raised and lowered a distance of one inch at a rate of one cy 
per second so that a large area could be covered by the incic 
X-rays. Diffracted X-rays were detected by a stationary Geige! 
counter detector mounted at the appropriate 20 angle. Intensities 
were calibrated by comparison with diffraction from a random sam 
ple. The effect of a changing a angle on the absorption fact: 
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Fig. 8—110 Pole Figure For Cold-Rolled Tantalum 


was compensated for by calibrated resistances in the pick-up circuit. 
Intensity data were recorded autographically on a chart recorder 
and on an automatic pole figure recorder (12). 

Molybdenum Ka radiation was used with a zirconium filter. 
\ 3-degree slit in the XRD-3 spectrogoniometer was used so that 
the total exposed area on the specimen was 0.3 square inches. Ro- 
tation of the specimen beyond an a angle of 55 degrees was not 
possible because of the interference of the specimen holder. This 
limitation is indicated in the pole figures published here by a dotted 
circle. 

Spurious intensities which resulted from white radiation were 
identified in two ways. The first was to take new data in question- 
able areas using an auxiliary strontium filter to remove Ka and 
making a comparison with the original data. The second technique 
was to compare the results obtained by diminishing the spectro- 
eoniometer slit to 1 degree. 


RESULTS 
The cold-rolled texture of tantalum is revealed in the 110 pole 
gure of Fig. 8 and the 200 pole figure of Fig. 9. These pole figures 
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Fig. 9—200 Pole Figure For Cold-Rolled Tantalum 


may be observed to be similar to those already published for othe: 
body-centered cubic metals. This texture can be interpreted it 
terms of the orientations {100} <011>, {112} <011>, and }111 

<112>. The last two are double textures which are disposed to 
cause symmetry in the cross direction and the rolling direction re 
spectively. The intensity peaks associated with {112} <011> ar 
not all centered precisely on this orientation. The component having 
the highest intensity in the contour plot of Fig. 8 is displaced about 
12 degrees from {112} and it corresponds approximately to th 
orientation {223} <011>. Description of the cold-rolled texture in 
terms of a single spread about the rolling direction as an axis is not 
satisfactory in this case in view of the discrete intensity peaks asso 
ciated with these other orientations. 

Fig. 10 is the 110 pole figure of the sheet annealed at 2010"! 
The intensity spread is somewhat diminished and the primary tex 
ture is now definitely near the {223} <011> orientation. Fig. 11, 
the pole figure of the 2190°F annealed sheet, shows what may b 
described as the effect of recrystallization on the texture. The in 
tensity peak at {223} <011> has disappeared and a new one ap 
pears at approximately the orientation {115} <011>. In the san 
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Fig. 10—110 Pole Figure For Cold-Rolled Tantalum After 
Annealing at 1100°C (2010°F). 


ple annealed at 2370°F, Fig. 12, the component near {115} <011> 
in Fig. 11 is less in evidence, otherwise there is little difference be- 
tween the two pole figures. 

Figs. 2 and 6 both indicate that full recrystallization has been 
reached at 2550°F. Fig. 13 is the 110 pole figure and Fig. 14 is the 
200 pole figure for sheet specimens having this treatment. They are 
in good agreement and show the existence of a texture attributable 
only to the {111} <112> orientation. Fig. 15 is the 110 pole figure 
of the 4530°F treated sheet. This texture is like that of Figs. 13 
and 14 except that it is considerably sharper. 


DISCUSSION 


The cold-rolled texture of tantalum is similar to those pub- 
lished for other body-centered cubic metals. It is not, however, 
satisfactory to describe this texture entirely as a spread of the {100} 

011> orientation, because there are evidences of other discrete 
orientations. 

Two sets of ‘‘ideal’’ orientations have been proposed for body- 
centered cubic metals. The first are the {100} <O11>, {112} 
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Fig. 11—110 Pole Figure For Cold-Rolled Tantalum After 
Annealing at 1200°C (2190°F). 


<011>, and {111} <112>. These have frequently been used to 
describe various body-centered cubic metal textures and have bee: 
reported as the stable end orientations of rolled single crystals (13 
The other set which consists of {100} <011>, {111} <112>, and 
{111} <011> were proposed as stable orientations by Hibbard and 
Yen (14). They are based on calculations which assume that th 
body-centered cubic slip system is {110} <111>. They considered 
the {100} <011> orientation the most favorable because th 
<111> active slip directions lie in the plane containing the rolling 
direction and perpendicular to the rolling plane. Such an orientation 
would preclude transverse spread. It is less important that this 
plane be perpendicular to the rolling plane when the active <111 
slip directions are symmetrically disposed, as they are for the pol 
figures of this investigation. 

New calculations were made using the Pickus and Mathewson 
(15) criterion that the product cos x cos A cos ¢ is a maximum fo! 
the most stable end orientations. The angles are defined as follows 
x is the angle between the stress axis and the pole of the operating 
slip plane, A is the angle between the stress axis and the slip dire’ 
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Fig. 12—110 Pole Figure For Cold-Rolled Tantalum After 
Annealing at 1300°C (2370°F). 


tion, and @ is the angle between the operating slip direction and the 
flow direction. The normal to the rolling plane is considered the 
stress axis and the rolling direction is the flow direction. Table | 


Table I 
110 Slip Plane 112 Slip Plane 123 Slip Plane 
Cos Cos Cos 
Orientation Xx @ Prod. x r @ Prod. x ® Prod. 
112 O11 30 60 35 0.36 33. 60 35) 0.34 29 60 35 0.36 
100 011 45 54 35 0.34 35 54 35 0.40 37 «54 35 0.39 
111 112 So vo © @25 19 70 19 0.29 22 70 19 0.30 
111 O11 35 70 35 0.23 19 7O 35 0.26 22 70 35 0.26 


contains the results of these calculations. For {110}-type slip, the 
stable end orientations are in order of stability {112} <011>, 
100}; <O11>, {111} <112>, and {111} <011>. If {112}-type 
slip is postulated, the order is {100} <0O11>, {112} <O11>, {111} 

112>, and {111} <011>. For {123}-type slip, the order is the 
same as for {112}. These results indicate the importance of the 
choice of slip plane and suggest a method for selecting a slip system 
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Fig. 13—110 Pole Figure For Cold-Rolled Tantalum Aftet 
Annealing at 1400°¢ 2550°F) 





for body-centered cubic metals consistent with the Pickus-Mathew 

son criterion. The application of this suggestion to the tantalum 

data of this investigation implies that the {110}-type slip plane is 

operative. Furthermore, such metals as iron (1), molybdenum (8), 

vanadium (9), and chromium (10), which have a predominant | 100 
011> rolling texture, ought to have {112}-type slip. 

Annealing appears to have caused (a) a sharpening of the tex 
ture near {112} <011> during recovery, (b) a strengthening of the 
{111} <112> texture during recrystallization, (c) a monopoly of 
the texture by the single orientation {111} <112> after recrystalli 
zation, and finally (d) a sharpening of the {111} <112> texture 
after grain growth. This sequence suggests that recrystallization 
takes place in tantalum by a growth selectivity mechanism. The 
{111} <112> orientation which was present in the cold-rolled 
metal appears to have grown at the expense of other orientations 

The crystallographic relationship between deformation orienta 
tion and recrystallized orientations for certain face-centered cubi 
metals has been shown to involve a rotation about a pole of the 
active slip plane as an axis (17,18). In addition, it has been re 
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Fie. 14—200 Pole Figure For Cold-Rolled Tantalum After Annealing at 1400°C 
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Fig. 15—110 Pole Figure For Cold-Rolled Tantalum After Annealing at 2500°C 
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ported that the deformation itself seems to produce rotati: 
the active slip plane normal (19). This suggests that in th 
the deformation process itself may control the orientation | 


SS 


the recrystallization mechanism is one of oriented nucleati: 

For the orientation changes which appear to take p | 
tantalum, that is, {112} <011> to {111} <112> an VC) 
<011> to {111} <112>, simple rotation about a pole of a: 
slip plane has not occurred. It must be concluded, therefore, ¢ 
conception of oriented nucleation which depends on a rotatioy 
deviation about the pole of an active slip plane does not apply 
the recrystallization of tantalum. 

It is interesting to observe that there is apparently a fun 
mental difference between the recrystallization of tantalum, as 
scribed here, and that of silicon-iron. In tantalum the {111! <11? 
component does not recrystallize to {110} <O0O1>, as in silico; 
iron, but remains “‘in situ.’’ This suggests that the predominat 
mechanism in the two cases is different. It may be, for examp\ 
that the recrystallization of tantalum is a matter of growth sele 
tivity, while the recrystallization of silicon-iron may, on the othe 
hand, involve oriented nucleation. 


SUMMARY 


Tantalum has been shown to develop a rolling texture whic! 
is predominately {112} <011> and contains the components 
{100} <011> and {111} <112>.QOn annealing, the {112} <011 
and {100} <011> orientations disappear and after recrystalliza 
tion the {111} <112> remains as the single orientation in the tes 
ture. Annealing at very high temperatures produces a very shar 
/111} <112> texture. 

These results, when analyzed on the basis of existing theories 
indicate that slip and flow take place on 110 planes in the 11! 
direction in tantalum and that growth selectivity is the preponde 
ant factor during recrystallization. 
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THE INITIATION OF DISCONTINUOUS 
YIELDING IN DUCTILE MOLYBDENUM 


By J]. A. HENDRIcKsoN, D. S. Woop, AND D. S. CLar: 


Abstract 


This paper presents the results of an experimental in 
vestigation of the inttiation of yielding in fine-grained duc 
tile molybdenum under rapidly applied constant stress. Two 
lots of material, one produced by arc-casting and the othe 
by powder metallurgy methods were investigated. The ex 
periments were conducted at temperatures of —74°} 
(—59°C), +76°F (24°C), and +200°F (93°C). 

The results show that fine-grained ductile molybdenum 
exhibits the phenomenon of delayed yielding as well as a 
distinct yield point in the static stress-strain relation. The 
dependence of the delay time for yielding upon stress and 
temperature 1s found to be similar to that exhibited in low 
carbon steel. These results, together with others obtained in 
this investigation, indicate that the mechanism of the initia- 
tion of yielding in ductile molybdenum 1s substantially the 
same as for annealed low carbon steel. This lends further 
support to the dislocation theory of yield point phenomena 
based upon the concept of the anchoring of dislocations in 
body-centered cubic metals by interstitial solute atoms. 
(ASM-SLA Classification: 023, Mo) 


HE investigation of delayed yielding has been in progress foi 

several years at California Institute of Technology. The tech 
nique involves the application of a constant tensile stress to a speci- 
men while deformation is measured as a function of time. The stress 
is increased from zero to its final value in a continuous manner 
within a total time of from 5 to 10 millisec. The stress is then held 
constant for the remainder of the test. 

Rapid loading tests of this type have been made previously on 
annealed low carbon steel (1,2,3).1. The results showed that a well 
defined period of time was required for the initiation of plastic de- 
formation at stresses exceeding the static upper yield stress. This 
observed period of time has been defined as the “delay time for 
vielding.”’ 

The delay time for a given material depends upon the tem 





1The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Seventh Annual Convention of the Soct- 
ety, held in Philadelphia, October 17-21, 1955. Of the authors, J. A. Hendrickson 
is research assistant, D. S. Wood is assistant professor of mechanical engineering, 
and D. S. Clark is professor of mechanical engineering, California Institute 0! 
Technology, Pasadena, Calif. Manuscript received April 8, 1955. 
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ure of the material and the applied stress. For mild steel it is 
et | that at any given temperature, the relation between the 
logarithm of the delay time and the applied stress may be repre- 
sented by a straight line along which the logarithm of the delay 
‘me decreases as the stress is increased to values above the static 
upper yield stress. The logarithm of the delay time at a constant 
stress level is found to vary approximately as the inverse of the 
absolute temperature. 

Delayed yielding has been shown previously to exist in single 
crystals of the body-centered cubic metal, beta brass, as well as in 
mild steel (4). There has not been any evidence of delayed yielding 
in single crystals of the face-centered cubic metals, alpha brass and 
iluminum (4). 

A very small amount of inelastic strain has been found to oc- 
cur in rapid load tests on annealed mild steel during the period of 
delay before yielding (5, 6). The rate at which this inelastic micro- 
strain develops is greatest at the beginning of constant load and 
decreases until a microstrain of about 30X10~* in./in. is present. 
\fter the strain has reached a value of this order of magnitude, 
vielding occurs. Such microstrains also occur when the test stress is 
less than the static upper yield stress but greater than about one- 
half that value. When stresses in this range are applied the micro- 
strain increases with time and asymptotically approaches an equi- 
librium value which is a function of the applied stress and test 
temperature. 

A theoretical model of a yield nucleus has been proposed (6,7), 
which is capable of quantitatively describing the experimental ob- 
servations of delayed yielding and pre-yield inelastic microstrain in 
terms of the generation and motion of dislocations. This model is 
based upon the concept of the thermally activated release of dis- 

: locations from carbon and nitrogen ‘‘atmospheres’’ as proposed by 
Cottrell and Bilby, (8), the Frank-Read dislocation source (9), and 
the obstruction of dislocation motion by grain boundaries proposed 
by Cottrell (10). 

Carbon and nitrogen atoms in interstitial solid solution are be- 
lieved to produce a shear distortion as well as a simple volume 
expansion of the body-centered cubic iron lattice. For this reason 
these atoms are capable of forming relatively tightly bound ‘‘atmos- 
pheres’’ around screw dislocations (11,12), as well as edge disloca- 
tions in iron and steel, and thus give rise to the yield point phe- 
nomena. On the other hand solute atoms are not expected to produce 
appreciable shear distortions in face-centered cubic lattices, and 
hence will not form tightly bound ‘‘atmospheres”’ around screw dis- 
locations. This then explains the fact that marked yield point phe- 

nomena are not observed in the face-centered cubic metals. 
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These theoretical considerations thus indicate that t 
nomenon of delayed yielding should always be found for n 
that have the body-centered cubic crystal structure and that 
distinct upper and lower yield points in their static stress-st; 
lations. Therefore, it is of some interest to determine whet] 
terials of the body-centered cubic type, other than iron al 
brass, exhibit delayed yielding and the associated pre-yield in: 
microstrain effects. One such material is molybdenum. Becht: 
Scott (13) have shown that fine grained ductile molybdenu 
hibits distinct upper and lower yield points in its static stress 
relation. The purpose of this paper is to present the results of 
investigation to determine if molybdenum exhibits delayed yie! 
under rapidly applied loads, and to compare its behavior with t} 
of low carbon steel over suitable ranges of applied stress and te: 
c perature. 


i 


MATERIAL, TEST SPECIMENS AND TREATMENT 


The material used in this investigation is high purity mo 
denum, cold-worked and completely recrystallized to obtain a uw 
form, fine grain structure. The investigations were made on molyb 
denum produced by two different processes. One type of molybd 
num was produced by arc-casting and the other was produced 
powder metallurgy methods, hereafter referred to as sintered mo 

, lybdenum. 


The arc-cast molybdenum was supplied by the Climax Molyb 
denum Company and the sintered molybdenum was obtained fror 
the Westinghouse Electric Corporation. The analyses of these 1 
terials as provided by the suppliers are as follows: 


Climax (Arc-Cast) Westinghouse (Sinteré 

Heat No. 4-1050 Lot No. WNS-8000S 
Carbon 0.033% Carbon 0.006-0.007 
Oxygen 0.003%  (max.)* Oxygen 0.0019-0.0023 
Nitrogen 0.0002%% (max.)* Nitrogen 0.011-0.013 


*Based on actual analysis of other similar heats. 





The molybdenum was received in the form of 5s inch diamete: 
bar rolled at a temperature below the recrystallization temperatur 
Specimen lengths were cut from the bar stock, machined to approxi 
mate dimensions, and finish ground. 

The specimens were recrystallized in a purified dry hydroget 
atmosphere after finish grinding. The furnace schedule for the 
cast molybdenum specimens was as follows: 

1) heat to 2350°F at normal furnace rate under full power, 

2) hold at 2350°F for 1 hour, 

3) cool from 2350°F to room temperature at normal furnac 

rate with power off. 
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om 





ve As: 
Fig. 1—Structure of Arc-Cast and Sintered Molybdenum. (a) Arc-cast molybdenum 
Sintered molybdenum. 100. 


[he furnace schedule for the sintered molybdenum specimens was 
is follows: 

1) heat to 2100°F at normal furnace rate under full power, 

) hold at 2100°F for 1 hour, 
} cool from 2100°F to room temperature at normal furnace 
rate with power off. 

These recrystallization treatments are essentially the same as 
those which were found by Bechtold and Scott (13) to give com- 
pletely recrystallized uniform fine grain structures. The photomicro- 
graphs presented in Fig. 1 show that such structures are present in 
the specimens employed in the present investigation. 

Two types of specimens were used in this investigation. The 
design of the first type of specimen in which threads were used to 
transmit the applied force to the specimen is shown in Fig. 2. 
Specimens of this type are the same as those used in previous in- 
vestigations (1). The stress concentration caused by the threads in 
rapid-load tests on arc-cast molybdenum at stresses above 95,000 
psi produced fracture in the thread reliefs of the specimens. 
(he specimen design designated as type 2 and shown in Fig. 2, 
which eliminates the need for threads on the specimen, was used 
tor rapid-load tests at stresses above 95,000 psi on arc-cast molyb- 
enum and for all the tests on sintered molybdenum. Both types 
of specimens have a round gage section 0.300 inch in diameter and 
| inch in length. 
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Fig. 2—-Dimensions and Shape of Test Specimens 


TEST PROCEDURE 

The rapid load tests in this investigation were made by rapid 
but smoothly applying the load to the specimen within a period ol 
about 10 millisec, and maintaining the load constant thereafter unti! 
the test was terminated by yielding and/or fracture. This was a 
complished by use of a rapid-load tensile testing machine of special 
design, hydro-pneumatically operated, which has been described 
previously (1). 


The applied load and the extension of the specimen were ce 
termined as functions of time during the tests. Two means of de 
tecting the extension of the specimen during a test were used simu! 
taneously. Tensile strains were measured by means of two type 


A-5, SR-4 resistance sensitive wire strain gages bonded diametricall) 
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site to one another on the gage section of the specimens. Suit 
a electrical connections between the specimen gages and tem 
‘ure compensating dummy specimen gages completed the strain 

bridge circuits. A less sensitive measurement of strain, giving 

ver-all indication of the specimen deformation during a test was 
ined by means of two extensometers, diametrically opposite to 
another and attached to the specimen grips. The extensometers 
we the same ones previously used in work of this type (1). The load 
icting on the specimen was measured by means of a dynamometer, 
described previously (1), employing type AB-14, SR-4 strain gages. 

The signals from the extensometers, strain gages, and dyna 
nometer were recorded on photographic paper by a recording oscil 
lograph manufactured by the Consolidated Engineering Corpora- 
tion, Pasadena, California. This recording system provides a mini- 
num resolving time of 0.001 second. 

Che load acting on the specimen was determined within an es 
timated over-all accuracy of 4%. The output of the extensometer 
and strain gages was determined within an accuracy of about 5°%. 

lhe tests were conducted at temperatures of — 74°F (—59°C), 

76°F (24°C), and +200°F (93°C). The temperature of —74°F was 
ittained by bubbling liquid nitrogen at a controlled rate through a 
kerosene bath surrounding the specimen. The tests at +76°F were 
made without a thermostatic bath. The temperature of +200°F was 
attained by a bath of SAE 10 lubricating oil and a controlled electric 
immersion heater. The specimen temperatures were determined by 
means of copper-constantan thermocouples secured to the specimen 
cage section with electrician’s rubber tape, together with a Leeds 
and Northrup portable precision potentiometer. At — 74°F (— 59°C) 
the temperature variations along the gage length and from test to 
test were within +10°F. At the temperatures of 76 and 200°F (24 
and 93°C) these variations were within +1°F. 

The assembly of a specimen of type 2 with grips and hard rub- 
ber cup for the thermostatic baths is shown in Fig. 3. These grips 
employ toroidal seats which transmit the applied force to conical 
sections of the specimen. With this arrangement all fractures oc- 
curred within the gage section of the specimens, whereas specimens 
of type 1 fractured in the threads. These grips also incorporate hard 
rubber thermal insulation to reduce the heat flux between the speci- 
men and the testing machine to a reasonable value. 

The stresses at which the tests were made were chosen to ob- 
tain a reasonably uniform distribution of test points in the plots of 
delay-time versus stress within the time range from 10 millisec to 


| hour. The lower time limit was dictated by the stress rise time 


characteristic of the rapid-load testing machine. The long time limit 
was governed by patience and the ability to maintain a constan 


specimen temperature. 
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“ Hard Rubber 
C Toroidal Seat 
Y jard 
Fig. 3—Test Specimen and Grip Assembly. 
Static tension tests were performed for both arc-cast and sin 
rs tered molybdenum at temperatures of —74°F (—59°C), +76°! 
af (24°C), and +200°F (93°C). The static tension tests were mac 


the rapid-load machine, using the same grips and temperature co! 
trol arrangements as for rapid-load tests. The static tests were pe! 
formed by controlling the applied load with the various manual! 
operated valves associated with the machine in such a manner t! 

the load was applied in steps. A short length of record was take! 


‘ 
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Table I 
Results of Static Tests 
Arc-Cast Molybdenum 


{ pper Vield Lower Yield 

Stress Stress Yield Elongatior Specime 

10°lb/in.? 104]b/in . Number 
SOo°C ) 87.5 77 2.0 47 
89.0 77 1.8 16 
19(°) 40.4 38.5 0.30 1 
40,2 33 2.05 44 
QO 3° 20.0 20.0 0.40 »3 
16.5 16.5 0.30 24 


the oscillograph after the stress and the strain attained equilib 
values. This operation was performed after each load incre 
ment was applied. The maximum strain to which the specimens 
could be subjected was 5% since this was the maximum range of 
the extensometer. The total time for such a static test was approxi 
mately 1 hour. Two static tests were made for each temperature in 
vestigated for both sintered and arc-cast molybdenum. 


EXPERIMENTAL RESULTS 

(he values of upper yield stress, lower yield stress, and yield 
elongation obtained in the static tests at temperatures of 74°h 

59°C), +76°F (24°C), and +200°F (93°C) are given in Tables 
| and II for are-cast and sintered molybdenum respectively. Frac 
ture within the specimen gage length occurred in two of the four 
static tests performed at —74°F (—59°C), one in an arc-cast and 
the other in a sintered molybdenum specimen. These fractures took 
place at strains of 2.7 and 4.5% respectively, and appeared to be 
of the cleavage type. No other static test specimens fractured with 
in the 5% strain limit of the tests. 

Two typical oscillograph records of stress, strain in gage sec 
tion, and over-all specimen extension as functions of time during 
rapid-load tests are shown in Figs. 4 and 5. The manner in which 
the delay time for yielding is obtained from the extensometer trace 


Table Il 
Results of Static Tests 
Sintered Molybdenum 


Upper Yield Lower Yield 
Stress Stress Vield Elongation Specimen 
erature 104lb/in.? 10°lb/in.? q Number 
1°] 59°C) 84.8 74 1.10 026 
84.9 71.5 1.50 030 
24°C) 48.5 35 1.90 01 
46.2 40 1.90 028 
10°F (93°C) 34.8 30 0.90 029 


34.0 27.5 0.90 031 














































248 TRANSACTIONS OF THE ASM 








Delay Time= 


bd —— 0.57 sec.7—+* 
Stress=51 lOO psi 

















| | 


Inelastic} 





J | 
4 Extensometer 

















Fig. 4—Rapid Load Test Record for Arc-Cast Molybdenum 
200°F., Specimen 15 
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Fig. 5—Rapid Load Test Record for Sintered Molybdenum at 
706°F., ‘Specimen 013 
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is indicated on these records. The traces obtained from the Sk-4 
strain gages show the pre-yield plastic strains which occur in th 
two types of molybdenum tested. 
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Results of Rapid-Load Tests 
Sintered Molybdenum 


10 


Stress 
lb /in 
12.3 
70.5 
83.6 
87 1 
2 S 
96.0 
102.0 
104.0 


47.5 
50.2 
Sa.7 
58.6 
62.2 
69.0 
77.1 
86.5 
99.5 


34.9 
10.8 
44.5 
47.5 
§1.2 
59.1 
62.5 


Delav Time 


Ney 


4000 
SOO 
00 
120 
66 
40 
0.20 
0.01 


160 
&5 
330 
30 
16 
O.86 
0.20 
0.050 
0.020 


1100 
140 
18 
0.40 
1.3 
0 2? 
0.067 
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1 
1? 
44 


x0 
Ww 
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10 
1? 
16 


'h 


specimel 


Number 


O18 
O14 
O19 
O16 

09 
017 
O11 

OS 


010 
07 
04 
03 
012 
02 
06 
013 
OS 


020 
O23 
025 
O27 

024 
021 

O15 


The corresponding values of stress and delay time for yielding 


tained in the rapid-load tests are given in Tables II] and IV, and 
higs. 6 and 7, in which the experimental points of stress vs. 
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Fig. 6—Stress Versus Delay Time for Arc-Cast Molybdenum 
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Fig. 7—Stress Versus Delay Time for Sintered Molybdenum 


logarithm of the delay time for yielding are plotted. The averag 
trends of the experimental points of Figs. 6 and 7 are represented 
by straight lines. 

The type of fracture observed in the static tests at a tempera 
ture of —74°F (—59°C) occurred in four of the eight rapid-load 
tests performed on sintered molybdenum and in seven of the nin 
tests on arc-cast molybdenum at that temperature. Such fractures 
also occurred in one of the nine rapid-load tests on sintered molyb 
denum and in two of the nine tests on arc-cast, molybdenum at a 
temperature of +76°F (24°C). Undoubtedly, more such fractures 
would have been observed if the maximum specimen extension had 
not been limited to 5%. There were no fractures in any of the rapid- 
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Fig. 8—Preyield Plastic Strain Versus Time for Arc-Cast Molyb 
denum at 76°F, o and r Values Give the Constant Test Stress and Time 
Scale Multiplying Factor Respectively for Each Curve 
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Fig. 9—Preyield Plastic Strain Versus Time for Sintered Molyb 
denum at 76°F., o and r Values Give the Constant Test Stress and Time 
Scale Multiplying Factor Respectively for Each Curve 


load tests at a temperature of +200°F (93°C). Pre-yield plastic 
strain vs. time for a series of constant stresses applied to specimens 
of are-cast and sintered molybdenum at a temperature of +76°F 
24°C), are shown in Figs. 8 and 9. Similar results were obtained at 
the other two test temperatures. The applied stresses in each case 
were above the static upper yield stress. These values of pre-yield 
plastic strains are the differences between the total strain indicated 
by the SR-4 strain gages at any instant and the elastic strain. The 
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elastic strain is substantially constant during any given test and 
taken to be the total strain at the instant the stress attains : 
constant test value. 


DISCUSSION OF RESULTS 

The results of the static tension tests are substantially j; 
agreement with those obtained by Bechtold and Scott (13) on simi 
lar materials. These show clearly that fine-grained ductile molybad 
num, produced by either the arc-casting or powder metallure 
processes, exhibits the phenomenon of a distinct yield point and 
that the yield point is quite temperature sensitive. Thus these ma 
terials exhibit a yielding behavior which is quite similar to that 
commonly observed in iron and low carbon steels. However, som: 
quantitative differences between the molybdenum employed in 
this investigation and annealed low carbon steels previously investi- 
gated are indicated by the static tests. First, the upper yield stress 
of the molybdenum continuously decreases as the temperature is 
increased in the range from —74°F (—59°C) and +200°F (93°C 
and no multiple yield points are observed in molybdenum during 
static tests at +200°F (93°C). Annealed low carbon steel on the 
other hand exhibits a decrease in upper yield stress with increasing 
temperature up to about room temperature after which the upper 
vield stress remains about constant up to at least +250°F (121°C), 
(1). Also, at +150°F (66°C) and +250°F (121°C) annealed low cai 
bon steels exhibit multiple yield points (1). These features of the 
behavior of low carbon steel may be attributed to the thermal dif- 
fusion of carbon and/or nitrogen to dislocations during testing and 
may be considered as strain aging effects. The absence of such be- 
havior in molybdenum in the same temperature range may be due 
to lower diffusion coefficients of the interstitial atoms, or the lower 
concentrations of these atoms in the molybdenum tested, or both. 





Second, the molybdenum exhibits larger deviations from linear 
elasticity just prior to yielding than does low carbon steel. Also, the 
arc-cast molybdenum tested at +200°F (93°C) actually does not 
exhibit a drop in load at the yield point, although it shows a yield 
point elongation at constant stress. This is also probably due to the 
rather low concentration of carbon and/or nitrogen in the molybde- 
num. Similar behavior has been observed in steel in which the 
carbon and nitrogen concentrations have been reduced to values 
comparable with those in the molybdenum (2). 


The results of the rapid-load tests show clearly that ductile 
molybdenum exhibits the phenomenon of delayed yielding under 
rapidly applied constant stress. The dependence of the delay time 
for yielding upon stress and temperature as shown in Fig. 6 and 7 
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;. on the whole, similar in form to that found for annealed low 
arbon steel (1). 

The stress versus delay time curves for the molybdenum tested, 
with the possible exception of the curve for the arc-cast material 
tested at 76°F (24°C), do not appear to show a lower limiting stress 
horizontal portion at a low stress and long delay times), such as 
that found in normal low carbon steel. However, a similar behavior 
has been observed in steel in which the carbon and nitrogen con- 
centrations were exceptionally low (2). Thus the observed behavior 
of molybdenum in this respect is consistent with the relatively low 
concentrations of carbon and nitrogen in the material tested. The 
single case in which such a lower limiting stress is indicated for 
molybdenum is based upon only one experimental point and is, 
therefore, somewhat doubtful. 

The stress versus delay time curve for sintered molybdenum 
tested at —74°F (—59°C) exhibits an upper limiting stress (hori- 
zontal portion at high stress and short delay times). Similar be- 
havior is exhibited by low-carbon steel at —320°F (—196°C), (3). 
The fact that such an upper limiting stress may be observed in 
molybdenum at a higher temperature than in low carbon steel may 
be related to its higher melting point and is consistent with Bechtold 
and Scott’s observation (13) that the transition temperature in un- 
notched tensile specimens is considerably higher for molybdenum 
than for Armco iron. 

The absence of an upper limiting stress in the stress vs. delay 
time relation for arc-cast molybdenum tested at —74°F (—59°C) 
does not indicate that a fundamental difference exists between the 
two types of molybdenum. Rather, it indicates a quantitative dif- 
ference in their behavior in which the upper limiting stress for arc- 
cast molybdenum at a temperature of —74°F (—59°C) occurs in a 
range of delay times which are shorter than those which can be 
investigated with the testing technique employed in the present 
investigation. This quantitative difference between the delayed 
yielding behavior of the two types of molybdenum tested is prob- 
ably associated with the differences in carbon, nitrogen, or oxygen 
contents in these materials. 

The measurements of pre-yield plastic strain in molybdenum 
given in Figs. 8 and 9 show that this material exhibits considerably 
larger pre-yield plastic strains than those which have been previ- 
ously observed in low carbon steel (6). The latter material exhibits 
pre-yield plastic strains of about 30 x 10-* in/in. whereas the 
molybdenum exhibits pre-yield plastic strains ranging from about 
100 x 10-* in/in. to about 1000 x 10~* in/in. The arc-cast material 
exhibits particularly large strains of this type. Furthermore, in the 
arc-cast material the pre-yield plastic strain rate increases continu- 
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ously with time during any particular test at constant stress. ( 
versely, in the sintered molybdenum, as in low carbon steel. 
pre-yield plastic strain rate decreases with time at constant st; 
up until the time when macroscopic yielding begins. The lat; 
behavior is consistent with the dislocation model of a yield nuck 
which has been developed previously (6,7), while the behavior 
the arc-cast molybdenum is not consistent with this model. 

This difference between the behavior of arc-cast molybdenu 
on the one hand and sintered molybdenum and low carbon ste 
on the other, may be associated with the relative differences in the 
carbon and nitrogen contents of the materials. The arc-cast ma 
terial contains considerably more carbon and less nitrogen than the 
sintered material. If the assumption is made that dislocations in 
molybdenum interact strongly with nitrogen atoms, but only re! 
atively weakly with carbon atoms, then the arc-cast material might 
be expected to contain many more dislocations which are un 
anchored by Cottrell ‘‘atmospheres’’ than the sintered material 
Hence the behavior of the yield nuclei would be different in the 
arc-cast material than is predicted by the theoretical dislocation 
model. However, this point of view may be subject to criticism in 
that even the very small concentration of nitrogen present in the 
arc-cast material should be sufficient to provide complete ‘‘atmos- 
pheres”’ for all the dislocations which are expected to be present 
initially in the material. Thus if the initial density of dislocations 
is 10°/cm? the concentration of nitrogen required to provide on 
nitrogen atom per atomic length along each dislocation is only 
about 10~-* weight %. 

An alternative hypothesis for the effect of different carbon 
and nitrogen contents upon the pre-yield plastic strains in molybde- 
num is that the grain boundaries in molybdenum are markedly 
strengthened by nitrogen but not by carbon. According to the 
theory, the ability of grain boundaries to impede the motion of 
dislocations plays an important part in the development of pre- 
vield plastic strain. Thus weaker grain boundaries in the arc-cast 
molybdenum, due to low nitrogen content, could explain the ob- 
served behavior. Since the saturation of all the grain boundaries 
would require larger amounts of nitrogen than the saturation of 
all the dislocations, this second explanation may be preferable to 
the first. 

Since the pre-yield plastic strain in the sintered molybdenum 
occurs in a manner which is qualitatively in accord with the dislo- 
cation theory (7) of a yield nucleus, it may be compared with that 
theory quantitatively. Specifically, experimental values of the initial 
rate of the pre-yield plastic strain as a function of applied stress, 
may be compared with the theoretical relationship between these 
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Fig. 10—Reciprocal of the Tensile Stress Versus the Initial 
Preyield Plastic Strain Rate for Sintered Molybdenum at 76°F 


two quantities. Sufficient reliable data for this comparison were 
only obtained in the case of the sintered molybdenum tested at 
76°F (24°C). These initial pre-yield plastic strain rates are found 
by determining the initial slopes of the experimental curves given 
in Fig. 9, and the values are plotted in Fig. 10 to a logarithmic 
abscissa scale versus the reciprocals of the corresponding values of 
the applied stress on the ordinate scale. The experimental points 
are seen to correspond to a straight line in this plot. 

The theoretical relationship between the initial pre-yield plastic 
strain rate and the applied stress is (7) 





d-yo*f (y/o) 
. yo vy Yo . . . 
Inép = — a +€ Equation 1 
obK1 
where €) =initial pre-yield plastic strain rate, 


yo =energy per unit length of a dislocation not bound by a Cottrell 
‘‘atmosphere,”’ 

y =energy per unit length of a dislocation bound by a Cottrell 
‘“‘atmosphere,”’ 

o« =applied tensile stress, 

b=The Burger’s vector of a slip dislocation in molybdenum, 

K = Boltzmann’s constant, 

T =absolute temperature, 

C =an undetermined constant. 

and f(y/yo) =cos'(y/yo) —y/vo(1 —y?/yo?)!. 


Thus the theory predicts a linear relationship between the 
logarithm of the initial strain rate and the reciprocal of the applied 
stress in agreement with experiment as shown in Fig. 10. The 
heoretical value of the slope of this relationship is 


A(In€éo) ——— 2-yo*f (¥/ Yo) 








= — —— oe ~ ‘ ° 2 
d(1/c) bKT Equation 
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and this may be compared quantitatively with the experims 
value determined from the slope of the line in Fig. 10. The quant 
in Equation 2 are all accurately known except yo and y. The en 
per unit length of a free dislocation, yop, may reasonably be take 


vo = 4% Gb? Equatio 


where G is the shear modulus of molybdenum (G=6.6x1( 
dynes/cm* according to ASM Metals Handbook, 1948). This cor- 
responds to 4.2 electron volts per atomic distance along the dislo- 
cation. Using this value of yo and the known values of b, K and T 
in Equation 2, a value for the binding energy (yo—vy) of a dislo- 
cation in molybdenum with an ‘‘atmosphere’’ of interstitial solute 
atoms may be obtained by substituting the experimental value of 


z 
the slope, (Inés) /A{ - ) in the equation. This leads toa value of the 
oO 


binding energy of (yo—y) =0.022 electron volt per atomic distance 
along the dislocation line. This value is about three and one-half 
times as large as the value for dislocations in iron determined in the 
same manner. However, it is only about one-twentieth of the value 
estimated by Cottrell and Bilby (8). Thus the values of the binding 
energy determined in the above manner for dislocations in both 
iron and molybdenum deviate from the theoretical values by the 
same order of magnitude. A satisfactory resolution of this dis- 
crepancy has not yet been found. 


SUMMARY AND CONCLUSIONS 


The initiation of yielding under rapidly applied constant stress 
has been investigated in two lots of fine-grained ductile molybde- 
num. One lot was produced by the arc-casting method and the other 
by the powder metallurgy method. Both lots were worked at 
temperatures below the recrystallization temperature, followed by 
a recrystallization treatment which produced a rather uniform fine- 
grained structure. These materials were found to exhibit distinct 
vield points in their static stress-strain relations, in agreement with 
the work of Bechtold and Scott (13). 

The results of this investigation show that fine-grained ductile 
molybdenum exhibits the phenomenon of delayed yielding in a form 
very similar to that observed in annealed low carbon steels. This 
result lends further support to the view proposed by Cottrell (10 
on theoretical grounds that yield point and delayed yield phenomena 
are a consequence of the anchoring of dislocations in body-centered 
cubic metals by interstitial solutes such as carbon and nitrogen. 
The present work gives a tentative indication that nitrogen maj 
be more effective than carbon in anchoring dislocations or in 
strengthening grain boundaries in molybdenum. 
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A quantitative difference between the delayed yielding be- 
havior of molybdenum and low carbon steel which is shown by the 
present work is that the upper limiting stress in the stress versus 
delay time relations may be observed at higher temperatures in 
molybdenum than in steel. Thus experimental studies of this upper 
limiting stress phenomenon with a view toward its possible relation- 
ship to conventional transition temperatures might be more con- 
veniently carried out with molybdenum than with iron or steel. 

The initial rate of pre-yield plastic strain in the sintered molyb- 
denum tested at room temperature is found to depend upon the 
applied stress in a manner which is in agreement with a dislocation 
theory of delayed yielding. Quantitative comparison of theory and 
experiment in this respect yields a value for the binding energy of a 
dislocation in molybdenum with an ‘‘atmosphere’”’ of interstitial 
solute atoms, which is of the same order of magnitude as that found 
for iron. 
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DISCUSSION 

Written Discussion: By Irvin R. Kramer, Mercast Corp., New \ 
New York. 

This paper on the discontinuous yielding in molybdenum makes an excell 
contribution to the understanding of this little understood phenomenon, and | 
authors are to be congratulated for this and other fine contributions they hay 
made to this subject. The authors show that a delay time for the initiatio: 
plastic flow is associated with the existence of a yield point. While I am inclined 
agree with the authors, I also feel that a certain amount of caution should also by 
exercised. While it is true that, of the metals tested to date, only those which ey 
hibited a yield point had a delay time, it should be noted that these metals all | 
a body-centered cubic structure. In a recent work? single crystals of zinc w 
studied and found to exhibit a pronounced delay time. The zinc used was 99.99! 
and the crystals were prepared in vacuum. Unfortunately stress-strain curves wer 
not obtained so that it cannot be stated definitely whether a yield point existed 
However, judging from the work of Wain and Cottrell’ a yield point should 1 
have existed. These authors found that a yield point was not present in pure zin 
but did exist when nitrogen was held in solid solution. Ardley and Cottrell* wer 
able to find a yield point in alpha brass containing nitrogen. 

I would like to suggest that a series of delay time experiments be run with 
alpha brass and zinc containing enough nitrogen to develop a yield point. Th 
stress-strain curves and the delay time measurements should be obtained at vai 
ous temperatures to determine whether the delay time and yield point exist 
together. 

The authors’ observations on the type of fracture of the molybdenum spec! 
mens are interesting. They state that at —74°F brittle type fracture occurred | 
four of the eight rapidly loaded specimens of the sintered molybdenum while sev: 


of the nine arc-melted molybdenum specimens failed in a brittle manner. Th 


indicated that the arc-melted molybdenum is more brittle than the sintered molyb 


2T. S. Liu, I. R. Kramer and M. A. Steinberg, to be published. 

SH. L. Wain and A. H. Cottrell, . 
Vol. 63, Sec. B, May 1950, p. 339. 

‘4G. W. Ardley and A. H. Cottrell, ‘Yield Points in Brass Crystals,’’ Proceedings, Royal > 
ciety, Vol. 219, Ser. A, September 1953, p. 328 
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im. In general the delay times for the arc-melted specimens are larger than 
se of the sintered molybdenum specimens and is in accord with the theory for 
tle fracture postulated by this author. 


Authors’ Reply 


[he authors appreciate Dr. Kramer’s comments on this paper and agree with 
im that a generalization should not be made at this time on the relationship be 
veen yield point, crystal structure, and delay phenomenon. However, the infor 
ation available so far points to the existence of delayed yielding in materials that 
exhibit the yield phenomenon. The authors have shown that while the distinct 
vield point may be eliminated by removal of nitrogen, there still remains a definite 

delay. This situation may also be observed in such a material as zine, 
Investigations are now in progress on zinc single crystals to determine the 
presence or absence of a yield point and to obtain information on delay phenomenon 
this material. Furthermore the influence of nitrogen on these characteristics will 

e studied. 


I. R. Kramer and R. Maddin, ‘‘Delay Time for the Initiation of Slip in Metal Single Crystals,’ 
actions, American Institute of Mining and Metallurgical Engineers, Vol. 194, 1952, p. 197 
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THE MECHANICAL PROPERTIES 
OF VANADIUM-BASE ALLOYS 


By W. RostToKer, A. S. YAMAMOTO AND R. E. RILEy 


Abstract 


The tensile properties of unalloyed vanadium, its bi- 
nary and ternary alloys have been surveyed extensively. It 
has been shown that small additions of titanium and zir- 
contum have a markedly beneficial effect on the ductility of 
vanadium. Binary alloys containing other than titanium or 
zirconium show little promise. High strengths have been 
developed on ternary alloys containing 20-50% Ti and 
third element additions of chromium, aluminum and silicon. 
An extensive study of hot tensile properties revealed inter 
esting posstbilities of high strength at elevated temperatures. 
Selected alloys have been tested for stress-rupture behavior. 
Aluminum has been shown superior to chromium as a third 
metal addition. At least one alloy has stress-rupture proper- 
ties equal to the best currently avatlable from titanium alloys. 
Alumtino-thermic vanadium is compared with calcium- 
reduced vanadium as an alloy base for selected alloys. Car- 
bon additions of 0.5% have been shown to improve forge- 
ability but to have little influence on mechanical properties. 
(ASM-SLA Classification: Q general, V) 


HIS PAPER summarizes the results of a portion of a research 

program sponsored by the Materials Laboratory of the Wright 
Air Development Center, Ohio, which sought to explore the poten 
tial usefulness of vanadium-base alloys. Research of this nature be- 
came possible only within the last few years with the development of 
the calcium reduction process for vanadium pentoxide. The vana- 
dium metal which is produced by this process is low enough in inter- 
stitials and metallic impurities to permit severe mechanical deforma- 
tion both hot and cold. The term ‘‘ductile’’ has therefore been ap- 
plied to this metal. A typical chemical analysis of the ductile 
vanadium as supplied by the Electro Metallurgical Corporation of 
Niagara Falls, New York is as follows: 

Carbon 0.077°%; Oxygen 0.056%; Nitrogen 0.086% ; Hydrogen 0.002° 


Based on work on Contract No. AF 33(038)-8517 for Materials Laboratory, Wright 
Development Center, Ohio. 


A paper presented before the Thirty-Seventh Annual Convention of th: 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, W. Rostoket 
is supervisor, Physical Metallurgy Research and A. S. Yamamoto is associat 
metallurgist, Armour Research Foundation of Illinois Institute of Technolog) 
Chicago, and R. E. Riley is research metallurgist, Rem-Cru Titanium Corp 
Midland, Pa. 
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A study of the alloying behavior of vanadium was summarized 
an earlier paper (1).' It was demonstrated that at least 13 elements 
had solid solubility limits in vanadium of 5% or more. In spite of 
reported allotropy (2), there was no evidence of transformation type 
structures in any of the alloys examined. Accordingly, the improve- 
ment of mechanical properties must be expected through solid solu- 
tion hardening, through cold working, and through age hardening, in 
the instances where forging proved feasible in the region of the solid 
solubility limit. It cannot be said that the potentialities of each of 
these mechanisms have been exhaustively evaluated. The intention 
of this work was to concentrate on trends of behavior rather than the 
optimum properties of singular alloy compositions. The pattern of 
evaluation of mechanical properties has included in succession : room 
temperature tensile behavior, elevated temperature tensile behavior, 
and stress-rupture behavior. The results of each stage were used to 
restrict effort in the next stage to alloy compositions of likeliest 
interest. 


MELTING AND FORGING METHODS 


All alloys were produced by melting of the elemental compo- 
nents in the proper proportions in a nonconsumable electrode, water- 
cooled copper crucible, arc melting furnace. Pancake shaped ingots 
of 125-200 gram weight were generally made. A few 450 gram ingots 
were produced. Compositions referred to in the text of this paper are 
nominal unless otherwise specified. The vanadium metal was sup- 
plied by the producer in the form of selectively sized lumps. The 
metal was melted in the as-received form. 

Cast ingots were forged to 4% inch diameter rods for machining 
directly to tensile test pieces or to blocks for subsequent cold rolling. 
Forging was performed by drop hammers using open dies or swaging 
dies as needed. Forging temperatures varied from 1150 to 1450°C 
(2100 to 2640°F), depending on the stiffness of the alloy. It was 
found generally unfeasible to forge below 1150°C (2100°F), the risk 
of cracking being too great. Heating was conducted in gas-fired 
muffle furnaces with no protective atmosphere. Vanadium and its 
alloys oxidize very rapidly above about 675°C (1240°F). Above this 
temperature, V2O; is molten and the alloy ingot is covered with a 
fluid, slag-like film during the forging operation. Experience demon- 
strated that, provided the total furnace time was less than 15 min- 
utes, surface contamination was not severe. 

Infusion of oxygen and nitrogen does have a profound surface 
hardening effect. A typical microhardness traverse through a forged 
block of unalloyed vanadium is shown in Fig. 1. It is seen that an 
extremely hard case exists in the first millimeter. Machining is quite 


The figures appearing in parentheses pertain to the references appended to this paper 
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Vickers Hardness Numbers 


0.34 0.74 114 |’ 4.54 
0.14 0.54 0.94 1.34 
Distance (MM) from Edge of Specimen 


Fig. 1—Micro-hardness Traverse at Surface of Forged Block of Un- 
alloyed Vanadium 


difficult if the first cut is not deep enough to undercut the whole 
hardened case. Provided that the first roughing cut was deep 


enough, all of the alloys studied proved machinable. 

Forging failures occurred almost invariably after the first few 
blows of the hammer. Generally, after the cast structure was broken 
up, the alloys were more easily forgeable. The poor forgeability of 
the as-cast structure was related to the pronounced columnar-type 
grain structure in the ingots. It is unfortunate that the cold mold, arc 
melting method accentuates tendencies toward columnar type grain 
configurations. Casting of larger size ingots did not alleviate th¢ 
problem. The rather high cost of vanadium metal made it advisable, 
therefore, to work almost exclusively with the small ingots. 

Later in the program, in an attempt to improve stress-ruptur 
properties of certain alloys by the addition of a dispersed phase, 
carbon was added to the melts. The carbon appears largely as car 
bides (V2C or VC), the solid solubility being very small (1). It was 
immediately noted that the melts deliberately inoculated with car 
bon had superior forgeability. Additions of carbon to a number of! 
alloys of marginal forgeability showed improvement in forging 
characteristics in every instance. 

The influence of carbon can be appreciated from Fig. 2, which 
shows the macrostructures of four ingots of the same basic metalli 
content but with successively larger carbon contents. The progres 
sive suppression of the columnar grains in the cast structures is ob 
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Fig. 2—Influence of Carbon Additions on the Suppression of Columnar As-Cast Struc 
ture in an Alloy V-50% Ti-7% Al. Etched with 60 glycerine —20 HNOs;s—20 HF. X 1 
1)—0% C; (b)—0.47% C; (c)—0.96% C; (d)—1.40% ( 
vious. It was a conclusion from this phase of the work that the gen- 
eral addition of 0.59% C to vanadium alloys had definite advantages 
in improving forgeability without, as will be seen, any disadvantage- 
ous influence on tensile properties. Carbon can be added either in the 
elemental or master alloy form. Analyzed contents agreed more 
closely with nominal when carbon master alloy additions were used. 


MECHANICAL TESTING 

Shoulder type tensile test pieces were machined from ¥% inch 
diameter forged rods to the following specifications: test diameter = 
().252 inch; gage length =1 inch; overall length =3 inches. Testing 
was performed in a conventional Baldwin-Southwark, hydraulically 
operated, universal testing machine. 

For tensile testing at elevated temperatures between 100 and 
900°C (210 and 1650°F), controlled heating and an adequate uniform 
temperature zone were provided by a vertical tube furnace surround- 
ing the sample during the test. A uniform temperature zone of about 
2 inches was maintained. Actual testing temperatures were measured 
by two thermocouples bound to the test length of the specimen. Test 


pieces were machined to the same test length and diameter as the 
room temperature specimens, but the shoulders were threaded for 


insertion into long Inconel connecting shackles which transmitted 
the load from the machines to the test piece. Above 500°C (930°F), a 
measure of protection against oxidation was provided by an upward 
current of argon in the tube furnace. 
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Ultimate Tensile Strength 
Yield Strength 
Elongation 





60 
Reduction 


Fig. 3—Tensile Properties of Cold-Rolled Vanadium Sheet 


Stress-rupture measurements were conducted on lever-arm typ: 
stress-rupture test machines. Test pieces employed were of the 
standard 0.252 inch diameter tensile test type specimens. Extensom 
eters were attached to the shoulders of the test specimens to obtain 
stress-rupture data. The selected testing temperatures were 500, 600 
and 700°C (930, 1110 and 1290°F); these were measured by three 
recording thermocouples attached to the test section of each 
specimen. 


THE Room TEMPERATURE TENSILE PROPERTIES OF VANADIUM 
AND Its ALLOYS 


The unalloyed vanadium used in this investigation in the as 
forged state had the following mechanical properties: 


Yield Strength (0.2% offset) $6,600 psi 
Ultimate Tensile Strength. . . 19,100 psi 
Reduction in Area. . 249 
Elongation. . : , 6.0% 
Modulus of Elasticity. . . ....19.7X10-* psi 
Hardness cade as ....182 VHN 


In spite of the apparently poor ductility, the annealed metal can b 
cold-rolled to at least 90% reduction in area without intervening 
anneal. The tensile properties of strip test pieces, all of the same 
gage (0.056 inch), with various stages of cold work are summarized 
in Fig. 3. A high ratio of yield to ultimate strength is seen to obtain 
throughout the history of deformation. This is also reflected in the 
consistently low percentage elongation values. 

A preliminary survey of hardnesses showed that most binary) 
alloy additions hardened vanadium very rapidly to levels greate! 
than 300 VHN. The elements Al, Si, Ti, Cr, Ta, Ni, Zr and Mo wer 
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Table I 


Mechanical Properties of Binary Vanadium Alloys 


565 


Ultimate Reduction 
rensile in 
Strength Elongation \rea Hardness 

ym position psi % Y (VHN) 
1% Al 74,330 0 0 198 
2.5% Al 93,430 0 0 175 
5% Al 80,120 0 0 24? 
7.5% Al 81,330 0 0 271 
1 Cr 65,530 0 0 184 
2.5% Cr 60,350 0 0 193 
5% Cr 79,320 0 0 18 
1% Fe 66,460 0 0 204 
25% Fe 74,900 0 0 246 
5% Fe 91,970 0 0 260 
7.5% Fe 75,910 0 0 267 
10% Fe 74,200 0 0 307 
1% Mo 81,250 0 0 228 
» SY, Mo 68,270 0 0 193 
5 Mo 62,350 0 0 170 
7.5% Mo 63,650 0 0 194 
10° Mo 70,880 0 0 194 
1% Ni 65,580 0 0 271 
5% Ni 70,320 0 0 227 
5% Ni 74,300 0 0 247 
7.5% Ni 83,300 0 0 256 
10%, Ni 101,830 0 0 269 
0.25% Si 56,200 0 0 an 
0.50% 64,200 0 0 on 
1% Si 84,000 32.8 35.0 
2% Si 84,400 0 0 
3% Si 58,000 0 0 
4% Si 41,000 0 0 sa 
1% Ti 99,200 0 0 292 
2.5% Ti 90,160 i335 23.7 191 
5% Ti 78,540 26.5 77.9 72 
7.5% Ti 80,520 25.0 70.5 190 
10% Ti 91,570 27.4 66.5 194 
1% Zr 49,600 34.1 51.5 118 
2.5% Zr 53,800 23.1 


74.4 109 


most moderate in their alloy hardening behavior. The results of 
tensile testing of forged binary alloys containing these elements at 
various alloy content levels is summarized in Table I. The highest 
alloy contents in the case of Al, Si, Cr, Fe, Mo and Ni represent 
approximate forgeability limits. Excepting Ti and Zr, all binary 
additions to vanadium developed extremely brittle alloys (the 1% 
Si alloy is a singular exception). The V-Ti and V-Zr alloys by con- 
trast were extremely ductile. In fact, the 1% Zr alloy has a lower 
yield strength and much more ductility than unalloyed vanadium 
itself. Unfortunately, beyond 3% Zr, alloys become hot short. 

The vanadium-titanium series was extended to 50% Ti addi- 
tions. The trend of tensile behavior is graphically summarized in 
ig. 4. It was obvious from these results that potential high strength 
vanadium alloys would have to be based on the V-Ti binary compo- 
itions with third and fourth element additions. 
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Fig. 4—Tensile3Properties of Vanadium-Titanium Alloys 


The curves of tensile strength and ductility in Fig. 4 have on 
unusual feature. Very small additions of titanium embrittle vana- 
dium almost completely. By 5% Ti additions the trend has been so 
radically reversed that this alloy is more ductile than unalloyed 
vanadium. Coincident with the low alloy addition embrittlement, 
the microstructures show the presence of a very finely dispersed sec 
ond phase. This was illustrated and remarked upon in a previous 
paper (1). With larger titanium additions, the dispersed phasé 
gradually disappears and the 10% Ti alloy is single phase. It does 
not appear that these effects are characteristic of pure binary alloys. 
The interpretation is advanced that the effects are related to the 
oxygen and nitrogen contents intrinsic in the unalloyed vanadium. 
It is suggested that the terminal solid solubility surface in the sys- 
tem V-Ti-O is more sharply re-entrant in the range O-10% Ti than 
in the binary vanadium-oxygen system. If the estimate of Allen 
et al (3) is correct, that the solubility limit of oxygen in vanadium is 
of the order of 0.25%, then a portion of the oxygen (and presumably 
nitrogen) could be bound up as an interstitial-rich second phase and 
the matrix solid solution depleted with titanium additions. This is a 
sort of deoxidation mechanism. The result should be to improve th: 
ductility of the alloy, provided the second phase causes no secondary 
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Table II 
Mechanical Properties of Vanadium Alloys 
With Small Additions of Titanium and Zirconium 


Ultimate Reduction 
Tensile in 
Strength Elongation \rea 
Composition psi Ze % 
5% Fe-5% Ti 76,800 O 0 
10% Fe-5% Ti 84,000 20.0 10.0 
0.25% Si-5% Ti 71,500 15.6 37.0 
05% Si-5% Ti 68,100 18.8 33.0 
0.75% Si-5% Ti 79,200 21.9 34.0 
1% Si-5% Ti 82,000 24.0 48.0 
2%, Si-S% Ti 93,000 3.1 10.0 
3%, Si-S% Ti 90,200 3.1 3.0 
52 Cr-2.57% Zt 42,700 94 19.0 
10% Cr-2.5% Zr 63,100 7.0 10.0 
0.25% Si-2.5% Zr 58,100 21.9 66.0 
05% Si-2.5% Zr 53,200 25.0 58.0 
1% Si-2.5% Zr 71,900 18.8 48.0 
3% Si-2.5% Zr 106,000 9.4 6.0 


effects. The embrittlement at 1% Tiand enhancement of ductility at 
5°, Ti are rationalized in terms of possible age hardening or disper- 
sion hardening effects which under appropriate phase equilibrium 
conditions can be more serious at certain alloy concentrations than 
at others. The same explanation might reasonably be used to account 
for the behavior of zirconium. 

Small additions of both titanium and zirconium act to improve 
ductility in otherwise brittle alloys. Selected instances of this are 
collected in Table IT. 

The next logical step in the pursuit of high strength vanadium 
alloys was the addition of third elements. Chromium, aluminum and 
silicon were added to alloys containing 5-50% Ti in amounts up to 
10%. In only one instance, V-50% Ti-15% Cr, was an alloy forge- 
able with more than 10% of a third element. Silicon appears to exert 
a stronger solid solution hardening influence than either aluminum 
or chromium. A direct comparison might be made between the 
tensile strengths of vanadium alloys containing 50% Ti and 5% Al, 
Cr, and Si, respectively. 


Aluminum... .. . 126,000 psi 
Chromium........ .... 133,400 psi 
er . 160,200 psi 


he strongest alloy encountered contained 50% Ti and 7% Si. Its 

tensile properties included 173,200 psi ultimate strength, 1.6% re- 

duction in area and zero elongation. Another alloy containing 50% 

li and 2% Si delivered 150,000 psi tensile strength with much better 

ductility, 17.5% reduction in area and 12.5% elongation. The pos- 

sibilities of developing better high strength alloys are by no means 
hausted, but it seems clear that the optimum alloys will be based 
the 20-50% Ti with third and fourth element additions. 
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Table III 
Mechanical Properties of Some Vanadium Alloys 
With Carbon Additions 


Ultimate 


Tensile 
Strength Elongation R.A 
Composition psi q 

50% Ti- 5% Cr 130,000 9.4 06 
50% Ti- 5% Cr-0.5% C 121,200 15.6 28 7 
50% Ti- 5% Cr-1% C 124,000 16.5 33 
50% Ti- 5% Cr-1.5% C 125,000 4.0 7 ¢ 
50% Ti-15% Cr 145,800 15 0 
50% Ti-15% Cr-0.5% C 151,200* >9.0 21.7 
40% Ti- 5% Al 134,600 23.4 25 2 
40% Ti- 5% Al-0.5% C 138,400 13.0 
50% Ti-10% Al 84,000 0 0 
50% Ti-10% Al-0.5% C 123,200* — 


*Fractured at a shoulder. 


‘TENSILE PROPERTIES OF VANADIUM ALLOYS WITH 
CARBON ADDITIONS 

It has already been remarked that carbon additions proved very 
beneficial to forgeability. A limited study was also made of the effect 
of carbon (largely as carbides) on the room temperature tensile prop- 
erties of forged alloys. Various carbon additions were added to 
four (4) alloys. The results of the four alloys are summarized in 
Table III. Wherever possible, comparable data on alloys without 
carbon additions have been included. 

It appears that there is no consistent indication that the pres- 
ence of free carbides influences the tensile strength of any of the 
alloys. Tensile ductilities of alloys containing carbon additions ar 
generally better than for the same alloys without carbon. There ar 
some singular instances of remarkable superiority. The nature of the 
improvement in ductility is something of a puzzle. The effect on th 
as-cast structure can be readily rationalized, but the tensile test 
work was done on alloys which had been hot-worked beyond any 
residual cast structure. One is forced to believe that the presence of 
carbon acts in some constitutional fashion to reduce the content of 
the other interstitial elements (oxygen and nitrogen) in solid 
solution. 


ELEVATED TEMPERATURE TENSILE PROPERTIES OF 
VANADIUM ALLOYS 
Hot tensile testing was conducted on a wide variety of alloys at 
temperatures ranging up to 900°C (1650°F). Unalloyed vanadium, 
although initially low in strength at room temperature, retains con 
siderable strength even at 900°C (1650°F). The trend of behavior is 
shown in Fig. 5. The rise in strength from room temperature to 
300°C (570°F) is indicative of an aging effect and one more instanct 
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Properties of Unalloyed Vanadium 


— 


140 
130 
120 
110 
iO0O 

90 


> 


Pa? 


~—<a-—* © se eee ee 


80 
70 
60 
90 
40 
30 
20 
1O 


Ultimate Tensile Strength, !OOO psi 






900°C 


oe. 3 20 30 40 50 60 
% Titanium 


Fig.6—Comparison of Hot Tensile Strengths of Vanadium- 
Titanium Alloys. 
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influence. A comprehensive picture of the performance of \V-Ti 
alloys is shown in Fig. 6. It is seen that the peak strength occurs at 
room temperature near 40° Ti, but with increasing temperatures 
the peak moves toward 20% Ti. The 20° Ti has a strength of over 
50,000 psi at 900°C (1650°F) with associated ductility values of 43 
elongation and 20°% reduction in area. 

A 5% Cr addition increases the tensile strength of V- 
over the whole range of alloys tested. 
fined to the 40% and 50% 
Ti alloy. A comparison of the strengthening behavior of 5% 
tions of these elements on a 50% 


Ti alloys 
Aluminum additions were cot 
Ti alloys and silicon additions to the 50°, 
addi 
Ti alloy is shown in Fig. 7. Clear! 
none of these elements changes the fundamental trend in the bina: 
alloy of steeply falling strength with increasing temperature abov: 
400-500°C (750—-930°F). It might be noted that 10% Cr and 10°, Al! 


additions, while rendering forgeability poorer, eemeeed to offer 
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ntage in strength over the 5%) additions of these elements. The 
can he said of silicon additions of OVC SY, to the V 50°, Ii 
although the forgeability limit in this instance is only 7 ©, 
TENSILE PROPERTIES OF V-1T1-Al ALLOYS MADI 
FROM ALUMINO- THERMIC VANADIUM 
Recently the Electro Metallurgical Company of Niagara Falls, 


New York made available a new vanadium-rich material which is 
product of an alumino-thermic reduction of V.Os. Its very sig 


cantly cheaper cost makes the material of considerable interest. 
rhe metal has the following representative Composition: 


\ 84.17% O 0.265 

\l 13.99% \ 0.030; 
Fe 0.50°% C 0.03; 
Si <0.40% H 0.0050; 


The high aluminum content renders the metal brittle, but since 
\-Ti-Al alloys in the range 40-50% Ti and 0-10°, Al proved to have 
interesting mechanical properties it 1s a point of some interest to 
determine whether such alloys made from alumino-thermic vana 

dium by alloying directly with titanium would have comparable 
properties. It should be noted at this point that the total interstitial 
content in this metal is considerably higher than in calcium-reduced 
vanadium and this might be expected to inhibit ductility. 

lernary alloys were prepared by melting alumino-thermic vana 

dium with sponge titanium (120 BHIN). The ratio of vanadium to 
aluminum was therefore fixed. A number of these alloys proved un- 
forgeable without the benefit of carbon additions. Accordingly, the 
influence of carbon content on each of the basic ternary compositions 
vas investigated. The following allovs were included in this program: 


V+45% Ti+7.5% Al+0-1.5% C 
V+50° Ti4+6.9% Al+0-1.5°, C 
V+55% Ti+6.2% Al+0-1.5% C 
V+60% Ti+5.5% Al+0-1.5% C€ 


Tensile properties at room temperature, 500°C (930°), and 
700°C (1290°F), respectively, are summarized in Table ITV. A num 
ber of observations can be made from the results. There is a con 
inuous decrease in tensile strength at all temperatures with increas 

titanium content. The same trend obtains in binary V-Ti alloys. 

By interpolation of results with ternary V-Ti-Al alloys produced 
trom calcium-reduced vanadium, it appears that alloys based on 

‘umino-thermic vanadium offer higher tensile strengths at room 


mperature and 500°C (930°F), but not at 700°C (1290°F). The 
ver temperature strength superiority is probably 7 to the higher 


itent of interstitial elements—0.32% (O+N+C) as compared 
th 0.17% for calcium-reduced vanadium. 
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Table IV 
fensile Properties of Alumino-Thermic Vanadium Alloys 
With Various Titanium, Aluminum and Carbon Contents 


Ultimate Reduction 

Tensile in 

Strength Elongation \rea 
Composition psi ( 


om Temperature 


60°, Yi 131,400 
60°, 7 ( 129,800 
60"; ; % 132,000 
60°; ‘ 7 $1,000 


55° Y $7,600 
55° ‘ Oy 39,200 
55° 2° oY 43,200 
35% “ % 43,200 


2,600 

600 
2,400 
2,800 


400 
800 
200 


000 
18,600 
15,600 


55” 2° W/ 800 
55% 29% : 28,600 
55°) 2% Y 200 
550) a / . S00 
55°) Of Y, 800 
50°; oY 5‘ 800 
50°; ‘ , 200 
50”, &! O 800 
50°; Ro, Y 400 


700 “¢ 


60! li 14,400 18 
60%, Ti 37,600 49.4 
00% Ti ( / 410,600 43 
60‘ ri ( ; 59,000 20.7 


55°, Ti-6.3' 55.600 4? 
55% Ti-6.2% OT 48,100 56. 
55% Ti-6.2% 1-0.5° 58,800 66 
§5°), Ti-6.2 55,800 40 
§5% Ti-6.2°' 1 ; 63,000 43 
55% Ti-6.1' 1.5' ; 69 400 39 


50' li-6 50,200 26 
50°), Ti-6.9' 1% 53,600 38 
S0°,, Ti-6.9° imC 72,000 $2 
50% Ti-6.8° Al-1.5% ¢ 76,600 23.7 


(M) Vanadium-carbon master alloy (20°, carbon) used 


The V+50°% Ti+6.9% Al and V+45% Ti+7.5% Al alloys 
made from alumino-thermic vanadium were unforgeable. Carbon 
additions were necessary to permit forgeability. The analogous ter 
nary alloys based on calcium-reduced vanadium permitted forg: 
ability with aluminum contents as high as 10%. 

Additions of up to 1.17% C (analyzed) were made on certain 
alloys, but only at 700°C (1290°F) is there any obvious effect of 1” 





VANADIUM-BASE ALLOYS 573 


crease in strength with carbon content. At room temperature and at 
<(°C (930°F), tensile strengths are substantially independent of 
bon content. Ductilities, however, appear to be reduced at highe1 


bon levels. It appears, therefore, that carbon is a desirable addi 


ca 
tion as a general safeguard of forgeability, but that it confers little 
vantage in tensile properties. 

Che tensile behavior of alloys based on alumino-thermic vana 
dium, when rendered satisfactorily forgeable by carbon additions, is 
as good as or superior to that of the same alloys produced from the 


purer and considerably more expensive calcium-reduced vanadium. 


STRESS-RUPTURE BEHAVIOR OF VANADIUM ALLOYS 

From the elevated temperature tensile results, the most obvious 
potential usefulness of vanadium alloys seemed to be in applications 
where high creep strength to density is a governing design parameter. 
lhe fundamentally lower densities of V-Ti alloys place these in the 
forefront of the new alloy development picture. 

\ program of stress-rupture testing. is considerably more in 
volved than hot tensile testing and accordingly the range of alloys 
had to be considerably more restricted. It is planned to publish 
another paper describing the oxidation behavior of vanadium alloys 
which was studied concurrently. The alloys selected for stress-rupture 
testing were those which, at the time, seemed most likely to provide 
superior oxidation resistance. In all, 14 alloys were studied in the 
temperature range 500—-700°C (930-1290°F). The selection provided 
an insight into the relative influence of aluminum and chromium, 
the contribution of free carbides, and the comparative behavior of 
calcium and aluminum-reduced vanadium. 

In all but a few instances, the time-stress dependency of rupture 
at any given temperature could be represented by a straight line. 
Table V summarizes the hot tensile strengths and the interpolated 
100 hour stress-to-rupture values. A review of these test results in- 
dicates the following trends: 

(a) The stress-rupture limits are sharply dependent on tempera 
ture. This can be more easily appreciated from Fig. 8, which illus- 
trates for a characteristic selection of alloys the temperature de- 
pendence of the stress for 100 hour rupture. It will be noted that 
there is a general tendency for curves of all the alloys to converge at 
about 700°C. Above that temperature level, it would appear that 
creep rupture behavior is not strongly composition dependent. There 
ire major differences in 100 hour strength at 500°C (930°F) between 
the alloys. The general indications are that the stress for rupture 
ipproaches an independency from time at or below 500°C (930°F), 

c., rupture stresses approach the hot tensile strengths. 

(b) Aluminum confers more creep rupture strength on a 50% 


—F aK" OF £864 6.47 


Pee ere eee Ee 


—- 


—<_—-— © =e «ere = f 





574 TRANSACTIONS Ol THE ASM 


Table V 
Hot Tensile Strengths and Stress-Rupture Strengths 
of Some Vanadium Alloys 





Hot 
Testing Tensile Interpolate 
lemperature Strength Stress-Ruy 
Composition ( psi Dp 
50% Ti-5% Cr 500 105,200 60.0 
700 66,200 9 s 
50% Ti-10% Cr 500 110,000 63 ( 
700 82,900 95 
50% Ti-15% Cr 500 137,300 9509 
700 80,200 11.5 
500 110,400 95 0 
50% Ti-5% Al 600 37 ( 
2 700 84,600 
: 500 107,400 83.00 
i 50% Ti-10% Al 600 47 Of 
¥ 700 104,000 
500 109,600 100,00% 
40% Ti-5% Al 600 45 00 
700 96,000 8 000 
50%, Ti-5% Cr-0.5% ( 500 119,200 76.000 
P 600 26.000 
f 50% Ti-5% Al-0.5% ( 500 94.000 
600 109,000 36.000 
40% Ti-5% Al-0.5% ( 500 132,800 112.000 
2 600 118,800 41.500 
' 50% Ti-6.9% Al-0.5% C 600 — 40.000 
50% Ti-6.8% Al-1.5% ¢ 600 — 46.000 
5 50% Ti-6.9% Al-0.5% ( 500 128,800 104,000 
600 29 500 
’ 55% Ti-6.2% Al-1% ( 600 107,800 29.000 
* 
. 60% Ti-5.5% Al-0.5% C 600 89,600 18,000 
% 
Table VI 
Stress-Rupture Properties of Some Alloys 
Temperature Stress Rupture Time, Hrs.,—(brackets indicate ©% elongatio 
> psi V-40% Ti-5% Al V-50% Ti-10% Cr V-50% Ti-15 
65,000 0.2 (17.2%) 0.1 (4.79% 
50,000 0.58 (48.4%) 
700 40,000 0.8 (14.1' 
20,000 21.0 (84.4%) 
15,000 28.9 (106%) 
10,000 49.7 (-) 60.6 + (145.3%) 120.3 +(130 
85,000 7.2 (17.2%) 
70,000 18.1 (23.4%) 
55,000 5.0 (7.8% 
600 46,000 43.2 (25.0%) 16.6 (29.7%) 
35,000 30.5 (94° 
29.500 75.6 (34.4%) 
25,000 250.8 (43.8 
22,500 193.1 (137.5%) 
107,500 56.8 (3.1%) 
500 98,000 109.0 (3.1%) 
65,000 43.6 (7.8%) 


59,000 259.2 (9.4%) 





VANADIUM-BASE ALLOYS 575 








V-50%Ti-lIOZ%AI 


- ry ) oy 
V-50%Ti-lO%Cr 


- 40 
2 ( 
0 
( i aiae 
RI. too 300 400 500 600 700 800 9300 
Testing Temperature °C 
Fig. 8—100 Hour Rupture Life of Selected Vanadium 
Alloys as a Function of Temperature 


V-50°; Ti alloy than does chromium. The differences in behavior are 
more apparent at 500 and 600°C (930 and 1110°F). A 10% Al level 
offers no more 100 hour strength than a 5% Al level. 

(c) The presence of carbon as free carbides adds little or nothing 
to the stress-rupture strength. Although the 40% Ti-5°% Al-0.5% C 
alloy showed the highest 100 hour strength at 500°C (930°F), its 
superiority over the equivalent alloy with no intentional carbon 
addition is only about 10,000 psi. The alloy containing 50% Ti-6.9% 
\l-0.5% C has a stress-rupture curve at 600°C (1110°F) almost 
identical to that of the same alloy with 1.5% C added. 

(d) The 600°C (1110°F) stress-rupture behavior of a 50°, 
1i-6.9% Al-0.5% C alloy based on alumino-thermic vanadium is 
lentical, within the limits of experimental error, to that of the 
0%, Ti-5% Al-0.5% C alloy based on calcium-reduced vanadium. 
|t appears, therefore, that the initial purity of the vanadium is not a 

cial point at these temperature levels of testing. 

(e) At 500°C (930°F), the highest stress for a 100 hour rupture 

ndition is delivered by a vanadium alloy containing 40°% Ti, 
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5°) Al, and 0.5°% C. At 600°C (1110°F), three alloys are | . 
first place: 
10% Ti+5% Al+4+0.5% C 
50°, Ti+10% Al 
50°) Ti+6.8°) Al+1.5° > C (alumino-thermic vanadium) 

\ll of the alloys exhibited ductile behavior at the testi 
perature. Table VI summarizes ductility values at fracture 
several alloys. 


SUMMARY 


In its unalloyed form, vanadium may be regarded as a Joy 
strength, very ductile metal. Its ductility, as in titanium, zirconiy; 
and other high melting point transition elements, is most severe} 
limited by the content of interstitial elements—oxyegen and nitro 
gen—held in solid solution. Accordingly, melting and heat treatments 
must be designed to prevent any increase in the existent level of 
interstitials. Because of this and because of its very high melting 
point (=1900°C), it would seem that vanadium and its alloys wil! 
have to be melted in the cold mold, arc melting furnaces current} 
in use for titanium and zirconium alloys. 

\lthough a large number of elements have appreciable solid 
solubilities in vanadium, only one of the binary systems, vanadium 
titanium, permitted forgeability beyond 10°) alloy addition. The 
\-Ti allovs proved forgeable over the whole range of compositions 

Certain elements in small additions developed anomalous 
minima in hardness and tensile strengths which in some instances 
were significantly lower than even for unalloyed vanadium itself 
Titanium and zirconium were particularly remarkable in this respect 
An alloy containing 2.5% Zr has considerably more tensile ductility 
than unalloyed vanadium and the sheet specimens cold-rolled to mor: 
than 90°% reduction in area can still be bent over a sharp mandrel 
to nearly 180 degrees. 

Nearly all of the forgeable binary alloys proved to have low 
tensile strengths and negligible tensile ductilities. Outstanding ex 
ceptions were binary alloys containing up to 50% Ti and up to 3% 
Zr. These results showed that the goal of high strength-high ductility 
could be achieved only in polycomponent alloys based on vanadium 
titanium and vanadium-zirconium. On the basis of considerable test 
ing, it was shown that only the V-Ti-X alloys, where X is a third 
addition or more, could develop very high strength levels. Single 
phase solid solution alloys based on V+40-50°% Ti can develop 
room temperature strengths up to 170,000 psi. 

While the overall strength of unalloyed vanadium is relativel 
low, the rate of decrease with temperature is also low, with the r 
sult that even at 900°C (1650°F), vanadium retains strengths of the 
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of 15,000 psi. Judged on a strength to density basis (density ot 
vanadium = 6.0 gms/cc), this is nearly equal to molybdenum. A sys 
rematic program of hot tensile testing of vanadium alloys showed 
+ the elevated temperature strengths in the range room tempera 
ture to 500°C (930°F) could be raised to substantially higher levels 
‘han those shown by unalloved vanadium. For instance, unalloyed 
vanadium at 500°C. (930°) has a tensile strength of 57,000. psi, 
whereas an alloy containing 50° Ti and 5°% Si had a strength of 
158,000 psi. Above 500°C (930°F), all alloys showed sharp progressive 
drops 1n strength converging near 900°C (1650°F). At this tempera 
ture strengths vary between 15,000 and 50,000 psi. It would appear 


that al about 1100°C (2010°K), all allovs would have about the 
same strength, irrespective of composition, ° 

rhe excellent high temperature tensile strengths were taken as c 
a preliminary indication of useful creep strengths, especially when 
judged on a strength to density basis. The stress-rupture behavior : 
of a number of alloys was studied in the temperature range 500-700" ; ' 
930-1290°F). Alloy groups included V-Ti-Cr, V-Th Al,andV-Ti-Al-C, . 
as well as alloys of V-Ti-Al using alumino thermic vanadium as an 
allov base. The scope of work was necessarily limited by time and . 
funds. A considerable area of promising alloy compositions remains ) 
to be studied. Nevertheless, with this limited survey, certain vana : 
dium allovs were developed which were at least equal, and probably : 
marginally superior, to the best so far developed, at the time of . 
writing, in titanium-base alloys. In the temperature range 400 , 
sa (750-930°F), there is an unquestioned superiority of the vana- : 
dium and titanium alloys over the nickel-base, cobalt-base and iron- , 
base alloys when judged on a stress-to-rupture by density parameter. 7 

Carbon additions have been shown to improve the forging char 
acteristics of vanadium alloys without impairing mechanical proper . 
ties. In fact, in certain instances, carbon additions dev eloped superior 


ductilities. The presence of free carbides does not seem to affect the 
stress-rupture behavior. 

The majority of this work made use of vanadium metal pro- 
duced by a calcium reduction process. This metal is of comparatively 
high purity and is ductile in the unalloyed state. A new vanadium 

( metal is currently available, which is produced by an alumino- 
; thermic reduction process. This metal contains appreciable amounts 
of aluminum in solid solution as well as a higher level of interstitials. 
\ccordingly, it is not ductile in its ‘‘unalloyed”’ state. It was, how- 
ever, shown that when the alumino-thermic metal was used as base 
\terial to prepare the V+ 40-50°% Ti+ 5-10% \l alloys, the alloys 
ere similar in mechanical behavior to the same compositions pro- 

ced with calcium-reduced vanadium. 


Vanadium alloys have potential application as high strength 
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materials at elevated temperatures up to 675°C (1240°F). 4 
temperature V.O; melts and catastrophic oxidation occurs 
that temperature suitable oxidation preventive measures ar 
sary. The work presently reported is of a preliminary natur: 
serves to define areas of interest for further investigation. 


ACKNOWLEDGMENTS 


This work was performed under the sponsorship of the Ma 
Laboratory of the Wright Air Development Center, Wright-] 
son Air Force Base, Ohio. The authors wish to express thei, 
tude for this support and for permission to publish this 
Acknowledgment is due also to Mr. W. Carew of the Found 
for his supervision of the stress-rupture testing. 


References 


1. W. Rostoker and A. S. Yamamoto, ‘“‘A Survey of Vanadium Binary S\ 
RANSACTIONS, American Society for Metals, Vol. $16, 1954. p. 1136 
2. A. U. Seybolt and H. T. Sumsion. ‘“Vanadium-Oxygen Solid So! 


l'ransactions, American Institute of Mining and Metallurgical E 
Vol. 5, 1953, p. 292. 


? 


3. N.P. Allen, O. Kubaschewski and O. von ( voldbek, ‘‘The Free Energy Dia; 
of the Vanadium-Oxygen System,” Journal, Electro hemical So 
Vol. 98, November 1951, p. 417. 


et 





PROPERTIES OF VANADIUM CONSOLIDATED BY 
EXTRUSION 


By C. E. Lacy anpb C. J. BECK 


Abstract 


Ductile vanadium, produced by the bomb reduction of 
1.0, with calcium, was simultaneously consolidated and 
reduced to shape by hot extrusion. Chemical analyses, 
mechanical properties, recrystallization behavior, metallo 
oraphic structure, and cold fabrication behavior were used 
to evaluate the extruded products. 

Consolidation by extrusion produced a dense, sound 
product with satisfactory tensile properties and excellent 
cold fabrication characteristics. Contamination of the re- 
active vanadium with oxygen and nitrogen during process 
ing was minimized. A %4 inch O.D. by Ye inch wall ex- 
truded tube was readily cold drawn to 0.080 inch O.D. by 
0.010 inch wall capillary tubing. 

Properties reported include standard tensile data, true 
stress —true strain tensile data, hardness, modult, and dens- 
wy. 

Hardness versus annealing temperature data are pre- 
sented for extruded vanadium which had been given a 60% 
cold reduction. An anomaly attributed to age hardening was 
observed in these data. (ASM-SLA Classification: F?4, 
QO general, V) 


PROPERTIES OF VANADIUM CONSOLIDATED BY EXTRUSION 
we ductile vanadium can be prepared by the bomb re- 


duction of V2O5; with calcium (1,2,3).1 The product of this 
reduction is a button or regulus which is not particularly suitable 
for processing directly into usable forms because it has an irregular 
shape and generally contains entrapped slag. Since vanadium is a 
reactive metal similar to titanium and zirconium, the reguli cannot 
be melted into ingots by normal melting techniques without pro- 
ducing serious embrittlement. As little as 0.05% oxygen causes a 
serious loss in the cold ductility. 
(he vanadium reguli have been converted into usable forms 
arc melting and fabrication of the ingots using a metal sheath 
or salt as protective coating. However, care must be exercised in 


1 
ry. 


e figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Seventh Annual Convention of the 
society, held in Philadelphia, October 17-21, 1955. Of the authors, C. E. Lacy is 
ich associate and C. J. Beck is metallurgist at the Knolls Atomic Power 
oratory, General Electric Company, Schenectady. Manuscript received 

h 10, 1955. 
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both the melting and fabrication operations to prevent OXyg 
tamination. Another possible method of consolidating the | 
by hot extrusion. This technique has the advantages of elim 
the are melting step and providing a short work cycle, whic! 
mize chances for contamination. The present paper gives data 
properties of ductile, bomb-reduced vanadium which has be: 
solidated by hot extrusion. 


IeXPERIMENTAL PROCEDURE 





General—In the consolidation of a metal by extrusion, small 
particles are pressure welded into a solid mass by hot working 
(‘onsolidation and reduction to shape are accomplished in a singl 
operation. The general technique of pressure welding is not new. 
but there is increasing interest in extrusion for this purpose becaus: 
of its speed and versatility in regard to starting materials and shap 
of product. Extrusion is particularly suitable for a reactive material 
like vanadium because the metal can be confined readily in a pro 
tective jacket and the short work cycle minimizes possible contami 
nation during fabrication. 

Extrusion Procedure—Ductile vanadium buttons or reguli 
(lig. 1) were cold-rolled to 0.030 inch sheet which was in turn sheared 
into 44 inch squares. The total cold reduction was in excess of 90° 
This amount of reduction caused some splitting and edge cracking, 
but this condition was unimportant since the purpose was to mak 
small pieces which could be packed uniformly for extrusion. Rolling 
to sheet also served to permit the elimination of any slag entrapped 
in the buttons. Since slag-bearing areas produced defects in the sheet, 
the slag could be removed by discarding these defective areas in the 
shearing operation or by leaching in subsequent acid pickling. 

To prepare an extrusion billet, approximately 850 grams ol 
these vanadium squares were degreased, pickled in dilute nitri 
acid, and vibration packed to 50% of theorical density in a 23 inch 
O.D. by 0.060 inch wall steel can (see Fig. 2). A steel plug was 
welded in the top of the can, and the can was evacuated through a 
steel tube in the plug. A seal was made while the can was unde: 
vacuum by cold pinching the steel tube. 

Extrusion of the billet assemblies was done on a 500-ton press 
with a 2.48 inch diameter container. The billets were heated for on 
hour at 1100 to 1150°C (2010 to 2100°F) in an argon atmospher 
prior to extrusion. Lubricants were the conventional graphite-oil 
and mica-asphalt type. Delivery speed of the extruded product was 
approximately 60 feet per minute. 


A list of the five extrusions made in this study and the pertinent 
extrusion data are given in Table I. Vanadium squares for Extru 
sions 1 through 3 were obtained from 125 to 1000 gram buttons pri 
pared by the calcium reduction of VO; as described in References ! 





dtu? 


Paes Rr Maes fe 


PROPERTIES OF VANADIUM 581 








Fig. 1—Vanadium Button or Regulus Produced by Bomb Reduction of V2Os5s with 
Calcium 


and 2; those for Extrusions 82 and 94 were obtained from larger 
reductions made by a commercial supplier of vanadium. Material 
for Extrusion 82 was prepared by hydriding, crushing, and dehy- 
driding regulus vanadium rather than by cold rolling and shearing. 
Chis vanadium was supposedly typical of regulus metal which had 
borderline cold fabricability after being processed to rod by com- 





Table I 
Extrusion Conditions for Vanadium Consolidated by Extrusion 

Extrusion Extruded Billet Extrusion Extrusion 
Number Form Temp. —°C Ratio Constant-PSI* 
KAPL-1 34 inch Rod 1150 10.9 to 1 50,000 
KAPL-2 % inch x % inch Tube 1150 18.9 to 1 52,000 
KAPL-3 34 inch Rod 1100 10.9 to 1 50,000 
UC-82 % inch Rod 1100 10.9 to 1 

4 % inch Rod 1100 10.9 to 1 


*Extrusion Constant = Ram Pressure (Psi) 


log Original Area 


* Final Area 
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cial techniques. The billet assembly for the tubing extrusion was 
-imilar to those used for rod extrusions except that a 0.550 inch I.D. 
4, 0.060 inch wall mild steel tube was inserted through the axis of 
‘he assembly and welded to the steel jacket at each end. The vana- 
dium chips were packed between the inner and outer jacketing 
tubes. Extrusion of this assembly into tubing was made using a 
foating mandrel. 

Methods of Evaluation—To evaluate the extruded product, the 
following data were obtained: (a) chemical analyses, (b) mechanical 
properties, (C) recrystallization behavior, (d) metallographic struc- 
ture. and (e) cold fabrication behavior. Further information on 
methods of obtaining these data is given in the following sections 
on experimental results. 


EXPERIMENTAL RESULTS 


Chemical Analyses—Analytical data were obtained on samples 
from the extruded product in either the ‘“‘as extruded”’ or extruded 
and cold worked condition. Values determined on Extrusions 1, 2, 
82, and 94 are given in Table Il. A typical composition of a 1000 
gram vanadium button of the type used for Extrusions 1 through 3 
is included for comparison. 


Table II 
Chemical Analyses of Extruded Vanadium 


Weight Per Cent of Element 
Typical 1000 


Element Gram Button KAPL-1 KAPL-2 UC-82 UC-94 
O 0.03 0.045 0.034 0.031 0.0324 
N 0.009 0.0072 0.0052 0.026 0.0009 
H 0.002 0.0043 0.0028 0.0021 0.0025 
{ 0.13 0.130 0.119 0.146 0.075 
Ke 0.2* 0.22 0.025 0.17 0.33 
Si 0.05 0.054 0.51 0.069 0.040 
\l 0.1* 0.051 0.25 0.056 0.025 
Ca 0.1* 0.048 0.096 0.079 0.101 


eC 


pectrographic values 


Tensile Properties—Tensile tests were run on Rod Extrusions 1, 

82, and 94 in three different conditions: (a) as-extruded and cold 
straightened, (b) cold-reduced 50 to 60% by swaging or rolling, and 
c) annealed after cold working. To obtain material for the tensile 
specimens the extruded rods were cold-straightened by swaging and 
the steel jackets were removed by machining. The as-extruded 
specimens were machined from lengths of the dejacketed rod. Por- 
tions of the dejacketed rod from each of the three extrusions were 
cold-swaged a total of 50 to 60% reduction in area using 15% re- 
ctions per swaging pass. A portion of Extrusion 1 was also re- 
ed 60% by cold rolling in hand round grooves using 10 to 15% 


uction per pass. Part of each of the cold-worked rods was an- 
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nealed 1 hour at 900 to 950°C (1650 to 1740°F) in vacuum 
vide material for the annealed specimens. 

Tensile data were obtained on standard 14 inch diamete: 
gage length specimens. Duplicate tests were made on | 
extruded and the annealed specimens; single tests were run 


cold-worked specimens. A microformer averaging extensomet 
used to obtain yield and rough modulus data. Simultaneous 
diameter measurements were made on the annealed specim 


permit computation of true stress-true strain curves. The spe: 


4 were strained at a rate of 0.005 to 0.01 in./in./minute. 
Properties determined in the tensile tests are presenti iI 
? Table IIl. All except the cold-worked specimens exhibited a vield 
. point; for these the upper and lower yield point values are reported 
a 
{ 
Table III 
rensile Properties of Vanadium Consolidated by Extrusion 
Specimen Upper Vid Lower Yld Tensile Young's Flong 
Identity and Point Point Strength Modulus in 1 i 
Condition Psi Psi Psi Psi X10~° 
} \s-Extruded 
KAPL-1 (5) 57,800 61,509 19.4 35 { 
UC-82 51.700 $8900 64,600 19.8 31 Sé 
: UC-94 17,200 $4,300 60,800 19.6 31.5 0.5 
Cold-Worked 
. KAPL-1*8 (63) 71,600 75,800 19.3 18 4 
KAPL-1» (62) 78,500 85,100 17 58 
UC-82" (50) 73,500 77,700 18.1 18 53 
. UC-948 (47) 1,400 75,100 18.1 19 iT 
C.W + Anneal 
KAPL-1* (63) $7,800 $1,900 56,000 19.1 44.5 8.5 
KAPL-1» (62) 51,700 46,200 56,400 17 35 
UC-828 50) 55,100 49, 800 61,700 19.2 37 64 
UC-944 17) 48,600 45,800 58,400 19.2 33 80.5 
: , Cold-Swaged 


Cold-Rolled 
0.2% Yield Strength 
) Per cent Cold Work 
Anneal =1 hour at 900—950°C (1650-1740°F) 


Yield strengths for the cold-worked specimens are the stresses re 

quired to give 0.2% permanent deformation. Table IV lists th 

strain hardening exponent and strength coefficients for the annealed 

specimens. These are the n and A constants in the true stress-tru 
nt, 

1, 


' , A, 
strain equation o=Ae* where «= a = loge , oF loge A. Values for 
a o hI 


n and A were determined from log-log plots of the true stress-tru 

. - . . - i 
strain data; averages of two determinations made from the dupl 
cate tensile tests are reported in the Table. 


Values for Young’s modulus and the shear modulus of Extru- 
° . ee . — 
sion 1 in the as-extruded condition were determined dynamically. 
These were calculated from the longitudinal and shear wave veloct- 
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Table IV 
Strain Hardening Exponents and Strength Coefficients for Annealed Vanadium 


strain 
Gy Type ot Cold Work Hardening strength 
; Prior to Anneal* Coefficient Coefficient, P 
{ Swaged 63°; 0.16 87,500 
1] Rolled 62% 0.21 96,000 
1c. Swaged 50° 0.17 98 OOO 
110.04 Swaged 47° 0.20 98.000 


«Annealed 1 hour at 900—950°C in vacuum 


ties obtained by the ultrasonic pulse technique (4). Following are 


these values: 


Young's Modulus 18,400,000 psi 
Shear Modulus 6,730,000 psi 
Poisson Ratio 0.36 


lhe density of the machined cylinder used for these measurements, 
as determined from its size and weight, was 6.10 grams /°™ 
| Hardness—Diamond pyramid hardness data for the five ex 
trusions are presented in Table V; hardness was determined on 
metallographically polished specimens using a 10 kilogram load. In 
most cases data were obtained on samples cut both parallel and 
perpendicular to the working direction. The data for the two types 
of samples are reported separately in the table. Each value listed is 
the average determined from three to five hardness impressions. 
Recrystallization Data—I\n order to determine the proper tem- 
perature for heat treating the annealed specimens, hardness versus 
annealing temperature data were determined on cold-swaged and 


Table \ 
Hardness of Extruded Vanadium 


Isio! Longitudinal lransverse 
Number Condition DPH-10 Kg. Load DPH-10 Kg. Load 
P KAPL-1 As-Extruded 134 
Cold-Swaged 62% 179 
: Cold-Rolled 63% 196 190 
. Cold-Swaged— Annealed 125 
¥ Cold-Rolled— Annealed 130 148 
= L-2 As-Extruded Tubing 109 129 
Drawn to 0.30 in. x 0.25 in. 
4 Hard 123 140 
P Annealed 105 107 
ie, Drawn to 0.080 in. x 0.060 in 
4 Hard 162* 181* 
gi Annealed 135* 151* 
As-Extruded 137 139 
Be Ut As-Extruded 148 146 
ce Cold-Swaged 50% 180 184 
a Cold-Swaged— Annealed 144 140 
Pays 
; As-Extruded 136 134 
Cold-Swaged 47% 178 170 
Cold-Swaged— Annealed 144 124 


verted from Knoop Readings 
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cold-rolled samples from KAPL-1 rod. These data are plo 
Fig. 3. All samples were annealed in vacuum using a consta 
nealing time of 1 hour. 

The irregularity in the hardness-temperature curve b 
600 and 800°C (1110 and 1470°F) is real since it was duplica 
three sets of samples, each of which was processed separately. | 
anomaly was first observed in data from a set of cold-s 
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Fig. 3—Effect of Annealing Temperature on the 
Hardness of Cold-Worked Vanadium 


samples represented by the open circles in Fig. 3. A second set of 
cold-swaged samples and a set of cold-rolled samples were pro: 
essed with similar results. 

In the metallographic examination of the samples, no ob- 
servable recrystallization was noted until a temperature in excess 
of 750°C (1380°F) was reached. Microscopic recrystallization was 
complete after a 1 hour anneal at 850 to 900°C (1560 to 1650°! 

Metallography— Photomicrographs of longitudinal sections olf 
the five extrusions are shown in Figs. 4a, 4b, 4c, 4e, and 4f. For com- 
parison a photomicrograph (Fig. 4d) of a transverse section has 
been included; this transverse section is typical of those for all ex 
trusions. The as-extruded material has an annealed grain structure 
Further, the pieces of vanadium used in the extrusion have welded 
together leaving no trace of the original particle surfaces. 

Longitudinal sections of Extrusion 1 at high magnification are 
shown in Figs. 5a and 5b in the as-extruded condition and the cold- 
worked and annealed condition, respectively. There is a small 
amount of a second phase at the grain boundaries of the as-extruded 
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Fig. 4—Structure of Bomb-Reduced Vanadium as Consolidated by Extrusion. Etchant 
ia regia and Glycerine. X 100. (a) Longitudinal Section of KAPL-1, (b) Longitudinal 
tion of KAPL-2, (c) Longitudinal Section of KAPL-3, (d) Transverse Section of KAPL-3 
Longitudinal Section of UC-84, (f) Longitudinal Section of UC-94 
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Fig. 5—Longitudinal Sections of Vanadium Extrusion KAPL-1. Etchant-Aqua 
and Glycerine. X 500. (a) As-Extruded (b) Cold-Swaged 62° and Annealed One H« 


950° 1740°F 


rod. As is evident in Fig. 5b, this phase remained in situ during cold 
working and annealing of the extruded rod; thus it did not go into 
solution during annealing at 950°C (1740°F). Based on known 
solubilities of impurities present in the vanadium, it is believed the 
second phase is a carbide, VC. 

Cold Fabrication Characteristics—Since contamination of vana 
dium with oxygen causes embrittlement at room temperature, th 
cold fabrication behavior is a good measure of vanadium quality. 
Swaging, rolling, and drawing were used to check the cold fabrica 
tion characteristics of the vanadium extrusions. 

Rod Extrusions 1, 82, and 94 were cold-swaged to 63, 50, and 
47°) reductions in area, respectively, without annealing as de- 
scribed in the section on tensile properties. The material swaged 
easily and could have been reduced further. Extrusion 1 was also 
readily cold-rolled to a total reduction in area of 62%. 

Extrusion 2, a 34 inch O.D. by % inch I.D. tube, was used 
solely for checking the cold working qualities of extrusion con- 
solidated vanadium. The inner and outer steel jackets on the ex- 
truded tube were removed by pickling in dilute HCl. This pickling 
treatment produced hydrogen embrittlement of the tube, but 
vacuum annealing 6 hours at 1000°C (1830°F) removed the hydro- 
gen and restored the original hardness. The surface of the vanadiu! 
was rough after removal of the steel jacket, and machining was 
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required to produce a tube suitable for drawing. After surfac 
ditioning the tubing was successfully drawn into the four siz | 
tubing shown in Fig. 6. Annealing in the drawing operatio: : 
done in vacuum. The total reduction in area of the starting 

in drawing to the smallest size, 0.062 inch I.D. by 0.010 inch 

was in excess of 98%. 

In an inspection of the six small tubes, they were found t 
leak tight by mass spectrometer leak testing. The six small diam: 
tubes were pressure tested at a maximum hoop stress of 8000 ps; 
without observable permanent change in dimensions. One of 
tubes, pressure tested to rupture, failed at a hoop stress of 34,500 
psi; this is approximately the proportional limit for the vanadiu: 


DISCUSSION OF RESULTS 

The data obtained in this work show that extrusion is a feasibl: 
technique for consolidating ductile vanadium reguli produced 
bomb reduction. Extrusion produces a dense sound product with 
satisfactory mechanical properties and excellent cold fabricatioi 
characteristics. Hardness and analytical data indicate that th: 
quality of the extruded vanadium is practically equivalent to that 
of the as-reduced regulus or buttons. 

The tensile properties of the extruded vanadium are simila: 
those of ingot iron; they are characterized by moderate strength 
and excellent ductility. A comparison of the properties of the ex 
truded vanadium with those reported by Kinzel (3), Nash et al (5 
and Brown (6) for commercial, iodide, and “high purity’’ vanadiun 
respectively, is given in Table VI. The properties in general are in 
termediate to those of commercial and iodide vanadium and ar 


Table VI 
Comparison of Properties of Extrusion Consolidated Vanadium with Data Reported 
in the Literature 


Extruded Commercial High Purity lodide 
Property* Vanadium Vanadium? Vanadium (6 Vanad 
Upper Yield Point, Psi 48 to 55,000 
Lower Yield Point, Psi 42 to 50,000 
0.2% Yield Strength, Psi 76,000 16.700 
Tensile Strength, Psi 56 to 62,000 81,000 60 to 70,000 31.600 
Elongation % 33 to 44 (1 in 7 (2 in.) >25 17 (1 
Reduction in Area % 64 to 80 >65 75 
Strain Hardening Coefficient 0.16 to 0.21 0.20 
Strength Coefficient, Psi 87 to 98,000 53,200 
*Properties in all cases are for annealed specimens 


**Sheet specimen—broke outside of gage mark 


nearly equivalent to those of the “high purity’’ vanadium. Sinc 
an increase in the impurity content increases the strength and low 
ers the ductility, the data indicate that the purity of the extruded 
vanadium is intermediate to that of the crystal bar and “high 
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itv’ metal. Thus the data confirm that consolidation of vana- 
m by extrusion minimizes contamination. The use of cold work- 

operations and vacuum annealing during subsequent fabrica 
n serves to maintain the impurity content at a low level. 

The yield point phenomenon exhibited by the extruded vana- 
um is similar to the yield point in low carbon iron. Both have 
ody-centered cubic crystal structures; hence yielding in vanadium 

is probably associated with carbon and nitrogen impurities, as it is 
iron. Elimination of the impurities, as is the case for crystal bar 
vanadium, or cold working eliminates the yield point. 

In Tables III and IV, small differences may be noted in the 
properties of the three extrusions, but there is no direct correlation 
of these variations with analytical data. Extrusion 82 in the an- 
nealed condition has a slightly higher tensile strength and sig- 
nificantly lower reduction in area than the other two extrusions; 
this might be expected since this extrusion has the largest total gas 
ind carbon impurities. However, on this impurity basis, Extrusion 
{| should be somewhat stronger and less ductile than Extrusion 
UC-94, but the reverse is true. There is an appreciable difference 
between the cold-swaged and cold-rolled properties of Extrusion 1 
even though reductions in cross sectional area were approximately 
the same. The cold-rolled rod obviously was subjected to a con- 
siderable amount of transverse deformation which was not taken 
into account in determining the amount of deformation from the 
original and final dimensions of the rod. 

With reference to the hardness versus annealing temperature 
data on the cold-worked vanadium, rapid softening began at 500 to 
600°C (930 to 1110°F) and ceased at 850 to 900°C (1560 to 1650°F). 
\letallographic recrystallization occurred between 750 and 900°C 
1380 and 1650°F); thus it did not start until softening was well 
under way. The temperature range of softening agrees with those 
reported by Nash et al (5) for crystal bar vanadium and Rostoker 
ind Yamamoto (7) for a “‘pure’’ vanadium; however, their data 
indicate that metallographic recrystallization occurred between 650 
and 800°C (1200 and 1470°F). It would be expected that the higher 
purity iodide metal would recrystallize at a lower temperature, but 
the reason for the lack of agreement with Rostoker’s data is not 
pparent. 


No irregularity in the hardness versus annealing temperature 
irve for cold-worked vanadium is indicated in the data of Nash or 
Xostoker. However, since the irregularity observed on extruded 
inadium from Extrusion 1 was duplicated on three sets of samples, 
e effect is real. This behavior very likely is an aging phenomenon, 
imilar to strain aging in steel and titanium (8), although the 
mperature range in which it occurs, 650 to 800°C (1200 to 1470°F), 
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is much higher than the low ductility temperature range for 
and titanium. 

The technique of loosely packing the small vanadium squar: 
a steel can for extrusion worked satisfactorily. However, th« 
truded pieces did have a rough surface after the steel was remo 
by pickling. The surface of the extruded vanadium could be 
proved by increasing the density of packing of the vanadium in | 
cans. A simple cold compacting operation could be used to iner 
the density from the 50% of theoretical value achieved by ta: 
packing to approximately 75% of theoretical density. 


SUMMARY 





Extrusion was demonstrated to be a feasible technique for coi 
solidating ductile vanadium reguli produced by the bomb reductio: 
of V2O; with calcium. Simultaneous consolidation and shaping 
vanadium by extrusion resulted in a dense, sound product with 
satisfactory mechanical properties and excellent cold fabricatio: 
characteristics. Contamination of the reactive vanadium with 
oxygen and nitrogen during processing was minimized. 

The tensile properties of the extruded vanadium were similar to 
those of ingot iron; they are characterized by moderate strength 
and high ductility. The ductility of the extruded product was fur 
ther demonstrated by the excellent cold fabrication characteristics 
in tube drawing. 

The temperature range of softening for extruded vanadium, 
which was cold-reduced 60% in area and annealed 1 hour at tem 
perature, was 500 to 900°C (930 to 1650°F). Metallographically, 
recrystallization occurred between 750 and 900°C (1380 and 
1650°F). An anomaly, attributed to age hardening, was observed in 
the softening curve between 600 and 800°C (1110 and 1470°F). 
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DISCUSSION 

Written Discussion: By J. W. Pugh; General Electric Research Labora- 
tory, Schenectady, New York. 

It is interesting to compare the results described in this paper with some 
\btained recently on aro-melted vanadium. This metal was arc-melted under argon 
from powder pellets, rolled to 0.100-inch thick sheet at 850°C (1560°F), finished to 
0.020 inch thick cold, and annealed for an hour at 1000°C (1830°F). A chemical 
inalysis of this material indicated the following. 


Element Weight % Present 
oO 0.057 
N 0.071 
H 0.0063 
W <0.02 
Fe <0.005 
Si <0.005 
Cc 0.09 


Hardness as a function of annealing temperature for this material is shown 
Fig. 7. Note that there is an anomaly in this relationship similar to that of 
Messrs. Lacy and Beck and that recrystallization has taken place in the same 
temperature range. The irregularity in the temperature dependence of hardness 
prior to recrystallization is, as the authors have suggested, undoubtedly due to 


bs strain aging. Additional observation on the arc-melted material which confirm 
BP (his are inverse temperature dependences for the strain-hardening coefficient, 
e rain-rate sensitivity, elongation, and strength in the same temperature range 
Bs is the anomaly noted for hardness. Yield points and serrated stress-strain curves 
Ey the appropriate temperatures provide additional confirmation. 

cs lhe tensile properties of the arc-melted vanadium at room temperature were 
on | , 

er follows. 

& Property Value 

a Yield Strength 53,700 psi 

rr Ultimate Tensile Strength 60,600 psi 

Es Per Cent Elongation 18.9 

ss Strain Hardening Coefficient 0.116 





~~ 
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lt appears that this materia! has slightly higher strength, but lower . 
than that of Messrs. Lacy and Beck 
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Fig. 7— Knoop Hardness Versus Annealing Temperature on Cold-Rolled Vanad 
Authors’ Reply 
The authors appreciate having Dr. Pugh’s data on arc-melted vanad 
powder. As Dr. Pugh mentions, his data are in general agreement with the « 
on the extrusion-consolidated bomb-reduced vanadium, except for ductility 
; A point of interest is the degree of contamination which occurs in arc-melti 


However, since Dr. Pugh’s starting material was powder pellets, a compariso1 


the two sets of data cannot be used to check this point. 











FABRICATION AND EVALUATION OF THIN CLAD 
SHEETS OF MOLYBDENUM 


By M. H. LACHANCE AND R. I. JAFFEE 


Abstract 

Techniques for producing thin sections of clad molybde- 
num and for edge protecting the sheared edges of the com- 
posite sheet are described. A method for selecting cladding 
materials was developed. This method consisted of simulat- 
ing the conditions existing when clad molybdenum is ex 
posed at elevated air temperatures. The high temperature air 
oxidation of iron, cobalt, and alloys containing significant 
quantities of tron or cobalt was drastically accelerated by 
contact with molybdenum and its oxidation products. Oxida- 
tion of chromium, nickel, and high nickel alloys was rela- 
tively mild in the presence of molybdenum and MoOs. Iron- 
base alloy claddings proved to be markedly inferior to 
high nickel claddings for service at elevated atr temperatures. 
Of the cladding materials tested, molybdenum was best pro- 
tected by the SO w/o nickel-20 w/o chromium alloy. (ASM- 
SLA Classification: L?2, Mo) 


OR structural applications at 1800°F or above, it is now rather 
E. ‘nerally conceded that of all the possible high melting metals 
molybdenum has the most promise. The very low resistance of 
molybdenum to oxidation, beginning about 900°F, requires that a 
protective coating be used. The present work is concerned with 
metallic coatings and continues the work described earlier for thick 
clads by Bruckart and Jaffee (1)'. There are several obvious advan- 
tages to protective metallic coatings, the most important being 
heir ductility. As the work described will show, thin metallic 
coatings can provide adequate oxidation protection for molybdenum 
at 1800°F for long times, even during thermal cycling. 


Objective and Scope 
The purpose of this work was to produce thin clad composite 
sheet for limited service life in air at elevated temperatures. A 
cladding material was rated as satisfactory for service at 1800, 
2000, or 2200°F if 3 mils provided protection for: (a) 100 hr. at 
nstant temperature, and (b) 40 1-hour cycles from testing tem- 
erature. 


Che figures appearing in parentheses pertain to the references appended to this paper 


Work performed under AEC Contract No. W-7405-eng-92. 


Of the authors, M. H. LaChance is principal metallurgist and R. I. Jaffee 
vision chief, Nonferrous Physical Metallurgy, Battelle Memorial Institute, 
imbus, Ohio. Manuscript received September 20, 1954. 
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Initial efforts were concentrat d on (a) the developmen 
cladding technique which would yield good metallurgical bo: 
and (b) perfecting a method of edge sealing the sheared com) 
sheet. A total of some 30 alloys were block tested? for possib| 
in cladding molybdenum. Molybdenum was clad with 12 diff 
alloys and air-oxidation tested to determine which materia] 
vided satisfactory protection. Throughout the work, an effort 
made to classify commercial and experimental heat resistant al! 
according to their oxidation resistance, both in air and in air ply 
MoQOs. It is believed that the findings of this work will augment 
existing data and lead to a better understanding of surface phenon 
ena for the eventual protection of molybdenum on a commer 


scale. 


sf 


ld 


Background Research 


[It was noted in the initial research work (1) that claddings 
of “A” nickel, Inconel, and Types 302 and 446 stainless steels 
(nickel contents decreasing in the order listed) yielded progressively 
weaker metallurgical bonds, demonstrating that nickel is a desirabk 
alloying element in cladding materials. Utilizing this property, 1 
mil of nickel was plated on the contact surfaces of a Type 446 stain 
less cladding prior to assembly and rolling. No improvement in 
bond strength was noted with the 1-mil thick interlayer of nickel. 
The sheared edges of the plus 40-mil thick composite sheets were 
sealed with nickel, applied with an oxyacetylene torch. It was dem- 
onstrated that, at 1800°F under stress, 15 mils of nickel protected 
the molybdenum base metal from oxidation for approximately) 
1800 hour. 


MATERIALS AND PREPARATION OF CLAD SHEET 


Cladding Components 

Westinghouse hydrogen-sintered molybdenum in the wrought 
condition was used for the core sections. This was machined to th 
size shown in Fig. 1. 

The frame sections, or yokes, were machined from commercial 
“A” nickel, Inconel, or 80 w/o nickel-20 w/o chromium. Since the 
edges of the cladding assemblies were sealed by welding, the choice 
of alloy for the frame depended on its compatibility with the clad 
ding material. Frame sections were shaped to size and milled to 
accommodate the cores (see Fig. 1). 

Commercially available materials which were satisfactoril) 
bonded to molybdenum were “A”’ nickel, ‘‘Z’’ nickel, 80 w/o 
nickel-20 w/o chromium, Inconel, Inconel X, and Types 310 and 


2Accelerated oxidation tests developed for screening intended cladding materials. Detail 
description is given later under Oxidation Resistance. 
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SO 
Table I 
Experimental Cladding Alloys 
Nominal Alloy Melting Forgeability 
Composition, w/o Pechnique 
From 2200°F 
Ni-5.2Ta Induction melted in air unde1 Good 
Ni-2.3Ti-2.7Si1 slag cover Good 
Ni-1.9Ti-2.1Si-1.9Al Slag composition, w/o Good 
Fe-15Cr-5Al SOAhO;-42Ca0-8 MgO Good 
From 2050°F 
Ni-5.1Z1 Arce-cast in argon Good 
Ni-5.2Zr Induction melted in vacuum Good 
Ni-5.0Zr-2.5Al Induction melted in vacuum Good 
hickness Prior to } 
Roll Cladding, in 
+- . T 4 
a = =< Cladding Plate 0235 | 0205 0.016 
. “ ” , > 
—— _ =—;{ A Nickel Bonding Layer None | 003 0.007 
> > — = . > - _ - o 4 
~4 CoRzz27277777747 5 = Molybdenum Core 110 ] 0.110 0.110 
® ¢ ‘ + ; ; 
x . = A Nickel Bond ng Loyer None | 0.003 0.007 
; + { 
( = = ~« Cladding Plate | 1.0235 | 0.0205 | 0.016 | 
Total Thickness 0.157 | 0.157 0.156 
i + 4 4 
~~ e in ~ 
4 - 
' hickness After 
— 15 ne Roll Cladding, in 
’ we ae r = + - + —, j 
| j Cladding Q.003 | 0.0026 | 0.002 
= i “ " t + a ; 
wv I | A Nicke None | 0.0004 0.00! 
: + + + 4 
> £ Aolydbddenum Ore 0.01 0.014 | 0.0! 
Mo-Core in Moly pins gre | 0.014 .014 O'4 | 
) A_ Nickel None | 0.0004] 0.00! | 
oO Yc int ¥ + + a | j 
7. Cladding ).003 0.0026 0.002 
r + _ 
vous f | __ Total Thickness | 0.020 | 0.020 0.020 | 


Fig. 1—Cladding Assembly and Thicknesses Used 


446 stainless steel. Some experimental cladding alloys (Table 1) 
were also evaluated as bonded to molybdenum. 

Seven additional experimental alloys containing more than 
90 w/o nickel were made. These alloys, described subsequently, 
were tested for resistance to attack in air and in air plus MoO, 
atmospheres but were not evaluated as cladding materials. 


Cladding Assembly 
q A cladding assembly of the conventional picture-frame type was 
F used. As shown in Fig. 1, claddings were made without bonding 
layers and also with 3- and 7-mil thick bonding layers of ‘‘A”’ 
E nickel. All contact surfaces of the assembly were sanded and de- 
: greased in ethylene trichloride vapor before edge welding. 
The tendency of oxidation-resistant alloys to form stable sur- 
ice oxides when heated in air was found to be very detrimental to 
bond adherence. It was found that, even in an edge-welded as- 
sembly, sufficient air was occluded to allow such films to form. Two 
z methods were employed to prevent this. 
One method consisted of electroplating 3 mils of nickel on the 
ntact surface of the heat resistant cover plates. As illustrated in 


t 
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"Mo CLAD WITH Ni-PLATED STAINLESS (TYPE 310) 





Fig. 2—Effect of a 3-Mil Thick Interlayer of Nickel Plate on the Bonding of Molyb- 
denum to San 446 and 310 Stainless Claddings. Assemblies not scaled under vacuum 
reheat temperature, 2280°F; nominal reductions, 20% per pass X% 


Fig. 2, the nickel plating resulted in successful cladding with Types 
446 and 310 stainless steel. 

Frequently, internal air pressure, created by heating an as- 
sembly prior to rolling, would either prevent bonding or would rup- 
ture the bond after the first rolling pass. When this occurred, the 
probability of bonding on subsequent passes was greatly reduced. 
To eliminate difficulties stemming from the presence of air in a 
cladding assembly, evacuation of the pack was found to be neces 
sary. This alternate method consisted of welding a nickel tube into 
the edge of an assembly, pressure testing under water for defects, 
evacuating the air, and sealing the tube by hot forging while the 
assembly was still under vacuum. 


Bonding by Roll Cladding 


Initially, the assemblies were heated to 2280°F in hydrogen for 
rolling. After considerable reduction in thickness, rupture of the 
cladding layers at the core-frame junction was frequently observed 
(see Fig. 2). This difficulty was minimized by lowering the heating 
temperature to 2190°F. 

All composites were rolled to a thickness of 20 mils without in- 
termediate annealing. Normally, reductions of 20% per pass were 
used. To increase the probability of bonding on the crucial first pass 
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Table Il 
Undercutting Conditions for 20-mil Clad Sheet(*) 


(Optimum conditions are underlined) 


Bath composition, per cent NaOH 10. 25. 50 
Bath temperature, °F 77. 140 
Electrolytic current, mac’ 150. 300 
Current density, amp/sq in.‘ 0.1.0.2 


14 mils of molybdenum; 3 mils of nickel per side. 
Specimen anodic 
Based on total specimen area where total area =32 Xarea of exposed molybdenum 


through the rolls, reductions of 40 per cent were very effective. The 
fnish-rolled composite sheet was annealed for 30 min. in hydrogen. 
Heating for rolling and annealing in a hydrogen-atmosphere furnace 
produced a smooth adherent oxide coating on the sheet. The under- 
lying metal surface was also smooth and free of defects. 


Edge Protection 

In the production of clad sheets it is customary to finish roll to 
the desired thickness and shear to size. For clad molybdenum, pro- 
tection of sheared edges from high temperature oxidation then be- 
comes mandatory. 

Direct application of a nickel edge bead with an oxyacetylene 
torch was satisfactory for sheets of greater than 40-mil thickness, 
but this method yielded uneven and discontinuous beads on 20-mil 
material. Efforts were therefore concentrated on finding a method 
of undercutting the molybdenum at a sheared edge to permit in- 
sertion and fusion of a filler wire. Successful undercutting was 
achieved by electrolytically dissolving the exposed molybdenum in a 
sodium hydroxide solution. Table II gives data on undercutting 
conditions. 

A comparison was made of the relative merits of NaOH and 
ILOH solutions as undercutting media. Fig. 3 shows that the rate of 
attack with KOH is double that obtained with NaOH. The con- 
cave bottom of the KOH undercut permits closer contact between 
the core and filler wire during fusion. Fig. 4 shows a filler wire in 
position with the claddings lapped to hold it in place and a sealed 
edge after fusion with an oxyacetylene torch. 


FORMABILITY OF CLAD MOLYBDENUM 


Test Method 
A special bend test was used to evaluate the bend ductility of 
molybdenum and the bond. Bend specimens 34 X36 X0.020 
inch were placed horizontally across a 75-deg. V-notch die block. 
iding was at 90 degrees to the rolling direction and was done at a 


a 
“ 


of 0.5 in./min. by a 75-degree male wedge block, the acute edge 
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Fig. 3—Comparison of the Rates of Undercutting Obtained in 25% Solutions of Sodiu 
and Potassium Hydroxides. (a). Undercutting rate: 0.00024 inch per minute; (b) under 
cutting rate 0.00046 inch per minute X100. 
Current density: 0.125 amp/sq in. of total area 
Immersion time: 60 min 
Bath temperature: 77°F 
Core material: Hydrogen-sintered molybdenum (0.014 in. thick) 
Cladding material: 80 w/o iron-15 w/o chromium-5 w/o aluminum (0.003 in. thick per 
side) 
of which had a radius of 1/64 inch. Evaluation of bend ductility was 


made by sectioning and macroscopic examination. 


Test Results 


Fig. 5 shows excellent bend ductility for 20-mil clad moly! 
denum sheet. Macroscopic examination revealed no bending fail- 
ures. The reduction in thickness of the claddings on the tension side 
of the bends indicates that cladding integrity and bonding is re- 
tained beyond the elastic limit. 


OXIDATION RESISTANCE 


Screening of Cladding Materials 

In the early stages of this investigation, it was noted that clad- 
dings high in iron, such as Types 446 and 310 stainless steel, failed 
sooner than would be expected from their normal excellent au 
oxidation resistance. This led to the development of a test for 
determining the corrosive effect of molybdenum oxide vapor on in- 
tended cladding materials. This test will be referred to subsequent!) 
as the “‘block test.”’ 
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‘ 
b 
Fig. 4—Edge Sections of Clad Molybdenum Showing a Positioned Filler Wire and a 
Fused Edge. (a) Before fusion; (b) after fusion 100. 
Core material: Hydrogen-sintered molybdenum (0.014 in. thick) 
Cladding material: ‘‘A’’ nickel (0.003 in. thick per side) 
Fusion method: Oxyacetylene 
A preliminary series of nickel-chromium-iron specimens with 
decreasing nickel (and increasing iron) contents were placed on 
: small molybdenum blocks in an air atmosphere and heated at 1800°F 
F for 14.5 hours. Results are shown in Fig. 6. The detrimental effect of 
iron as an alloy constituent is apparent. 
Screening-Test Method 
Failure of a cladding layer at elevated air temperatures results 
in the formation of volatile MoQ;, which in turn accelerates the oxi- 
dation of many cladding materials. Therefore, screening tests were 
Table III 
Exposure Conditions for Block Tests 
AS (10-hr exposures at 1800°F) 
= Test Exposure Conditions 
bs Designation 0.75 X0.75 X0.1-In. Atmosphere 
Specimens Mounted 
A—Contact Test Horizontally in contact Air plus MoO; (> 
é with molybdenum block (®) 
B—Base-Line Test Horizontally in contact Uncontaminated air 
3 5 with Alundum slab 
a C—Suspended Test Vertically on Alundum Air plus MoO; 
b cylinder over molybdenum 
4 block 
E Molybdenum mounting block was approximately the same size as the specimens. 


MoOs generated by oxidation of molybdenum mounting block. 





y 











' 


—~ #. 
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Specimen 





105-deg bends over 1/64-in. radius; bending rate = }4 in. per min 
Thickness, mils 


Surface- “A” Nickel 
Cladding Cladding, Interlayers, Molybdenum Tota 
Specimen Material per side per side Core Composit 

A Inconel 3 0 14 20 
B Inconel 2.6 0.4 14 20 
Cc Inconel 2 1 14 0) 
D Inconel X 3 0 14 ”) 
E Inconel X 2.6 0.4 14 20 
k Inconel X 2 1 14 0) 
H “A” nickel 3 14 20 
I 80Ni-20Cr 3 0 14 0) 
J 80Ni-20Cr 2.6 0.4 14 10 
K 8ONi-20Cr 2 1 14 20 
L “Z" nickel 3 0 14 ”) 
M “Z"’ nickel 2.6 0.4 14 0 
N “Z" nickel 2 1 14 20 


Fig. 5—Cross Section of Clad Molybdenum Specimens after Room Temperature Bend 
Testing Demonstrating Satisfactory Bend Ductility and Bond Strength. 12. 


conducted to evaluate the resistance to MoQ; attack of some 35 in- 
tended cladding materials. Specimens were exposed to the test con- 
ditions given in Table III. After exposure, the specimens were 
cathodically descaled in a molten caustic bath (60 w/o NaOH 
40 w/o NasCO;) and weighed. Corrosion rates were calculated as 
grams lost per square inch of initial specimen area per hour. 


Screening-Test Results 


Block-test results for 18 wrought alloys are listed in Table IV 
and for 18 cast alloys in Table V. The metals and alloys tested are 
listed in order of increasing attack in the contact block test. 

Fig. 7 shows the effect of block testing on unalloyed materials. 
High purity chromium was the most resistant material in the con- 
tact test, followed by “A” nickel, high purity cobalt, and Armco 
iron. Of the four metals, nickel appears to be the most promising 
for use as an alloy base. Fig. 7 also shows the ‘“‘worm track”’ cor- 
rosion on one cobalt specimen where it was in contact with the 
molybdenum block. This erosive effect is referred to later under Dis- 
cussion. 
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Table IV 
, Corrosion Rates of Various Wrought Alloys When Exposed for 
10 Hours at 1800°F in Still Air and in Still Air-MoO; Mixtures 
(Specimen Size—%4 X% X0.1 in.) 
. Weight Loss, g/(sq.in.) (hr) 
Specimen Specimen Specimen 
Mounted Mounted Suspended 
on Mo on AleOs; Over Mo 
Nominal Composition, w/o Block Block Block 
D" Nickel (Ni-4.5 Mn) 0.0037 0.0186 0.0047 
Chromium (High Purity) 0.0049 0.0189 0.0072 
Ni-0.25Zr 0.0059 0.0125 
{ ,"’ Nickel (Commercial Purity) 0.0069 0.0093 0.0029 
Z" Nickel (Ni-4.5Al-1Ti) 0.0073 0.0084 0.0031 
Ni-5.1Zr (Melted in Argon) 0.0090 0.0117 0.0022 
Ni-5.0Zr-2.5Al (Melted Under Vacuum) 0.0100 0.0098 0.0024 
Q Ni-20Cr (Melted at BMI) 0.0277 « 0.0017 
( Monel (Ni-30Cu) 0.0359 0.1948 
Hastelloy B (Ni-30Mo-6Fe) 0.0405 0.0506 
Ni-20Cr (Commercial Grade) 0.1905 0.0004 0.0048 
Inconel X (Ni-5Cr-7Fe-2.5Ti-1Al-1Cb) 0.2358 0.0020 0.0355 
13 Inconel (Ni-15Cr-5Fe) 0.2643 0.0018 0.0136 
14 [Type 302 (Fe-18Cr-9Ni) 0.3600 0.0034 C.O 
15 Type 446 (Fe-25Cr) 0.3759 0.0035 C.0.4 
16 Type 430 (Fe-15Cr) 0.4307 0.0025 0.4181 
Armco Iron 0.4676 0.1622 0.3159 
g Type 310 (Fe-25Cr-20Ni) C.0. <4 0.0010 0.3789 
\tmosphere: air plus molybdenum trioxide. Specimen in direct contact with molybdenum 
\tmosphere: uncontaminated air 
Atmosphere: air plus molybdenum trioxide. Specimen in proximity, but not in contact, with 
bdenum. 
C.O.: completely oxidized 
Corrosion loss of 0.0277 g/(sq in.) (hr) is lower than obtained with Alloy 11 because of lower 
ration of MoOQOs. 
Table V 
Corrosion Rates of Various Cast Alloys when Exposed for 
10 Hours at 1800°F in Still Air and in Still Air-MoO; Mixtures 
(Specimen Size—%4 X34 X0.1 in.) 
Weight Loss, g/(sq in.) (hr) 
Specimen Specimen Specimen 
Mounted Mounted Suspended 
S on Mo on AleOs; Over Mo 
Actual Composition, w/o Block (@ Block ¢ Block (°) 
19 Ni-6.1Al 0.0050 0.0046 0.0034 
() Ni-5.5Zr 0.0053 0.0009 0.0000 
1 Nickel (+99% Purity) 0.0054 0.0126 0.0041 
Ni-5.2Ta 0.0054 0.0068 0.0035 
3 Ni-2.3Ti-2.7Si 0.0054 0.0069 0.0034 
4 Ni-1.9Ti-2.1Si-1.9Al 0.0058 0.0070 0.0034 
A Ni-5.0Cb 0.0066 0.0069 0.0028 
6 Ni-2.8A1-4.3Ti 0.0069 0.0074 0.0037 
/ Ni-5.0Ti 0.0070 0.0074 0.0034 
8 Ni-5.2Si 0.0089 0.0024 0.0140 
9 Ni-5.0Mn 0.0099 0.0137 0.0021 
’ 30 Ni-2.8A1-4.1Si 0.0270 0.0004 0.0032 
‘ ; 1 Ni-31Al(NiAl) 0.0577 0.0064 - 
32 Cobalt (High Purity) 0.0988 0.0466 0.0107 
) B Co-26.4Cr-14.4Ni 0.1892 0.0004 
+4 Co-20.3Cr 0.2061 0.0012 - 
y ‘ 5 Fe-15Cr-5Al 0.3966 0.0013 C.0. (4) 
: ) Co-27.8Cr-5.4Mo(Stellite No. 21) 0.4582 0.0013 0.1005 
mosphere: air plus molybdenum Trioxide. Specimen in direct contact with molybdenum. 


tmosphere: uncontaminated air. 


losphere: air plus molybdenum Trioxide. Specimen in proximity, but not in contact, 
pdenum 


completely oxidized 





ato fio ie 
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Fig. 6—Effect of Decreasing Nickel Content on the Corrosion of Cast Nickel-Ch; 
Iron Alloys when Exposed in Direct Contact with Molybdenum in Static Air at 
Specimen (a) initial appearance of specimen on molybdenum block; remaining fiv 
ance atter 14.5-hour exposure at 1800°F in static air and molybdenum trioxide. 1 


Initial appearance (Specimen on molybdenum block) 


Nickel, w/o 99.9 65.0 38.5 34.4 
Chromium, 

w/o 0.0 17.7 19.8 16.5 
Iron, w/o 0.0 14.9 39.4 46.7 
Weight Loss, 

per cent 0.57 3.8 25.8 21.1 
Weight Loss, 

g/(sq in.) (hr) 0.004 0.024 0.159 0.128 


Note: The ferritic stainless alloy at the upper right had an oxidation rate of 0.0007 g 
in uncontaminated air, based on 100 hr at 1800°F. 


Atmosphere— Atmosphere— 
Uncontaminated Air Air Plus MoOs 
Specimen Mounted Specimen Mounted Specimen Susp 
on AlkkO; Block on Molybdenum Block Over Molybdenur 
\ppearance Appearance Appearance 
After 10-Hr. Weight After 10-Hr. Weight After 10-Hr 
Exposure Loss Exposure Loss Exposure 


Identification at 1800°F g/(sq.in.)(hr.) at 1800°F g/(sq. in.)(hr at 1800°F ¢ 


Chromium 0.0189 0.0049 


(High Purity) 


"A" Nickel 0.0093 0.0069 





Cobalt 0, 0466 0.0988 
(High Purity) 
Armco Iron 0. 1622 0.4676 





a 


Fig. 7—Effect of Molybdenum Trioxide on the Oxidation of Metals Commonly Use 
Oxidation Resistant Alloys. x%. 
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Atmosphere 
Uncontaminated Ait 


Specimen Mounted 
on ALO Block 


\ppearance 
After 10-Hr. 
Exposure 
at 1800°F 


Weight 
Loss 


"A" Nickel 0.0093 


"2" Nickel 0.0084 


80Ni-20Cr 0.0004 


Inconel X 0.0020 


Inconel 0.0018 


302 Stainless 0.0034 


Stee] 





446 Stainless 0.0035 
Steel 
: Fe-15Cr-5A] 0.0013 
(As Cast) 
; 430 Stainless 0.0025 
; ee] 
tainless 0.0010 
Fig. 8 





g/(sq. in.) (hr. 


) 


specimen 


on Molybdenum Block 


A ppearan e 
After 10-Hr. 
Exposure 
at 1800°F 
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\tmosphere 
Air Plus MoO 


Mounted Specimen Suspend 


Over Molybdenum Block 


\ppearance 

\iter 10-Hr. Weight 
Exposure Loss 

at 1800°F g/(sq. in.) (hr 


Weight 
Loss 


g/(sq. in.) (hr.) 


0.0069 0.0029 
0.0073 0.0031 
0.1905 0. 0048 
0.2358 0.0355 
0.2643 0.0136 

0.3600 Completely 
Oxidized 

0.3759 Completely 
Oxidized 

0.3966 Completely 
Oxidized 
0.4307 0.4181 
Completely 0.3789 

Oxidized 





Effect of Molybdenum Trioxide on the Oxidation of Wrought Heat Resistant Alloys. x3 





| S V 


THE 


QO! 


‘TIONS 


TRANSA( 


HUG 











oOo! 
Oo! 


OOoT 
Oo! 


ool 


Oot 
OoT 


ool 
OoT 


OoT 
oOo! 








7 l 
. l 
uIONUy 
wioj;IuUy 
WIOMUuy 





IVepIxg 


lO apoyw 


40007 


404 














[210] Oot 199IS SSBTUTBIS Ot a 
[B30] O0OT [99IS SSETUTBIS OLE 4 
1ojtu + 1)0Z-INO8 ) 
4 ojytuy) LO “ 

; 7 oyIUuy) ZO 1)07-!NO8 \ 
71-4 jOyIUy) O1-+ 1 )07-'NO8 ) 
z7-4 oyu O14 1)07-'NO8 \ 
7 07+ {tOuU ST) 00 107"! NO8 ) 
7*t+ uous) tO-+ 1-yOZ-INO8 +s | 
; {+ uO ;IUy 9°0-+ 1)07Z-INO8 d 
u + 1)07Z-INO8 V 
oor i} £0 c"-NUs F 
£00 ir) 70+ 41-07"! NO8 V 
Z l t z¢-+ 7-INO8 J 
9 uous z7'¢ TQ0C N ) 
as ulIOjIUsE) g°7+ 41)0Z-'NO8 V 
I rrr ote 23> TNT i on V 
g ee wsOTUs 99! 1? N « F 
8 cE witO UL) [ss* IPAPIN ..Vs, v 

y, 1O1NBPIxO Lo p2sy) (e)880U 

) pO! osu yy atIM “Hoy 

IUSIOM oapq 


4008T 328 poesodxy 
37 ‘xo1dde—iysIaK, ua 


ZO OX SL°0X 1—aZts usurdads yeniuy 





JtV [19S Ul sanOoL OOT 


posodxy uwinuspqs[opw pel Joj Beg UONepixG sinjesodwsay 


1A 91981 


-juBsSU0y 






[2993S SSeTUTEIS OTE ad AT 
(INOZ-ADS1-9A 
[9931S SSATUTEIS OLE VAL 


I07-INO8 
4)07-!NO8 


QYIT-IWI-LLS'Z X JeuooUT 
“OA L-ADSI-IN) X Jeuoouy 


(2A0qe SB guIeS) JouoouT 


(QAOQP SB BUIPS) JeuooUT 
(9AOQR SB QUIBS) JeUOIUT 






(Q4S-IDST-IN) TeuocouyT 
(QA S-IDSI-IN)) Jeuocouy 





(LITVS PIN) PAIN ..Z,, 


(IN $°66) PAIN ..V., 
(IN $°66) IPPIN ..V,, 
(O/M Ul are 
suorzisodwo0-) Aolly 
[eusieyy Zurppeyy 








*usweds a}eoT]dnp jo ey} pe Jeurxoidde 
































IABY PI[NOM YORIIS JO 33k BUI VSIMIDUI a5pa jt pees A1qeqoid UOTJeEPIXO pidt P| UOTJEPIXO JO Bpoul JO UOTeNTeAD s pny yo1d 1 I}BpiIxoO JO 3}e3S pa BAPY (0) 
~~ Saspe je YORI pazijero] auros 
~_ SIU! OZ S[IUI QZ S[IW OZ 9VISOdWIOD [e303 JO SsauUydIY T 
~~ S]IW $] s[iw F] S[IW F] 2109 uINUapqAlou! jo ssauyxorY J 
re [IW | eUON apis Jad Surppeyd (jayoru) sauUT Jo ssauNory | 
~ 1Z § opis lod SuIppeyo (Ao][e) Ja}no Jo ssauyory | 
SNS ) Vv 9poOr sseuyoYyy] ( 
= See aad uotu sO HUL) €"s+ IVOT-IST'Z 9 [V6 I-ISV'Z-1LL6 I-IN 
m.) [eo] OoT UIOWUS) O}Uy gt “IL 6 I-IN ) [V6 T-IST'Z-LL6 T-IN 
ees OOT ULIO}IUy oes nN g'z7-4 IV6'I-IST'Z ISL7-LLEZ-IN 
im sc oe VLe- a e+ “1L6'T-IN 2 ISL'7-1LE°Z-IN 
a ool— 9 OR — nN liz PAIN ..¥. 5 IVS°Z-4Z0' S-IN 
“ w= OLE ie Liz PAIN ..V,, S IVS'Z-4Z0'S-IN 
a 
~ a _ ae L'6z L°Lt- IV6T-IST'Z 9 BLZ'S-IN 
w _ oee— A OLT- “116 I-IN BLZ'S-IN 
fr) 
al (aA0qe se ures) 
a [B30] Ool- 1991S SS8[UTRIS OFF is 1993S SSa[UIeIS OPP AdAL 
(aA0qge se ures) 
Q 001 1993S SS2TUIEIS OFF d 1293S SSaUTeIS OFF adA L 
NX ez pur > (49$Z-24) 
~) A007 PUP .0007 1 001 1927S SsaTUIeIS OFF q [929 SsaTUrEIS OFF adAT 
ai - : (aAo0qe se aures) 
ai poutezyqo jou &3ep sap [BIOL OOT [9299S SSaTUIeIS OTE q [9931S SsayuTeIs OTE AdAT 
=. UOTSPIXY I UOIZBPIXH uO JepIxXO A posy (e)ssou (O/a ul a1e 
i JO 9poyy 10 IW o3u uD jO spop~y esuey ) a1 “HOU L suoIzIsOd uI07) AOTTV) 
- IU SIO MA IYSTIOM 25pq [eliazeyy Zurppey> 
sii 10077 3 41.0007 38 pasod 4.0081 38 pasodxy ; 





},u07 1A 7qe] 


608 TRANSACTIONS OF THE ASM 


lig. & shows the effect of the presence of molybdenu: 
oxidation of selected alloys. Here again, the superior res} 
nickel and high nickel alloys to attack by MoQs is appar 
versely, the iron-base alloys (Types 302, 446, 430, and 310 
steel, and 80 w/o iron—15 w/o chromium—5 w/o aluminu 
catastrophically attacked in the presence of MoQs. 


Atr-Oxidation Resistance of Clad Sheet 

/00-Hour Constant-Tem perature Tests—TVests of 100-ho 
tion were conducted at 1800, 2000, and 2200°F on specimens 
xX 0.02 inch with 3 mils of cladding pel side. The specim 
edge sealed according to the procedure previously describ: 
furnace atmosphere was still air, and the specimens were p 
individual Alundum crucibles permitting the access of ai 
faces. 

Table VI gives elevated temperature oxidation data fo; 
composite sheet tested. With thin cladding materials other 
nickel, the change in specimen weight is generally either ver 





or, when the cladding is disrupted, appreciable. 

As shown in Table VI nickel cladding exhibited unique behavio: 
in the 100-hour constant temperature tests. At 1800°F, the nick 
coated specimens showed no significant loss in thickness but ha 
17°) weight loss. At 2000°F, the weight loss from scaling was greate 
but 1.5 mils of the original 3 mils of nickel remained after 100 hours 
At 2200°F, all of the nickel was oxidized, leaving only the oxidati 
products. These still afforded some protection, evidenced by tl 
fact that more than half of the initial specimen thickness remain 
after 100 hours. This is discussed further under Intentional-Defect 
Test. Despite the protection afforded molybdenum by nickel, i! 
cannot be considered satisfactory for service even at 1800°), be 
cause of the rapid scaling rate of nickel itself and the tendency of th 
oxidation products to spall during cooling. Types 446 and 310 stau 
less steel claddings were completely oxidized in less than 100 hours 
at 1800°F. “Z” nickel, Inconel, Inconel X, 80Ni-20Cr, Ni-2.31h 
2.7Si, and Ni-1.9Ti-2.1Si-1.9Al provided good protection for 100 
hours at 1800°F. 

At 2000°F, Inconel, Inconel X, and 80 w/o nickel-20 \ 
chromium provided the best protection to the underlying molybd 
num, 

At 2200°F, only the ‘‘A”’ nickel cladding provided a degree o! 
protection; all others permitted total oxidation of the molybdenun 
in less than 100 hours. 

It was anticipated that intermediate layers of nickel would r 
tard oxidation of thin composite sheet; however, the data of Tabl 
VI do not verify this. Superior bond strength is apparently th 
principal advantage of nickel-bonded claddings. 
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Fie. 9—Molybdenum Clad with Inconel (Specimen CR-15°) ¢ ladding Per Side) after 
0-Hour Exposure at 2200°F in Still Air. (a) Uniform oxidation; (b) localized oxidation 100 


lig. 9 illustrates uniform and localized oxidation of an Inconel 
cladding. The example of localized oxidation in Fig. 9 illustrates 


Intentional Defect Tests. An intentional defect test was utilized 
to evaluate the effect of cladding integrity on oxidation rate. ‘These 
tests were conducted at constant temperatures. Standard oxidation 
specimens 10.75 0.02 inch with 3 mils of cladding per side were 
used. Three types of specimens were used: (a) completely edge 
sealed, (b) edge sealed but with a 47-mil-diameter hole drilled 
through the specimen center, and (c) in the as-sheared condition. 
lhese specimens were exposed for 100 hours in still air. Defect test- 

was carried out at 1800, 2000, and 2200°F with the test spect- 
nens contained in high purity Alundum crucibles. 

‘A” nickel and high-nickel claddings (>92% nickel) provided 
the best protection when exposed in a defective condition. The data 

{ Table VII demonstrate the defect sensitivity of molybdenum 
clad with various materials. Fig. 10 illustrates the relatively slow 
at which nickel-clad molybdenum oxidizes at a defect location. 
decreasing thickness of nickel remaining on the surface of the 
bdenum at the successively higher temperatures is also illus- 
ed in Fig. 10. Despite the fact that little or no nickel remains on 
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I8OOF (IOOHr in Air) Standard Edge 


E 
ISOOF (1OOHr in Air) intentional Defect 
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ISOOF (100Hr in Air) Standard Edge Without Wire. 


atl - tt AIO APS LPT: WA aS Et 
I8OOF (100 Hr. in Air) Sheared Edge 


—— — 
. 7 ~ were 


2000 F (IOOHr in Air) Standard Edge 


— ee 
= Ee 


2000F (lOO Hr in Air) intentional Defect 


. 
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2000 F (lOO Hr in Air) Standard Edge Without Wire 


2000 F (100 Hr in Air) Sheared Edge ( Tota! Oxidation) 


i alle ie ee eo ee 


2200 F (l00Hr. in Air) Standard Edge 


DP RL ree Ce ed 


2200F (i0OO Hr in Air) Intentional Defect 


I i a a ee ed 


2200 F (100 Hr in Air) Standard Edge Without Wire 


Oe a Bae 


2200F (100 Hr in Air) Sheared Edge 


Fig. 10—Effects of Complete and Incomplete Sealing on the Air-Oxidation of Nickel 
Clad Molybdenum. Initial specimen thickness was 14 mils, with 3 mils of cladding per 
side. (a) Standard edge—Edge initially undercut by anodic immersion in 25% KOH solu 
tion, nickel wire placed in groove so formed, and acetylene welded (b) Intentional defect 
This consisted of a 0.047-in.-diameter hole drilled through the center of the specimen 
Sheared edge—No attempt made to protect edge. <8. 


the surface of the specimens exposed at 2200°F, complete oxidation 
of the core material did not occur. The higher sensitivity of Inconel- 
clad molybdenum to defects is clearly illustrated in Fig. 11. Fig. 11 
also shows that even a perfectly sealed specimen of Inconel-clad 
molybdenum was completely oxidized in 100 hours at 2200°F. The 
data of Table VII do not indicate any protective advantage in the 
presence of defects for the Inconel-nickel duplex cladding. 
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1800 F (100 Hr in Air) Standard Edge 


sree we Aye OE EO el METS ¢ Ere A ee re (yet. 
r £4 ~ Swe toe fe PE ee A a oh By 


oa 


1800 F (100 Hr in Air) Intentional Defect (b) 


ij 


1800 F (100 Hr_in Air) Sheored Edge '*)(Total Oxidation) 


2000 F (100 Hr in Air) Standard Edge 


2000 F (100 Hr in Air) Intentional Defect 


2000 F (100 Hr_in Air) Sheared Edge (Total. Oxidation) 


REIS OE oO MINY ae 2 e  e  e 


2200 F (50 Hr in Air) Standard Edge 


2200 F (100 Hr in Air) Standard Edge (Total Oxidation) 





Fig. 11—Effects of Complete and Incomplete Scaling on the Air-Oxidation of Inconel- 
Clad Molybdenum. Initial specimen thickness was 14 mils, with 3 mils of cladding per side. 
1) Standard edge—Edge initially undercut by anodic immersion in 25% KOH solution, 
nickel wire placed in groove so formed, and acetylene welded (b) Intentional defect—This 
onsisted of a 0.047-in.-diameter hole drilled through the center of the specimen (c) Sheared 
edge—No attempt made to protect edge. X8. 


40-Hour Cyclic Temperature Tests. Forty-hour cyclic tempera- 
ture tests were conducted according to the following schedule: 


Time at temperature per cycle 1 hour 
Number of cycles per test 40) 

Total time at temperature 40 hours 
Average heating and cooling rate 275°F /min, 


Specimen size was 1 X34 X0.020 in., with 3 mils of cladding per side 

the same as for the constant-temperature oxidation tests), and the 

specimens were placed in individual Alundum crucibles as previously 
( ussed. 


Listed in Table VIII are cyclic-temperature oxidation data for 
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olvbdenum. As shown in Table VIII, “A” nickel, which pro- 

some protection for molybdenum at constant temperatures, 

2200°F, was ineffective when thermally cycled. At 1800°F, 

ver, good protection was obtained with ‘Z”’ nickel, Inconel, 

el X, 80Ni-20Cr, Ni-2.3Ti-2.7Si, and Ni-1.9Ti-2.1Si-1.9Al. At 

2000°F, only Inconel and 80 nickel—20 chromium withstood 40 

eveles, while at 2200°F, only 80 nickel—20 chromium afforded 

otection throughout the exposure. Oxidation failure during cycling 

nerally initiated at a welded edge, either (a) because of a defective 

lve seal and the thinner metal coverage encountered here or (b) 

because of the concentration of thermal stresses. It is believed that, 

ith improved edge-sealing techniques, the life of the claddings 
could be prolonged. 


| JISCUSSION 


lf a defect-free cladding were applied to molybdenum and the 
resulting composite exposed in air at elevated temperatures, its life 
vould depend primarily on the oxidation resistance of the cladding. 
However, if a cladding is initially defective or if it is penetrated by 
local oxidation, molybdenum trioxide begins to form. This oxide is 
highly volatile and potentially corrosive to the cladding itself. It is 
therefore essential, particularly where specifications require very 
thin cladding layers, to select cladding materials having good resist- 
ince to both air and molybdenum trioxide attack. 

Data presented in this report show that the high temperature 
ir oxidation of iron and cobalt, as well as that of alloys containing 
significant quantities of these two elements, is drastically accelerated 
by contact with molybdenum and molybdenum trioxide. On the 
other hand, the corrosion of chromium, nickel, and high nickel 
loys is relatively unaffected by molybdenum or its volatile oxide. 

The corrosive effect of molybdenum trioxide has been noted by 
other investigators (3,4) whose studies have been concerned prima- 
rily with the corrosion at elevated temperature of alloys containing 
molybdenum, rather than with the corrosion of pure metals and 

olybdenum-free alloys in close proximity to molybdenum. Leslie 
id Fontana (3) offered evidence that above 1500°F appreciable 
dissociation of MoO; occurs, accompanied by the liberation of 
nascent oxygen, which in turn results in the markedly accelerated 
oxidation of 16 w/o chromium—25 w/o nickel—6 w/o molybdenum 
| similar iron-base alloys containing substantial amounts of 
lybdenum. Service conditions conducive to such attack were 
ted to be: (a) insufficient circulation of the furnace atmos- 
here to remove the MoO, vapors as they form on a metal surface, 
b) porous scale or oxide layers which render the base metal 
ssible to the nascent oxygen of dissociation. A corrosive com- 
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bination of MoO, and limited circulation prevails at the 
‘interface between a block-test specimen and its molybdenum | 
Radial grooves are visible on one of the cobalt samples sh 
lig. a: These grooves clearly define the corrosion advanc: 
interface. Such a pattern of attack, frequently referred to as mn 
tracking,’ would be expected if corrosion were accelerated by local- 
ized concentrations of nascent oxygen. 

Molybdenum trioxide is similar to vanadium pentoxide in that. 


when combined in complex form with oxides such as CreOs, FeO 
and NiO, an appreciable decrease in melting point results. The “‘fluy 
ing’ tendency of such low-melting complexes, when in a liquid o1 


semi-liquid state, is another probable factor w hich accelerates corro 
sion. Brasunas and Grant (4) have determined the melting tempera 
tures tabulated below for molybdic oxide complexes. 


Oxide Melting Point or Decomposition 
Complex Temperature, °F 
MoQ,;: FeeQOs 1650 
MoQ;-: CreQs 1830 
MoQ;- NiO 2425 


The 67 w/o iron specimen shown in Fig. 6 indicates that, when ex 
yn sedi in air—MoQOs; atmosphere, the surface corrosion pre mduct which 
formed was liquid or partially so at 1800°F, resulting in an evenly 
rounded surface. A similar result would be expected if the specimen 
had been immersed in a liquid corrodent. The physical evidence sug 
vests that a liquefied scale may act asa vehicle in conveying oxygen 
to the unprotected base metal, resulting in extremely rapid attack 

Of considerable interest was the scale which formed on nickel 
clad molybdenum when exposed in air at 2200°F. Such scale was 
observed to provide a remarkable degree of protection, even alte! the 
nickel cladding had been completely converted to scale (see Fig. 10 
Upon cooling, however, this scale was observed to spall in a series of 
minute bursts to a fine green residue. By X-ray diffraction at room 
temperature, only the suboxides MoO; and MoO, could be pe sitivels 
‘dentified as remaining on the surface of the molybdenum base 
metal. Fig. 12 shows this surface at high magnification. Subsequent 
exposure of the specimen in air at 1800°F resulted in unretarded oxi 
dation of the base metal, as is normal for molybdenum. 

An attempt was made to identify (by X-ray diffraction) the 
ereen residue resulting from spalling. The resulting line pattern | Hig 
13) shows that the strongest lines match the face-centered cubi 
structure of NiO with a lattice constant of 4. 18A (NiO is given as 
slightly over 4. 17A). Additional fainter lines match very well 
the diffraction data for a green oxide formed on a molybdenum—1!5 
w/o nickel alloy and also synthesized from mixed oxides of nickel 
and molybdenum (5). The X-ray data strongly suggest that an im 
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Fig. 12—Oxides, Identified by X-ray Diffraction as MoeOs and MoQOs, on the Surface 
Molybdenum Initially Clad with Nickel and Exposed for 100 Hr at 2200°F in Still Air 
SO 


pervious oxide complex of nickel and molybdenum is formed at 
elevated temperatures. This complex has been identified by Ohio 
State University (6) using an X-ray spectrometer, as being the high 
temperature form of nickel molybdate. Recent data (6) indicate 
that spalling occurs only under certain conditions of cooling, al- 
though there appears to be some doubt as to whether such spalling 
is the result of a phase change or strain. 

Only nickel and high nickel alloys (plus 75 w/o nickel) pro- 
vided satisfactory protection against air oxidation at elevated tem- 
peratures (see Tables VI and VIII). As shown in Fig. 10, even in the 
event of defective claddings or edge seals, nickel claddings provide 
molybdenum with a remarkable degree of protection. In Table VI, 
several specimens clad with nickel-base alloys are shown to have 
been only partially oxidized in 100 hours at test temperature (i.e., 
they lost less than 100% of their initial weight). Of the cladding al- 
loys tested, 80 w/o nickel—20 w/o chromium was the most pro- 
tective. Table VIII shows that one of the specimens clad with 80Ni- 
20Cr was completely intact after 40 1-hour cycles from 2200°F, 
while the other specimen lost 70% of its initial weight as a result of 
cycling. That the one specimen was not completely oxidized attests 
to the retarding of oxidation by the 80 w/o nickel—20 w/o chromium 
alloy, even after the cladding had lost its integrity. 

Considerable effort was devoted to the development of nickel- 
base cladding alloys having superior resistance to air and MoO, at- 
tack. These alloys (see Alloys 19 to 30 in Table V) had a maximum 
of 7.5 w/o of alloy addition and contained no chromium. The data. 
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Relative Intensity, I/lo 





5 4 3 en 2 1.5 
Inter-Planar Spacing, angstroms 


A Data for Oxidation Product 
Appearing on Surface ofa 
Molybdenum - 15 “% Nickel C Standard Line Data for N 
Alloy Heated in Air at I600 
and |800°F for 5hr [Ohio 
State University (5)] 


B Data for Synthesized D Data for Fine Green Powder 
Nickel Molybdate ( Prolonged Which Spalled Off the 
Heating of NiCO3 and MoO3 Surface of Molybdenum 
Suspended in H20) Heated Sample Initially Clad with 
in Air at |1875°F 3 mils of Nickel and Heated 
[ Ohio State University (5)] in Air at 2200°F for 100 hr 


Fig. 13—Comparison of X-ray Diffraction Data for (a) Naturally Formed Ox 
dation Product from Molybdenum-15 w/o Nickel Alloy, (b) Synthesized Nick 
Molybdate, (c) NiO, and (d) Spalled Product from Surface of Molybdenum Samy, 
Initially Clad with 3 Mils of Nickel. Height of plotted peaks are relative to esti 
intensities on the individual films 


of Table Vishow that they were generally more oxidation resistant 
at 1800°F than was nickel, with no marked decrease in resistance to 
MoQ;. Clad composites were made from Alloys 7, 22, 23, and 24 
(Tables IV and V) and subsequently tested in air at 1800, 2000, and 
2200°F. The data of Table VI show that at 2000°F (constant tem 
perature), these chromium-free claddings were no more protectivé 
than was unalloyed nickel. In contrast, nickel-base claddings con 
taining 15 to 20% chromium were very protective when similarl) 
exposed. Likewise (Table VII), when thermally cycled from 2000°T, 
the chromium-free claddings were generally only slightly more pro- 
tective than unalloyed nickel. In contrast, claddings containing 15 
to 20% chromium more than doubled the number of cycles required 
for complete oxidation. 
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[he present data indicate that a nickel-chromium base, rather 

a nickel-base, would be the most promising starting point for 

further alloy development work. However, the inherent ability of 

higher nickel claddings to retard the oxidation of molybdenum 

the presence of small cladding defects is certainly a unique prop- 
erty and of potential value to the molybdenum industry. 


(CONCLUSIONS 


\ reliable way to insure metallurgical bonding of molybdenum 
with its cladding is to seal the cladding assembly under vacuum 
prior to rolling. An alternate, but slightly less reliable, method of 
bonding claddings which form stable oxide films (when heated) is to 
nickel plate their contact faces. Thin sheets of nickel may be substi- 
tuted for the electrodeposited nickel if the air occluded in the assem- 
bly is evacuated. This combination technique resulted in the most 
consistent bonding. 

A satisfactory method of sealing the sheared edges of double- 
clad molybdenum sheet consists of undercutting the molybdenum 
core section by anodic immersion in caustic solution, inserting filler 
wire in the groove so formed, and fusing the edges with an oxy- 
icetylene torch. 

The bend ductility of composite sheet (14 mils of molybdenum 
with 3 mils of nickel-alloy cladding per side) was adequate to permit 
bending through a 105 deg. arc over a 1/64-inch radius without 
failure of the composite or of its bond. 

Test samples of iron, iron-base alloys, cobalt, and cobalt-base 
alloys were catastrophically oxidized when heated to 1800°F in an 
atmosphere of air plus molybdenum trioxide. In some instances, 
oxidation was still more rapid when the samples were heated in 
physical contact with molybdenum. 

Test samples of chromium, nickel, and nickel-base alloys had 
relatively high resistance to attack by air-molybdenum trioxide mix- 
tures at 1800°F. 

Three-mil-thick claddings of Inconel, Inconel X, and 80 w/o 
nickel-20 w/o chromium on molybdenum provided good protection 
when test samples were heated for 100 hr. at a constant temperature 
of 2000°F in air. Three-mil claddings of Inconel and 80 nickel-20 
chromium on molybdenum were also protective when test samples 
were thermally cycled from 2000°F. 

lor still-air conditions at constant temperature, where the clad- 

ng had been penetrated (intentionally or by localized oxidation) 
ving the molybdenum partially unprotected, unalloyed nickel 
| high-nickel alloys (>92% nickel) gave superior protection. The 
lity of nickel-rich claddings to protect under such conditions is 
ributed to the formation of a surface compound which closely 
embles the high-temperature form of nickel molybdate (6). 
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kor thermal-cycling conditions, where there were no defe: 
the cladding, excellent protection was provided by 80Nj 
Inconel, and Inconel X. Nickel-base claddings containing su] 


tial amounts of chromium form thermally stable oxide films ) 
make them relatively impervious to rapid oxidation under \ 
tions of rapid temperature change. 
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DISCUSSION 


Written Discussion: By William L. Larsen, research associate, The Ohio 
State University, Columbus, Ohio. 

The authors are to be commended for their attempts to identify the oxida- 
tion products observed in their work. However, the compound Mo.Qs, reported t 
occur on the surface of a molybdenum sample, probably does not exist. Th 
ASTM X-ray Diffraction Data Cards list on Card #1-0615 the X-ray diffraction 
data for a material which is supposedly Mo2Q3. It may easily be shown by ref 
ence to Card #2-0422 or to Card #5-0452 that all the lines of MoO; can be ac- 
counted for by assuming the sample is a mixture of MoO: and Mo. This fact has 
been noted by Hickman and Gulbransen* and confirmed in a private communica- 
tion to them by H. W. Rinn. 


t- 


3J. W. Hickman and E. A. Gulbransen, Discussion, Institute of Metals Division, Metal 
Technology, Vol. 47, #3, 1947. 
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Che oxidation product nickel molybdate (NiMoQ4) has been observed by the 
er to form on the surface of molybdenum-base molybdenum-nickel alloys of 
ly varying composition. Since the time of writing of references (5) and (6), 

tional work has confirmed the existence of nickel molybdate in two crystal 
ctures, one existing at the usual oxidizing temperatures and the other resulting 
from the crystalline transformation to the form usually existing at room tempera- 
ture. The spalling of the green scale (NiMoQ4) noted by the authors is undoubtedly 
ociated with this phase transformation. The X-ray diffraction patterns reported 
by the authors are those of the phase apparently stable at room temperature. A 
complete discussion of the spalling and stabilization of nickel molybdate is being 
published.‘ This reference also lists X-ray data for both the protective form exist- 
ine at high temperature and the spalled form. The term “high temperature form”’ 
ised in references (5) and (6) for the spalled product is a misnomer. 
lhe existence of a liquid phase in oxide mixtures containing MoO; or MoO, 
has been reported and discussed in detail by Rathenau and Meijering.’ They pro 
pose that the effect of molybdenum upon the oxidation of other metals is not only 
a result of the release of nascent oxygen but also results from the formation of 
liquid oxides. Their experimental work shows liquid phases to exist at the follow- 


ing temperatures: 


System Eutectic Temperature 
MoO; + MoOz2z 778°C 
MoO; + MoO24+Cre20 3 772°C 
MoO;+Mo02+NiO 764°C 
MoO; + MoO2+(Fe20; + Fe)* 705° 
MoQs; +(FeeOs; + Fe)* 715°C 


*In proportions equivalent to FeO 


In alloys containing both iron and chromium with molybdenum, it is noted 
that attack of the alloy does not begin at the temperature of the oxide eutectic, 
but at the higher temperature where the otherwise protective Cr2O; is attacked 
by the molybdenum. 

Apparently a liquid does not exist in the system MoQO;-MoQ,-NiO at 764°C 
(1400°F) for all compositions, as is evidenced by the stability of NiMoO, at tem- 

3 peratures above 764°C (1400°F). However, the temperatures cited by Rathenau 
: ind Meijering indicate at least the approximate temperatures at which liquids can 
F exist in systems containing molybdenum of oxides. 


Written Discussion: By E. D. Sayre, metallurgical engineer, Materials 


Laboratory, AGT Development Department, General Electric Co., Cincinnati, 
be Ohio. 

es This paper is quite a contribution to the problem of oxidation protection of 
Y molybdenum sheet at elevated temperatures. The fabrication process consisting 
E of hot rolling evacuated packs apparently is quite successful, and the systematic 
# survey of cladding materials adequately demonstrated the superior protection of 
- high nickel chromium alloys. 

cS Certain interesting deductions may be made from this work, and other work 
. in this field, which indicate problems requiring further exploration. 

ae nil 

re ‘M. Gleiser, W. L. Larsen, R. Speiser and J. W. Spretnak, Symposium on Basic Effects of 
5 “nvironment on the Strength, Scaling and Embrittlement of Metals at High Temperatures, 
x Ame CW heer a a a Public ation, No. 171, September 1955. 
o . au ¢ J. L. Meijering, apid Oxidation of Metals and Alloys in the Presse nee 


MoOs,"" Metallurgia, Vol. 42, September 1950, p. 167. 
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As is indicated in Figs. 9,10, and 11, the molybdenum cores are con 
recrystallized after a short time at temperatures over 1800°F. This recrys 
tion, which is a result of the great amount of cold work involved in produ 
clad sheet by rolling the thick starting material, will drastically reduce ¢} 
temperature properties of the material. This problem could be mitigated by 
ing with thinner material, but this would undoubtedly be less practical a 
economical. Recrystallization of the molybdenum part way through the | 
operation is a complex problem, because of the effects on the cladding. This 
lem is certainly worthy of further study. 

The edge protecting method is quite satisfactory when applied to th 
test samples, but may prove to be very costly and difficult to apply to larg: 
cated parts. Other approaches to the edge protection problem, such as unde: 
ting and brazing are worthy of consideration. 

The use of nickel as a bonding agent is quite successful, but effects of diff 
into the base molybdenum and the brittle intermetallics formed, may be ha: 
to structural use of the material. 

As evidenced by the authors’ survey of the clad materials, nickel-chror 
alloys are the superior cladding for molybdenum sheet, however, the alloy ha 
yet been optimized. Continued search for improved cladding materials is certa 
in order. 

This work certainly indicates that clad molybdenum sheet has a considet 
potential for high temperature structural members and warrants f 
development. 


Written Discussion: By D. C. Goldberg, division manager, Metallur; 
Division, Westinghouse Electric Corp., East Pittsburgh, Pa. 

The approach of the authors, Messrs. LaChance and Jaffee, is to be cong: 
lated. The data obtained by their ‘‘block’”’ test technique indicates by a new 
quantitative tool what has been known for several years by move qualitativ: 
measurements, that is, nickel clad molybdenum has high oxidation resistanc 
compared iron and cobalt base clad molybdenum. 

The roll bond cladding technique has been under investigation in vari 
organizations of the Westinghouse Electric Corporation— Research Laboratori 
Materials Engineering, Bloomfield, and the Aviation Gas Turbine Division. Se 
eral jet engine components have been fabricated from clad molybdenum 
tested. As a result of our experience in this field, the following comments 
offered. 

The authors point out in their discussion that the life of clad molybdenum ts 
primarily dependent upon the oxidation resistance of the cladding. This is tru 
when the specimen is under no load. However, this is not the case under conditions 
of steady or vibratory stress. It is felt that the prime limiting factor becomes th 
molybdenum cladding interface. This brittle layer, caused by a diffusion mech 
ism as discussed below, is highly sensitive to prior forming history, thermal 1m- 
pact, fatigue, and creep. It is wondered if the authors have any data on this 
subject. 

In fact, thermal impact and forming have been found to be move definitiv: 
establishing the adequacy of cladding in producing oxidation resistant coatings 
for molybdenum by Westinghouse. For example, a study of the Mo-Ni phase di 


gram in the range of 1600 to 2200°F reveals that molybdenum is soluble in nickel 
forming a brittle intermetallic compound ‘6’’ at 50-50 atomic % Ni-Mo. At 
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F acompound ¥ forms a peritectoid reaction of @ Ni-Mo solid solution with 6, 
540°F, a third compound § forms by a peritectoid reaction of Mo-Ni and y. 
When a nickel or nickel-base alloy clad sample is heated in this critical tem 

ire range, nickel will diffuse into the molybdenum and molybdenum into the 

kle or nickel alloy clad forming a Ni-Mo and € Mo-Ni solid solutions and a 
the hard brittle ‘6’’ compound at the interface. The extent of diffusion and 
hickness of the ‘‘6”’ film is dependent on time and temperature. 

It is seen from the above that the apparent adequacy of nickel-base alloy 

.dding is not a true one as the brittle interface developed between the nickel and 
vbdenum could not be tolerated in actual service conditions. In order to over 
1c this problem, Westinghouse has employed most successfully the technique 

nploying a barrier layer between the Mo and Ni. Improvements in bond 
trength in the order of 3 to 400% have been obtained. 

Complete data are not available at this time, but it is intended that this 
vork will be published when completed. 


Written Discussion: By W. L. Bruckart, development engineer, Universal- 
Cyclops Steel Corporation, Bridgeville, Pa. 

[his paper represents a very extensive piece of research work which is well 
reported, and for which the authors should be congratulated. Much of the infor- 
mation presented here verifies earlier work reported by Dr. Jaffee and myself (1), 


is well as work on the corrosive attack of iron base materials by molybdenum 


xi 


| should like to offer a few points of value in connection with this general 
subject, particularly with respect to the preparation and rolling operations. It was 
ted that the description under the heading “Cladding Assembly”’ is of a picture 
frame type yoke. Recent experience in developing a scaled-up cladding operation 
has indicated that a differently designed yoke would be superior to the picture 
frame type cut from a single plate of nickel or nickel-base alloy. The design of the 

w type yoke calls for construction of a picture frame surrounding a molybdenum 
molybdenum alloy core, as is illustrated in Fig. 14. The main difference in the 

iew design is that the picture frame is constructed from bar stock and is welded 

it the four corners. The advantage of such construction is many fold. First, the 

ce of cladding which can be constructed by this technique is not limited to the 

ze of flat nickel plate which is available in a single piece, from which a frame may 

be cut. Secondly, the expense of removing the center section to an exact set of 
limensions is eliminated by use of the new design. Third, the core section does not 

essarily have to be edge ground to precisely the dimensions of the cladding 

ke. Fourth, the welded joints not only provide great strength, but serve to 

ink the yoke very tightly around the core section as the joints freeze. Fifth, 

versatility of this type of yoke design shows itself greatest when in a series of 

res, One or two develop edgecracks which need to be ground off, thus yielding 

iterial of slightly different dimensions than those of the balance of the lot. Any 


minute shift in dimensions in the core is automatically compensated for in 
design. 


Under the heading of ‘‘Bonding by Roll Cladding,’’ commercial experience 
been had with molybdenum alloy claddings covered with nickel-base alloys 
be h were rolled in air after heating them ina gas fired furnace. Normally, molyb- 
) ca m and its alloys can be rolled to 2300°F very satisfactorily. For the claddings, 


4 
Fis ) to 2200°F is very satisfactory in commercial practice. There is another ad- 
5 
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4 


vantage to.the use of a temperature not in excess of 2200°F commercially: 
the avoiding of liquation at the clad-to-core interface. While the use of 231 
preferable, it is too close to the liquation temperature for practical applic 
commercial practice because of the greater variation in furnace temperat 
lack of close control which would be normally associated with a lab 
operation. 


Nickel 
~Mo Alloy Core 


_Single Vee 
Butt Welds 





All Mating Faces and Faces 
Adjacent to Mo Core Need 
to be Finished toa Flat 
Surface Comparable to That 
Obtainable With a Shaper 


Nickel Tube 
to Permit 
Evacuation ——w» 


Fig. 14— Details of Cladding Yoke Design 


One of the foremost conclusions which I believe should be drawn from th 
data presented here is that nickel-base alloys do provide a reliable protection for 
molybdenum and its alloys at extremely high temperatures in air. The weak-link 
in the whole process of protection, namely edge protection, apparently has bee: 
taken care of. I believe now that we are far enough along in the development of 
protective coatings for molybdenum that industry may make use of them. Th: 
above statement is made with the understanding that one must think in terms of 
limited parameters when considering behavior of any materials at elevated tem 
peratures. In other words, the limits of time, temperature, environment, and 
stress are now generous enough to permit economic application of nickel-basi 
alloy clad molybdenum. As more development work is done we shall undoubtedly 
see these limits extended so that we may operate in a still more generous area 

We all know that cladding is only one of the satisfactory means to protect 
molybdenum at elevated temperature. Among other means are: siliconizing, 
electro-plating, metal spray coatings, ceramic coatings, inert atmospheres and 
vacuum. Each of these methods enjoys advantages and disadvantages. Some ol 
the disadvantages and advantages are common among several of the protectiv: 
means. Some are unique. On this basis of thinking, then, each of the protective 
means is justified for certain applications. It is therefore, reasonable to assum¢ 
that combinations of all of the protective methods will be employed where ever 
molybdenum is used, and that the protective methods employed will be thos 
which are most suitable to the application. 

The very fact that there is a need for pushing back the limitations on tem 
perature, time, stress and environment points obviously to the need for further 
research on protection of molybdenum. At present the protective means unde! 
1] 
Il 


\ 


conditions of severe stress, deformation, and abrasion are not adequate to [1 


utilize the stress-bearing characteristics and the recrystallization temperature ol 
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tter molybdenum-base alloys. It is hoped that there will be a continuation 
earch work toward the improvement of ductile metallic claddings and that 
formation will be dissemenated among producers and potential users. The 
tages to be enjoyed by the use of ductile metallic coatings on molybdenum, 
majority of cases, far outweigh the advantages of any other type of pro- 


ve means. 


Authors’ Reply 


Che authors wish to thank Messrs. Sayre, Larsen, Bruckart, and Goldberg 
for their interesting and valuable discussions of this paper. 

Mr. Sayre cites, as problems to be answered by future research, 1). the 
ccelerating effect of large amounts of cold work on subsequent recrystallization, 
) the high cost of edge protecting clad sheet by welding, and 3). the formation 
of brittle intermetallics when nickel is used as a bonding agent. These points are 
very well taken. The amount of recrystallization in service can be decreased by 
limiting the amount of reduction after recrystallization and by using molybdenum 
Jleovs that are more resistant to recrystallization than molybdenum, such as 
\o-0.5Ti. We consider the latter expedient the preferable one. Also, we agree that 

improved method suitable for production for protecting the edges of clad sheet 
ind development of superior cladding alloys would be most desirable. 

In response to Dr. Larsen’s discussion, the X-ray diffraction data used for 
identification of the oxide layers were the ASTM data issued in 1950, the only 
information available at the time the work was done. We are very glad to have 
Dr. Larsen’s comment that the pattern for Mo.O; was a composite of the molyb- 
denum and MoOsz structures. The Mo,O; data were deleted in the 1953 revision 
of the ASTM data files (published in mid-1954). 

[he correlation made between the basic research at The Ohio State University 
ind our work is most valuable, particularly with regard to the crystal structures 
ind phase transformations of NiMoQ,. 

Mr. Bruckart’s description of a more economical cladding assembly has 
considerable industrial merit. With regard to the temperatures to which assem- 
blies may be preheated for roll cladding, 2200°F would appear to be a practical 
maximum for nickel-base alloys. There is no apparent advantage in exceeding this 
temperature, but there may be certain disadvantages, one of which is pointed out 
in the first sentence of the section entitled ‘‘Bonding by Roll Cladding.” 

A completely satisfactory method of edge protecting clad molybdenum sheet 
has not yet been developed. The method of undercutting the edges of clad sheet by 
inodic solution, disclosed here, constitutes what is believed to be a start in the 
right direction. However, as Mr. Sayre has pointed out, undercutting followed by 
a brazing operation would be worthy of consideration. Aside from the cost saving 
involved, certain brazes might be applied below the recrystallization temperature 
of the load-bearing component, whereas welding causes overheating and edge 
recrystallization. 


he various methods of protecting molybdenum, their peculiar advantages, 
lisadvantages, and limitations certainly must all be considered. When the indi- 
vidual methods of coating have been evaluated, multiple coatings offer a still 
sader field for exploration. The achievement of self-regenerating and self-healing 


tings for molybdenum is the ultimate, though possibly remote, objective 
x sought. 
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Evaluation of the relative merits of iron-, cobalt-, and nickel-base a 
cladding materials for molybdenum, is perhaps the most important of the { 
reported. In lieu of specific references, it is assumed that Mr. Goldberg's st 
to the effect that such information ‘‘has been known for several years” 1 
unpublished results obtained by his organization. He discussed quite thor 
the detrimental effect of the brittle intermetallic layer which forms at the i 
in nickel-clad molybdenum. This is an important consideration which b 
increasingly serious with decreasing thickness of the core section. The delet 
effect of interdiffusion was not fully recognized in November of 1953, wh 
research was completed. However, at least two distinct intermetallic phasi 
possibly a third, have since been observed in nickel-clad samples after difl 
treatments. In addition, terminal solid solutions of Ni-Mo and Mo-Ni hay: 
observed, corroborating Mr. Goldberg's observations. When released for Dp 
tion, the data on barrier coatings used by Westinghouse to combat the p 


of interdiffusion will constitute an important contribution to further app! 


of clad molvbdenum. 








MECHANICAL PROPERTIES OF TI-CR-MO 
ALLOYS AS AFFECTED BY GRAIN SIZE 
AND GRAIN SHAPE 


By H. R. OGpEN, F. C. HOLDEN AND R. T. JARRE: 


A bstrac l 

The mechanical properties of an alpha, a metastable 
heta, and an alpha-beta alloy are not altered significantly by 
changes in grain size or grain shape. Acicular types of 
structures obtained by heating into the beta field prior to 
annealing in the alpha or alpha-beta field cause a lowering 
of unnotched tensile ductilities to about the same values as 
notched tensile ductilities. Fatigue endurance limit is un 
affected by grain size or shape and appears to be relatively 
unaffected by alloy content. (ASM-SLA_ Classification: 
QO general, M27, N3, 177) 


URING the past six years, much effort has been devoted to 
1) studying the effects of heat treatment and composition on 
the mechanical properties of titanium alloys. In many instances, 
large grain size and acicular structures have been blamed when 
poor properties are obtained. As will be shown, large grain size or 
wicular structures are not necessarily detrimental to mechanical 
properties. 

lhe purpose of this research was to determine how variations of 
grain size and shape would affect the mechanical properties of 
titanium and of representative titanium-base alloys. The mechanical 
properties of interest were those that describe fabrication and _ per- 
formance capabilities and that also may be affected by grain size. 
(hese include tensile properties, hardness, bend properties, impact 
properties, and fatigue endurance limits. 

The three alloys that were chosen for this study included 
commercial titanium as representative of an alpha-type alloy, 
li-7.5Cr-7.5Mo as representative of a metastable-beta alloy, and 
li-2.5Cr-2.5Mo as representative of an alpha-beta alloy. 


EXPERIMENTAL PROCEDURES 


Preparation of Alloys 


he alloys for this study were prepared as 30-pound ingots, 
commercial purity titanium and high purity additions of 


\ paper presented before the Thirty-Seventh Annual Convention of the So 
held in Philadelphia, October 17—21, 1955. Of the authors, H. R. Ogden is 
tant chief, F. C. Holden is principal metallurgist and R. I. Jaffee is chief, 
nlerrous Physical Metallurgy Division, Battelle Memorial Institute, Columbus. 
iscript received April 11, 1955. 
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chromium and molybdenum. The ingots were arc melted j; 
wall copper crucibles with an inert tungsten electrode. To 
segregation, the alloys containing chromium and molybd 
additions were melted three times. Despite the triple melti: 
cedure, microstructures of the Ti-7.5Cr-7.5Mo alloy showed 
particles of unmelted molybdenum. These were uniformly di 
uted and probably do not affect the properties of the alloy signif 
cantly. Analyzed compositions are shown below. 


Nominal Analyzed Composition, per cent 
Composition Cr Mo N ; Fe O 
cs Commercial Ti 0.014 0.03 0.29 0.10 
li-7.5Cr-7.5Mo 7.60 6.66 0.026 0.03 0.32 0.13 14 
2 Ti-2.5Cr-2.5Mo 2.32 2.58 0.015 0.04 0.27 0.13 60 
i . . 
! Fabrication 
Material for test specimens was prepared from the ingots | 
forging, rolling, and swaging operations. All fabrication and heating 
was done in air. The temperatures are given below. 
p Alloy Forging Rolling Swag 
Composition Temperature, °F lemperature, “F Temperat 
Commercial Ti 1600 1400 1300 
2 Ti-7.5Cr-7.5Mo 1800 to 1600™ 1400 1500 to 1550 
, Ti-2.5Cr-2.5Mo 1600 1400 1400 
(a) Forging finished at 1600°F 
Heat Treatments 
, Heat treatments were done in potentiometer-controlled electri 
furnaces. Specimens annealed at temperatures above 1380°F were 
> encapsulated in Vycor under a partial pressure of argon; specimens 
1 annealed at the lower temperature were done in air. 


Mechanical Testing 

The testing program was designed to provide as much informa- 
tion as could reasonably be obtained from the available material 
Tensile and bend-test specimens were cut from Y¢-inch sheet. Ten 
sile, notched-tensile, micro impact, and fatigue specimens wer 
cut from 0.302-inch diameter rod, and V-notch Charpy impact test 
specimens were made from 0.625-inch rod. Specifications for th 
test specimens are shown in Figs. 1 and 2. 

Tensile Testing—Tensile properties were determined for each 
test condition, using duplicate sheet and round unnotched speci 
mens, and round notched specimens. Details of the testing pro- 
cedures have been presented previously (1).! 

Impact Testing—The effects of grain size and other structural 


'1The figures appearing in parentheses pertain to the references appended to this paper 
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Fig. 1—Specifications for Test Specimens. 


variables on notched-bar impact resistance were studied, using 
the micro impact test. Duplicate specimens were used for each 
testing temperature over a temperature range of —320 to 750°F. 
In addition, standard V-notch Charpy test specimens were used 
lor a single testing condition for each alloy. Testing procedures 
correlations have been discussed previously (1). 
Bend Testing—The bend ductility of titanium sheet was 
easured by use of a progressive-bend test. Tests were conducted 
quadruplicate on specimens cut transverse and longitudinal with 


t 


respect to the rolling direction. The test specimens used were 
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b. Rotating-Beam Unnotched Fatigue Specimen 


Fig. 2—Specifications for Rotating-Beam Fatigue Specimens 


approximately 4g X1 X3 inches. Bend tests were conducted on 
laboratory press with 75-degree bend dies. Specimens were bent 
progressively over decreasing radii until a visible crack appeared 
The results are presented as the ratio of the radius of the last good 
die to the specimen thickness. 

Fatigue Testing—The effects of grain size and other structura 
variables on resistance to alternating stresses were studied by means 
of rotating-beam fatigue specimens. Tests were conducted under a 
limited number of conditions with notched and unnotched test 
specimens. The tests were made on Krouse cantilever-type rotating 
beam machines, at a rotational speed of 8000 to 10,000 rpm. Approx 
imately 20 specimens were used in the determination of the e1 
durance limit. Specimens were machined and hand polished befor 
testing. Contrary to the results of other investigators (2), no heating 
of the specimens was apparent during the tests. 


Grain Size Determinations 
this 


Because grain size effects were of primary interest in 
study, the effects of annealing time and temperature on grain size 
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Fig. 3—Effect of Heat Treating Temperature and Time on the 
Grain Size of Commercial Titanium. 


were investigated. Microstructure specimens were annealed at 
temperatures in the range of interest and water-quenched after 
various times. Grain size measurements were made by counting 
the grains contained in a specified area (Jeffries’ Method). At least 
two fields were measured on each specimen. The heat treatments 
ised in the alloy testing program were selected on the basis of these 
grain size determinations. 


COMMERCIAL TITANIUM 


Unalloyed high purity titanium exists in two allotropic forms, 
of which the hexagonal alpha phase is stable at room temperature. 
lhe body-centered cubic beta phase is stable at temperatures 
ibove about 1625°F. The beta structure cannot be retained at lower 
temperatures, but transforms on cooling to plates of alpha phase, 

hich tend to form serrated colonies of alpha. The presence of im- 

irities in commercial titanium, however, introduces a two-phase 

insformation region in place of a single transformation tempera- 
- re. The retention of small quantities of beta phase is made 
ssible by the presence of beta-stabilizing impurities. 
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Fig. 4—Photomicrographs of Commercial Titanium Annealed at 1110 and 1290°! 
(a)—As Fabricated at 1400°F; (b)—Annealed 1 Hour at 1110°F and Air-Cooled; 
Annealed 2 Hours at 1290°F and Air-Cooled. 250. 


Grain Size and Microstructure 

The effects of annealing time and temperature on the grain 
size of commercial titanium as hot-rolled at 1400°F are shown 
in Fig. 3. It may be noted that the two upper curves, which repre- 
sent beta-grain size, are considerably above the curves representing 
alpha-grain size. Also, the annealing temperature, rather than 
annealing time, is the dominant factor in determining the final 
grain size. Photomicrographs of samples of unalloyed titanium in 
the conditions of testing are given in Figs. 4,5, and 6. 
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Fig. 5—Photomicrographs of Commercial Titanium Annealed at 1515 and 1605°F 
Annealed 4 Hours at 1515°F and Air-Cooled; (b)—Annealed 16 Hours at 1605°F and 
\ir-Cooled; (c)—Vacuum Annealed 18 Hours at 1605°F and Furnace-Cooled. 250. 


Mechanical Properties 


With the exception of the partially recrystallized specimen 
1110°F—annealed condition), tensile strengths as shown in Fig. 7 
are insensitive to microstructure. A slight decrease in yield strength 
occurs for specimens annealed in the range at which alpha and beta 
, phases coexist (1605 to 1650°F). This is associated with the disap- 
e pearance of the yield point, which occurs in the equiaxed-alpha 


A specimens. The yield-point behavior occurs in specimens annealed 
“ 1110 or 1290°F. Similar yield points have been observed previ- 
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Fig. 6—Photomicrographs of Commercial Titanium Annealed at 1650 and 1830°| 
a)—Annealed 1 Hour at 1650°F and Air-Cooled: (b) Annealed 2 Hours at 1830°} 
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Fig. 7—Tensile Properties of Commercial Titanium. 
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Fig. 8-—Effect of Testing Temperature on the Impact-Energy Values « 
Commercial Titanium. 
ously in high-purity alloys containing interstitial alpha-stabilizing 
idditions (carbon and nitrogen) (3,4), but do not appear in un- 
loved high purity titanium (1). The presence of the interstitial 
impurities in commercial titanium undoubtedly accounts for the 
ippearance of the yield point phenomenon in the equiaxed-alpha 
condition. 
rensile ductilities, as measured by reduction in area and elon- 
vation, show more dependency on grain size and shape than do the 
strength properties. The partially recrystallized specimens have 
lower ductilities than do the specimens with fully recrystallized 
structures. The ductilities of the specimens annealed at 1830°F 
ire slightly lower than those for specimens annealed at lower tem- 
peratures. In general, the dependence of ductility on microstructure 
is slight, with highest values obtained for the specimens annealed 
1515 to 1650°F. 
The same strength values were obtained from both the sheet 
the round unnotched specimens. The effect of geometry is 
cted in the ductility, however, since both reductions in area 
elongations are higher for the round specimens. Per cent 
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Table I 
Fatigue Strengths of Commercial Titanium 
Annealing Endurar 
lreatment Mean Stress Tensile Tensile-St 
lime remp., at 10’ Cycles, psi Strength, Rat 
hr I Unnotched Notched psi Unnotched 
2 1290 52,700 + 1300 27,700 + 2500 64,000 0.82 43 
16 1605 51,200 + 1300 27,700 + 1100 64,000 0.80 12 
l 1650 53,400 + 2500 28,000+ 800 64,000 O.83 { 


elongation was measured over a 1-inch gage length for the fla 
specimens, and a %-inch gage length for the rounds. The ultimay, 
tensile strengths of the notched specimens are increased over thos 
of the unnotched specimens by 56 to 70°). Ductility, as measur 
by reduction in area, is reduced to 41 to 55% of the unnotched 


condition. The notched-tensile-test values obtained show that this 
material is notch insensitive in all conditions according to the usua 


standards. 

The fatigue endurance limit of commercial titanium was dete; 
mined for a limited number of microstructural conditions. Th 
values obtained for both notched and unnotched specimens ar 
given in Table I. As for most of the other mechanical properties, 
no effect of grain size or shape on the endurance limit was observed 
The unnotched endurance limit at 10’ cycles is about 80°, and 
that of the notched specimens about 43° %, of the ultimate tensil 
strength. 

The bend ductilities of commercial titanium are excellent 
Minimum bend radii in the range of zero to 1 T were obtained fo: 
all conditions of testing. No dependence of bend ductility on graii 
size or shape was found. 

The specimens with partially recrystallized and small alpha 
grain sizes have the highest resistance to impact. Impact-energ' 
values obtained for specimens with large alpha-grain sizes and with 
transformed-beta structures are about 25% lower than those for the 
fine-grained alpha specimens. As shown in Fig. 8, no effect of testing 
temperature is observed from —320°F to room temperature. Iron 
room temperature up to 750°F, the specimens with equiaxed-alpha 
structures show a considerable increase in impact resistance, 
whereas those with transformed-beta structures show only a slight 
increase. 


METASTABLE-BETA ALLOY (Ti-7.5Cr-7.5Mo) 

A titanium alloy containing additions of 7.5% chromium and 
7.5% molybdenum was studied as an example of a metastable-beta 
alloy. Specimens quenched from the beta field have a retained-beta 
structure that is unstable when reheated to temperatures below 
the beta transus. The precipitation of alpha under such conditions 
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Fig. 9—Effect of Annealing Temperature and Time on the 
Grain Size of a Ti-7.5Cr-7.5Mo Alloy 


mav have considerable effect on the microstructure and mechanical 
properties. 

The basic heat treatments for this alloy were designed to de- 
termine the effects of beta-grain size on the mechanical properties. 
These studies also included the effects of prior beta anneals on 
specimens slow cooled to 1290°F. These treatments were intended 
to separate the effects of beta-grain size from those of quenching 
temperature. The 1290°F anneal, however, was slightly below the 
beta transus, so that approximately 5% of equilibrium alpha was 
formed. 


Grain Size and Microstructure 
The effects of annealing time and temperature on beta-grain 
size of specimens hot-rolled at 1400°F are illustrated in the curves 
of Fig. 9. It is seen that both time and temperature are significant 
factors in the control of grain size, but that the rate of grain growth 
decreases with increasing annealing temperature. Photomicrographs 
typical microstructures are presented in Fig. 10. The particles 
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Fig. 10—Photomicrographs of a Ti-7.5Cr-7.5Mo Alloy in Various Microstructur 
ditions. (a) —As Fabricated at 1400°F (760°C); (b)—Annealed 1 Hour at 700°C (1290°! 
Quenched; (c)—Annealed 2 Hours at 850°C (1560°F) and Quenched; (d)—Annealed 4 H 
at 1000°C (1830°F) and Quenched. 250. 


in the microstructure of the specimen quenched from 1830°F hav 
not been identified, but probably are associated with the interstitial 
content of the alloy. Similar structures have been observed 1! 
purity beta-stabilized alloys to which intentional nitrogen additions 
have been made (5). 
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Mechanical Properties 

Unnotched tensile strengths of the metastable-beta alloy show 
no significant variation with beta annealing temperature, as shown 
in Fig. 11. This is also the case for tensile ductility, except for the 
reduction-in-area values for the 1290°F anneal which, because of 
the presence of alpha phase, showed some loss of ductility. Elonga- 
tions are not affected appreciably by annealing temperature. The 
identified precipitate in the microstructure of the 1830°F 
quenched specimens does not appear to affect the tensile properties. 
rhe notched strength is unaffected by annealing temperature. 
Keductions in area, however, are lowered considerably by the 
presence of alpha phase in the specimens annealed at 1290°F. 
sing the ratio of notched to unnotched reduction in areas as a 
: measure of notch sensitivity, the alloy is more sensitive to notches 
h , | alpha is present in the microstructure. The ratio of notched- 
nnotched tensile strengths is unaffected by annealing tem- 

; ure. 
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Table II 
Fatigue Strengths of a Ti-7.5Cr-7.5Mo Alloy 


Annealing Endurar 
Treatment® Mean Stress Tensile Tensile-St 
Time Temp at 10’ Cycles, psi Strength, Rat 
Hr i Unnotched Notched psi Unnotched 
1 1290 66,500 + 5700 33,000 + 4200 144,000 0.46 
4 1830 57,200 + 4100 32,600 + 3700 141,000 0.41 


“Ouenched from the annealing treatment. 


The fatigue endurance limits were obtained for specimens a, 
nealed at 1290 and 1830°F. The endurance limit in the unnotch 
condition was higher for the specimens annealed at 1290°F, 4 
shown by the data in Table II. On the basis of ultimate tensil, 
strength, the endurance limit of the 1290°F annealed condition js 
46% of 144,000 psi, and that of the 1830°F annealed condition js 
41% of 141,000 psi. 

In the notched condition, the endurance limit was found ¢t 
be the same for both the 1290°F and 1830°F annealed conditions 
Ratios of endurance limit to ultimate tensile strength were 0.23 
for both conditions. Both notched and unnotched endurance-limit 
ratios (to ultimate tensile strength) are considerably lower thar 
those for the unalloyed titanium. 

Bend ductility is improved as the quenching temperature is i1 
creased, as shown below. 


Quenching Average Bend 
Temp. °F Radius, T 
1290 a2 
1560 0.8 
1830 0.2 


This probably is caused both by the elimination of the alpha phas 
and the increase in beta-grain size as the temperature is increased 
From these results, it may be concluded that specimens having re- 
tained-beta structures have good bend ductility. Ductility is in- 
creased slightly as the beta-grain size is increased. The presence o! 
alpha phase in the microstructure, however, decreases bend ductil- 
ity. No effect of rolling direction on bend ductility was observed. 

The effects of beta-grain size on impact behavior, as determined 
by comparison of specimens annealed at 1560 and at 1830°F, ar 
minor. The level of room temperature impact energy values for the 
specimens containing all retained beta is high (36 to 39 inch-pounds 
and compares favorably with that for unalloyed titanium. The pres- 
ence of alpha in the 1290°F quenched specimens, however, lowers 
the impact resistance considerably (9 inch-pounds). 

The effects of testing temperature on impact properties ar 
shown in Fig. 12. A definite transition behavior is apparent for this 
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alloy. This is typical of retained-beta alloys. The transition occurs 
between —58 and 390°F for the specimens annealed at 1560 and 
1830°F. The transition behavior of the 1290°F annealed specimens 
is less apparent because of the presence of the alpha phase. The 
impact-energy values for this condition are lower for a given tem- 
perature, and the transition temperature is increased. There is no 
distinct difference between the curves for the 1560°F and 1830°F 
hase : innealed material. 


ised 

gre i Effect of Prior Treatment on Properties of the 

$ in- Metastable-Beta Alloy Quenched from 1290° F 

ce Ol 2 Because beta-grain size is largely controlled by annealing tem- 

ictil- perature, specimens were annealed at 1560 and 1830°F to develop 

ed. | large beta-grain structures. These specimens were then slow cooled 

ined to 1290°F and quenched. This provided material of three beta-grain 

Cen ) sizes quenched from the same temperature, so that quenching tem- 

‘the J perature could be eliminated as a variable. The structure of samples 

ids), ©) annealed at 1290°F after fabrication in the beta field is composed of 

_ » equiaxed beta with an intragranular coarse alpha precipitate. How- 

wers » ever, when samples are furnace-cooled from the beta, the structure 
| is composed of equiaxed beta with intragranular alpha plates. 

; “ j Microstructures of these conditions are presented in Fig. 13. 

this 


The ultimate tensile strengths of these alloys are affected only 
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Fig. 13—Photomicrographs of a Ti-7.5Cr7.5-Mo Alloy Quenched From 700°C (1290°! 
(a)—Annealed 1 Hour at 700°C (1290°F) and Quenched; (b)—Annealed 2 en it 850° 


(1560°F); Furnace-Cooled to 700°C (1290°F), Held 1 Hour. and Quenched; Anne 
4 Hours at 1000°C (1830°F); Furnace-Cooled to 700°C (1290°F), Held 1 Hour, an d Que! 
< 250. 


slightly by beta-grain size, as shown in Fig. 14. Both notched and 
unnotched specimens, however, show a slight decrease in tensil 
strength with an increase in bete-evain size. Yield strengths remai 
constant with increasing annealing temperature, and are very clos 
to the ultimate tensile strengths. Neither the reduction-in-area no! 
elongation values appear to be affected by annealing temperature 

The ratio of notched to unnotched tensile strength is nearl 
constant, ranging from 1.5 to 1.45. Reductions in area of the notched 
specimens are reduced to 16 to 24% of the unnotched values 
This indicates a more notch-sensitive condition than for the sam 
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Heat Treatments 

| - Annealed | hour at |290°F and 
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2- Annealed 2 hours at I560°F; 
Furnace-Cooled to I290°F ; 
Held | hour, and Quenched 

3- Annealed 4 hours at I830°F; 
Furnace-Cooled to I290°F; 
Held | hour, and Quenched 

Fig. 14—Effect of Previous Beta Annealing Treatment on Tensile 


Properties of a Ti-7.5Cr-7.5Mo Alloy. All specimens quenched from 
700°C (1290°F). 


1] 


€ alloy in the all-beta condition. The notch sensitivity of the 1290°F 
1 | quenched specimens was not affected by beta-grain size. 

The fatigue-endurance limit of 10’ cycles for the 1290°F 

} juenched condition and for the 1830°F furnace-cooled to 1290°F 

and quenched condition are given in Table III. There is no signifi- 

: nt difference between the notched endurance limits for these two 

e Fe conditions. However, the unnotched endurance limit for the fur- 


es <<, 
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Fig. 15—Effect of Previous Beta Annealing Treatment on 
Impact Behavior of a Ti-7.5Cr-7.5Mo Alloy. All specimens 
quenched from 1290°F. 


nace cooled to 1290°F sample is much lower than that for the 1290°| 
quenched sample. This indicates that the alpha plates present prob- 


resistance. 

Bend ductilities, both longitudinal and transverse, were deter- 
mined for these conditions. Four specimens were used for each test 
Although the scatter of the data points was large, at least one speci- 
men in the 1560°F and 1830°F annealed conditions failed in a brittl 
manner. Average values are shown below. 


Initial Annealing Temp. Average Bend 
°F (Quenched From 1290) Radius, T 
' 3.2 
1560 8.5 
1830 19.0 


This indicates that the specimens slow-cooled to 1290°F and 


quenched are more susceptible to embrittlement than the speci- 
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_ _ Fig. 16—Effect of Aging Temperature on the Properties of a Beta-Quenched 
li-7.5Cr-7.5Mo Alloy Aged for 200 Hours. 


4 Table III 
Fatigue Properties of a Ti-7.5Cr-7.5Mo Alloy Quenched from 1290°F 


Endurance-Limit 


Mean Stress Tensile Tensile-Strength 
Heat at 10’ Cycles, psi Strength Ratio 
lreatment Unnotched Notched psi Unnotched Notched 
it 1290°F and 66,500 + 5700 33,000 + 4200 144,000 0.46 0.23 
I hed 
t 1830°F, fur- 48,000+ 1400 32,900 + 1400 138,000 0.35 0.24 


=( ooled to 

1290°F, held 1 hr 

1290°F, and 
hed 
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Fig. 17— Microstructures of a Ti-7.5Cr-7.5Mo Alloy in Aged Conditions. (a)—1 H 
at 1290°F and Quenched Plus 200 Hours at 750°F; (b)—2 Hours at 1560°F and Quenched 
Plus 200 Hours at 750°F; (c)—4 Hours at 1830°F and Quenched Plus 200 Hours at 750°! 


ad 


(d)——4 Hours at 1830°F, Furnace-Cooled to 700°C (1290°F), Held 1 Hour and Que 
Plus 400 Hours at 750°F. 250 
mens annealed at 1290°F and quenched. This, again, points oul 
the detrimental effect on properties of the alpha plates in the micro 
structure. 
Impact-energy values at room temperature decrease with an 
increase in beta-grain size. This is pointed out further by the transi 
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Fig. 18—Effect of Annealing Temperature and Time on tli 


Grain Size of a Ti-2.5Cr-2.5Mo Alloy 


tion behavior, shown in Fig. 15. The energy level is lower and the 
transition temperature is higher for the specimens with the larger 
beta-grain sizes. This behavior is opposite to that observed for the 
same alloys when the alpha phase is not present, again illustrating 
the detrimental effect of the alpha plates in the structure. 


Stability of the Metastable-Beta Alloy 

To evaluate the stability of this alloy, a series of stability checks 

made on the five conditions previously described. The stability 

checks were made, using 100-hour treatments at 390, 570, 750, and 

930°. The evaluation was made on a single sheet tensile specimen 

| a longitudinal bend test specimen. The results of these tests 
presented in Fig. 16. 

In almost every case, ductility is markedly decreased by the 

-hour treatment. Some ductility remains after the 390°F treat- 
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Fig. 19— Microstructures of a Ti2.5Cr-2.5Mo Alloy. (a)—Annealed 1 Hour at 1380°F 
Furnace-Cooled to 1200°F, and Air-Cooled; (b)—Annealed 64 Hours at 1380°F, Furnace- 
Cooled to 1200°F, and Air-Cooled; (c)—Annealed % Hour at 1650°F, Furnace-Cooled t: 
1380°F, Held 1 Hour, Furnace Cooled to 650°C (1200°F), and Air-Cooled; (d)—Annealed 
1 Hour at 1830°F, Furnace-Cooled to 1380°F, Held 1 Hour, Furnace-Cooled to 1200°F, and 
Air-Cooled. «250. 


ment. Embrittlement is very severe at 570 and 750°F, and over- 
aging is apparent after the 930°F treatments. Hardness values 1n- 
crease to a maximum at 570 to 750°F, and decrease as the tempera- 


~ 
4 


ture is increased to 930°F. Tensile strengths do not follow the same 
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ern because of the excessive embrittlement. Bend ductilities are 
lowered to a minimum at 570 to 750°F, and some ductility is recov- 
| by overaging at 930°F. 

The effects of prior condition on stability are not entirely clear 
from these data. In general, the stability of specimens with large 
beta-grain sizes appears to be less than that for the smaller beta- 
orain size. This is also observed in the microstructures, in which the 
alpha precipitation appears to be more extensive for the larger beta- 
srain sizes for any one stability check. This is shown in Fig. 17. The 
unusual microstructure of Fig. 17d is composed of alpha plates 
formed during the 1290°F anneal. The dark-etching alpha precipi- 
tate formed during the subsequent exposure at 750°F. 

A more complete evaluation of stability was made on samples 
annealed for 100 hours at 570°F after initially quenching from 
{290°F. The results, as compared with the as-quenched condition, 
are given in Table IV. 


‘ 
9 


eres 


Table IV 
Mechanical Properties of a Ti-7.5Cr-7.5Mo Alloy Before and After Aging at 570°F 





Annealed 1 Hour at 1290°F 


Annealed 1 Hour and Water-Quenched; 
at 1290°F and Annealed 100 Hours at 
Property Water-Quenched 570°F and Water-Quenched 
kers Hardness.... 334 484 
Ultimate Tensile Strength, psi. 143,000 111,000-—163,000 
0.2% Offset Yield Strength, psi. . 135,000 
Reduction ‘n Area, %...... eames 34 0 
Elongation, %.. a a Daan vas “acest 16 0 
Notched Tensile Strength, psi.......... 217,000 101,000 
Notched Reduction in Area, %.. eats 7 5 
Minimum Bend Radius, T.... ie 3 >24 (Brittle) 
Room-Temperature Impact Energy, inch- 
pounds te cr 10 2 
Endurance Limit (107 Cycles), psi 
Unnotched Specimen... . ‘ 66,500 (+ 5800) 68,100 (+ 26,200) 


Notched Specimen... ; a a 33,000 (+ 4200) 39,500 (+ 3400) 


The lack of tensile ductility accounts for the erratic tensile 
strength observed for the 570°F treated specimens. Vickers hardness 
values are increased from an average of 334 to 484, indicating that 
considerable aging is taking place as a result of beta instability. 
Tensile and bend ductilities are reduced, as is the room temperature 
impact resistance. The ratio of notched to unnotched tensile strength 
is difficult to evaluate because of erratic behavior. However, it is 
definitely reduced from about 1.5 to less than 1.0, indicating a 
change to a notch-sensitive condition. Unlike the tensile and bend 
properties, the fatigue endurance limit is not changed significantly 
by the aging treatment. Thus, it appears that the embrittlement 
caused by the low temperature precipitation of alpha is not shown 
up by fatigue tests. However, appreciable scatter was obtained in 
the endurance limits of these samples, with the greatest deviations 
occurring for the unnotched specimens in the aged condition. 
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\LPHA-BETA ALLoy (T1-2.5CR-2.5Mo) 

This alloy was selected as an example of an alpha-b 
alloy. The beta transus is at about 1515°F, and beta of this 
sition transforms to martensite on quenching. The fabrica 
this alloy was completed in the alpha-beta field, so that an eq 
alpha-beta structure could be produced by subsequent anne 
acicular type of structure may be produced by first annealing 
beta field and then equilibrating in the alpha-beta field. Micr 
tural variables include the grain size and shape of the equilil 
alpha-beta structures, and the prior beta-grain size of the 
formed structures. 

The heat treatments in the alpha-beta field may be desix 
as equilibrating or as stabilizing treatments. An equilibrating 
ment is usually done at a relatively high temperature and has 
effect of decreasing the alpha-to-beta ratio as the equilibrati 


temperature increases. A stabilizing treatment may consist of eit! 
an isothermal anneal or a slow cooling or step-cooling process 

ishing at a relatively low temperature in the alpha-beta field. [1 
primary objective is to reject sufficient alpha so that subsequent 
heating in the service-temperature range of 570 to 930°F will no 
cause precipitation of fine alpha, with a resultant loss in ductility 


Grain Size and Microstructure 

The testing program for the Ti-2.5Cr-2.5Mo alloy was carried 
out, using two equiaxed-alpha-beta-grain sizes and equilibrated 
acicular-alpha-beta structures of two prior beta-grain sizes. Th 
effects of annealing time and temperature on grain size were studied, 
and the results are shown graphically in Fig. 18. The equiaxed-alpha 
beta-grain sizes are small, and the rate of grain growth increases 
with increasing annealing temperature. Beta-grain sizes are much 
larger, and the rate of growth decreases as the annealing temperature 
is increased. Typical microstructures are presented in Fig. 19. 

Mechanical Properties 

The unnotched tensile strength of the alpha-beta alloy, as 
shown in Fig. 20, is not affected appreciably by either the shape or 
the size of the alpha-beta structure. Yield strengths, except for the 
small equiaxed alpha-beta structure, also are relatively unaffected 
by microstructure. The increased yield strength observed for th 
small equiaxed alpha-beta structure may be the result of yield-point 
behavior observed in this condition. The yield point was observed 
in this alloy only for the shortest annealing time at lowest anneal 
ing temperature, 1 hour at 1380°F. The factors governing its ap 
pearance are not known. Such behavior usually is associated with 
interstitial additions, but is not uncommon in alpha-beta alloys 
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Fig. 20—Effect of Alpha-Beta Grain Size and Shape on 


Tensile Properties of a Ti-2.5Cr-2.5Mo Alloy 


; Ductilities, particularly reductions in area, are higher for the equi- 
axed than for the acicular-type structures. Ductilities also are better 
for the finer grained equiaxed alpha-beta specimens than for the 
coarse-grained specimens. 

The ratio of notched to unnotched tensile strength varies from 


5 1.50 to 1.55, indicating no structural effect and a generally notch- 
r insensitive condition. Although the reduction-in-area values of un- 

notched equiaxed specimens are greater than those of the unnotched 
| . acicular specimens (about 60% as compared with 45°), the reduc- 
, tion in area of notched specimens is about the same in both condi- 
| ; tions, about 20%. These high reduction-in-area values for notched 
| ensile specimens also indicate lack of notch sensitivity at room 


LX perature. 


he results of the fatigue tests are given in Table V. Except for 
nall-acicular-grain-size condition (14 hour at 1650°F), there is 
nificant change in endurance limit of both the notched and 
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Fig. 21—Effect of Testing Temperature on Impact Behavior of a 

Ti-2.5Cr-2.5Mo Alloy in the Equiaxed and Acicular Alpha-Beta Conditions 
unnotched specimens with change in microstructure. The unnotched 
endurance limit for the small-acicular-grain-size condition is the 
highest obtained for this alloy. The ratio of endurance limit to ten 
sile strength is excellent for all conditions, ranging from 0.44 to 0.55 
for the unnotched condition and from 0.26 to 0.29 for the notched 
condition. These data show that alpha-beta alloys can be produced 

that have high endurance-limit ratios. 

Bend ductility, both longitudinal and transverse, was found to 
be high for both equiaxed and acicular conditions, as shown below 


Average Bend 


Microstructural Condition Radius, 1 
Fine equiaxed alpha-beta 0.7 
Coarse equiaxed alpha-beta 1.0 
Acicular alpha-beta, small prior beta-grain size 0.9 
Acicular alpha-beta, large prior beta-grain size 1.1 


No dependence of bend ductility on microstructure or rolling direc- 
tion was observed. 

The room temperature impact resistance was found to be great 
er for small than for large equiaxed-grain sizes. Also, the specimens 
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Fig. 22—Effect of Alloy Content on the Fatigue Properties of 
Ti-Cr-Mo Alloys. 
with equiaxed structures are more resistant to impact than those 
] . . rr -~— . . . 
( with acicular structures. The effects of grain size and shape on im- 
e . pact-energy values are more pronounced at higher temperatures. 
\- [his is illustrated by the curves of Fig. 21. 
5 
d 
d Table V 
P Fatigue Properties of a Ti-2.5Cr-2.5Mo Alloy 
0 : Endurance-Limit 
E Mean Stress Tensile Tensile-Strength 
at 10’ Cycles, psi Strength, Ratio 
H Treatment Unnotched Notched psi Unnotched Notched 
t 1380°F, fur- 48,200+ 1300 31,500 + 2600 109,000 0.44 0.29 
cooled to 
1200°F,, air-cooled 
t hr. at 1380°F, 49,100 + 2900 27,800 + 2100 102,000 0.48 0.27 
e-cooled to 
1200°F, air-cooled 
at 1650°F, 55,000 + 4000 27,200 + 1300 106,000 0.52 0.26 
ce-cooled to 
1380°F, held 1 hr., 
t e-cooled to 
Bi 1200°F , air-cooled 
* I 1830°F, fur- 48,000+ 3800 28,200 + 1700 108,000 0.45 0.26 
: cooled to 
; held 1 hr., 
Bt e-cooled to 
' s caiaiiiiiiennisbianiia 
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The impact resistance of equiaxed alpha-beta specin 
creases almost linearly with testing temperature up to about 579°) 
with higher values apparent for the smaller grain size. | 
energy values for the specimens with acicular structures 
crease with testing temperature, but much less rapidly 
acicular structures, no effect of prior beta-grain size is appa 

The impact-energy-temperature curves of this type are | 
of alpha-beta alloys, and illustrate a condition between tr. 


(beta) and nontransition (alpha) behavior. The advantag: 
fine-grained equiaxed alpha-beta structure is apparent fron 
data. 

SUMMARY 


lor unalloyed titanium, grain size or shape has only a 
effect on the mechanical properties. Yield strengths are decreas 
slightly for specimens annealed in the alpha-beta range because of 
the partition of impurities to the nonmatrix alpha. Impact resis 
ance is highest for the smallest alpha-grain sizes. Bend ductility an 
tensile ductility are excellent for all grain sizes. The fatigue endu 
ance limit at 107 cycles is 79% of ultimate strength for unnotch 
and 42°, for notched specimens. 

The grain size of the metastable-beta alloy (Ti-7.5Cr-7.5M 
also has only a minor effect on the mechanical properties so long 
the alloy is single phase. The presence of alpha in the structur 
ered the bend ductility, tensile ductility, and impact resistance 
Notched fatigue properties appear to be relatively unaffected | 
changes in grain size or microstructural condition. The plates « 


alpha phase in the beta matrix act as stress raisers similar to notches 
and lower the unnotched endurance limit. 

The alpha-beta alloy (Ti-2.5Cr-2.5Mo) was tested in the sta 
bilized condition so that the only variables would be grain size an 
grain shape. Only minor changes in properties occurred as a resul 
of changing the alpha-beta grain size. Strengths were unaffected | 
changing grain shape, although the equiaxed alpha-beta specimens 
had higher tensile ductilities and impact resistance than the acicula 
alpha-beta specimens. The fatigue endurance limits generally wer 
unaffected by grain size or shape. The unnotched fatigue strengt! 
was 34% of the ultimate tensile strength, and the notched fatig 
strength was 20% of the ultimate tensile strength. 

One interesting observation on the fatigue properties of the al 
loys studied is shown in Fig. 22. The fatigue endurance limit of th 
alloys appears to be unchanged, regardless of alloy content, althoug 
the tensile strength is greatly increased as a result of alloy content 
Thus, these data indicate that the fatigue endurance limit 0! 
titanium, at least for rotating-beam tests, probably will not be 1 
creased greatly by alloying. 
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DISCUSSION 
Written Discussion: By Donald C. Buffum, Watertown Arsenal, Water- 
S wn, Mass. 
In the presentation of data you stated that the presence of alpha caused de 
' reases in the mechanical properties. Since alpha is present in the microstructure, it 
ld indicate that the beta has decomposed and that it would be possible for 
lj iega to be present. Could the presence of omega Cause the decreases which were 


ned? Did you check for the presence olf omega?’ 


Authors’ Reply 


In the tests that were conducted on the metastable-beta alloy, it was noted 
he presence of small amounts of alpha phase obtained by annealing just 
he beta transus had a deleterious effect on ductility and toughness. In ad 
was noted that the shape and distribution of this alpha phase affected 
s particularly. We believe these effects to be directly attributable to the 
e of a small amount of acicular alpha phase in the grains and grain bound 
i ; is, and not to the presence of omega. The interstitials would tend to con 
h / in the alpha and make it less ductile. Thus, the alpha platelets would act 
4 gh they were internal stress concentrators. 
if p ilpha phase that can be seen in the microstructures of Fig. 13 is formed 
nealing temperature, which was 700°C (1290°F). This temperature is 
gher than the temperature range of 200 to 500°C (390 to 930°F), where 
formation generally occurs. Thus, it would not be expected that annealing 


Ea 
4g 
eh 
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this alloy at 700°C (1290°F) would involve the beta-to-omega reaction. | 
sible that omega formation could occur during the subsequent quench 
temperature. Two factors would suggest that this is not the case. First 
alloy content of this alloy (Ti-7.5Cr-7.5 Mo) is much higher than that whe: 
formation occurs on quenching from the beta field, and, second, the for: 
omega is invariably accompanied by marked hardening. No such hard 
curred in these samples. More typical of the effects of omega formatio: 
properties shown in Fig. 16, where extreme hardening is found when the | 
ble-beta alloy is reheated at temperatures of 200 to 500°C (390 to 930°} 
We did not check for the presence of omega in these alloys for the r¢ 
forth above. We do not believe that the loss in ductility and toughness Ol 
7.5Cr-7.5Mo alloy annealed at 700°C (1290°F) is caused by omega, but b 
is directly associated with the presence of small amounts of acicular alpha 
in which the interstitial concentration was concentrated by alpha-beta pa: 








INVESTIGATION OF THE HEAT TREATABILITY 
OF THE 6% ALUMINUM-4% VANADIUM 
TITANIUM-BASE ALLOY 


By R. G. SHERMAN AND H. D. KESSLER 


Abstract 

Heat treatment, stress-stability, section size, elevated 
temperature tensile and fatigue studies were carried out on 
material from production ingots of the T1-6Al-4V alloy. 
The results show that the alloy 1s moderately heat treatable; 
in V-inch sections, tensile strengths from 730,000 to 
. 175,000 psi and yield strengths from 100,000 to 165,000 psi 
combined with high ductilities may be obtained. The alloy 
is stable under stress to SOO° F and has excellent tensile prop- 
erties at this temperature; its fatigue endurance ratio is 
ereater than 0.55 for the heat treatments evaluated. (ASM- 

SLA Classification: J general, Q general, T7) 


HE Ti-6Al-4V alloy was developed by the Armour Research 

Foundation under government sponsorship. Early studies 
showed it to have an excellent combination of tensile strength and 
ductility with good resistance to impact, and high strength at ele- 
vated temperatures. Production of the alloy was initiated early in 
1954; and at the present time, the alloy is one of the most popular of 
the commercial compositions. It is being used in large quantities in 
ordnance, airframe and aircraft engine applications; and is currently 
ivailable as wire, sheet, bar and forging billet mill products. 

This paper presents the results of an extensive study by the 
litanium Metals Corporation of America of the heat treating char- 
icteristics of the alloy, with special emphasis on solid solution plus 
aging heat treatments. Effect of section size on the tensile properties 
obtained by these duplex heat treatments, stability under stress at 
elevated temperatures, short-time elevated temperature properties, 
ind some fatigue data are presented. All results were obtained on 
material from production ingots of the Ti-6AI-4V alloy. 


EXPERIMENTAL PROCEDURE 


Rolling Practice and Forging Practice 


\ll the data in this paper other than the work on effect of sec- 
size were obtained on material rolled to 0.550-inch round, using 
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a 30° reduction in area following the final reheat. A pre-| 
temperature of 1700°F was used, except for the work on the et 
rolling temperature. 

The section size data was obtained on material forged { 
334-inch diameter section. One forging schedule, from 1850 
sulted in a 35% reduction in area to each size following the fi 
heat. Six-inch lengths of these sections were heat treated at 1750° 
(1 hr.) WQ, cut in half, and 3-inch lengths aged at 1100°F (24 hrs 
The second forging schedule, from 1750°F, resulted in a 60% 
tion in area after the last reheating operation. These sections 
heat treated at 1550°F (1 hr.) WQ, cut in two, and one-half ag 
1000°F (24 hrs.). Tensile specimens were machined from the centers 
of all sections and from the edges of the larger sizes. 


Delayed Water and Jominy End Quench 
To study the effect of a delayed water quench from the solutio. 
temperatures, specimens removed from the furnace were air-coole 
3, 6, 10, 15, 25, 40, 60 and 100 seconds, and then water-quenched 
A \%-inch diameter by 4-inch long sample was used in conjun 
tion with a ‘/32-inch water jet for the end-quench hardenability test 
from 1550°F. Vickers hardness tests were made with a diamon 
penetrator and a 10-kilogram load. The end quenched bar was the: 
aged at 900°F (24 hrs.) and hardness measurements made agai 


Stress-Stability and Fatigue 

Test bars were stressed at 50,000 psi in stress-rupture units 
temperatures of 600 and 800°F. The specimens were measured foi 
length before and after the stability tests to obtain total deformatior 
measurements; after 200 hours, the bars were removed and tensili 
tested at room temperature. 

The fatigue testing was carried out on hand polished specimens 
run at 10,000 RPM on Moore rotating beam machines. 

Tensile Specimens 

All tensile testing was done on 0.250-inch diameter, 1-inch gag‘ 
length specimens tested at a head speed of 0.05-in/minute. The 0.2", 
vield strengths were obtained using a Peters microformer extensom 
eter. 

MATERIAL 

The table below lists the chemical analyses of the two ingots 
used for this study. Both ingots were made with TMCA 140 BHN 
sponge. 


AlL,& Vi&% Fe, % No, % C % He, 
1. 6.26 4.13 0.102 0.013 0.021 ().006 
2% 6.09 4.06 0.147 0.013 0.015 ().004 


*(Fatigue tests only) 
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LISCUSSION 


Rolling Temperature—The as-rolled tensile strength varied in 
rselv and the ductility varied directly with rolling temperature. 
However, there was little difference in the strength levels of the heat 
eated conditions (See Fig. 1). Because of somewhat lower ductili 
ties of specimens rolled at 1800°F, 1700°F was selected as the best 
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temperature for ease of rolling compatible with good mechanical 
properties. 

Solution Treatment—The beta transus temperature, established 
by metallographic examination, was 1825°F + 15°F for the two heats 
studied. To determine the effect of various solution temperatures, a 
series of specimens were heated for 1 hour at temperatures between 
1300 and 1850°F, and water-quenched (See Table I and Fig. 2). The 
1550°F temperature was selected for further investigation of duplex 


\ heat treatments, because the minimum yield-tensile strength ratio 

; t about 0.7 was obtained. In this low yield strength, soft condition, 
! the material offers the advantages of good machinability and excel- 
0 F I w temperature formability, and can be subsequently aged to 
4 . I num strerigth levels. The other solution temperature selected 


\750°F because this treatment gave an excellent combination 
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Table I 
Effect of Solution Temperature on Tensile Properties of Ti-6A1-4\ 
Se Bie Y.S.(0.2%) Elong.., R.A... Hardness 
Heat Treatment psi Dsi % % e 
1300°F (1 hr.) WO 139,000 137,500 21 53 33 
1400°F (1 hr.) WO 135,000 124,000 20 56 33 
1450°F (1 hr.) WO 144,000 114,500 22 47 30 
1500°F (1 hr.)WO 141,000 101,000 22 53 33 
1550°F(1 hr.)WO 145,000 103,000 26 55 34 
1600°F (1 hr.) WO 148,000 119,000 23 55 34 Q] 
1650°F (1 hr.)\WO 160,000 141,000 21 55 41 Rx 
1750°F(1 hr.)WOQ 172,000 148,500 15 53 43 g 
1850°F (1 hr.)WQ 167,500 145,500 > 10 43 
| T T T ‘| 
* (30 = “I 
rn 
> 160 7 
5 * 40 F 4 
7 ae 
b = | bd 
70 
We 4 O 6F 
40+ al 
an 
F “ 
= ail | __latB =r 8B | 
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Temperature °F 


Fig. 2—The Effect of Solution Temperature on Tensile Properties. 


of quenched properties and amenability to aging. Figs. 3 and 4 
show the microstructures of the two solution-treated conditions 
Figs. 5 and 6 show the effect of a delayed water quench on th 
mechanical properties of specimens quenched from the two solutio! 
temperatures. There was no microstructural difference between an‘ 
of the specimens given a delayed quench from 1550°F. The only et 
fect of the delayed quench from this temperature is the loss of the 
low yield strength. Delaying the quench from 1750°F results | 
widely different properties, depending on the length of delay. The 
microstructures of the specimens delayed for longer times indicate 
that they had cooled below the Ms before quenching; and asa result, 
instead of an alpha prime background there was a coarse basket- 
weave alpha-beta structure. This structure became coarser for th 
longer time delays (Figs. 7,8,9). Although the mechanical proper- 
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ties of the specimen delayed 25 seconds before quenching were simi- 
lar to those resulting from the 1550°F (1 hr.) WQ, the microstruc- 
tures were quite different. (Compare Fig. 3 with Fig. 8). The results 
indicate that the composition of the beta prior to quenching is the 


4 : governing factor in controlling the yield-tensile ratio. 
The effect of time at solution temperature and cooling rates 
1 from these temperatures on tensile properties are shown in Table II. 
in limes at the 1550°F solution temperature as short as 15 minutes 
\ : 
{- Table II 
Effect of Total Time and Cooling Rate from Solution Temperature on the 
i Tensile Properties of Ti-OAl “ev 
] T =_ — —— ee 
U.tS.. Y.S.(0.2%) ciaie R.A., Hardness 
1€ & Heat Treatment psi psi % % Ro 
te 1SS0°F(% hr.) WO 147,000 100,000 21 56 33 
F 50°F (44 hr.) WQ 146,000 97,000 21 55 32 
It, 1S50°F(% hr.)WQ 147,000 97,500 22 55 31 
. 1550°F (1 hr.) WO 145,000 103,000 26 55 34 
t- 3 1990"F (24 hr.) WQ 136,000 112,000 25 55 32 
f t90 RCL hr. )AC 144,000 123,500 21 50 35 
ie E 1550°F(1 hr.) FC 50°/hr. 139,000 130,000 20 49 33 
in E S0°F (1 hr.) FC 50°/hr. 134,500 124,000 20 44 33 
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Fig. 5 The Effect of Delayed Water Quenching from 1550°F o1 
the Tensile Properties. 


pre «luce properties similar to those obtained from 1 hour at tempera 
ture. However, the properties after 24 hours at the solution tempera 
ture were quite different. Fig. 10 shows the coarse-grained structur 
resulting from the longer solution treatment. As might be expected 
from viewing the delayed quench data, an air cool from 1550°F had 
no effect on the ductility and tensile strength, but raised the yield 
strength; indicating some aging had occurred. The very slow cooling 
rate (50°F /hr.) of the furnace cool from both 1550 and 1750°F pro 
duced very low strengths; the higher temperature treatment resulted 
in one of the lowest strength conditions obtained in the study 

Solution-Plus Aging Treatment—A low temperature aging treat 
ment was investigated to simulate pickling conditions. The treat 
ment of 400°F (1% hr.) slightly increased the yield strength of both 
solution treated conditions without effecting the tensile strength o1 
the ductilities (See Fig. 11). Therefore, it is evident that solution 
treated material can be descaled or pickled at temperatures to 400°! 
without significant aging occurring. The effect on the mechanica! 
properties of 24-hour aging treatments at 900, 950, and 1000°F is 
presented in Fig. 11. It is interesting to note the differences in prop 
erties resulting from these small variations in aging temperatures 
Figs. 12 and 13 show the typical aged structures following the two 
solution treatments. 
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Table III 
ffect of Aging Treatments Following Various 1550 and 1750°F Treatments 
on the Tensile Properties of Ti-6A1-4\ 





: 2) ees Y.S.(0.2% ) Elong RA Hardness 
q t Treatment psi psi we y/ Re 
; F(1 hr.) WO 145,000 103,000 % 55 34 
50°F (1 hr.) WO 4 
°F (24 hr.) 165,000 155,000 14 17 40 
50°F (1 hr.)WO 4 
10°F (24 hr.) 149,000 147,000 0 52 33 
ssQj°K(1 hr. AC 144,000 123,500 1 50 35 
550°F (1 hr JAC 
00°F (24 hr.) 151,000 139,000 20 50 35 
550°F (1 hr.) AC 4 
1000°F (24 hr.) 143,000 140,500 23 54 34 
15S50°F(1 hr.) F¢ 
sQ°F /hr 139,000 130,000 20 49 33 
1550°F(1 hr.) FC 4 
00°F (24 hr.) 137,000 137,000 19 51 33 
1550°F(1 hr ) FC 
1000°F (24 hr.) 136,000 136,640 20 53 34 
1750°F (1 hr.) F¢ 
50°F /hr 134,500 124,000 20 44 33 
50°F (1 hr.) F¢ 
900°F (24 hr.) 132,000 123,000 21 46 32 
50°F (1 hr.) F¢ 
1000°F (24 hr.) 133,000 124,000 23 44 32 
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Fig. 7—Primary Alpha in Transformed Beta Matrix. 1750°F (1 hr.) Delay 6 Sec. WQ 


750 
Fig. 8—Primary Alpha in Basket-Weave Alpha-Beta Matrix. 1750°F (1 hr.) Delay 25 
Sec. WQ. <750 
Fig. 9—Primary Alpha in Coarse Basket-Weave Alpha-Beta Matrix. 1750°F (1 hr 
Delay 60 Sec. WQ. x 750 
Fig. 7 Fig. & Fig. 9 
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End Quenched from 1550°F 


\ge hardening relationships resulting from treatments of 4 
hour to 48 hours duration at 900°F following the 1550°F solution 
treatment are shown in Fig. 14. The aging response at 900°F is quite 
rapid, inasmuch as the highest tensile and vield strengths were ob 
tained at % hour. Thereafter, the tensile strength decreased while 
the yield strength remained constant. 

Table Ill shows the effect of two 24-hour aging cycles following 
various 1550 and 1750°F treatments. It is evident from the lower 
strengths resulting from these two aging treatments after an air cool 
hat water quenching is necessary for maximum retention of beta for 
subsequent aging. As might be expected, there was no aging response 
lollowing a 1750°F (1 hr.) F.C.; however, some aging occurred fol- 
lowing the 1550°F (1 hr.) F.C. as indicated by a slight decrease in 
tensile strength and an increase in yield strength. It is interesting to 
ote that the aging response following a 24-hour solution treatment 


it 1550°F is not the same as that following a 1-hour solution treat- 
nent. 


Effect of Section Size—From the limited hardenability investi 
gation made, it is apparent that there is some strength advantage to 
be gained from aging solution-treated sections as large as 334-inch 

neter. These results are also supported by the Jominy end 
nch data, which show that the sample increased in hardness after 
ig as far as 314-inch from the quenched end (Fig. 15). The core 
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Fig. 19—Fatigue Strength for Two Heat Treatments. 
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ngth varied inversely with section; and for the heat treatments 
|, it would appear to be very difficult to obtain yield strengths 
er 140,000 psi in sections larger than 114-inches or 130,000 psi in 
; sections larger than 3 inches (See Fig. 16). The results of aging 
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Table IV 
Tensile Properties of Ti-6A1-4V Before and After Stability Tests 
Total Sn 
Stress Temp. Time Def. U.T.S., (.2%) Elong. R 
Heat Treatment psi ‘ (hrs.) % psi psi 
1550°F (i hr.)WO-+ 900°F (24 hr.) 165,000 155,000 14 4 
1550°F (1 hr.).WO+ 900°F(24 hr.) 50,000 800 200 2.0 163,000 151,000 11 41 1() 
1550°F (1 hr.).WO-+ 900°F (24 hr.) 50,000 600 200 0.25 164,000 157,000 17 4¢ 
1550°F (1 hr.).WO+ 900°F(24 hr.) . 800 200 - 177,000 166,000 16 51 
1550°F(1 hr.) WO+ 900°F(24 hr.) 600 200 163,000 152,000 19 5 
1550°F (1 hr.) WO +-1000°F (24 hr.) 149,000 147,000 20 5 
1550°F(1 hr.) WO +1000°F(24 hr.) 50,000 800 200 1.5 152,500 145,000 14 45 
1550°F (1 hr.) WO +-1000°F(24 hr.) 50,000 600 200 0.25 151,000 144,500 19 48 
1550°F (1 hr.) WO +-1000°F (24 hr.) — 800 200 - 154,000 154,000 20 50 
1550°F (1 hr.) WO +1000°F(24 hr.) 600 200 151,000 149,000 22 5? 
1750°F(1 hr.)WO-+ 900°F(24 hr.) 177,000 163,500 14 51 
1750°F(1 hr.)\WO-+ 900°F(24 hr.) 50,000 800 200 O.8 179,000 166,000 14 53 10) 
1750°F (1 hr.).WO-+ 900°F(24hr.) 50,000 600 200 0.1 173,000 162,000 15 55 
1750°F (1 hr.)WO+ 900°F(24 hr.) — 800 200 - 169,000 160,000 17 54 } 
1750°F(1 hr.).WOQ-+ 900°F(24 hr.) . 600 200 - 177,000 165,500 15 54 
1750°F (1 hr.) WO +1000°F (24 hr.) 168,000 156,500 16 59 () 
1750°F (1 hr.).WO +1000°F (24 hr.) 50,000 800 200 0.4 184,000 169,000 13 48 44 
1750°F (1 hr.) WO +1000°F (24 hr.) 50,000 600 200 0.2 172,000 163,000 14 52 1() 
1750°F (1 hr.) WO +-1000°F (24 hr.) 800 200 179,000 167,000 16 49 { 
1750°F (1 hr.) WO +1000°F (24 hr.) : 600 200 175,000 164,500 16 52 


studies indicate that at some sacrifice in ductility, higher strengths 
could have been obtained in even the larger sections using lowe: 
temperature aging treatments. 


Stress-Stability and Elevated Temperature Tensile Tests 

To separate the effect of aging with and without stress, dupli 
cate bars were aged in both conditions for 200 hours at 600 and 
800°F. The results indicate the alloy is quite stable under a stress of 
50,000 psi for 200 hours at temperatures to 800°F (Fig. 17). It is 
interesting to note that in several instances, increased strength re- 
sulting from the test conditions was not accompanied by a decrease 
in ductility. It is evident from the deformation measurements that 
prior heat treatment has an effect on the short-time creep proper- 
ties. The smallest deformations were obtained on bars heat treated 
to the highest strengths (See Table IV). 

The results of elevated temperature tensile tests indicate that 
prior heat treatment affects the short time elevated temperature 
properties (Fig. 18). The better high temperature properties were 
obtained using the higher strength heat treatment. 

Fatigue—The results of fatigue tests shown in Fig. 19 illustrate 
the improvement in endurance strength which can be realized using 
duplex heat treatments. Endurance ratios greater than 0.55 were ob- 
tained in both cases. 


SUMMARY OF RESULTS 


The Ti-6Al-4V alloy has a wide range of hot working temper- 
atures. Varying the working temperature between 1400 and 1750"! 
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ittle effect on the mechanical properties resulting from any par- 

ir heat treatment. 

Duplex heat treatments can be used to advantage to obtain 

derately high strength levels accompanied by good ductilities. A 
wide range of mechanical properties, 140,000 to 175,000 psi tensile 
-trength and 100,000 to 165,000 psi yield strength, may be achieved 
using solution treatments from 1550 to 1750°F and aging at tem- 
peratures from 900 to 1000°F. Strengths as low as 130,000 psi may 
be obtained by very slow cooling from the solution temperature: 

The 1550°F solution treatment results in the lowest yvield-tensile 
ratio and offers the possible advantages of good machinability and 
excellent low temperature formability. Subsequent aging can then 
he used to increase the strength to maximum levels. 

With good forging practice, yield strengths of 130,000 psi can be 
obtained in sections to three inches; and 140,000 psi in sections to 
one and one-half inches, with ductility values of 20°% elongation and 
50°, reduction in area. 

The alloy is stable under conditions of 50,000 psi for 200 hours 
at temperatures to 800°F. Total deformations of less than 1% under 
these conditions may be achieved by the use of a 1750°F (1 hr.) WO 
-1000°F (24 hrs.) heat treatment. With this heat treatment, the 
alloy has an 800°F tensile strength of 115,000 psi and vield strength 
of 97,000 psi. 

The results of two heat treated conditions indicate the alloy 
has 10’ cycle endurance ratio greater than 0.55. 
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DISCUSSION 


Written Discussion: By Frank A. Crossley, research metallurgist, Armour 
<esearch Foundation, Chicago. 


(he authors are to be commended for this excellent addition to the litera- 
on commercial titanium alloys. It is most welcome. 
Considering the statement, ‘“‘The microstructure of the specimens delayed 
onger times indicate that they had cooled below the Ms before quenching; 
is a result, instead of an alpha-prime background there was a coarse basket 
ve alpha-beta structure.’’ The second part of this statement contradicts the 
part. Furthermore, the first part is inconsistent with the microstructures 
in Figs. 7 to9. The alpha-prime structure results from cooling the beta 


below its Ms temperature, whether this cooling be in air or in water. [1 
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should be understood that a specific Ms temperature for an alloy is defi: 
with respect to quenching from the high temperature single phase fi 
alloy quenched from the two-phase field has a lower Ms temperature de; 
upon the degree of enrichment of the remaining beta. The change in st; 
of which the authors speak, depicted by Figs. 7 to 9, is the result of rapid 
of the alpha grains (existant at 1750°F) at the expense of the beta dur t} 
cooling in air prior to the water quench. The basket-weave structure sh 
Fig. 9 is characteristic of alpha titanium alloys air-cooled from the be 

and is formed by nucleation and growth. 


Written Discussion: By S. R. Carpenter, supervisor of producibility, | 
vair, Division of General Dynamics Corp., San Diego, California. 

Requirements for increased titanium usage are appearing in sharper 
Within its scope of operational limits, titanium is an efficient material wh: 
sidered from a strength-weight standpoint. It is now fulfilling this purpos: 
current production alloys in the annealed condition. Titanium alloys in the hea: 
treated condition are elevated to a high position of prominence as a material | 
construction. 

The work of Messrs. Sherman and Kessler, with heat treatment of Ti-6A]-4\ 
alloy is an important contribution leading to its production use. One of the hig 
lights of their research are the conditions for best formability and subsequ 
heat treatments for maximum strength. The many other facets of the worl 
opens the door of confidence to higher strength levels through the medium of hea 
treatment. 

It is the purpose of this discussion to review the authors’ work in terms of its 
meaning to engineering design and production use. 

One of the problems in contour stretch formed sheet metal titanium ang) 
zees and channels stems from the high ratio of yield/ultimate. Yield strength 
commercial titanium alloy sheets ranges up to 95% of the ultimate tensil 
strength. This high ratio is a source of trouble in stretching operations. Th 
stretch machine operator has very little margin between yield strength and th 
material breaking point. 

Successful extruding of Ti-6Al-4V alloy, to replace sheet metal shapes 
duplex heat treatment opens the way for ease of forming with the end product 
at a strength level far in excess of current sheet alloys. Direction of this route is 
found in Fig. 2. It will be noted Ti-6Al-4V has a yield/ultimate ratio of 0.71 i 
the 1550°F solution-treated condition. Elongation is at a maximum. It was i 
creased from 23% in the annealed condition to 26%. The stage is now set to mak 
everyone happy. The shop has a large margin between yield and ultimate with a 
consequent reduction in scrap loss. The designer benefits because he can engineer 
for more severe curvature due to increased elongation in the solution treated 
condition. Finally, his part can be aged after forming to a high strength level for 
structural efficiency. 

Application of Ti-6Al-4V alloy in extruded shapes has been mentioned. This 
alloy and versions thereof are now being produced in sheet form under pilot 
production conditions. Confirming data showing the behavior of sheet material 
similar to that of Fig. 2 for bar stock will be a major factor in accelerating larg 
usage of titanium alloy sheet. Benefits to be derived from the solution treated 
condition have been reviewed. Intensive effort is required on the part of th 
material suppliers to produce and to deliver a sheet material in the solution treated 
condition. It is necessary in the overall cost picture. Fabricators of titanium alloy 
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nerally are not equipped to cope with warpage problems after solution 

sent. The mills are the logical place to handle the problem. 

is desired to re-emphasize the implications of Fig. 2. Potential is attractive 

e of production of high strength structural members. The pattern of Fig. 
haracteristic desired in future alloys having forming properties. 

(he aging time of a heat treat cycle is an important consideration from a 
5 standpoint and facilities requirements. Long aging times tie up expensive 
_ equipment. In large scale production, valuable floor space is needed for 

onal furnaces when the aging time is extended. Shift changes of operating 
ersonnel must also be considered, in order to avoid the need for overlapping 

rdination when the aging cycle extends beyond one shift. 

Wherever possible we like to establish an aging time of 6 hours. It is a work- 

e time span in which to complete an aging cycle within an 8 hour shift. Convair’s 
maior effort in the heat treatment of titanium is directed to this end. It is sug- 
vested research institutions working with heat treatment of titanium alloys, 
nclude shorter aging times in their programs. This may seem insignificant, but in 
ictual practice the long aging cycles can be a substantial cost item. We must 
vield, of course, on this point when longer aging times have been definitely 
established as necessary. 

Fortunately, Ti-6Al-4V alloy seems amenable to a 6-hour aging cycle for 
the 1550°F solution treatment. Fig. 14 shows maximum strength and elongation 
can be attained with the 6-hour cycle. Reduction in area is lowered from 55 to 
13°). This loss can be accepted for the gains derived from shorter aging times. 

Mechanical properties look very promising from the data of Table IV. 
Unfortunately, they must be revised downward for design purposes. The con- 
dition is brought about by minimum guarantees for Ti-6Al-4V. They have been 
quoted in the annealed condition as: 


Ultimate Tensile Strength 130,000 psi 
Yield Tensile Strength (0.2%) 120,000 psi 
Elongation (1”) 10% 
Reduction of Area 30% 


Experience has shown that the majority of titanium alloys exceed minimum 
guarantees by a considerable amount. A small percentage, however, is received 
with minimum guarantees. It must be taken into account for design purposes. 

In the absence of additional test data, Convair is pegging design values for 
heat treated titanium by adding minimum guarantees to the change due to heat 
treatment. This assumes the change from heat treatment is constant for all 
strength levels in the annealed condition. On this premise, tentative minimum 
values are established as follows: 


Annealed Properties of Test Material 


Ultimate Tensile Strength 140,000 psi 
Yield Tensile Strength (0.2%) 139,000 psi 
Elongation (17) 23% 


from Table IV and the annealed properties of test material, changes due to 
heat treating are: 


For a Heat Treatment of 1550°F (1 Hr.) WQ+900°F (24 Hr.) 


Ultimate Tensile Strength Increased 25,000 psi 
6 y ield Tensile Strength (0.2%) Increased 16,000 psi 
is Elongation (1”) Changed from 23% to 14% ora reduction of 39% 
= For a Heat Treatment of 1750°F (1 Hr.) WQ+900°F (24 Hr.) 
a Ultimate Tensile Strength Increased 37,000 psi 


bs Yield Tensile Strength (0.2%) Increased 24,500 psi ; 
te Elongation (1”) Changed from 23% to 14% ora reduction of 39% 
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lhe changes in properties, as a result of heat treatment, when applied 


mum guarantees in %-inch section tentatively become: 


For a Heat Treatment of 1550°F (1 Hr.) WO+900°F (24 Hr.) 


Ultimate Tensile Strength 155,000 psi 
Yield Tensile Strength (0.2° 7) 136,000 psi 
Elongation (17) 6% 
For a Heat Treatment of 1750°F (1 Hr.) WQ+900°F (24 Hr.) 
Ultimate Tensile Strength 167,000 psi 
Yield Tensile Strength (0.2%) 144,500 psi 
Elongation (1”) 6% 


The tentative minimums may be subjected to.a slight revision dow 
after heat treat response is checked from other heats. Transverse properti« 
be determined. The values given are for longitudinal direction only. It is ne 
to determine effect of furnace temperature tolerances during the heat treat 
At Convair the tolerances have been established at +25°F for solution tre 
and +10°F for aging. These tolerances were chosen in order to use existing hea 
treat equipment for steel and aluminum alloys. 

Foregoing properties of heat treated material are for '%-inch section siz 
Fig. 16 shows these strength values may be expected to prevail up to 1-inch se 
tion for the 1550°F solution treatment and age. A noticeable drop in strength ca 
be expected in 1-inch sections for the 1750°F solution treatment and age. Howev: 
the latter treatment shows some strength advantage in 1-inch sections ove: 
1550°F solution treatment and age. Although Ti-6Al-4V does not have deep | 
ening properties, the material can be used to good advantage. A fairly large per 
centage of aircraft structural sections are 1-inch or less after completion of ma 
facture. There is an advantage strength-wise over current production alloy bai 
and forgings in the annealed condition. Much greater advantage will be realiz 
in sheet and extruded forms to replace parts now fabricated from commer 

lloy sheet. 

In conclusion the following points are emphasized: 

1. Excellent formability is anticipated in the solution treated condition 

2. An aging cycle of 6 hours is desired to reduce cost of heat treatm 
ri-6Al-4V meets this requirement for the 1550°F solution treatment. 

3. Bar and forgings in the heat treated condition can be used with a weight 
advantage in many aircraft parts. There will be superior weight advantage in th 
form of sheet and extrusions. 

$. Change in mechanical properties from heat treatment should be added | 
minimum guarantees in order to establish design allowables. 

5. Transverse properties must be determined for the heat treated conditio 

6. There is a need for development of an alloy sheet to be supplied by tl 
mills in the solution treated condition. 


Written Discussion: By R. H. Gassner, chief metallurgist, Douglas At 
craft Company, Inc., El Segundo, California. 

his extensive study is a welcome addition to titanium alloy metallurgy 
Many of the properties ascribed to this alloy appear particularly attractive to th 
aircraft industry, but it is not considered that the data presented fully justily 
of the conclusions. 

We have recently hot-formed some S-shaped slat tracks from another tita 
nium alloy utilizing resistance heating. Because of the low thermal conductivity 
of titanium, controlled cycling of the current was necessary to allow the h¢ 
diffuse uniformly through the part and avoid localized overheating. The “excell 
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iperature formability”’ ascribed to the 6% aluminum, 4% vanadium alloy 
1550°F solution heat treatment should permit room temperature forming 
omplex shapes. However, the low yield-tensile strength ratio, high elonga 
| high reduction of area do not necessarily connote excellent formability. 
lues cited could indicate that the elongation occurred primarily in the 
d down” region of the specimen. This type of ductility may be valuable 
toughness standpoint, but hardly from a formability standpoint, because 
{ the elongation is concentrated near the fracture. The uniform elongation, 
ion at ultimate stress prior to necking, or complete stress-strain Curves are 
better criteria for evaluating stretch-formability. Such evaluation does not 
ily correlate with bending or deep drawing formability; evaluation of 
properties should be based upon bend test and cup test results. 
(he fatigue curves of Fig. 19 show the advantage of a duplex heat treatment 
750°F (1 hour) WQ-+-1100°F (2 hours) over the single heat treatment 1300°F 
hours). The data indicate that other duplex heat treatments 1750°F (1 hour) 
VO+900°F (24 hours) and 1550°F (1 hour) WQ+900°F (24 hours) offer more 
ractive combinations of tensile properties. Can similar fatigue properties be 
ed from these other treatments? 


Authors’ Reply 


(he authors wish to express their thanks to Messrs. Crossley, Carpenter, 
Gassner for their interest as shown by the written discussions of this paper. 
We are grateful to Dr. Crossley for pointing out the sentence referred to as 
radictory, and in its place we submit the following: ‘‘The specimens quenched 
fter a delay of less than 25 seconds had an alpha prime background (Fig. 7). The 
crostructures of specimens delayed for longer times indicate that the majority 
beta had transformed to a basket-weave alpha-beta structure prior to 
ching (Figs. 8 and 9). This structure became coarser with increasing time of 
(he formation of the coarse alpha plates and the subsequent enrichment 

the remaining beta during the initial slow cooling resulted in a beta phase 
ently rich to be retained upon quenching, and no alpha prime was formed.” 
lhe authors agree with Mr. Gassner that the low yield/tensile ratio obtained 
this alloy in the 1550°F solution treated condition does not necessarily connote 
it formability. Considerable additional work will have to be done along the 
testing long gage length sheet specimens and the forming of actual parts 

e conclusions can be reached with regard to the forming advantages offered 

the solution treatment giving the low yield/tensile ratio. There seems to be 

question but that other duplex treatments beside the 1750°F (1 hour) 

WQO-+1100°F (2 hours) treatment which gives high strength values will result in 
fatigue properties than those obtained in the mill annealed condition. 

(he authors appreciate Mr. Carpenter's remarks and the fact that he recog 
the valuable benefits which can be derived by heat treating titanium alloys 
ling that the solution treated condition giving a low yield/tensile ratio 

to have a definite advantage, Mr. Carpenter can be sure that the producers 
uum mill products will give careful consideration to the possibility of 
z available a solution treated product. It must be recognized, however, that 
problems will have to be solved by the producers before a satisfactory flat, 
descaled, and uniformly quenched sheet product can be marketed. 


here is little question but that 6 hours aging at temperatures in the range 
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of 900°F will produce excellent strength levels, however the author 
prospective users of such treatments to thoroughly investigate the not 
tivity and thermal stress-stability of the alloy prior to application. The 
Metals Corporation is currently studying the notched properties 
stability characteristics of short time heat treated Ti-6Al-4V, and ho; 
some of this data will be available in the near future. 
With regard to the inclusion in specifications of mechanical properti 
ing from heat treatment, considerable production statistical data will b 
before this type of specification can be considered. Whenever heat tre 


involved, product form and section size must be taken into account. 


UKE OK. 








rEMPERATURE DEPENDENCE OF THE TENSILE 
PROPERTIES OF TANTALUM 


By J. W. PuGu 


Abstract 

The tensile properties of tantalum sheet have been meas- 
ured in vacuum for the temperature range 78 to 1500°K. 
The temperature dependences of strength, ductility, strain 
hardening and stratin-rate sensitivity were evaluated. Dis- 
continuous yielding was observed as yteld points and as 
serrated load-elongation curves. Susceptibility to strain 
aging was demonstrated, and the anomalies in mechanical 
parameters and the discontinuous yielding was attributed 
to this phenomenon. An explanation of this behavior was 
made in terms of dislocation theory. 


INTRODUCTION 

\NTALUM isa refractory metal which has a very high melting 

point (3270°K). Its use has been chiefly limited to applications 
based on its corrosion resistance, but its melting point suggests good 
load carrying capacity at very high temperatures. At moderate tem- 
peratures the mechanical properties of tantalum are comparable to 
those of mild steel. In this report an analysis is made of the tensile 
properties of sheet metal for constant strain rate and at tempera- 
tures between 78 and 1500°K. 


FABRICATION AND TESTING PROCEDURE 


Production and fabrication of the metal used was accomplished 


at the Fansteel Metallurgical Corporation. A powder metallurgy 


ingot was made and rolled to 0.010-inch thick. This sheet material 
was vacuum-annealed to produce the structure shown in Fig. 1. 
Che recrystallized grain size here is ASTM 6-7. Chemical analysis 
revealed that the important impurities are as follows: 


Element Weight % Present 
Oxygen 0.0056 
Nitrogen 0.013 
Carbon 0.02 
Niobium 0.10 
Tungsten 0.01 

Iron 0.015 


lest specimens were cut from the sheet parallel to the rolling 
ction. The texture of recrystallized tantalum sheet metal has 


‘he author, J. W. Pugh is associated with the General Electric Co., Metal- 


| ind Ceramics Research Department, Schenectady. Manuscript received 


ist 8, 1955 
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Sheet Tensile Specimen 


Fig. 2—Sheet Tensile Specimen, 0.010-inch thick 


been shown to be {111}; <112> (1).' Fig. 2 is a drawing of 
specimen used. Tests were made on an Instron testing machine 
0.09 inches per inch per minute and at temperatures from 78 | 
1500°K. In order to determine the effect of strain rate on flow stress 
the rate was changed momentarily to 0.009 during each test. Thes 
changes were made at 0.05 strain, except at 78°K, where they ha 
to be made at 0.015. Data were plotted autographically. Elevate 
temperature tests were made in vacuum, and temperatures were r 
corded by means of a platinum-platinum rhodium thermocoupl 
embedded in the test fixture. 


‘The figures appearing in parentheses pertain to the references appended to this pap 
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RESULTS 
| Tensile flow curves are presented in Fig. 3. Some kind of yield 
tn point is observed for these tests as high as 813°K, and the original 
’ autographic curves made between 371 and 926°K were jagged, in- 
\ TO j . . . ° . 
dicating some degree of discontinuous yielding. However, the ser- 
— rated curve made at 591°K exceeded all the others by at least a 
ae tactor of three with respect to the frequency and load deviation in- 
ae volved in the discontinuities. 
—_ Logarithmic plots of true stress-strain are shown in Fig. 4. 
; | . . . . . . 
> \lany of these curves show rather drastic deviation from linearity. 
| ] ‘ . . . ° ° 
2 \lost are, however, fairly straight at the strain associated with max- 


im load. Strain hardening was evaluated in terms of the slope 
of these logarithmic curves at this point. 


3 
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Fig. 4—Logarithmic True Stress-Strain Curves. Temperature in degrees Kelv 
is printed adjacent to each curve. 
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Fig. 5—Temperature Dependence of the Tensile Parameters 


9 log a! ‘ . 
m=- a Ke a Equation 1 
0 log elé, I 


m is called the strain-hardening coefficient, o is the flow 
5 and ¢ is the true strain. The temperature dependence of these 
opes is presented in Fig. 5. Strain hardening is observed to rise 

ily with temperature at first, to reach maxima at 508 and 800°K, 
ee and to diminish at higher temperatures. 


STT 
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Strain rate sensitivity is defined as 


0 log a 
nN a log te Eq 
It was evaluated by comparing the flow stress at two differen 
rates. 
“1 
_ log °2, 
log 5 
where n=strain rate sensitivity, o:=flow stress at the faste: 
o2= flow stress at the slower rate, €, =the faster rate = 0.09 inch pel 
inch per minute, and é=the slower rate =0.009 inch per incl 
minute. The temperature dependence of n is shown in Fig. 5. Thes 
data indicate a maximum at 200 to 300°K and a minimum at abo 
500°K, and possibly a second minimum at 800°K. 

Elongation and strength parameters as a function of tempera 
ture are also presented in Fig. 5. The elongation maxima and minin 
compare very well with the irregularities observed in the tempera 
ture dependence of strain rate sensitivity and strain hardening 
Yield strength (0.2% offset) and ultimate tensile strength show 
verse temperature dependence in the range 500 to 600°K. This has 
the effect of causing the strength to be higher than an extrapolatio1 
of low temperature data in the temperature range 500 to 1000°K 
This anomaly corresponds with those observed for the other tensil 
parameters plotted in Fig. 5. 

Table | summarizes the data obtained. 


Table I 
Tensile Properties of Tantalum 
Yield Ultimate 
remp., Strength Tensile q 
K 0.2% Strength Elongation m 

78 148,000 148,000 a9 0.018 0.0075 
200 72,450 73,190 23.1 0.099 0.0307 
300 57,350 67,140 25.3 0.164 0.0285 
371 42,520 59,280 24.6 0.243 0.0175 
478 35,430 56,073 12.7 0.326 0.0012 
591 37,930 73,990 18.0 0.298 0.006 
701 33,380 65,260 24.3 0.316 0.0240 
813 26,120 59,940 16.2 0.356 0.0176 
926 18,890 44,730 17.3 0.266 0.0220 
1031 16,940 30,320 23.1 0.205 0.0321 
1142 12,110 22,230 32.8 0.212 0.0374 
1254 12,350 21,620 33.1 0.181 0.0461 
1366 8,130 16,804 43.2 0.217 0.050 
5 0.130 0.0581 


1479 7,520 14,719 47 
DISCUSSION 


The temperature dependences of the mechanical parameters 
evaluated in this report are similar in character to those for man) 
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Fig. 6—True Stress-Strain Curve Illustrating Strain Aging Behavior 


other metals. The strength maxima and elongation minima in the 
100 to 1000°K range is strikingly like those for iron and steel in the 
so-called “blue brittleness range’’ (2,3). The strain hardening 
maxima and the minima in rate sensitivity appear in this same tem- 
perature range. These observations, together with the discontinuous 
vielding demonstrated by the yield points and serrated load-elonga- 
tion curves indicate that tantalum is subject to strain aging. Similar 
effects have frequently been observed for other strain aging metals 
45,6). 

Yield points due to a strain aging mechanism can be reproduced 
in a given specimen if it is tested and annealed at an appropriate 
temperature prior to retesting. Fig. 6 illustrates this sequence for 
tantalum. The test represented here was started at 200°K, strained 
through the yield point to about 0.04 strain and unloaded. When the 
specimen was reloaded immediately, a smooth continuation of the 
flow curve was produced as indicated. The specimen was then un- 
loaded, aged ten minutes at 600°K, and the test was repeated. A new 
vield point and a slightly higher flow curve were the result. 

(his behavior has been explained in terms of the dislocation 

(7). It is expected to result from the presence of interstitial 
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elements in solution. Such interstitial elements (usually 
nitrogen or oxygen) can cause the relief of stresses around a 
tion by migrating to the dilatation side of the dislocation fie|d. T) 
‘‘atmosphere’’ of solute atoms which migrate to dislocati: 
exerts an anchoring effect which inhibits the motion of the . | 
tion and strengthens the metal. When sufficient stress is applied 
however, dislocations do break away from the solute atmos; 
and subsequent plastic flow takes place suddenly and at lowe: 
than that required to initiate flow. A yield point such as the ; 
Fig. 6 is the result. In order to re-establish the yield point, the inte, 
stitials must diffuse to dislocations and “‘recondense”’ on them. Thy 
annealing treatment at 600°K is sufficient to permit this diffusion j, 
tantalum. 

The inverse effects of temperature on strength and ductility | 
the range 300 to 600°K can also be explained. It has been propose 
that when the temperature is sufficiently high that a solute atom car 
change its site while interacting with a dislocation, the new site is not 
random but has a lower interaction energy (8). As the interstitial! 
atoms become reoriented preferentially on lower energy sites, th 
result is an increase in flow stress. The magnitude of this effect ought 
to increase with strain since the number of new interaction sites in- 
creases with strain. This appears to be the case for tantalum and e) 
plains the increase in strain hardening with increase in temperatur 
in the lower temperature range. Another indication is the large max 
imum in temperature dependence for ultimate tensile strength com- 
pared to the considerably smaller one for yield strength (Fig. 5). 

Strain aging behavior was expected for tantalum, although it 
had not been previously demonstrated. This prediction was based o1 
some internal friction measurements which were published recenth 
(9,10). Acoustic absorption peaks were observed for tantalum at 425, 
445 and 625°K for a frequency of one cycle per second. These wer 
attributed to the interstitial solute elements, carbon, oxygen and 
nitrogen, respectively. This phenomenon is related to strain aging 
insofar as it is attributed to the stress-induced interstitial diffusion of 
solute atoms. The temperatures at which the peaks occur depen 
upon the mobility of the interstitials in the tantalum lattice. 

It is possible that the double maxima and minima associate 
with strain hardening, rate sensitivity and elongation in Fig. 5 result 
from the interaction of dislocations with different interstitials. Fo 
example, carbon and/or oxygen may account for the anomalies a‘ 
500°K, while nitrogen may be responsible for those at 800°K. 

Mott has explained strain hardening in terms of back stress 01 
dislocation mills caused by piling up dislocations on obstacles suc! 
as sessile dislocations (11). This back stress causes the generation 0! 
dislocation loops at each source to stop until more stress is applie¢ 
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bor ‘0 net effect of this phenomenon is to increase the resistance to de- 
Or formation as a function of the number of dislocation loops generated, 
Th a » other words, as a function of strain. The theory also accounts 
or a diminuation of the strain hardening effect with increasing tem- 
loca- serature. Above a certain temperature level, deformation-created 


t 


lied lattice vacancies become sufficiently mobile to permit them to diffuse 
CTES, ; nd relieve piled-up dislocations. At still higher temperatures, these 
Uress nchored dislocation arrays can be dispersed more effectively by the 
le II process of “‘climb.”’ 
1ter- ; | These statements with respect to the theoretical mechanism 
The imply that for very low temperatures, strain hardening ought to be 
mn in relatively high. When the temperature is sufficiently high to permit 
vacancies to move, it ought to diminish slightly with temperature, 
ty nd in the range where self-diffusion is practical it ought to descend 
osed more rapidly with temperature. 
| Cal Fig. 5 indicates how the temperature dependence of strain- 
5 Not | hardening for tantalum deviates from that just described. The low 
‘itial values of strain hardening-coefficient in the temperature range 200 
the to 370°K can to some extent be attributed to the fact that the ex- 
ught . ponent m is inversely dependent on flow stress. The significant 
$ in- ; deviation in this range is, however, very likely due to the strain- 
| ex- aging phenomena. The negative value for 78°K is not readily ex- 
tur plainable. It may result, of course, from crack propagation or from 
Nax- 


early necking. 
The characteristic temperature dependence, whether it be most 


)}. affected by strain aging or by lattice vacancy migration, is related 
gh it to diffusion processes. It will be different for different relationships 
d o1 between these diffusion processes and the strain rate used. It ts 
nth likely that the characteristic maxima and minima in Fig. 5 would be 
425, shifted upward for faster strain rates and downward for slower 
wert rates. 
and The temperature dependence of the strain rate sensitivity (Fig. 
ging 5) is thought also to be determined by the characteristic diffusion 
mn ol mechanisms. Vacancy migration and self-diffusion diminish the 
pel effective flow stress. Faster rates reduce this effect by giving these 
processes less time to operate and produce higher flow stresses than 
ate the slower rates. At lower temperatures, where the diffusion rates 
esult ; are slower, equivalent changes in deformation rate have less effect 
For on flow stress. A continuous increase in strain rate sensitivity is 
eS all predicted from these considerations. However, the diffusion and 
ndensation of interstitials on dislocations (strain aging) have an 
35 Of /pposite effect, just as they did for strain hardening. In the tempera- 
such : ture range where strain aging can take place, flow stress depends 
ve = less upon strain rate because now the impediment to dislocation 
11eC 


mig 
b 
oe 
ee 
sia 


ment is primarily the condensed interstitial cloud. Rate. 
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Fig. 7—Strain Markings on a Polished Tensile Specimen Tested at 600°K 


sensitivity for tantalum is relatively high at 200 to 300°K, 
diminishes at about 400°K because the interstitial solute atoms ai 
mobile enough to interact with moving dislocations. It is likely tl 
as the temperature is raised, strain aging becomes less effectiv: 
because the interstitial solute atoms offer less resistance to dislo 
tion movement when they are more mobile. At some critical ten 
perature it is probable that they are completely ‘‘uncondensed”’ a: 
ineffective (12). Thus, at temperatures higher than 800°K, the rat 
sensitivity for tantalum rises very steeply. 

The minimum in the rate sensitivity caused by strain aging 
should be displaced to lower temperatures if relatively lower rates 
are compared, and to higher temperatures if higher rates are con 
pared. This results again from the fact that the characteristic ten 
perature dependence is determined by the relationship betwee 
strain rate and atomic mobility. 

Strain markings were produced on test specimens at all ten 
peratures up to 1140°K. It is thought that they result from discon- 
tinuous yielding and may be expected to accompany yield points 
and serrated load-elongation curves. The strain marking evidence 
was most pronounced at 600°K where the serrated deviations wer 
greatest. Fig. 7 is a picture of a polished specimen which was pull 
to fracture at 600°K. The crossed markings on the surface of th 
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nen are typical of those tested in the temperature range where 
aging was most effective. 
Fig. 8 indicates how the strength of tantalum compares to 


bhody-centered cubic metals as a function of homologous tem 
ire. Homologous temperature is defined for this comparison as 
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veel . Fig. 8—Comparison of the Relative Strengths of Tantalum, Molybdenum and 
nadium. Homologous temperature is defined as the ratio of the test temperature 
1 the melting point of the metal. It is plotted here as a percentage. 
elm) 
— the ratio of the absolute test temperature and the absolute melting 
= point of the metal involved. Vanadium (13) and molybdenum (4) 
a data were obtained under conditions similar to those for tantalum. 
— inverse temperature effects which result from strain aging 
4 S vbat obscure the results at higher temperatures, but tantalum 
r 


rs to be somewhat weaker than its high melting point suggests. 
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(CONCLUSION 


Tantalum has been shown to have a temperature dep 
of tensile properties similar to those for iron and steel. Yield 
serrated stress-strain curves and anomalies in the temperat 
pendence of strength, ductility, strain hardening, and rate-s 
ity indicate strain aging. Moreover, a specific demonstration of 
aging was made by reproducing a yield point at 200°K after aging a 
600°K. The characteristic temperature dependence of the tensj! 
parameters can be explained in terms of current dislocation thy 
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PHASE RELATIONS IN MAGNESIUM- 
LITHIUM-ALUMINUM ALLOYS 


ie By D. W. LEVINSON AND D. J. MCPHERSON 


Abstract 

as A study was made of equilibrium phase relations in the 
) system Mg-Li-Al by the methods of metallographic and 
Y-ray diffraction analysis. Isothermal sections are pre- 
sented for the temperatures of 400, 300, 200 and 100°C and 
1 vertical section, derived from the isotherms, 1s presented 
WN < : /so. 

| The existence of the ternary phase at approximately the 
stoichiometry Mg Li Alz was verified. The ternary phase 


| Wg Li, Al was not found to be an equilibrium phase at any 
Vy, of the temperatures studied. (ASM-SLA_ Classtfication: 
24, Mg, Lt, Al) 
Det 
ORs 
a INTRODUCTION 
STUDY of phase relations in the system magnesium-lithium- 
d A aluminum was made by Shamrai (1)! largely by the methods 
of thermal analysis. The essential features of the 400°C (750°F) 
om isotherm derived from this study are reproduced in Fig. 1. A ternary 
phase forming peritectically and having very nearly the stoichiometry 
Oi of MgLiAl: is reported. 
: Studies of mechanical properties of magnesium lithium-base 
NI ] 


alloys (2,3,4,5) have resulted in the concept that the rejection of a 
different ternary intermediate phase, MgLi.Al, from the 6 solid solu- 
tion is responsible for age hardening and embrittlement of the 6 
solid solution. MgLisAl is reported to be cubic with a, =6.7A. This 
phase was not observed by Shamrai. 

A study of phase relations in the vicinity of the magnesium cor- 
ner by Jones et al (6,7), including some alloys in the range of the 
previously mentioned mechanical property studies, failed to con- 
tirm the existence of either ternary intermediate phase. The isotherm 
given for 372°C (700°F) (Fig. 8) by Jones et al shows the presence 
of a 2 phase (Mg)+AlILi field which is incompatible with the 2 
phase B+ MegLiAl, field of Shamrai (see Fig. 1). 

In order to shed light on the source of mechanical property diff- 
ities in the Mg-Li base alloys and to resolve the inconsistencies in 
ivailable knowledge of phase relationships in this system, a 


{ 


e figures appearing in parentheses pertain to the references appended to this paper. 


Et Of the authors, D. W. Levinson is supervisor, Nonferrous Metallurgy 
& rch, and D. J. McPherson is assistant manager, Metals Research, Armour 
a ich Foundation, Chicago. Manuscript received December 30, 1954. 
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study of phase relations in the vicinity of the alloy Mg-33] 5 
(Mg-12.5Li-10Al by weight) was undertaken. 


EXPERIMENTAL METHOD 
Alloys for this study were prepared from the high pu 
terials listed in Table I. 
The lithium was received in the form of massive block: 
were scraped clean of surface scale and forged to 4% inch rou 





— Atomic % Al —> 
Mg)7Alio MgLiAlo 


Fig. 1—400°C (750°F) Isotherm of Shamrai 
The lithium remained bright as long as it was kept under kerosen 
and could readily be cut into pieces suitable for weighing and chargii 
The lithium was carefully dried prior to weighing. The charging n 


terials were weighed to the nearest 0.01 gram and heats were cal 
lated to have a total weight of 10 grams. During weighing the lithiun 
was observed to develop a brown, almost transparent tarnish, but n 
weight gain was evident. The tarnish, which is known to be lithiu 
nitride, was not removed prior to charging and further tarnishing 
was prevented by restoring the weighed lithium in kerosene unti 
melting. 

Melting was carried out in molybdenum crucibles fabricate 


Table I 
Material Used 
Material Source Purity 
Lithium Maywood Chemical Co “Special grade Low Na, low Cl lithium.’’ N 
Maywood, N. J. anteed <0.02.% 
Magnesium Dow Chemical Co Redistilled high purity magnesium. Total 
content <0.05%.* 
Aluminum Aluminum Co. of America High purity Al Sheet. 99.994% AI1.* 


*Analysis furnished with material. 
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Table II 
Chemical Analyses of Selected Mg-Li-Al Alloys 
Composition Wt. %) Analyzed Composition Wt. % 
Li Al Mg Li Al 
j g 10.9 89.2 10.8 
Na 20.5 79.5 20.5 79.5 
18.8 8.1 Bal 19.5 7.7 
22.0 8.6 Bal 20.6 8.7 
+ 25.6 91 Bal 22.9 Q 2 
; 13.1 14.6 Bal 16.0 14.1 
or 21.8 17.0 Bal 20.9 17.2 
25.4 18.0 Bal 22.8 16.9 
13.1 24.8 Bal 14.5 20.4 
18.5 23.9 Bal 18.7 23.5 
21.6 25.3 Bal 18.6 25.5 
m 25.2 26 7 Bal 25.0 26.6 
28.2 41.4 37.9 21.2 sal 
24.8 43.7 38.6 24.0 Bal 
14 12.8 42.5 44.8 11.8 Bal 
0) 15.3 44.5 sal 13.8 14.0 
18.0 46.8 35.3 17.8 Bal 
24.5 52.0 23.4 3.5 sal 
16.6 8.3 45.1 Bal 90 15.0 
0 21.0 57.0 a3 19.6 Bal 
g 10.2 66.0 ae 11.5 Bal 
& 17.5 75.7 5.7 16.9 Bal 
| 
90 lO 
eli 
Ing 
Na 
cu 
un 
un 
ing 
nt 
ted 90 80 70 60 50 40 30 20 lO 


—-— Atomic % Magnesium 


Fig. 2—Nominal Composition of Alloys Studied. 


tr 


om sheet and rod stock to form a thin walled (0.003 inch) cyl- 
yuat inder with a removable solid bottom. The sleeves were discarded 

iiter each melt while the bottoms were cleaned and re-used. An in- 
cking crimp seam rendered the sleeve liquid-tight, while the 
1m was secured in place with iron wire wrapped about the out- 
of the assembly. This type of crucible was found necessary since 
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preliminary tests in iron and stainless steel crucibles showed 
ciable iron contamination. Because of the reactivity of the 
no suitable refractory crucibles could be found. The crucible 
ured approximately 54 inch I.D. 3 inch long. 

Spectographic analysis of several trial melts of widely \ 
composition over the range investigated showed no significa: 
tamination by crucible materials. These heats were held liquid in th, 
crucibles for 15 minutes and allowed to freeze in place, a condit; 
far more likely to give contamination by the crucible than the 
ing schedule for the experimental alloys. 

Melting was carried out with the crucible placed in an argo 
filled stainless steel chamber inserted in a small resistance furnac 
The melt was covered at all times with a flux consisting of 3 parts 
LiCl and 1 part LiF by weight. The flux, which normally amounte: 
to about 25% of the charge weight, was charged with the aluminu 
and magnesium. In this way the flux, which was rather deliquescent 
was dehydrated before the metals became molten. The lithium po: 
tion of the charge was then dried of kerosene and pushed under thy 
flux cover with a molybdenum stirring rod. The melting and mixing 
operation was carried out between 700 and 750°C (1290 and 1380°! 
and normally required about 5 minutes total time. 

The alloys were then poured into a cold iron mold of squar 
cross section resulting in a 1 cm X1 cm X2 to 4 inch long chill cas 
ingot. Ingots showing any obvious evidence of segregation were dis 
carded, as were any heats for which the weight loss exceeded 0.2 gran 

General control of chemical composition was excellent as ma‘ 
be appreciated from Table II. Because of the generally good contro 
of composition afforded by the melting technique employed, onl 
those alloys were analyzed which appeared to delineate phase boun 
aries, or those for which analyzed compositions were, for other rea 
sons, desired. The nominal compositions of alloys prepared for stud) 
are shown in Fig. 2. 

With the exception of alloys lying in the vicinity of the mag 
nesium-lithium axis, the alloys were generally far too brittle to per 
mit any working operation prior to the equilibration anneals. bi 
cause of this the ingots were simply broken or cut into sample 
approximately one-quarter inch on a side. These samples wer 
wrapped in aluminum foil with a stamped identification tag and wer 
sealed under a partial pressure of argon in pyrex bulbs. 

All bulbs were given an initial homogenization anneal of 2 
hours at 400°C (750°F) whereupon the bulbs were either broken | 
chilled kerosene or furnace-cooled to 300, 200 or 100°C (570, 39 
210°F) and held for approximately 40, 100, and 300 hours respe 
tively. These were quenched, as in the case of the 400°C (750°! 
bulbs, by breaking the bulb under chilled kerosene. 
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Fig. 3—Powdering Apparatus. 


Heat treated samples were mounted in a room temperature set- 
ting resin which remained below 50°C during curing. Samples were 
polished by conventional techniques except in the case of the more 
reactive alloys which were ground and polished under mineral oil. 
Samples were etched with suitable reagents which are listed in Table 
[I]. Phases could generally be identified from the microstructures 
nce positively identified by X-ray diffraction. 

Specimens were prepared for X-ray diffraction by powdering 
leat treated samples in the apparatus pictured in Fig. 3. The illus- 
n is largely self-explanatory and permits the preparation of a 
d off capillary filled with —200 mesh powder. The entire opera- 
is carried out under either high vacuum or a partial pressure of 


f 
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Table III 
Etchants Employed for This Study 


Reagent Action 
1. 10 Gr. Citric Acid Mild etch for outlining AILi. Darkens 8, slight 
90 ml. Ethanol (95°) MeLiAle and (Mg) 
Citral”’ 
». 4 gr. Picric Acid Stains 8, attacks AILi, severely if 8 is not prese 
100 ml Ethanol (95%) (Mg) in the presence of 8 


10 ml HeO 
5 ml Glacial Acetic Acid 
\cetic-Picral”’ 
(AP) 
3 10 ml Acetic Picral Slower ac ting version ol AP) 
90 ml Ethanol (95%) 
Modified Acetic-Picral"’ 


(MAP) 
4. 20 ml conc. HF Stains MgeLiAle tan to brown, MgizAlw gray; (Mg) 
20 ml conc. HNO severely attacks AILi 


60 ml glycerol 
Mixed acids in glycerol” 


(MAG) 
5. 60 ml ethylene glycol Stains (Mg) blue to brown, Mgi7Alie tan to brow 
19 ml HeO remains white 


20 ml glacial acetic acid 

1 ml conc. HNO 

(slycol-Acetic-Nitric”’ 
(GAN) 







Single Phase 
Two Phases 


cU A Three Phase 


400° 


(Mg)? 
surfs — 
90 80 70 60 50°40 ~~ a Ww 
AIMg > MapAls 
—=— Atomic % Magnesium 





Fig. 4—400°C (750°F) Isothermal Section 


inert gas. Samples were not annealed after filing except for one series 
of binary Mg-Li 8 alloys used for a parametric study described late 

X-ray patterns were obtained in 14.4 cm DeBye cameras using 
nickel filtered copper radiation. Some additional data were obtained 
from mounted metallographic samples in a Norelco Geiger-counte! 
spectrometer unit. 
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Fig. 6—200°C (390°F) Isothermal Section 


In order to be certain that the reflections observed were pro- 
ed by the alloys themselves and not by any oxidation product 
ch formed during specimen preparation in spite of all precautions, 
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Fig. 7—100°C (210°F) Isothermal Section. 


Li 





Atomic % Al — 


Fig. 8—372°C (700°F) Isothermal Section of Jones. 


solid pieces of reactive alloys from representative regions of the ter- 
nary diagram were allowed to scale in air for several days. Samples 
of the scale were taken and powder patterns were made of these sur- 
face scales. Six such “‘oxide’’ patterns were made and the d values 
were recorded. In this way all patterns made could be readily checked 
for the presence of these atmospheric reaction products. 
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RESULTS AND DISCUSSION 


[he data are summarized in the isotherms of Figs. 4,5,6 and 7. 
Note that the tie lines shown are hypothetical and serve only to 
delineate the two-phase fields. For comparative purposes, isothermal 
sections for the highest temperature of study of Shamrai (1) and of 
lones (6) are shown in Figs. 1 and 8. 

The solid lines shown on the isotherms summarizing the results 
of the present study are believed to be accurate since they are, in all 
cases, delineated by at least several alloys in which a phase appears 
or disappears, or both. Dashed lines are used to outline probable 
phase relationships in areas for which there were an insufficient num- 
ber of experimental alloys for positive location of the boundaries. 

A number of aspects of this ternary system are of particular 
interest. A ternary intermediate phase was identified having nearly 
the stoichiometry of MgLiAls. This is precisely the phase first claimed 
by Shamrai (1). The intersection of four two-phase fields places the 
composition at 46 at. % Al, 31 at. % Li and 23 at. % Mg. Fig. 9 
shows the single phase microstructure of an alloy prepared to have 
this composition and equilibrated at 400°C (750°F). 

The ternary intermediate phase MgLiAl, was found to co-exist 
with the (Mg), AILi, (Al) and Mgy;Aly phases? at all temperatures 
investigated, and these two-phase structures are shown for 400°C 

750°F) in Figs. 10-13. No evidence of the [8+ MgLiAl] phase field 
reported by Shamrai (see Fig. 1) was found, and the presence of 
the [((Mg)+AlILi] field reported by Jones and corroborated by this 
study renders a |8+MgLiAl,| field impossible at the temperatures 
investigated. 

Alloys from the surrounding three-phase fields are shown in 
ligs. 14-17. Representative microstructures from the other phase 
helds investigated are shown in Figs. 18-27. 

An attempt was made to determine the structure and composi- 
tional variation of lattice constants of all equilibrium phases for this 
system. This attempt was singularly unsuccessful only in the 
instance of the AlLiz phase which proved to be so chemically active 
as to defy all attempts to produce a satisfactory powder or solid 
spectrometer sample. It is significant that the structure of this 
phase has never been reported. 

The binary (AlMg) phase, which occurs at 50 at. % Al has been 
reported to have low symmetry (8) and was not encountered in any 
{ the experimental alloys. The structure and gross compositional 

irametric variations for phases whose structures are well known 
given in Table IV. The indexed reflections found for the ternary 
\igLiAl,) phase are given in Table V. 


T 
i 


he terminology used to describe the various phases is that in common use. (Mg) and (Al) 
respectively to the primary magnesium and aluminum solid solutions. 
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Fig. 9—Ternary Intermediate Phase MgLiAle — 250 Aqueous HF-HNOCsz Et 
Fig. 10—(Mg)+MegLiAle Phases. Matrix is (Mg) — *250 MAG Etch 

Fig. 11—AILi+MegLiAle Phases. AILi partly dissolved out— «250 AP Etch 
Fig. 12—(Al) +MgLiAle (matrix) Phases— 250 MAG Etch. 


Two features of these data are unusual. Firstly, the lattice con 
stant of the 8 phase shows approximately linear variation to a pro 
nounced minimum at 50 at. % Li for Mg-Li binary alloys (see Table 
[V). This variation is most probably due to a Brillouin zone overlap 
and is discussed more fully elsewhere (9). If this is the case, the effect 
of addition of trivalent Al to the solid solution would be to shift th 
minimum toward the lithium-rich side so that the 6 parametri 
surface would be cusped, with the cusp following the Mg-Al ratio 
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Fig. 13—Megi7Alia+MegLiAle (gray matrix) X¥250 MAG Etch 
Fig. 14—(Mg) +AILi+MegLiAle <250 AP Etch. 
Fig. 15—(Mg) +MgLiAleo+ MeagizAli2. Matrix is (Mg) X¥500 MAG Etch 


Fig. 16—(Al) +MgLiAle+AlLi— 500 MAG Etch 


which maintains an electron concentration of 1.5 per atom. Because 


nese alloys were somewhat richer in lithium than most of those 
tudied, this could be only superficially verified. 

Secondly, examination of the data in Table V for the ternary 
ise, which was found to be most satisfactory indexed as cubic 
th a,.20.2A, indicates that there exists an overlap with the re- 

lions previously assigned to what has been called the MgLi,Al 
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Fig. 17—(Al) +MgLiAle (dark) +Mgi7Ali2z. Matrix is Mgi7Ali2 <250 MAG Etcl 
Fig. 18—(Mg) +8 (dark) <250 Citral Etch. 

Fig. 19—(Mg) + Mgi7Ali2 (gray) — 500 Citral Etch. 

Fig. 20—8— 250 Citral Etch. 


phase (cubic, NaTIl type, a,2¥6.7A). Note that this value is almost 
exactly '% the parameter of the MgLiAl, phase. The assignment o! 
these reflections and, consequently, this cubic structure to th 
MgLiAl, phase is based on approximately 20 experimental alloys 
rich in this phase. The alloy which was single phase metallographical- 
ly showed a small quantity of the ternary solution based on MgyA! 

after filing. The MgLi.Al cannot, based on the general data of this 
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Table I\ 


Structure and Parameters of Phases Studied 


ibic (NaTl) a 


Ah Cubi aMn) a 
¢ Cubic a: 
LiAl: Cubic a= 


Cubic (NaTl) a= 


imeters 
3.16A 
1.63 


4.04A 


=3.51A 


6.36A 


10.52A 


lobs** 
7.129 
6.071 
4.652 
4.500 
4.109 


3.870 


556 
398 
831 
702 
.623 
.519 
454 
371 
327 
.204 
.146 
112 
.024 


Li rich Mg-Li binary—Practically no change for 
compositions in equilibrium with different phases 
Pure Al. 16% increase if in equilibrium with 
Mgi7vAlig or MgLiAle. Slightly greater increase 
when saturated with Li 
Pure Li. Addition of Mg linearly decreases param- 
eter to a minimum of 3.485A at 50 at. % Me 
Parameter increases upon further addition of Mg 
to a=3.516A at 8/8+(Mg) phase boundary 

binary) Max. increase of 1% in equilibrium with the 
8B phase. Somewhat smaller increases for equilib- 
rium with phases less rich in lithium 

binary) Parameter decreases with addition of either 
Al or Li. Max. decrease of 1.5% in equilibrium 
with MgLiAle 

Value in equilibrium with (Al) 

[equilibrium with (Al)] increase in parameter up to 

1.5% when in equilibrium with (Mg) or AILi 

Found only in several delayed-quenched beta alloys 


Table \ 
X-Ray Identification of the MgLiAl: Phase 
icalc* Indices 
o.aa 220 
6.07 311 
4.62 331 
4.50 420 
4.11 422 
3.87 511 
3.56 440 
3.41 531 
2.83 711 
2.70 642 
2.62 731 
2.52 800 
2.46 733 
27 822 
2.32 751 
2.20 842 
2.15 664 
2.40 931 
2.03 933 
1.98 1020 


mNINNNNHNNNHNN DN WW 


.976 


*Based on a cubic structure cell with ao =20.2A al tee svcd 
**Only the first 20 lines observed are recorded. An additional 63 lines were indexed. The indices 


Heat Treatment 


( 
( 
( 
y( 
( 
( 
( 
( 
( 
( 


_ 


ey the systematic selecting rule h k 1 ie., the sum of any 2 indices is always even. 


- Table VI 


Summary of Results for Transition Phase Study on Extruded Wire 
Sample Alloy is 
Dow No. 76066 


»WO(1) 
»WOU 
»WO1 
WO" 


*WQOd) +150°C (2 hrs) +177°C (2 hrs) 


»WO?’) 
»WO?’) 
= »WO?’) 
»>WO?’) 
»WO?2 





+150°C (2 hrs) 
+-150°C (16 hrs) 
+150°C (30 hrs) 


+100°C (1% hr) 
+100°C (1 hr) 
+100°C (2 hrs) 
+100°C (25 hrs) 


(Mg, 40Li,4.8Al) (at. %) 


Phases Present* 
8+‘‘MgLiezAl”’ +trace (Mg) 
6+‘“MgLieAl”’+trace AlLi+trace (Mg) 
8+trace ‘‘MgLi2Al’’+AlLi+trace (Mg) 
8+AlLi+trace (Mg) 
8+AlILi+trace (Mg) 
8+trace ‘“MgLieAl” 
8+‘MgLieAl” (more than above) 
B+‘MgLicAl” (still more) 
8+‘MgLieAl’”’ (still more) 

B+ AlLi+trace (Mg)+trace ‘“MgLizAl”’ 


*X-ray study of the extruded wire sample. 


Delayed 5 sec. in air before quenching. 
Rapid quench. 
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Fig. 21—8+AlILi— 250 Citral Etch. 


22— (Mg) +8+AlILi. AILi is Outlined and Partly Dissolved— «250 AP Etch 
Fig. 23—(Mg) +AlLi— 250 Citral Etch. 
Fig, 24—(Al) +Mge2Als (matrix)— 100 MAG Etch. 


study, exist as an equilibrium phase in this system. This phase 
(MgLi,Al) was encountered in several samples of 8 alloys near the 
8/8+AlLi boundary quenched from 400°C (750°F). Metallographic 
examination of these alloys showed only the 8 phase. These X-ra\ 
observations were made on alloys powdered after quenching and 
also on extruded wire samples of alloys of similar composition kindl) 
furnished by J. B. Clark of the Dow Chemical Company. Subse- 
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Fig. 25—Mge2Als + MeizAli2+(Al). (Al) is white and outlined X100 MAG Etch 
Fig. 26—(Al) + Mgi7Ali2 (matrix) x250 MAG Etch. 
Fig. 27—(Al) +AlLi (dark) — 250 Citral Etch. 


quent annealing of these samples at several temperatures in the 
3+AlLi field indicated that the X-ray pattern corresponding to 
MegLi,Al at first increased in intensity and then disappeared at 
the expense of AILi reflections. These data are summarized in Table 
\'l. The transformation appeared to be of the discontinuous type, 

it is, AILi lines co-existed with lines of the MgLi,Al phase and 
ime more intense with time as the latter lines diminished to 
) in intensity. It would thus appear that the MgLi.Al phase is.a 
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Fig. 28—Vertical Section through the Al Corner and the 8 Phase Field. 


transition phase preceding the rejection of AlLi from the 8 phase 
It remains to be convincingly shown that the composition of this 
phase actually corresponds to the stoichiometry MgLi.Al. 

The surprisingly large ternary solubility of the binary Mg,;Al 
phase reported by Shamrai was confirmed in the present study. 

The general effect of temperature on the phase space surfaces 
can be appreciated from the vertical section of Fig. 28. This vertical 
section, which was constructed from the isothermal data, is drawn 
from the aluminum corner to the Mg-Li axis intersecting the axis at 
approximately 36.5 at. % Li. 


SUMMARY 


The study by metallographic and X-ray diffraction methods of 
approximately 150 alloys has permitted the construction of partial 
isothermal sections for the temperatures of 400, 300, 200 and 
100°C (750, 570, 390, 210°F) for this system. 

A ternary intermediate phase first reported by Shamrai was 
found at the composition 46 at. % Al, 31 at. % Li and 23 at. % Mg. 
The miscibility field of this phase was found to be small and the 
structure of the phase was found to be cubic with a,= 20.2 A. 

It was found that the ““MgLi,Al” phase is not an equilibrium 
phase in this system at any temperature investigated. An exper! 
ment demonstrating the transitional nature of this phase is reported. 
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YONSTITUTION OF INDIUM- 
ENIC-ANTIMONY ALLOYS 


By C. H. Surm AND E. A. PERETTI 


Abstract 


The alloys have been investigated over the entire compo 
sitional range by thermal analysis, microscopic and X-ray 
methods. . 

The valid tie lines connecting the compound InAs wit} 
the binary compound InSb and Sb divide the diagram into 
three subternary areas. No ternary compounds were found 
to exist. 

In the system InAs-InSb-In an InAs-rich solid solu- 
tion is the primary phase upon cooling of the liquid, regard 
less of composition. The secondary prectpitation consists of 
almost pure InSb, and all alloys complete their freezing at 
154.5°C (310°F). 

The InAs-InSb-Sb region of the diagram has a eutecti: 
valley whose maximum potnt lies on the InAs-Sb tie line at 
82.5% Shand 17.5% InAsandwitha melting point of 582°C 
(JOSO°F). The minimum point ts on the terminal InSb-Sb 
binary at 494°C and 69.5% antimony. The primary 
phase for all compositions lying on the InAs side of the eu- 
tectic trough is an InAs-rich solid solution, and antimony 
is the first phase to precipitate on the other side of the eutectic 
line. The temperature of the ternary eutectic plane is iden- 
tical with that of the binary InSb-Sb eutectic, 494°C. 

The third sub-ternary area, involving InAs, antimony 
and arsenic contains a eutectic trough running from the 
InAs-As binary eutectic, 731°C, 82% arsenic, to the 
InAs-Sb binary eutectic at 582°C and 82.5% antimony. 
Depending upon which side of the eutectic valley an alloy 
lies, it may have as a primary phase either an As-Sb-rich 
or an InAs-rich solid solution. The temperature of final 
solidification in this region depends upon composition and 
may vary from 731 to 582°C. (ASM-SLA Classification: 
M?4, In, As, Sb) 





a research program on indium alloys, begun in the 


Metallurgy Laboratories of the University of Notre Dame 
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several years ago, there have been determined and published the 
phase relationships in the systems In-Bi (1),! In-Cd-Zn (2), In-As 


Abstracted from a dissertation submitted by C. H. Shih to the Graduate School, University 
of Notre Dame, in partial fulfillment of the requirements for the degree of Doctor of Philosop! 


phy 





INDIUM-ARSENIC-ANTIMONY ALLOYS 707 


Atomic % Antimony 
10 20 30 40 50 60 70 80 90 























- oF 
— inSb+ Liquid {1100 
00 900 
@ 
2 40 
6 400 700 
v 
E 300 | pest ne 
e InSb+S 500 
200 
300 
100 t-- - 
+ 
. 1 InSb 100 
0 | 


0 lO 20 30 40 50 60 70 80 90 100 
Weight % Antimony 


Fig. 1—The Indium-Antimony Phase Diagram 


3), In-Sb (4), InAs-InSb (5) and InAs-Sb (6). Preliminary X-ray 
studies showed that the valid tie lines in the In-As-Sb ternary system 
were those connecting InAs with Sb and InSb. These tie lines divide 
the ternary into three sub-ternaries: namely, InAs-InSb-Sb, InAs- 
Sb-As and In-InAs-InSb. It was the object of this work to determine 
the liquidus and solidus of the complete ternary system. As far as is 
known, other than our own work cited above, no description of the 
ternary indium-arsenic-antimony system has appeared in_ the 
literature. 


PREVIOUS WoRK 

The Binary Indium-Antimony System—The phase diagram of 
the indium-antimony alloys is shown in Fig. 1. This is based on the 
work of Liu and Peretti (4). An intermediate phase exists whose 
composition corresponds closely to InSb. It melts congruently at 
525°C (970°F) and has a face centered cubic, zinc blende-type struc- 
ture, with a lattice parameter of 6.4760A. It forms eutectics with 
both antimony and indium. The antimony-rich eutectic contains 
o antimony and melts at 494°C (920°F), and the indium-rich 
contains 0.7% antimony and melts at 154.8°C (310°F). The solid 
solubility of each element in the other is very small. 

lhe Binary Indium-Arsenic System—Fig. 2 shows the indium- 

nic diagram according to Liu and Peretti (3). As in the indium- 


h 
69.5! 


e figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—The Indium-Arsenic Phase Diagram. 
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Fig. 3—The Arsenic-Antimony Phase Diagram. 
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antimony system an intermediate phase is formed of very narrow 
compositional limits. InAs melts at 942°C (1725°F), and like the 


InSb it has a face-centered cubic, zinc blende-type structure with a 
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Fig. 4—The InAs-InSb Phase Diagram. 


lattice parameter of 6.0584A. The two eutectics melt at 731°C and 
155.2°C (1350 and 310°F) and contain 82% and 0.02% arsenic, 
respectively. 

The Binary Arsenic-Antimony System—Two investigations on 
this system are reported. Parravano and deCesaris (7) conducted 
thermal analyses in open clay crucibles under a hydrogen atmos- 
phere on alloys containing up to 35% arsenic. Mansuri (8) made his 
studies with the alloys in evacuated glass tubes and was able to 
analyze alloys with up to 80% arsenic. As these investigators agree 
as to the broad outlines of the diagram, but differ on details, we 
thought it advisable to remeasure some of the liquidus and solidus 
points. The results of our experiments are shown in Fig. 3. These 
agree fairly well with Parravano and Mansuri for the high antimony 
compositions but, in general, the solidus and liquidus are lower for 
the higher arsenic alloys. Our experiments were carried out in open 
crucibles for alloys containing more than 75% antimony and in 
sealed evacuated containers for those with less than 75% antimony. 


/O < 
\s Mansuri had a residual pressure of 15 mm. of mercury in his 
capsules his final total pressure would be higher, and this might 


account for the differences. In any event the pressure is not constant 
over the whole compositional range, so Fig. 3 does not represent a 
equilibrium diagram. X-ray patterns confirmed the existence of 
ntinuous, single solid solution across the diagram. We found the 
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Fig. 5 The InAs-Sb Phase Diagram 
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Fig. 6—Vertical Section in the In-InAs-InSb System, InSb: In =3:7. 


temperature of the minimum to agree exactly with the value given 
by Parravano and deCesaris, i.e. 612°C, and it lies between 80 and 
85% Sb. 

The System InAs-InSb—The results of Shih and Peretti (5) on 
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Fig. 7—Vertical Section in the In-InAs-InSb System, InSb:InAs =3:7. 
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Fig. 8—Vertical Section in the In-InAs-InSb System, InAs:In =3:7 


this pair are shown in Fig. 4. The liquidus is a continuous line run- 
ning from the freezing point of InAs (942°C) to a eutectic point 
experimentally indistinguishable from the freezing point of InSb 
525°C). A one-phase region in the InAs end of the diagram extends 
out to about 2% InSb at the eutectic temperature. 

The System InAs-Sb—Fig. 5 shows the relationships in this 
system as reported by Shih and Peretti (6). A eutectic occurs at 


— x 7 7 


C (1080°F), containing 82.5% antimony and 17.5% InAs by 
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Fig. 9—The Liquidus Isotherms in the System In-InAs-InSb 


weight. The InAs-rich solid solution contains a maximum of 2.5°, 
antimony at the eutectic temperature. 


EXPERIMENTAL METHODS 


Materials 

All alloys were prepared from materials of the highest purit: 
available. The indium was loaned to us by the Indium Corporatio 
of America. It had a guaranteed purity of 99.97% with the following 
chemical analysis: 0.002 wt.—% copper, 0.006% lead, 0.01% ti 
and 0.01% zinc. 

The antimony came from two sources, Johnson, Mathey and 
Company, London and J. T. Baker Chemical Company, Phillips- 
burg, New Jersey. That from the first source contained 0.031 wt 
—% arsenic, 0.001°% copper, 0.015% iron, 0.001°% nickel, 0.012, 
sulphur, 0.017% lead, 0.00005% bismuth, 0.005% aluminum and 
0.006% silicon. The Baker antimony analyzed 0.007 wt.—% iron, 
0.03% sulphur, 0.005% arsenic, 0.02% lead and 0.002% copper. 

J. T. Baker’s purified lump arsenic crystals were employed. -\ 
spectrographic analysis of this material is as follows: 0.00X% cop- 
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Fig. 13—Vertical Section in the Sb-InAs-InSb System 70 wt. % Antimony. 
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InSb: Sb=I:1 
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Fig. 14—Vertical Section in the Sb-InAs-InSb System with InSb:Sb 1:1. 
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Fig. 15—Liquidus Isotherms in the System Sb-As-InAs. 
per, 0.00X% lead, 0.0OX% antimony, 0.0X% bismuth and 0.000X% 
iron. This arsenic was further purified before use by heating in 
vacuo at 350°C (660°F) to sublime oxides. The element was then 
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Fig. 16—Vertical Section in the InAs-Sb-As System, 75 wt.% Antimony 


sealed in evacuated Pyrex tubes, and the arsenic sublimed at 600° 
(1110°F). The sublimate was condensed in the cooler portions of the 
tube, where it was stored, free from contact with air, until ready for 
alloying. 
Alloy Preparation 

Every alloy used in this investigation was made in evacuated, 
sealed Vycor or quartz tubes. The carefully weighed elements (to an 
accuracy of 0.0001 grams) were sealed in the closed capsules under a 
pressure of less than five microns. In order to minimize the quan- 
tity of arsenic vapor, the capsules were filled and sealed off with as 
little excess volume as possible. Melting was carried out in a muffle 
furnace at a temperature of 20 to 50° higher than the melting point 
of the alloy to be made. To insure complete dissolution the alloys 


were vigorously shaken while molten and held liquid for at least one 
half hour. 
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Fig. 17—Vertical Section in the InAs-Sb-As System, 30 wt. “% Arsenk 


The three elements alloyed quite readily and little difficulty was 
encountered except with high arsenic compositions. These had a 
creat tendency to explode, if overheated, due to the high arsenic 
pressure generated. 

The weight of alloy made for thermal analysis was dependent 
upon whether open or closed tubes could be employed, i.e. it was 
largely determined by the arsenic content. For analyses in sealed 
tubes 10 to 15 grams of metal were used, while 30 to 70 grams could 
be conveniently worked with in open tubes under an inert atmos- 


phere. 


Thermal Analysis 
Cooling curves were taken of the alloys at cooling rates of 0.5 
( per minute by means of calibrated platinum versus platinum- 
lum or chromel-alumel thermocouples and a White single po- 
entiometer with a high-sensitivity galvanometer. A thin-walled 
tz tube protected the thermocouple from the molten metal. An 
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Table I 
Thermal Arrests in the System In-InAs-InSb 
Liquidus 
InSb InAs In ™— 
0.0 100.0 0.0 942.0 
2 62.0 26.5 897.8 
11.5 26.5 62.5 755.0 
12.5 87.5 0.0 926.3 
17.5 41.0 41.5 836.7 
20.0 80.0 0.0 917.5 
23.0 23.0 54.0 747.9 
23.0 54.0 23.0 880.9 
26.5 62.0 11.5 893.3 
26.5 11.5 62.0 658.4 
33.3 33.3 33.3 814.6 
40.0 60.0 0.0 875.1 
41.0 17.5 41.5 730.5 
41.1 41.1 17.8 845.3 
54.0 23.0 23.0 777.3 
60.0 40.0 0.0 844.6 
62.0 26.5 11.5 788.2 
62.0 11.5 26.5 702.6 
80.0 20.0 0.0 760.6 
90.0 10.0 0.0 684.7 
92.0 8.0 0.0 670.5 
95.0 5.0 0.0 632.0 
96.0 4.0 0.0 618.3 
97.0 y 0.0 595.2 
100.0 0.0 


0.0 525.0 
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Table Il 
Thermal Arrests in the Sb-InAs-InSb System 





Ag Sb InSb Liquidus, °C Secondary, °¢ Solidus, °C 
nt 100.0 0.0 630.5 630.5 
5 97.5 0.0 629.3 580.0 
co 95.0 0.0 624.0 580.0 
50 10.0 85.0 620.5 524.8 492.3 
5 () 40.0 55.0 580.6 504.0 495.0 
5) 50.0 45.0 528.8 525.8 495.5 
50) 55.0 40.0 539.4 526.2 496.3 
50 60.0 35.0 550.6 535.8 495.8 
5.0 85.0 10.0 616.7 564.3 496.3 
10.0 10.0 80.0 677.9 §21.7 492.3 
10.0 20.0 70.0 663.5 515.7 493.5 
10.0 30.0 60.0 656.5 504.5 495.5 
10.0 40.0 50.0 648.5 508.5 495.3 
10.0 50.0 40.0 639.2 §26.2 494.0 
10.0 60.0 30.0 629.8 552.6 496.3 
10.0 70.0 20.0 600.6 $71.7 494.3 
10.0 80.0 10.0 605.0 575.7 496.5 
10.0 90.0 0.0 613.0 580.0 
15.0 85.0 0.0 598.9 582.9 
17.5 82.5 0.0 582.6 - 
20.0 40.0 40.0 686.2 520.9 495.2 
0.0 50.0 30.0 679.0 550.9 496.3 
0.0 70.0 10.0 653.0 576.9 497.3 
20.0 80.0 0.0 600.1 ~- 582.1 
30.0 10.0 60.0 789.0 508.2 495.0 
30.0 30.0 40.0 759.4 509.2 494.5 
30.0 70.0 0.0 677.8 §82.1 
40.0 30.0 30.0 798.3 517.8 493.5 
40.0 50.0 10.0 760.4 559.1 492.4 
40.0 60.0 0.0 743.5 — 575.0 
50.0 10.0 40.0 843.0 515.3 494.0 
50.0 30.0 20.0 820.5 526.9 492.5 
60.0 20.0 20.0 855.2 515.0 — 
60.0 40.0 0.0 827.2 572.0 
70.0 26.0 10.0 858.3 
70.0 30.9 0.0 864.2 
80.0 10.0 10.0 904.9 
80.0 20.0 0.0 892.7 
90.0 10.0 0.0 919.8 
95.0 5.0 0.0 931.7 - 


109.0 0.0 0.0 942.0 


almost constant cooling rate was achieved by the use of devices 
described previously (2). 

Most of the runs could be made in crucibles made of either 
Vycor, quartz or graphite with a protective atmosphere of purified 
argon. The melts were stirred vigorously by a motor stirrer as the 
cooling proceeded. As the arsenic content was increased volatiliza- 
tion losses increased unduly, and hence the thermal analysis had to 
be carried out in evacuated, sealed Vycor tubes. In these cases the 
total pressure was unknown, and stirring was not possible; therefore, 
the high arsenic portion of the system is not considered to be very 
accurate. 

\ll alloys used for thermal analysis were made from the ele- 
ments as described in the previous section. These were then placed 

ippropriate crucibles and remelted prior to taking the cooling 


In 
Curves, 


Metallographic and X-Ray Examinations 


Conventional polishing techniques could be used for the greater 
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Table III 
Therma! Arrests in the System InAs-As-Sb 


Weight % 


InAs As Sb Primary Arrest, °C Secondary 
3.0 5.0 92.0 613.6 584 
3.0 10.0 87.0 606.2 590 
3.0 15.0 82.0 604.2 591 
3.0 17.0 80.0 603.2 590 
3.0 20.0 77.0 605.2 593 
3.0 25.0 72.0 610.1 596 
5.0 10.0 85.0 603.7 5R9 | 
5.0 15.0 80.0 601.7 591. 
5.0 17.0 78.0 600.2 592.0 
5.0 20.0 75.0 602.7 594.4 
5.0 25.0 70.0 607.8 597.8 
7.0 10.0 83.0 598.1 589 8 
7.0 13.0 80.0 594.5 589 
7.0 15.0 78.0 593.1 588 
7.0 18.0 75.0 594.4 590.8 
7.0 30.0 63.0 609.8 603.2 
8.0 17.0 75.0 590.5 588.8 
9.0 10.0 81.0 590.2 589.9 
9.0 6.0 85.0 596.4 588.2 

10.0 10.0 80.0 591.0 590.0 

10.0 15.0 75.0 601.7 592.4 

10.0 20.0 70.0 609. 597.4 

10.0 30.0 60.0 618.4 615.8 

10.0 45.0 45.0 663.0 646.0 

10.0 60.0 30.0 686.0 648.0 

11.0 10.0 79.0 590.3 589.8 

12.0 2.0 86.0 593.9 588? 

13.0 10.0 77.0 613.8 590.1 

13.0 5.0 82.0 588.5 588.0 

15.0 0.5 84.5 586.5 584.1 

15.0 5.0 80.0 592.0 589.6 

15.0 10.0 75.0 632.2 592.0 

17.0 3.0 80.0 598.3 587.1 

20.0 5.0 75.0 647.8 590.0 

20.0 10.0 70.0 668.5 592.9 

20.0 40.0 40.0 657.8 

22.0 3.0 75.0 651.2 588.0 

25.0 15.0 60.0 711.0 595.5 

25.0 30.0 45.0 688.0 627.8 

25.0 45.0 30.0 694.2 679.5 

25.0 60.0 15.0 725.0 717.5 

40.0 30.0 30.0 798.2 650.2 

40.0 45.0 15.0 801.8 709.3 

45.0 10.0 45.0 794.7 600.0 

60.0 10.0 30.0 851.0 608.5 

60.0 20.0 20.0 870.5 652.7 

60.0 30.0 10.0 878.7 703.0 

80.0 10.0 10.0 919.0 - 


90.0 5.0 5.0 936.5 


part of the alloy system. Those specimens with a high indium con- 
tent were polished according to the procedure described by Cara- 
pella and Peretti (9). Satisfactory etching was attained by the use 
of Vilella’s reagent (400 ml ethyl alcohol, 20 ml HCI and 40 grams 
of picric acid) for high indium and high antimony alloys. For high 
arsenic compositions the standard dichromate etchant for zinc and a 
solution containing one part H.Os, 5 parts HO and 10 parts NH,OH 
were used. Eden’s etchant (20 grams Fe(NQOs3)3, 20 grams NH,NO;, 
2 ml. HNO; and 500 ml water) was also used, alone and with equal 
parts of Vilella’s reagent. 

In the arsenic-antimony alloys containing from 75 to 100 wt 
© antimony the solidus was determined by homogenizing these 
alloys at 450°C (840°F) for prolonged periods of time, followed b) 
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Fig. 19—5% InAs, 60% Sb, 35% InSb, As-cast. Primary Sb, secondary alpha, and 
eutectic of Sb and InSb. Etchant: Vilella’s reagent. 150 


Fig. 20—10% InAs, 10% Sb, 80% InSb. Primary alpha, secondary InSb and eutecti 
of Sb and InSb. Etchant: Vilella’s reagent. «150 


Fig. 21—70% InSb, 30% InAs. Primary alpha and secondary InSb. Etchant: Equal 
volumes of Vilella and Eden's reagents. 150 


Fig. 22—46% InAs, 10.8% As, 43.2% Sb. Primary alpha plus eutectic of alpha and 
beta. Etchant: Dichromate. K250 


heat treatments at 2°C intervals and metallographic examination 
to detect incipient fusion. 

In order to confirm the conclusions arrived at by thermal 
analysis and the microscopic examinations, each alloy was X-rayed 
with Cr-K alpha radiation. 


EXPERIMENTAL RESULTS 


The System In-InAs-InSb—Because of the nature of the border 
binary systems and the lack of ternary compound formation within 
this region it was possible to determine the relatively simple phase 
relationships with about 25 alloys. The results of the thermal analy- 

ire given in Table I. Figs. 6, 7 and 8 show typical vertical sections 
with a 3 to 7 ratio of InSb to In, InSb to InAs and InAs to In, re- 


Se 
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Fig. 23—3% InAs, 17% As, 80% Sb. Primary beta plus eutectic of alpha and beta 
Etchant: Dichromate. 250 

Fig. 24—5% InAs, 17% As, 78% Sb. Primary beta plus eutectic of alpha and beta 
Etchant: Dichromate. 250 

Fig. 25—8% As, 12% InAs, 80% Sb. Eutectic of alpha and beta. Etchant: Dichro- 
mate. 250 

Fig. 26—25% As, 10% InAs, 65% Sb. Eutectic of alpha and beta. Etchant: Dichro- 
mate. 250 


spectively. The liquidus isotherms for this region are portrayed in 
Fig. 9. Over practically the entire compositional range, the primar) 
phase to precipitate upon cooling from above the liquidus is the 
InAs-rich solid solution. The secondary precipitation consists of al- 
most pure InSb, and freezing is complete at a temperature of 
154.5°C. The exact composition of the eutectic was not determined, : 
but it must be quite close to the 100% indium point on the diagram. : 

The System InAs-InSb-Sb—No ternary compounds were en- 
countered in this area, and the phase diagram is relatively simple 
(Fig. 10). The InAs-rich solid solution is the primary phase for all 
compositions lying in the InAs side of the eutectic valley. On the ce 
other side of this line, antimony is the first phase to precipitate L 
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pon cooling the liquid. All alloys in this region complete their 
<olidification at the temperature of the InSb-Sb eutectic, 494°C. 
lable II gives the thermal data for this system. Figs. 11, 12, 13 and 
14 show some typical vertical sections. 

The System As-Sb-InAs—This portion of the In-As-Sb system 
proved to be the most difficult to work with. For a large number 
of the alloys the cooling curves had to be made in sealed evacuated 
quartz tubes to prevent loss of arsenic. Stirring of the melts could 





Fig. 27—70% Sb, 30% InAs. Primary alpha plus eutectic of 
alpha and Sb. Etchant: Vilella’s reagent. X75 


not be carried out, and results obtained were often questionable. 
Explosions occurred rather frequently with the high arsenic compo- 
sitions. The liquidus isotherms are shown in Fig. 15. The binary 
eutectic valley runs from one side of the diagram (the InAs-Sb 
eutectic) without going through a minimum. Two vertical sections 
are given by Figs. 16 and 17. 

The X-ray patterns in this area showed all alloys to be made 
up of the InAs-rich solid solution and the Sb-As solid solution.Most 
compositions gave two well defined arrest points; these are given in 
Table IIT. 

Fig. 18 portrays the liquidus surface for the entire In-As-Sb 

ystem. Typical structures obtained are shown in Figs. 19-27. 
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SUMMARY 


The liquidus and solidus for the In-As-Sb system hav 
determined. The valid tie lines, connecting InAs with InSb and §) 
divide the diagram into three sub-ternaries. No ternary comp: 
were encountered. 

1. In the In-InAs-InSb region the primary phase to solicdif 
upon cooling is an InAs-rich solid solution. The secondary precip; 
tion consists of almost pure InSb. The ternary eutectic plane lie 
at 154.5°C. 

2. The InAs-InSb-Sb area has a eutectic valley whose maximun 
point lies on the InAs-Sb tie line, (82.5% Sband 17.5% InAs) and has 
a melting temperature of 582°C. The minimum point is the InSb-S| 
binary eutectic at 494°C, containing 69.5% antimony. The primar 
phase for all compositions lying on the InAs side of the eutecti 
trough is an InAs-rich solid solution. On the other side of th 
eutectic line antimony is the first phase to precipitate upon cooling 
The temperature of the ternary eutectic plane is identical with that 
of the binary InSb-Sb eutectic—namely, 494°C. 

3. The InAs-Sb-As area contains a eutectic trough running 
from the InAs-As binary eutectic (731°C, 82% arsenic) to the InAs 
Sb binary eutectic at 582°C and 82.5% antimony. The primary 
phase of solidification may be either an As-Sb-rich or an InAs-rich 
solid solution depending upon which side of the eutectic valley the 
alloy lies. The temperature of final solidification varies from 731 to 
582°C, depending upon composition, and the solid alloys consist 
of two solid solutions. 
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DISCUSSION 

Written Discussion: By Earl C. Roberts, associate professor, Metallurgical 

eering, University of Washington, Seattle, Washington. 

[he authors have carried out what appears to be a careful investigation of the 
\s-Sb ternary system. In this day of highly complex research facilities, it is a 

ire to find that the relatively simple techniques of thermal analysis and 
ilographic examination can still be used to determine the major portion of 
ymmplete ternary system. 
[he major indefinite feature of this work seems to be the unknown influence 
essure on the positions of the lines, particularly in the high arsenic portion of 
liagram. Since the experimental points established in both the open crucibles 
d the sealed containers can be connected by continuous lines, it might well be 

luded that the effect of pressure is rather small. 

[t seems quite possible that the experimental data of Figs. 3 and 7 have been 


rpreted just a little more closely than is justifiable. In Fig. 3 both the liquidus 


- 


id solidus lines are probably continuous smooth curves, and in Fig. 7 the line 


i 


tween the aa+L anda+InSb+L fields might well be drawn without the minor 
flection points. 


Chere also is a slight inconsistency between Figs. 9 and 10 in the tempera- 


tures of the liquidus isotherms which intersect the InAs-InSb lines between 95 


1 100% InSb. 


Authors’ Reply 


lhe authors wish to thank Dr. Roberts for his very careful examination of the 


lrawings and his kind comments. It was not intended to indicate an inflection 


in Fig. 3, but a rather flat portion in the liquidus and solidus curves. We can 
ee with the criticism of how the line was drawn in Fig. 7; and as Dr. Roberts 


rectly points out, the 500 degrees isotherm in Fig. 9 should terminate on the 


Sb-In binary line. 



























HYDROGEN CONTAMINATION IN DESCAL! 
AND ACID PICKLING OF TITANIUM 


G 


By G. A. LENNING, C. M. CRAIGHEAD, AND R. I. JArri 


Abstract 


Significant hydrogen absorption in titanium can occu? 
in a sodium hydride descaling bath and in a 10% nitric— 
2% hydrofluoric acid pickle. The amount of hydrogen ab- 
sorbed increased with increasing ratio of surface area to 
mass and also with time in the baths. There was a minimum 
at about SOO°F in the hydrogen pickup from the sodium 
hydride descaling bath. No hydrogen pickup occurred with 
the Virgo bath, but this treatment resulted in surface pitting. 
The 8% manganese alpha-beta alloy (C-//0M) absorbed 
more hydrogen than did the alpha commercially pure (A535) 
titanium. (ASM-SLA Classification: L/2, Tt) 


INTRODUCTION 
AN PART of a general investigation of the effects of hydrogen on 


titanium, descaling and pickling operations were investigated 
as probable sources of hydrogen contamination. Preliminary tests 
were made in a commercial sodium hydride descaling bath. Subse- 
quently, the study was extended on a laboratory scale to cover the 
effects of time and temperature on hydrogen absorption in sodium 
hydride, Virgo, and acid pickling baths. 

At the time this investigation was started, the deleterious 
effects of hydrogen in alpha titanium and alpha-beta titanium alloys 
had been established. Hydrogen in alpha titanium and alpha alloys 
had been shown to lower the notch-bend impact strength (1)!. In the 
alpha-beta-type alloys, like the 8% manganese alloy, however, the 
notch-bend impact strength was relatively unaffected by hydrogen, 
but low-speed tensile ductility was markedly decreased at approxi- 
mately 200 ppm hydrogen (2). 

Subsequent to the initiation of this work, the jet-engine and air- 
frame industries encountered problems that were traceable to hydro- 
gen contamination in titanium alloys. Thus, it became of increased 
importance to keep hydrogen out of the material. 

The object of the present work was to demonstrate the magni- 
tude of hydrogen contamination in titanium under various condi- 
tions. The sodium hydride bath is a 1.5 to 2% solution of sodium 


iThe figures appearing in parentheses pertain to the references appended to this paper 


Of the authors, G. A. Lenning is principal metallurgist, C. M. Craighead 1s 
consultant, and R. I. Jaffee is chief. Nonferrous Physical Metallurgy Division 
Battelle Memorial Institute, Columbus. Manuscript received April 11, 1955. 
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hydride in molten sodium hydroxide. The Virgo bath has a sodium 
hydroxide base with some additives. The acid pickle investigated 
was a 10% nitric—2% hydrofluoric acid bath. 


‘ 


MATERIALS AND FABRICATION 


he commercial-purity titanium (A-55) and Ti-8Mn (C-110M) 
materials used in this investigation were received in the form of %%- 
‘inch bar stock. This stock was hot swaged or rolled at 1300°F to pre- 
nare the 44-inch rod and 0.040-inch sheet needed for this work. Next, 
the A-55 material was air annealed for 1 hour at 1470°F. The 
(-110M alloy was stabilized by annealing in air for 1 hour at 1300°F, 
furnace cooling to 1100°F, and subsequent cooling in air to room 
temperature. 

Hydrogen analyses for the various lots of 14-inch-diameter rod 
ire shown in Table I. 


Table I 








Hydrogen Analyses of A=-55 and C-110M Titanium Alloys 
_ Hydrogen 
Alloy Lot Number Content(*), ppm 
A-55 C-9 59 
A-55 C-11 38 
C-110M C-10 57 
C-110M C-12 55 
C-110M C-14 49 


a) Vacuum-tusion analyses by the low-pressure fractional-freezing method(3). Tolerance +10 
relative per cent of value reported. 


The values reported are within the expected hydrogen range for 
these alloys in the form of bar stock. 


PROCEDURES FOR LABORATORY DESCALING AND PICKLING 

The descaling salts were heated in mild-steel containers in an 
electric resistance furnace. Virgo descaling was done according to 
directions in Hooker Electrochemical Company’s Bulletin No. 25. 
The sodium hydride descaling practice used was that outlined in Du 
Pont Bulletin No. SP-28-351. The dimensions of the caustic con- 
tainer and sodium hydride generator were modified from those given 
for Du Pont’s laboratory model to fit an existing electric resistance 
furnace. This type of heating permitted temperature control within 
+5°F of the desired temperature. All material descaled in either the 
Virgo or sodium hydride bath was subsequently dipped briefly in a 
10%) nitric-2% hydrofluoric acid bath at room temperature to assure 
removal of surface films. 

The same nitric-hydrofluoric acid bath was also used in the 
pickling investigation. The bath was contained in a hard-rubber 
battery case immersed in a hot-water bath for temperature control. 
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Table I! 
Hydrogen Absorption For Rod and Sheet Titanium in Sodium Hydride Desc 


Descaling Original Hydrogen(*), Final Hydrogen(*), Al 
lreatment(*) ppm ppm 
A-55 Titanium 
(44-In.-Diameter Rod) 


15 min at 720°F 59 79 
20 min at 720°F 59 80 
(0.040-In. Sheet) 
15 min at 720°F 64 110 
30 min at 720°F 64 110 
C-110M Ti-8Mn Alloy 
(14-In.-Diameter Rod) 
15 min at 720°F 57 110 
30 min at 720°F 57 120 
(0.040-In. Sheet) 
15 min at 720°F 64 200 
30 min at 720°F 64 230 


(a) Descaling bath contained 1.7% sodium hydride. The descaling treatment was { 
by a brief dip in a nitric-hydrofluoric acid bath for brightening. 

(b) Hydrogen determined by vacuum-fusion analyses. Tolerance is +10 relative per cent 
the value reported. 


Trials with water in place of the acid indicated that the liquid in th 
battery case could be held within +5°F of the desired temperatur: 
At the 160°F pickling temperature, however, the acid bath over- 
heated due to rapid solution of the metal, and the maximum immer- 
sion time was limited to 10 minutes. 


SoDIUM HYDRIDE DESCALING 


Effect of Ratio of Surface Area to Mass 

Before the laboratory descaling bath was set up at Battelle, 
tests were made in the sodium hydride descaling bath at Rem-Cru 
Titanium, Incorporated. The purpose of these tests was to deter- 
mine the effect of the ratio of surface area to mass on hydrogei 
absorption in titanium. Descaling times of 15 and 30 minutes were 
used with the bath temperature at 720°F. The sodium hydride con- 
tent of the bath analyzed 1.7%. 

The results of these tests are given in Table II, and show the 
effect of the ratio of surface area to mass on hydrogen pickup. 

The 14-inch diameter rod had approximately 1.4 cm? of surface 
area per gram of metal, while the 0.040-inch sheet had 4.6 cm’. The 
greater surface-area-to-mass ratio for the sheet (approximately 3 
times) resulted in higher absorption with sheet specimens of both 
alloys. The data in Table II also permitted further observations. 
First, they indicated that the rate of hydrogen absorption decreased 
with time in the bath, since the amount of hydrogen absorbed alter 
30 minutes was not appreciably greater than for 15 minutes. Second, 
the alpha-beta alloy (C-110M) absorbed considerably more hydro- 
gen than did the alpha material (A-55), as might be expected from 
the higher diffusion rate of hydrogen in beta than in alpha titanium. 
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Effect of Tume and Temperature 

The effects of increasing the sodium hydride bath temperature 
ind extending the descaling time were studied in the small labora- 
rorv bath. The 44-inch rods were tested both with and without the 
scale produced by the fabrication and annealing or stabilizing treat- 
ments. Lo determine whether the scale acted as a barrier to hydro- 
ven absorption in the baths, a portion of the rods was shot blasted to 
remove the scale, while the scale on the remaining rods was left on. 

\letal-loss and hydrogen-absorption data are given for the 
inalloved titanium in Table III, and similar results are given for 
the Ti-8Mn alloy in Table IV. The sodium hydride content of the 
bath was maintained at 1.9% at all temperatures except at 900°F, 
at which temperature the reaction rate was sufficiently rapid to re- 
duce the concentration to 1.7%. For both alloys, the longest descal- 


Table III 
Hydrogen Analyses and Metal Loss for Sodium Hydride Descaling of A-55 Titanium 
Alloy in the Form of \4=-Inch Rod 


Descaling Treatment Weight, Original Final Hydrogen 
Temperature, Loss, Hydrogen, Hydrogen, Absorption, 
mg/cm? ppm ppm ppm 
s le ree 

15 700 0.7 38 87 49 

60 700 5.4 38 150 112 

15 800 3.0 38 75 37 

60 800 8.2 38 160 122 

15 900 8.2 38 110 72 

60 900 68 38 200 162 

15 700 Lz 38 85 47 

60 700 8.0 38 150 112 

15 800 4.6 38 70 32 

60 800 11.3 38 85 47 

15 900 9.0 38 110 72 

60 900 94.5 38 240 202 

Table IV 


Hydrogen Analyses and Metal Loss for Sodium Hydride Descaling of Ti-8Mn Alloy 
in the Form of 44-inch Rod 


Descaling Treatment Weight Original Final Hydrogen 

Temperature, Loss, Hydrogen, Hydrogen Absorption 
°F mg/cm? ppm ppm ppm 
15 700 0.8 49 140 91 
60 700 8.3 49 250 201 
15 800 5.3 49 95 46 
0 800 12.9 49 180 131 
15 900 10 49 130 81 
60 900 38 49 300 251 

‘ ’ 

5 700 0.8 49 130 81 
60 700 8.3 49 270 221 
15 800 5.3 49 98 49 
60 800 12.9 49 190 141 
1S 900 9.7 49 160 111 


v 900 


w 
i ™ 
~ 


49 310 261 
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ing times gave the greatest hydrogen absorption, although t| 
of absorption of hydrogen decreased with time. The varia 
hydrogen absorption with temperature, which is also sh 
Tables III and IV, was rather surprising in that the lowest hy: 
pickup generally occurred at 800°F, rather than at 700°F. B 
the tendency of titanium to absorb hydrogen normally in 
with temperature, one would have expected just the opposit, 
behavior. Moreover, the weight-loss data show that the rate of rea 
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Table V 
Hydrogen Analyses and Metal Loss for Virgo Descaling of A-55 Titanium Allo, 
in the Form of 44-inch Rod 


Descaling Treatment Weight Original Final Hydr 
Temperature, Loss, Hydrogen Hydrogen, A} 
Time, min F mg/cm? ppm ppm 


Scale free 


30 850 


3.1 38 43 5 
60 850 5.4 38 43 5 
5 930 2.3 38 47 ) 
15 930 6.1 38 42 } 
30 930 ta 38 45 
60 930 i) 38 44 , 
1 1000 1.3 38 47 
5 1000 4.1 38 42 } 
15 1000 8.6 38 43 5 
Scaled 
15 850 4.4 38 48 10 
15 930 11.4 38 46 g 
15 1000 27.3 38 50 12 


tion responsible for metal loss increased progressively with tempera 
ture. Thus, it appears that the reaction responsible for hydroge 
pickup is not directly associated with the descaling reaction, whic! 
generally is considered to be the metal-loss reaction. 

The condition of the metal surface before descaling, i... 
whether it was scaled or shot blasted, did not appear to affect hydro- 
gen absorption appreciably for the times and temperatures investi- 
gated. After the sodium hydride treatments at 700 and 800°F, th 
surfaces of the rods were bright and lustrous. However, after the 
900°F treatment, the rod surfaces showed slight localized pitting. 

Examination of the microstructure of transverse sections of th 
A-55 alloy before and after descaling did not reveal a detectable 
increase in the amount of hydride phase after any of the treatments 
No hydride-rich surface layer was detected at the edges of mounted 
specimens when special caution was taken to avoid rounding off o! 
the corners. 


Virgo Descaling 


Descaling in the Virgo bath was done at 850, 930, and 1000°F 
The 930°F temperature is recommended by the vendor. The data for 
hydrogen absorption and metal loss are shown in Table V for the 
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loved A-55 material and in Table VI for the Ti-8Mn alloy 
(-110M). Since the small hydrogen pickup in these tests was within 
the limit of error inherent in the vacuum-fusion technique applied 
to single samples (+10 relative per cent), it appears that there is 
virtually no hydrogen pickup in the Virgo bath. 


Acid Pickling 

A 10% nitric-2% hydrofluoric acid bath was used to pickle 
alpha and alpha-beta titanium alloys. The results for A-55 titanium 
are given in Table VII, and those for Ti-8Mn (C-110M) alloy are 
civen in Table VIII. Hydrogen pickup for the A-55 titanium was not 
appreciable. Hydrogen pickup for the scale-free Ti-8Mn alloy 
became appreciable after 15 minutes at 120°F, and after 10 minutes 
at 160°F. Considerably less absorption of hydrogen occurred when 
the scale was left on the Ti-8Mn alloy before pickling. Apparently 
scale acts as a barrier to hydrogen absorption in acid pickling, just 
as it acts in decreasing the rate of hydrogen absorption from hydro- 
ven-containing atmospheres. 

After this work was completed, the effect of nitric acid concen- 
tration on hydrogen pickup was reported by Rem-Cru (4). The 
Rem-Cru work indicated that a 20 to 30°% nitric acid solution gives 
much lower hydrogen absorption for an equivalent amount of metal 
removed than the 10% solution. 


SUMMARY AND CONCLUSIONS 


No significant hydrogen absorption was encountered in this 
investigation with the Virgo bath. The surface of the Virgo-descaled 
material was covered with shallow pits, and it lacked a bright finish. 
The sodium hydride-descaled material, on the other hand, was gen- 
erally lustrous at 700 and 800°F, but at 900°F, shallow pitting 
caused a loss of luster. 

Hydrogen absorption in the sodium hydride bath was appreci- 
able for the conditions investigated. The amount of hydrogen ab- 
sorbed appears to be primarily a function of alloy type, ratio of sur- 
lace area to mass in the piece to be descaled, and the time and tem- 
perature of descaling. The alpha-beta-type C-110M alloy picked up 
more hydrogen than did the alpha A-55 alloy. Hydrogen absorption 
in sheet material was shown to be greater than in rod. Increasing the 
descaling time increased the amount of hydrogen absorbed at all 
temperatures, as would be expected. The effect of increasing the 
temperature from 800 to 900°F was to increase hydrogen absorp- 
tion; however, increasing the temperature from 700 to 800°F de- 
creased the amount of hydrogen absorbed. This decrease in the 

mount of hydrogen absorbed with increasing temperature is not 
sistent with the picture of a simple diffusion-controlled reaction. 
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Table VI 
Hydrogen Analyses and Metal Loss for Virgo Descaling of Ti-8Mn Alloy in 
Form of 44-inch Rod 


Descaling Treatment Weight Original Final H 


Temperature, Loss, Hydrogen, Hydrogen, At 
Time, min F mg/cm? ppm ppm 
Scale free 
30 850 5.1 55 50 
60 850 8.3 55 48 
5 930 4.2 $s 47 
i5 930 7.2 55 50 
30 930 12 55 49 
60 930 15.5 55 58 
1 1000 1.7 55 55 
5 1000 3S 55 55 
15 1000 13.5 55 57 
Scaled 
15 850 6.4 49 53 
15 930 16.6 49 54 
15 1000 27.7 49 55 


Table VII 
Hydrogen Analyses and Metal Loss for Acid Pickling of A-55 Titanium Alloy in 
the Form of \4-inch Rod 


Pickling Treatment Weight Original Final Hy 
Temperature, Loss, Hydrogen, Hydrogen, Absor 
Time, min °F mg/cm? ppm ppm t 
Scale free 
30 72 1.4 38 48 10 
60 72 2.6 38 48 10 
15 120 42.6 38 42 } 
30 120 304 38 4? 4 
10 160 583 38 43 5 
Scaled 
30 72 0.1 38 41 5 
60 72 0.3 38 41 3 
15 120 0.7 38 41 3 
30 120 4.8 38 46 . 
6 4 b 


10 160 10, 


Table VIII 
Hydrogen Analyses and Metal Loss for Acid Pickling of Ti-8Mn Alloy in the Form of 
\4-inch Rod 

















Pickling Treatment Weight Original Final Hydroge 
Temperature, Loss, Hydrogen, Hydrogen, Absorpt 
Time, min °F mg/cm? ppm ppm ppm 
Scale free 
30 72 1.8 49 50 1 
60 72 2.4 49 50 1 
15 120 136 49 69 11 
30 120 358 49 110 61 
10 160 786 49 100 51 
Scaled 
30 72 0.3 49 52 ; 
60 72 0.2 49 50 1 
15 120 0.5 49 55 6 
30 120 49 49 51 p 
10 160 5.2 49 52 3 
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DISCUSSION 

Written Discussion: By S. Mitsui, chief engineer, Osaka Titanium Co., 
Ltd., Amagaski Hyogo-Ken, Japan. 

It gives me a great pleasure to be given this opportunity of participating in 
the discussion of this paper. 

| have had the experience of making researches in the past on the subject of 
descaling, acid pickling and hydrogen brittleness of various metals. However, for 
some time my study has been concentrated on the production of titanium sponge, 
for this reason, I should like to comment on the given subject of descaling and 
icid-pickling of titanium based chiefly on the results of experiments made by 
Mr. K. Kawamura of Sumitomo Metal Industries, Ltd., who assisted my re- 
searches in my Sumitomo Metal days. Details of Mr. K. Kawamura’s experiments 
ire given in ‘“The Sumitomo Metal,’’ house organ of the same company. 

Mr. Kawamura’s researches have made the following facts clear. 

1. Almost all metals and intermetallic compounds, with the exception of 
Cr-carbides, can be dissolved by H2O¢ solutions of suitable composition (H2O:2 
plus addition of HCl, H2SO4, HNO;HF, or other organic acids). 

2. Several inorganic compounds can likewise be dissolved by the same 
solutions. 

3. For dissolving a certain specific substance a certain specific composition 
of H,O» solution is required. 

4. Scales hitherto considered difficult to remove by usual methods of pickling 
can mostly be descaled with ease by the above-mentioned solution. As an added 
idvantage, the descaling can be made without loss of metal by choosing a solution 
ol proper composition and proper temperature. In this case, the scales are dis- 
integrated and come off the metal surface in a colloidal state. 

5. Almost all kinds of metals can be thus chemically polished by finding a 


TY 


matching solution and temperature. 

6. The descaling and the chemical polish are conducted in two different stages 
' treatment, using different compositions of solution and temperatures. 

7. Gas producing in the processes of these treatments is mostly of Ox. 
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Mr. Kawamura is also doing research on titanium metal, and has had 
in the descaling and chemical polishing of that metal. The process is eas 
quicker than Na-hydride process. On top of it, there is naturally no absorp 
hydrogen. (Results of several quantitative analyses give the hydrogen va! 
within the tolerance.) 

In making use of titanium scrap returns, it is necessary that such s 
carefully descaled and chemically polished, otherwise the scrap will bring 
amount of oxygen into the melting pot, resulting in the lowering of purity of th 
titanium melt. In this sense, I think the achievement of Mr. Kawamura’s r 
offers food for much consideration by titanium producers. 

The dissolving loss of metal, the volume of hydrogen generation, and th 
volume of hydrogen absorption by the metal, have no interrelations. In the pro 
essing of steel, acid brittleness is avoided by eliminating ‘‘S’’ as CuS by adding 
Cu ion in the bath or by oxidizing ‘S’’ with oxidizing agents such as KMnQy, | 
should be grateful to you if you would enlighten me on the kinds of ions that are 
harmful to titanium. 

When steel is heat treated to ultimate strength above certain limits, th 
hydrogen it absorbs in acid pickling will lower its tensile strength and will result 
in the appearance of many small flakes on the ruptured surface. In such a case jt 
was my observation that the mechanical properties of the material could not by 
completely restored even if the hydrogen were dispelled out of the material. Is 
this also the case with titanium? 

The speed of the hydrogen penetration through steel during acid pickling 
was about 5 mm/16 hour. The measurement was made by using a tube of 5 mm 
wall thickness, with the outer face acid pickled and the inside hollow containing 
mercury. We also measured the volume of hydrogen bubbles in the mercury at 
room temperature. Will you advise me of the hydrogen penetration speed through 
titanium? 

Written Discussion: By W. J. Barth, Pigments Department, Research 
Division, E. I. duPont deNemours & Co., Wilmington, Delaware. 

The authors are to be commended for their contribution to this critical phase 
of titanium processing. Their results are in close agreement with those obtained 
in our laboratory. 

They clearly show the effect of ratio of surface area to mass on hydroge: 
absorption from the sodium hydride bath. The difference of behavior of C.P. and 
an alloy grade such as 8% manganese is conclusively demonstrated. 

In the work at our laboratory for hydride descaling studies, the procedur 
employed was designed to divide titanium descaling into two stages: I— Descaling; 
I11— Metal Attack. It was demonstrated hydrogen absorption does not occur unti! 
stage II is initiated. Hence, by very close control of bath immersion time hydrogen 
absorption can be minimized. This time can vary widely depending upon the typ 
and thickness of scale. For instance, at 715°F, 1.3% NaH concentration for a 
mill-scale weighing 0.0040 gm/cm? about 10 minutes were required for scal 
removal. Under the same conditions a mill-scale of <0.0005 gm/cm? was removed 
in less than % minute. 

With regard to the effect of temperature on hydrogen absorption from the 
hydride bath, we have observed the same tendency. If one considers the ratio of 


hydrogen absorbed per unit weight loss it is seen the ratio decreases with increasing 
temperature. This is true of Battelle’s and our data as illustrated in Table IX. 
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Table IX 
Battelle Data Du Pont Data 
14” ASS Rod* 0.060” C.P. Sheet 
Temp. Time Temp. Time 
oF Minutes Ratio** “ Minutes Ratio** 
700 60 22 715 30 30 
800 60 15 800 30 12 
900 60 2.4 


*Reference Battelle Data, Table III. 
**Ratio of hydrogen absorption (ppm) per unit weight loss (mg/cm?). 


While the numerical values are not equal, the same tendency is observed. 

lo quote the authors, “this decrease in the amount of hydrogen absorbed 
with increasing temperature is not consistent with the picture of a simple diffusion 
controlled reaction.”’ 

It may be associated with a change in NaH and TiH equilibria. The theory 
s of academic rather than practical interest. Although a study of the theory may 
iid in developing means of inhibiting hydrogen pick-up. 

With regard to minimizing hydrogen pick-up, it was reported? that the 
hydride bath can be modified with titanium dioxide addition to reduce hydrogen 
ibsorption. 

We essentially agree with the authors’ conclusions concerning descaling with 
oxidizing caustic baths such as Virgo. In all of our work we have attempted to use 
sheet material of 0.020 to 0.030-inch gage to promote detection of hydrogen 
absorption by keeping a high ratio of surface to mass. Under these conditions we 
have detected hydrogen absorption when temperatures exceed 900°F for a 
30-minute period. At 800°F hydrogen absorption is difficult to detect during 30 
minutes of metal attack. 

In addition, with oxidizing caustic baths we have observed the formation of 
acid insoluble nodules on sample surfaces above 900°F. These appear to be TiO». 
They do contribute to poor surface finish. At 800°F, we obtained good finishes and 
no nodules. Do the authors wish to comment on this point? 

Based upon our experience we sincerely believe a new and better bath is 
needed. The hydride bath is most satisfactory from the standpoint of operability, 
product finish and safety; it has the disadvantage of promoting hydrogen absorp- 
tion with exposure beyond that required for scale removal. The oxidizing caustic 
baths provide better control of hydrogen, however, surface finish is not as good, 
firing of sheet materials may occur and secondary effects such as nodule formation 
are observed. 

Written Discussion: By J. N. Moore, Virgo sales supervisor, Hooker Elec- 
trochemical Company, Niagara Falls, New York. 

lhe authors have pointed out that descaling of titanium and titanium alloys 

Virgo descaling salt resulted in no hydrogen pick-up. This is in accordance with 
our experience and is inherent in the nature of the bath since it is a strongly 
oxidizing Composition. 

It is our feeling, however, that the indications that corrosion and pitting 
occurred when the descaling was done according to the manufacturers directions® 

y lead the reader to erroneous conclusions. 
Generally, the application of Virgo to descaling titanium requires working 
Q. de L. Wheatley, ‘‘Hydride Modified to Reduce Hydrogen Absorption,”” METAL PROGRESS, 


rican Society for Metals, Vol. 68, No. 2, August 1955, p. 119. 
Hooker Electrochemical Company Bulletin No. 25 
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out a specific cycle for each specific application. Temperature of bath a 
of immersion are very critical in titanium descaling. 

Time cycles in the order of 1-2 minutes and temperatures in the + 
800-825°F are typical for light gage titanium sheet. The authors repo. 
immersion times up to 60 minutes and on temperatures up to 1000°F 
corrosion is to be expected under such drastic conditions. 

We should like to emphasize that the descaling of titanium and tj 
alloys in Virgo require careful handling and descaling according to cycl hi 
must be worked out experimentally for each application. This has prove: 
the case in instances where Virgo is currently being used successfully by 
major titanium producers and fabricators to produce metal of low hy 
content and satisfactory finish. . 

Written Discussion: By G. J. Adams and D. E. Yeomans, technical office; 
Imperial Chemical Industries Ltd., Metals Division, Birmingham, England 

Research on descaling titanium and its alloys has been carried on in 


this 
laboratory over the past 2 years and it is planned to publish results of thes 
investigations as soon as possible. Comparing the sodium hydride and Virg 
processes, as Messrs. Lenning, Craighead and Jaffee have done, we also conside: 
the hydride process superior to the Virgo process with regard to surface quality 
of the descaled product, and also because descaling times are much shorter for al! 
types of scale. During our investigation, however, it became clear that if th: 
processes were to be considered as methods of descaling a complete range of 
fabricated titanium products, then hydrogen contamination would be an impor 
tant criterion of suitability. The hydride process was suspected of causing appri 
ciable contamination by hydrogen. 


To assess quantitatively hydrogen contamination in hydride and Virgo 
descaling, thin sheet was used to obtain high sensitivity to hydrogen pick-up. Th 
material was 0.018 inch thick with an oxide film produced by annealing for 30 
minutes at 650°C (1200°F), this being the customary annealing procedure. Using 
various bath conditions, specimens were immersed, water-quenched, washed i: 
hot water and acid pickled. For accuracy, adjacent samples for hydrogen analysis 
were taken from every test piece before and after immersion in the caustic bath 
and further samples were taken after pickling. To establish the extent of th 
decrease in contamination by pickling, some specimens were given the customary 
3 minutes brightening pickle, while others were pickled for 30 minutes to remove 
approximately 0.001 inch of metal. Pickle composition was 1% hydrofluoric acid 
and 4% nitric acid and it was used at room temperature. Hydrogen estimations 
were carried out by a vacuum extraction technique. Results are plotted in Figs. |, 
2 and 3 against immersion time in the descaling bath. Only immersion times up to 
60 minutes are recorded, higher regions of the curves being linear. Fig. 1 records 
weight loss during immersion alone, while Fig. 2 indicates hydrogen contamination 
resulting from this treatment, and Fig. 3 that remaining after pickling. 

Virgo Process—Results do not differ significantly from those reported by 
Messrs. Lenning, Craighead and Jaffee although in our experience considerable 
variations in rate of metal loss occur. Two other interesting points may b 
mentioned:—(a) Rates of weight loss corresponding to removal of scale and to 
subsequent dissolution of metal are similar; (b) Bright pickling decreases hydroge! 
content sharply but prolonged pickling has no useful effect. 


As an example of hydrogen contamination that may be expected during 
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Fig. 2—Hydrogen Contamination Resulting from Immersion 


descaling by this process the following figures may be quoted. 

Bath temperature 425°C (800°F). 

0.018 inch thick annealed sheet. 

Immersion time 30 minutes. 

Hydrogen contamination after immersion in descaling bath 0.004 wt. % 

(40 ppm.). 

Hydrogen contamination after immersion in descaling bath and subsequent 

bright pickling 0.002 wt. % (20 ppm.). 

In view of increased contamination at higher operating temperatures, 425°C 
S00°F) would seem to be the optimum for Virgo descaling of thin sheet, but 
her temperatures might be used for thick sections in which the greater con- 
ination would be less serious. 


Sodium Hydride Process—Results indicate a rapid weight loss during the 
ling period, suggesting marked preferential attack on the scale. Hydrogen 


up is also rapid during this period, but is followed by a temporary decrease. 
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Fig. 3—Hydrgoen Contamination Remaining After Pickling 


In the final stages, metal loss and hydrogen pick-up are substantially linear wit} 
time. The occurrence and explanation of the initial rapid rise in hydrogen content 
are of the utmost importance to titanium descaling. Thus, it is considered that 
at this stage, hydrogen is derived from the reaction of titanium dioxide wit! 
sodium hydride, and easily diffuses into the metal through the thin oxide layer 
If this interpretation is correct, it is doubtful if control of descaling conditions or 
inhibition of the rate of the metal/bath reaction can prevent contamination 

The effect on hydrogen content of subsequent acid pickling suggests that 
appreciable hydrogen gradients are present in the metal after immersion in th: 
descaling bath, but it is clear that the metal removal necessary to reduce hydroge: 
content to base value would be impracticable. 

To minimize hydrogen contamination, hydride content and temperatur 
should be kept toa minimum. We recommend 350°C (660°F) and not greater than 
1% hydride, but even under these conditions serious contamination of thi 
material occurs. 

As an example of the extent of hydrogen contamination that may be expected 
during hydride descaling the following figures may be quoted. 

Bath temperature 350°C (660°F). 

1% sodium hydride. 

0.018 inch thick annealed sheet. 

Immersion time 5 minutes. 

Hydrogen contamination after immersion in the descaling bath 0.020 wt. ‘ 

(200 ppm.). 

Hydrogen contamination after immersion in descaling bath and subsequent 

bright pickling 0.018 wt. % (180 ppm.). 

Operating Hazard in Caustic Soda Descaling—Discussion of molten causti 
soda descaling of titanium is incomplete without mention of operating risks, 1 
which hydrogen plays a major role. A number of cases are on record in which th 
reaction between titanium and caustic soda became violent. The reasons are not 
fully understood, but the effect is evolution of large quantities of hydrogen which 
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ignites spontaneously. As expected, the danger is greatest with thin ma- 
ind at high bath temperatures, but the risk cannot be ignored even under 
operating conditions. 

caling by Acid Pickling—It is our experience that commercially pure ti- 
and alpha-alloys are not susceptible to significant hydrogen pick-up in acid 
On the other hand alloys containing beta phase are susceptible, and the 
of contamination obviously depends on the proportion and distribution of 
this phase. We agree that with a high proportion of nitric acid present, contamina- 

can be effectively eliminated. 

[he conclusion by Messrs Lenning, Craighead and Jaffee that scale acts as 

rrier to hydrogen absorption may be true, but we feel that it is not necessarily 

proper conclusion from their experimental results with titanium—8% manga- 
se alloy. For evolution of hydrogen to occur from acid media, metal attack is 

y necessary, but the recorded weight losses are in fact very small. 

Written Discussion: By J. H. Shoemaker, president, Kolene Corporation, 
Detroit 

We note you have mentioned the proprietary product, Virgo, which causes 

call attention to other proprietary baths, Kolene. 

lhe Virgo bath, as you know, is an oxidizing type of bath. We, too, have an 
xidizing bath in use in several steel mills for the scale or oxide removal from 
tainless alloys. 

Several of the manufacturers of titanium and its alloys also manufacture the 
tainless alloys and it is desirable, wherever possible, to use the same equipment 
ind process for both materials—stainless steels and titanium. 

We have done considerable experimental work with various manufacturers 
of titanium, some of this with laboratory size samples, other with 30” x 30” sheets 
ind, again, with continuous strip up to more than 3’ in width. We have also used 
molten salt baths with various percentages of sodium hydroxide and oxidizing 
members. 

We agree with your findings “it appears that the reaction responsible for 
hydrogen pickup is not directly associated with the descaling reaction’’ and we 
have also found “‘there is virtually no hydrogen pickup” in the Kolene oxidizing 
bath, just as you found the case with the Virgo bath. Our findings seem to indicate 
that the sodium hydroxide base baths show lesser hydrogen pickup as the sodium 
hydroxide percentages are decreased and the oxidizing members increased. 


Authors’ Reply 


he authors are grateful for the many detailed discussions contributed. The 
rge amount of additional information presented has added considerably to the 
value of this paper. 


Mr. Mitsui asks about permanent damage effects due to hydrogen charging 
ad 


degassing in titanium. Although specific investigations on this subject for 
ium alloys have not been reported, it is well known that titanium and ti- 
ium alloys containing up to 400 ppm hydrogen can have their mechanical 
perties restored by degassing. We are not aware of any data on hydrogen 
etration of titanium at room temperature, about which Mr. Mitsui asked. 
(he data of Messrs. Adams and Yeomans are very interesting and bring up 
int not covered in investigations to date. Hydrogen distribution in a de- 


E d sample is a very important consideration with respect to the mechanical 







































740 TRANSACTIONS OlF THE ASM 


properties of descaled titanium. Hydrogen pickup, as indicated by analys 
total section, may be small. However, when all this hydrogen is concentra 
thin surface layer, surface cracking may result, which could decrease 
and/or ductility. The existence of a hydrogen-rich surface layer was est 
in the excellent work of Barth and Fields (‘‘Sodium Hydride Descaling 
nium,’ Metal Progress, page 114, August, 1955). The point regarding t} 
bility of a twofold barrier effect of the scale is well taken. 

With regard to the comments of Messrs. Barth and Moore, we did not 
the Virgo bath below the 850°F temperature. However, we did note an in 
ment in surface condition of the descaled metal at 850°F compared with 
bath temperatures even for the relatively long times used in our work. 

In view of the importance of hydrogen contamination in descaling h 
technology of titanium, the results and comments of Dr. Wheatley and \; 
Shoemaker are very gratifying and should prove to be of considerable help 1 
sons concerned with the operation of commercial descaling baths. 

Written Discussion: By Q. D. Wheatley, E. I. du Pont de Nemours & ( 
Buffalo, N. Y. 

Dr. Wheatley asked the speaker what method of hydrogen analysis had be: 
used, and whether he would comment on the reliability of available analytic 
techniques. Mr. Lenning replied that the vacuum fusion technique of hydr 


0 ¢ 


analysis had been used, but it was his impression that the equilibrium-pressur 
method was equally reliable. 

Dr. Wheatley noted that the data presented by Mr. Lenning in gene: 
confirmed work on hydride descaling of titanium done at the Niagara Falls 
Laboratory of the Electrochemicals Department of the du Pont Company. | 
particular it was noted that treatment time, temperature, hydride concentrati 
and sample geometry are all important factors in determining hydrogen pick 
by titanium descaled in the conventional hydride bath. 

Dr. Wheatley then commented as follows on the modified hydride bat 
developed by the Electrochemicals Department: 

Research has disclosed that addition of titanium dioxide to the conventio1 
hydride bath causes a marked decrease in hydrogen pickup by commercial purit 
titanium. Titanium dioxide reacts with the bath to give alkali titanates. When th: 
bath is saturated with the reaction products, it contains the equivalent of abo 
0.35° % dissolved titanium dioxide. While 0.030-inch pure titanium sheet treate: 
in the conventional hydride bath may pick up several hundred ppm hydrog 
similar material treated under the same conditions in the titania-modifie 
hydride bath absorbs only 8-25 ppm hydrogen in 5-40 minutes. The descaling 
rate is not affected by the addition of titanium dioxide, and a smooth, bright 
surface finish is obtained. The titania-modified bath performs just as well as th 
conventional hydride bath in descaling stainless and alloy steels. It has also be 
found that treatment time and sample geometry are the important factors 
governing hydrogen pickup in the titania-modified bath. 


The titania-modified hydride bath is now in commercial use. Early reports 
of evaluations of the new bath have been received. One user reports that with th 
titania-modified bath he experiences only one-tenth the hydrogen pickup former!) 
found with the conventional hydride bath. These data were obtained by analyses 
of pure titanium and various titanium alloy rods. When 4 inch diameter rods 
were treated for 1 hour at 700°F in the titania-modified bath containing 1.0’ 























Di 


ACID PICKLING OF 


ivdrogen pickup was only 10-20 ppm. 


tion was reported to be lq inch. 


TIT. 


{NIUM 


741 


Maximum depth of hydrogen 


L. Finlay (co-chairman) asked for comments on the method of installing 


trolling the titania-modified bath. Dr. Wheatley pointed out the possible 


; of evolved hydrogen when titanium dioxide is added to a hydride bath, 


essed that: 


Pilot lights must always be lit and placed near the bath surface to ignite 


n if it is evolved too rapidly when titanium dioxide is added to the bath. 


Pigment grades of titanium dioxide must not be used, for the fine size 


extremely rapid reaction; the bath might boil over. Du Pont’s ‘‘Ti-Pure”’ 


ide of titanium dioxide is satisfactory. 


3. The bath can be controlled simply by adding sufficient titanium dioxide 


. regular schedule to maintain saturation of the bath with the reaction prod- 


is calculated from the quantities of sodium and caustic added to the bath. 


lo Dr. R. I. Jaffee’s query as to why a bath used to descale titanium does not 


iti ally become a 


titania-modified bath by 


solution of 


scale and metal, 


Wheatley replied that in the case of baths used exclusively for titanium 


ling this may be almost the case. It was pointed out, however, that most 


im processing is done by producers of stainless steel. The volume of steel 


1] 


lly put through the bath drags out dissolved titanates faster than the 


ely small throughput of titanium replenishes them. Further, the titanates 


t even in relatively low concentrations markedly reduce the extent to which 


ath attacks titanium metal. As a result, even baths used exclusively for 


ium descaling seldom remove enough titanium to build up the optimum 


ntration desired. 






























THE RATE OF DIFFUSION OF CARBON 
IN ALPHA AND BETA TITANIUM 


By F. C. WAGNER, E. J. Bucur AND M. A. STEINBERG 


Abstract 


The diffusion rates of carbon in titanium were d: 
termined over a range of temperature from 736 to 1150°C 
excluding the two phase region occurring between 88? to 
920°C. The activation energies were obtained by applicatio» 
of the Arrhenius type equation, D = Dye =; ~& From a loga 


2a 


rithmic plot of the diffusion coefficients versus the reciproca 
of the absolute temperature, the values obtained for the alpha 
and beta temperature range are 43,500 cal/mol and 48,400 
cal/mol respectively. The frequency factors obtained are 5.06 
in the alpha range and /08 1n the beta range. 

By substituting the respective Dy value and Q value for 
the alpha or beta temperature range in the Arrhenius type 
equation the diffusion coefficient for a specific temperature 
can be calculated directly. For example: 


Da= 5.06 e a (700 to 880°C) 
& 
p= 108 = #40 (929 19 120°C) 


It was also shown, within the limits of experimental 
error, that the rate of diffusion of carbon in titanium 1s inde- 
pendent of concentration. From the experimental work the 
limits of solid solubility of carbon in both alpha and beta 
titanium over the temperature range studied were deter- 
mined. (ASM-SLA Classification: Nl, T1) 


HE effect of interstitial elements, such as carbon, oxygen 
nitrogen, and hydrogen, on the physicial properties of titanium 





makes the study of these alloys important in view of the comme! 
cial significance of titanium-base alloys as structural components in 


the field of aircraft and ordnance production. 


in titanium have just been completed (1).! However, no data are 


Studies on the rate of diffusion of oxygen, hydrogen, and nitrogen 





1The figures appearing in parentheses pertain to the references appended to this paper 


This paper is based in part on work carried out by Horizons Incorporated for the Watertow! 


Arsenal, Watertown, Massachusetts, under contract DA-36-034-ORD-1157-RD. 


A paper presented before the Thirty-Seventh Annual Convention of th 


Society, held in Philadelphia, October 17-21, 1955. Of the authors, F. C. W: - 
is section head, Physical Metallury, E. J. Bucur, project supervisor, and M. 
Steinberg is head, Metallurgy Department, Horizons Incorporated, Cleveland 
Manuscript received March 20, 1955. 
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vailable on carbon diffusion in titanium. Since the diffusion of 
-arbon in both alpha and beta titanium plays an important role in 
+he metallurgical processes of heat-treatment, homogenization, and 
acing, a knowledge of the rate at which these processes occur re- 
quires data on the rate of carbon diffusion for a quantitative de- 
scription of these provesses. 

Accordingly, an investigation was planned: (a) to determine the 
diffusion coefficients of carbon in high purity alpha and beta titan- 
‘um, (b) to determine if the diffusivity is concentration dependent, 
c) to determine the temperature variation of the diffusion coeffi- 
cients over an extensive range of temperatures, and the activation 
energy for diffusion, and (d) to determine from the measured data, 
the limits of solid solubility of carbon in alpha and beta titanium 
over the temperature ranges studied. 


REVIEW OF THE LITERATURE 

There is little information on the diffusion of interstitial or sub- 
stitutional elements in titanium. However, some data does exist on 
cas-metal reactions from which diffusivity data have been obtained. 

One of the established relationships in diffusion is that the dif- 
fusivity depends inversely upon the solid solubility, usually being 
vreatest for elements which are only slightly soluble, and least for 
elements with a wide solubility range (2). Self-diffusion is normally 
the slowest process. On this basis, one would expect a considerably 
creater diffusivity for carbon in titanium than either oxygen or 
nitrogen in the alpha range, and perhaps in the beta range. Such a 
relationship has been shown for carbon in iron, the diffusion coeffi- 
cient of carbon in ferrite being greater than that in austenite at a 
given temperature (3,4). 

While no precise trend of diffusion coefficients with atomic ra- 
dius of solute has been found, it is apparent that other factors being 
equal, the smaller the atomic radius of an interstitial element, the 
lower the activation energy required for diffusion through a given 
solvent. This would indicate that nitrogen should have a lower Q 
value for diffusion than carbon, as the atomic radius is somewhat 
less. 

In the study of the carbon diffusivity in alpha and beta ti- 
tanium, the experimental work and results accomplished on carbon 
diffusion in gamma iron afford an excellent background for choice of 
experimental procedures to obtain reliable data for the value of the 
diffusion coefficients in titanium. An experimental method has been 
used by Paschke and Hauttmann (5) and others (6) which consists 
of (a) carefully resistance-butt-welding steels of different carbon 

tents, (b) the annealing of these in order to diffuse carbon along 
specimens across the welded ‘‘interface,” (c) the determination 


the 
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Fig. 1—Phase Diagram of Titanium-Carbon System (8,9). 


of the carbon distribution across the diffusion zone, and (d) the 
plotting of concentration-penetration curves. 

This procedure was adapted to the study of carbon diffusion in 
titanium. Here, however, the limited solubility of carbon in titanium 
requires a different method of calculation to obtain the diffusion 
constant, D. The working equations were determined from the 
following line of reasoning. 

The diffusion studies were made with diffusion couples consist 
ing of (a) high purity titanium containing 0.038% carbon, and (b 
0.4% carbon or higher carbon-titanium alloys. Thus, at most tem- 
peratures, excluding those between the allotropic transformation 
temperature (882°C) and the peritectoid temperature (920°C), the 
diffusion will occur from a conglomerate of a+6 into a, or from a 
conglomerate of 8+6 into 6 as shown in Fig. 1. The mechanism of 
diffusion in both of these cases is the same and can be treated in a 
similar manner. This method consists of allowing carbon to diffuse 
from an inexhaustible supply into an essentially carbon-free speci- 
men. Jost and Wagner (7) treat this method in a manner which is 
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practicable. If a diffusion couple composed of pure titanium, with a 
0.038" ~ carbon content, and a titanium alloy, with a 1.30% carbon 
content, is vacuum annealed at 800°C (1470°F), carbon will diffuse 
out of the a+6 into the a region. This depletes the 6 region of carbon 
and results in a shift of the plane of discontinuity as shown in Fig. 2. 
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x =O — x t>O x=O x-e —> x 
(a) (b) 
Fig. 2—Diffusion in a Titanium-Titanium Carbon Couple 


The diffusion will proceed in the a phase only, and obey 


Fick's 
second law: 


6c 


— a Dax <e Equation 1 
ot ox~ 


2c 


provided that D is independent of concentration. A particular inte- 
eral of this equation is, 


. X 
CuC, .~Bii+er- 


Equation 2 
2 Dt / 


the initial conditions being, 


» at x<0 and t=0 


(=( 
C=C, atx>0 and t=0 


the mass flow equation for this case is, 


: : dc ; 
(C, —C,,2)de= — Dar dt (=) Equation 3 


the remaining boundary conditions are, 


[ 1,2 at X=e_, and t>0 
C2#C, at x=«e,, and t>0 


assuming the relationship, 


e=2yV Dt Equation 4 


and combining equations 2 with 3 and 4 along with the boundary 
conditions, the resulting equation becomes, 


Ci,0—Ciye 


C.-c. =% ryey?(1+erf vy) Equation 5 
1,27 \“o 


. 


his solution was used for the diffusion studies in both the a 
6 temperature ranges. The entire derivation assumes D to be 
ependent of concentration; however, the maximum solubility of 
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Fig. 3—Schematic of Butt-Welding Jig 


carbon in titanium is only about 0.38% and, therefore, the depend- 
ence of the diffusion coefficient on concentration should be very 
small and thus justify this assumption. 

Determination of the activation energy was accomplished by 
assuming that D varies with temperature in accordance with the 
Arrhenius type equation, 


—Q 
D=D, eq Equation 0 


where D, is the frequency factor and varies very little with tem- 
perature, and, 

Q is the experimental activation energy, 

R is the gas constant, and 

T is the absolute temperature. 

By taking the slope of a logarithmic plot of D versus 1/T and 
equating this to Q/R and knowing D and Q, D, was calculated from 
this equation. 


EXPERIMENTAL PROCEDURE 





The diffusion couples consist of two 34-inch diameter by 2-inch 
long bars, butt-welded together; one bar being iodide titanium, and 
the other a high carbon-titanium alloy. 
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Fig. 4—Photograph Showing Butt Welding Apparatus as Used in Conjunction 
with Tensile Machine. 


Specimen Preparation—The butt welder was made up of a 
movable and a stationary jaw into which the ends of the diffusion 
couple components were clamped for welding. These jaws were 
mounted in a die-set which provided alignment of the ends to be 
velded (see Fig. 3). A glass chamber, sealed by O-rings, surrounded 
the specimen and permitted welding in a purified argon atmosphere. 
The entire fixture was placed in a universal testing machine during 
the welding operation; thereby, permitting the pressure applied to 
the specimen during welding to be accurately controlled (see Fig. 4). 
\ butt welder was used with a maximum capacity of 17,000 amps 
and 7.85 volts off the secondary. 

(he contact surfaces of the specimens to be welded were first 
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Fig. 5—Butt Weld of 0.038% C Iodide Titanium to 1.300% C Iodide Titanium. %4 
diameter bar. (a) Bright light; (b) Polarized light. «250. 





polished through 3/0 metallographic paper and then lightly etched 
with a 2% hydrofluoric-10% nitric acid solution. The welding cham- 
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ber was thoroughly evacuated and flushed with argon several times 
before butt-welding the specimen under a positive pressure of argon. 
\n initial load was applied to insure good contact between the two 
srfaces, and yet provide a load high enough to have accurate con- 
trol of the plastic flow at the interface during the welding. Initially 
during welding, the specimens expanded thermally with a resulting 
‘ncrease in load until the interface was hot enough to flow. By turn- 
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Fig. 6—Diagrammatic view of furnaces 


ing the power off at a definite load after the plastic flow began at the 
interface it was possible to obtain consistent welds. The welding 
time was 6-8 seconds. The diffusion which occurred during welding 
was considered negligible. Fig. 5 is a photomicrograph of a typical 
weld interface. 

\ tensile specimen with a 2-inch gage length was carefully 
machined from a welded couple. The tensile data obtained showed 
that the bond was as strong as the parent material. 

Vacuum Annealing— The vacuum diffusion furnaces were of the 
vertical tube type as shown in Fig. 6. Globar resistance heating ele- 
ments were used for temperatures above 950°C (1740°F), while 
ichrome windings were used in the lower temperature furnaces. 
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The controlling thermocouples were placed near the heat sou: 
permitted temperatures within the heating chambers to be | 
+216°F of the desired temperature. To supplement this con 
resistance was connected in parallel with the on-off power s 
to permit continuous heating in the furnace tube. Full po 
three-fourths power on the on-off controller cycle eliminat 
rather extensive temperature lag characteristic of on-off typ 
trollers. The thermocouples within the evacuated tube cha; 
were attached to an automatic Brown 12 point recorder fo: 
brating and maintaining a permanent record of each annealin: 

The vacuums obtained and maintained at room temper 
were between 2 and 10 and 9X10~-® mm of Hg and between 1 1() 
and 1X10~-° mm of Hg at the annealing temperatures. 

Determination of Interface \lovement—After the couples wer 
annealed, they were polished metallographically along the leng 
and across the interface and examined for interface shift. The carbicd 
particles very clearly denoted the new interface, and an accurat 
measurement of this movement was possible by overetching the 
specimen until the original interface, or weld, was clearly seen as 
shown in Figs. 7 and 8. A minimum of ten measurements were taker 
with the use of a filar eyepiece and averaged for each tabulated € 01 
interface shift value. 

Whenever small interface movements (under 0.016 cm) we 
observed, the specimens were sectioned across the interface for 
measurements at different depths to determine if there was ai 
change in e with respect to distance from surface. 

Analysis of Specimens—After determination of the interfac 
movement the specimens were sectioned and machined in slices o! 
0.078 inch. After each slice was machined, visual inspection on a 
comparator determined the slice thickness and the accumulativ 
thickness of the slice to an accuracy of +0.0002 inch. The chips fron 
each layer were collected on aluminum foil to prevent any contam 
ination. Specimens with very small interface shifts were not se 
tioned for carbon analyses since the carbon concentration gradient 
was too steep to obtain reliable data. 


ers 


' 
i ( 


The material used for the couples was iodide titanium and iodid 
titanium alloyed with carbon. The material was supplied by Water 
town Arsenal and the complete chemical analysis, as received, is 
shown in Table I. The 1.300% carbon alloy was prepared by adding 
carbon to iodide titanium and then casting the alloy into ingots 
which were then hot forged and rolled at 750°C (1380°F) into ma- 
chinable bar stock. The oxygen content is somewhat higher than 
would be considered for an ideal material; this was probably the 
result of the alloying and melting procedure. 

All carbon determinations were accomplished using a Leco semi- 
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Table I! 


LITANIUM 


























lodide 1 39, ( lodide 0.413%, ( lodide 
Titanium Titanium Alloy Titanium Alloy 
| Major Major Major 
\] 003 003 003 
hg O01 007 O02 
Sj 002 OOS 002 
Me 001 001 001 
M 001 002 003 
Ph O01 1 OO1 001 
RB 1.001 001 1.001 
Cd O01 O01 OO1 
Mi 001 1.001 1.001 
Cu 1 OOOS 1 OOOS 0005 
Nj 1001 001 Oot 
( 1 OOOS OO0O05 OOOS 
Cr 001 001 001 
( 10 005 005 
S Oo! OO1 O01 
( 038 1.300 413 
() O18 236 076 
H O11 020 009 
N O11 034 017 
Not Detected: Sb, As, V, Zn, W, Zr, Hi 
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automatic carbon determinator manufactured by the Laboratory 
Equipment Corporation. The principle of the apparatus is, namely, 
the combustion of a given sample followed by the collection of the 
evolved gases, adsorption of the COs, and measurement of this quan- 
tity asa loss in volume. The obtainable accuracy is + 0.005% carbon. 

Errors—{n general, the major sources of experimental error in 
determining diffusion constants in metals are (a) lack of precise con- 
trol and measurement of temperature, (b) inaccurate determination 
of concentrations of the diffusing element, and (c) improper prep- 
aration of diffusion couples or use of impure materials in the couples. 

In this work, precautions were taken to insure maximum control 
of all known factors. However, some scatter of results was obtained, 
particularly in the 6 range. The possible reasons for this are discussed 
below. 

By estimating the welding temperature at the interface to be 
approximately 900°C (1650°F) and the time at temperature to be 
two seconds, it can be seen that the diffusion occurring during weld- 
ing is negligible since the order of the diffusion rate is 1 1077 em? 
sec ' at this temperature. Some diffusion was also caused by the 
heating and cooling cycle for each diffusion anneal. However, since 
the diffusion rate is more than ten times greater for each 100°C in- 
crease in temperature in the annealing range, and since the time for 
heating and cooling of the specimen is very small (about two hours) 
as compared to the actual time at temperature, this is not serious. 

Measurement of the interface movement was done by metal- 
raphic examination with an accuracy of +0.002 mm. The tem- 
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Table II 
Diffusion Coefficients Obtained with Respective Interface Movements 


Av. D Val 
pe Cc. D values each te 
No. Temp. °C Time hrs. mm cm?2/sec. rang 
7 736 200 .0745 2.09 X1079 
3 736 595 .1250 1.98 10-9 2.021 
6 736 1006 .1636 2.00 1079 
2 782 400 .188 5.53 X1079 
16 782 817 .228 4.05 1079 5.271 
15 782 1440 3781 6.22 X1079 
1 835 100 .182 1.22 10-8 
12 835 500 3075 1.06 1078 1.28 1 
13 835 904 5031 1.57 X<10-8 
21 950 72 1.300 3.66 1077 
10 950 92 .132 1.84 x10" 
5 950 140 .4464 3.08 X1077 
9 950 280 .2610 3.72 X1077 2.49 «10 
20 950 620 .4030 125 MiG™ 
19 950 620 .4290 1.39 1077 
11 1050 93 .219 3.55 1077 
18 1050 116 .499 3.02 1077 
4 1050 140 .899 3.53 1077 1.02 X10 
22 1057 68 4.78 3.10 1076 
23 1150 19 6.28 1.145 1075 
14 1150 30 .605 3.29 10-5 4.341078 
8 1150 99 .664 oa x1076 
17 1150 125 811 1.415 1076 


perature control was +2%°F, which averaged out fairly well since 
the zero controlling point was set on temperature. Measurement and 
successive machining of layers also introduces an error of +0.0002 
inch. Carbon analysis errors are approximately +0.005% carbon 
This again is fairly well averaged out when the curve is drawn 
through the experimental points. This source of error does not in- 
fluence the diffusion coefficient determination if the solubility limit 
is known for the annealing temperature. . 

The accumulation of all these errors, although significant, is not 
too serious. Any attempt to apply a correction factor was therefore 
deemed impracticable in the presented program. 

The oxygen content was found to be fairly high in the alloyed 
material, and may have contributed to scatter of results. Only a few 
of the specimens revealed the basket-weave structure characteristic 
of the presence of oxygen in titanium. Carbon content varied as 
much as 12% in the high carbon forgings. However, cylinders to be 
machined for the high carbon ends for the diffusion couples were 
homogeneous in carbon distribution within each couple. 


DISCUSSION OF RESULTS 
The diffusion anneals for the specimens in the alpha tempera- 
ture range were conducted at 736, 782, and 835°C; for the speci- 
mens in the beta temperature regions at 950, 1050, 1057, and 
1150°C. Twenty-three couples were annealed at the temperature 
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Fig. 7—Photomicrographs Showing Interface Shifts. (a) Diffusion Couple No. 6-—736° 
r 1006 hours; (b)—Diffusion Couple No. 2—782°C for 400 hours. 150. 


and —_ shown in Table II. Figs. 7 and 8 show typical observed 
interface shifts. The weld is shown at the top of the photomicro- 
graphs with the a and 6 regions clearly bound by the y phase. After 











754 TRANSACTIONS OF THE ASM 


| 
. 
* 
. ~~ ; 
s ~* . ; 
7 / 
wn d * 
f yl. - 4 
‘ . } e 
> oa <s 3 
‘ . => * - 
. ‘“-i 
* . ° 4 
ae ‘ 
— 2 a ‘ \ 
.  % be 
ar 
. ~ i tas oe ll ' 
. - ° , ‘ ‘ a 
? a ~~“ 













< ae 
1-3 Aes 
as ™ 
Cate A 
“wi hx 
¥ JV x 
Qe A\\> 
Interface - 
- if 
s 


Fig. 8—Photomicrographs Showing Interface Shifts. (a)—Diffusion Couple No. 12 
835°C for 500 hours; (b)—Diffusion Couple No. 1—835°C for 100 hours. 150 





determining this interface movement by metallographic measure- 
ments, the specimen was machined in sections for carbon analysis 
The following procedure was used for plotting the carbon con- . 
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Table III 
Values Obtained with Corresponding Carbon Contents and Solubility Limits 








No C, Cy ( 
7 1.300 038 240 096 
3 1.300 038 240 096 
6 1.300 .038 240 096 
2 1.296 037 258 105 
16 1.296 037 258 105 
15 1.297 037 258 105 
1 1.296 038 316 137 
12 1.496 050 316 111 
3 1.496 050 316 111 
21 413 038 160 211 
10 1.431 098 160 027 
5 1.300 038 160 057 
9 1.455 110 160 021 
20 1.455 110 .160 021 
19 1.455 110 160 021 
11 1.367 115 188 034 
18 1.300 038 188 070 
4 1.367 117 188 034 
22 413 038 190 275 
23 413 038 224 355 
14 1.367 115 224 O51 
8 1.367 115 224 O51 
17 1.367 115 224 051 
1.4 
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Fig. 9—Experimental Points Plotted for Comparison with Theoretical curve 
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centration curve (Figs. 9 through 12). It can be seen by the small 
nterface movements obtained with the high carbon content speci- 
ens (1.3% C) that accurate determinations of the a and 8 solubil- 
limits would require extremely long annealing procedures. For 
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Fig. 10—Theoretical Concentration Curve with Experimental Points Super 
iniposed 
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Fig. 11—Theoretical Concentration Curve with Experimental Points Super- 
imposed. 


this reason values for the a and 8 solubility limits (C;,2) at the re- 
spective temperatures were taken from WADC Technical Report 
53-41 (8) (see Fig. 1). The lower carbon content couples (0.413% 
carbon) gave slightly higher solubility limits for 1057 and 1150°C. 
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Fig. 12—Theoretical Concentration Curve with Experimental Points Superimposed 


For the purpose of calculating the diffusion coefficients (D), these 
solubility limits were approximated from the above mentioned re- 
port and the carbon concentration curves obtained from the lower 
carbon content couples. 

The values of the parameter y were determined by substituting 
the values given in Table III in Equation 5 below: 


Ci,2—Ci,2 


9 


oo ryey?(1+erfy) 


and then by substituting the calculated y and measured e€ into 
Equation 4: 

e=2yv Dt, 
the diffusion coefficients were determined for the a and 6 tempera- 
ture range. By knowing D, the carbon contents, and the solubility 
limits at the respective temperatures, the theoretical concentration 
curves for the specimens were drawn according to Equation 2: 


alec) 
ee oe 


The experimental points were, in turn, superimposed on the 
theoretical curve according to their relative positions to check the 
validity of the theory. It can be seen from Figs. 9 through 12 that 
the experimental points fall well within allowable experimental 
accuracy. It can be noted that the approximated solubility limits 
Were justifiable in this temperature range. The location of the ex- 
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Fig. 13—Logarithmic Plot of D vs. T (°K) X10~-4 For the 
Diffusion of Carbon in Alpha and Beta Titanium. 


perimental point in each case, within the volume where discontinuity 
occurred in the specimen, was determined by adjusting the carbon 
content for the respective volumes. 

A plot of the square root of time versus interface movement also 
verified the assumption that: 





e=2y7/Dt 


for a constant temperature. Where the y was different, plots were 





substituted of —versus +/ time. 
Y 


The activation energies for the alpha and beta regions were 
calculated from the slope of the logarithmic plots of D versus 1/T as 
shown in Fig. 13. 

The activation energy for the alpha temperature range was 
slightly less than that obtained for the beta temperature range being 
43,500 cal/mole and 48,400 cal/mole, respectively. 
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Che diffusion rate of carbon in titanium was found to be inde- 
sendent of concentration within the limits of experimental error. 
I 


fhis was confirmed by plotting the experimental data for carbon 
concentration along the curve calculated from: 


C =( yo BUI tert 5) 
Since the calculated and experimental curves superimposed very 
well, it was concluded that D was independent of concentration. 
\Vith D independent of concentration, it was also possible to use the 
Grube solution of Fick’s second law to check the values of diffusion 
coeficients obtained by the above method. 

Thus from Fig. 10, one may consider the range Cy,2—Cyjo, as 
equal to Co/2 and C at any value of x as equal to C-x-C),.. In this 
case, Cy,2 —Ci,0 = 0.160 —0.111 =0.049, and at 0.60 centimeters from 
the interface value of C-x-C,,,=0.135 —0.111 =0.024. The Grube 

. -e * a. 
expression 1s \ C —1 ) =erf( JD )s so that: 
.Co J 2 /Dt- 


0.024 .{ 0.600 
( 5) ~1=erf( ) 
0.049 2/Dt 


0.600 
—0.510 = -erf ( = -} 
\ 2y Dt- 


0.300 
0.489 = —— 


/Dt 
/0.300\2 
aaaal 
0.376 & 10-3 « 1074 
~ 0.280 5 X0.36 
[his is the same value as obtained with the Wagner solution, using 
the expressions: 
ee p ; 
a =4/nr yey*(1+ert y) 
and e=2y7/Dt 
Solubility of Carbon in Alpha and Beta Titanium—In theory, 
diffusion studies of systems such as the one in the present investiga- 
tion offer a sensitive means of determining solubility limits of the 
diffusing element. Thus, in the titanium-carbon system, when dif- 
fusion occurs from the two phase regions of a+ into pure titanium, 
there occurs a discontinuous carbon concentration at the solubility 
limit. Since this concentration can be determined accurately by 
chemical analysis, the maximum solubility at the temperature of 
diffusion is pinpointed within the limits of accuracy of the carbon 
analyses. 


Dt= 


D 


= 3.72 * 10°77 cm? sec 


By utilizing the data from these experiments, solubility limits 
re determined and, as indicated in Fig. 1, were slightly different 


\ 
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at high temperatures from those reported in the literature (8 9 
The differences were slight, and probably insignificant for p 
purposes. Thus at 1050°C, a C, value of 0.19 wt. % was obtained jp 
the diffusion studies, while the literature data indicated a carbo; 
solubility of 0.16 wt. %. At 1150°C, the position of the 8 solvus was 
indicated to be 0.22 wt. % from diffusion analyses, and 0.17 wt. & 
from metallographic studies. At temperatures below 1050°C, ¢h, 
solubility limits obtained by both methods were in agreement. 

The reasons for these differences are not obvious. It has been 
suggested, however, that oxygen content of the specimens may have 
been a factor (10). This may be the answer since the oxygen contents 
of the titanium-carbon alloys used in the diffusion experiments were 
higher than the iodide grade titanium (see Table 1). 


(CONCLUSIONS 
The diffusion rates of carbon in titanium were determined ove; 
a range of temperature from 736 to 1150°C (1355 to 2100°F). The D 


values obtained at the various diffusion temperatures were as follows 
Ti Temp 
Modification —_ Dem2 ‘cc 

a 736 2.0 K10-9 
a 782 5.0 x 1079 
a 835 1.3 1078 
B 950 2.5 1077 
8 1050 1.0 K10~* 
8 1150 4.0 X10 


Activation energies were obtained from the D values in the a 
and 8 ranges, and were 43,500 cal/mol and 48,400 cal/mol re- 
spectively. 

The scatter of results was somewhat greater in the 6 range than 
in the a range. However, a sufficient number of specimens were 
tested to obtain reliable average values of D at each temperature. 

It was also shown, within the limits of experimental error, that 
the rate of diffusion of carbon in titanium is independent of 
concentration. 

The solubility limits obtained for the alpha and beta tempera- 
ture range were the following: 





Ti Temp Solubility Limit 
Modification — — 
a 736 0.240 
a 782 0.258 
a 835 0.316 
8 960 0.160 
8 1050 0.188 
8 1057 0.190 
8 1150 0.224 
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DISCUSSION 


Written Discussion: By J. E. Reynolds, Battelle Memorial Institute, 
Columbus, Ohio. 

lhe authors are to be congratulated on this work. The comment that I would 
like to make is a minor one, and in no way is intended to detract from their excel- 
lent paper. With regard to the specimen preparation prior to butt welding the 
diffusion couples, the authors have indicated that the contact surfaces were first 
polished through 3/0 metallographic paper, etc. It has been my experience and the 
experience of others that one cannot retain flat surfaces in the usual manual polish- 
ing Operation, and, in addition, parallelism of opposite end faces is lost. In the 
butt welding process, this would seemingly result in greater tendency toward 
indulation and uneven welding pressure across the interface. In the present work, 
these effects may not have introduced an appreciable error, but, in general, 
specimen faces surface ground to +0.0001 inch are to be desired over metallo- 
graphically polished faces. 


Authors’ Reply 


Because of the appreciable amounts of plastic flow occurring at the weld inter- 
: during the resistance butt welding operation, uniform contact of the ends of 
prepared specimens was assured. If this plastic flow had not been obtained, the 
flatness and parallelism of the abutting specimens would have been more critical. 











METALLOGRAPHY OF TEMPERING OF ALPHA-PRi MF 


IN TITANIUM ALLOYS 


By R. F. DOMAGALA AND W. ROSTOKER 


Abstract 

This paper describes a program which was designed to 
discover microscopically how the a’ phase, a metastable sy 
persaturated 1somor ph of the a phase changes on reheating 
that of equilibrium aas dictated by the phase diagram. Speci 
mens containing 13% Mo or 6% Cr were prepared, solutio) 
treated at 000°C, and water quenched. By metallographicall) 
following changes in a’ needles on tempering below the 8 
transus, 1t was discovered that in the Mo alloy the a’ needles 
generally temper by precipitating small particles of a while 
in the Cr alloy tempering occurred by diffusion across the 
a’ /B interface. (ASM-SLA Classification: N6, Ti) 


URING quenching of alloyed titanium from the beta field, a 
martensitic transformation may occur. The product of this 


transformation is isomorphous with the alpha modification of 
titanium, but presumably has the composition of the original beta 
As such, the martensitic phase is generally a supersaturated alpha, 
and the term alpha prime (a’) is used to designate it. It should be 


remarked, however, that the supersaturated condition is not manda- 
tory, since some quench products which metallographically appear 





to be a’ occur in systems which have a single phase alpha field at 
low temperatures. This paper describes the changes in metallographi 
experience of a’ in two beta-stabilized alloys during the process of 
tempering at various elevated temperatures. 


The two binary alloys selected as representative of different 


types of beta-stabilized systems contained 13% Mo and 6% Cr, 
respectively. The quenched (from 1000°C) structures of these spe- 
cific compositions contained relatively few alpha prime needles or 
platelets clearly resolved against a background of retained beta 
Actually, the 13% Mo alloy developed a’ in the quenched structure 
only after etching in a strong HF-HNOQO,; acid bath. 


Since a’ in the 13% Mo alloy is metastable with respect to a 


phase mixture of (a+ 8), one might anticipate several possible con- 
figurations resulting from tempering: 


(a) Rejection of a dispersion of alloy-rich 8 of the composition 


A paper presented before the Thirty-Seventh Annual Convention of th 


Society, held in Philadelphia, October 17-21, 1955. Of the authors, R. F. Doma 
gala is associate metallurgist, and W. Rostoker is supervisor, Physical Metallurg) 
Section, Metals Research Department, Armour Research Foundation of [Ilinots 
Institute of Technology, Chicago. Manuscript received March 31, 1955. 
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characteristic of the tempering temperature, causing depletion of the 
elute content of a’. 

b) Rejection of alloy-poor a, enriching the remaining a’ until it 
-everts to an enriched beta. 

c) Mass transfer of solute and solvent atoms across the a’/8 
‘nterface, Causing no essential change in the configuration. 

Above the eutectoid temperature, the 6% Cr alloy should be- 
have in the same way as the 13% Mo alloy; but below, the added 
possibility exists that a’ can deplete its solute content by rejection of 
hiCre. 

The alloys were prepared from 120 BHN titanium sponge by 
arc melting in a nonconsumable electrode arc furnace. The pancake 
ingots were sliced to provide coarse grained specimens for subse- 
quent heat treatment. They were homogenized by a prolonged an- 
neal at 1000°C (1830°F). During all heat treatments, specimens were 
sealed in evacuated Vycor bulbs. The bulbs were broken under 
water at the instant of quenching. Early attempts were made to re- 
examine the same area in each sample after progressive tempering. 
Regardless of the care taken, however, no more than four successive 
anneals could be completed before the specimen required new metal- 
lographic preparation, which invariably cut through the original a’ 
needles. For this reason, most of the observations recorded refer to 
average conditions throughout a specimen after a particular prior 
history : 

OBSERVATIONS ON THE 13% Mo ALLoy 

The a’ needles observed in this alloy were generally very simple 
in structure and configuration. Each needle appears to be a homo- 
geneous orientation. Intersection of needles is common. A typical 
field is illustrated in Fig. 1. 

A tempering temperature of 700°C (1290°F) was chosen for the 
first series of experiments. Cumulative times at temperature ranged 
from 0.5 to 31 hours. Only after 3 hours could even a slight precipi- 
tate be detected in the a’ needles. After 6 hours, the dispersed pre- 
cipitate etched more darkly (Fig. 2). After somewhat less than 31 
hours, the original a’ needles had blended indistinguishably into the 
fine (a+ 8) structure, which developed by concurrent isothermal 
transformation of the surrounding 8 matrix. The major point in 
question is whether the fine precipitate in the a’ needles is alpha or 
beta. If the precipitate were 8, then a 8 dispersion in an a matrix 
could not reasonably blend into an @ dispersion in a 8 matrix, and 
the trace of the original needles should persist. Since the needles do 
disappear, they must ultimately form an a dispersion in a 8 matrix; 
this could only happen if the original precipitate were a. 

In some of the specimens examined, a few tempered a’ needles 

on a duplex or banded configuration. Fig. 3 shows needles com- 
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Fig. 1\—a’ Needles in a 13% Mo Alloy As-quenched from 
1000°C (1830°F) (oblique illumination). «750. 

Fig. 2—a’ Needles in a 13% Mo Alloy After Tempering at 
700°C (1290°F) for 6 hours. (No additional metallographic treat- 
ment beyond that performed on the original specimen of Fig. 1). 
< 750. 
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Fig. 3—a’ Needles After Tempering at 750°C (1380°F) for 1 
hour, Showing a Configuration of two side bands of a and a midrib 
of 6. X750. 

Fig. 4—a’ Needles After Tempering at 700°C (1290°F) for 31 
Hours, Showing the Breakup of the Side Bands of a. 750. 
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Fig. 5—Banded a’ Needles in As-quenched 13% Mo Alloy b 
X750. i 

Fig. 6—a’ Needle Tempered at 700°C (1290°F) for 10 Hours, 
Showing a Precipitate in the 8 Midrib. 750. 
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Fig. 7—a’ Needles in an As-quenched 6% Cr Alloy, Showing 
Simple and Complex Configurations. «750 

Fig. 8—An a@’ Needle in As-quenched 6% Cr Alloy, Showing 
Fine Structure of a Complex Needle. 750 
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Fig. 10—a’ Needle in 6% Cr Alloy After Tempering at 750°C 


(1380°F) for 0.5 Hours, Showing Banded Configuration of a With 


a Midrib of 8. 750. 
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posed of two side bands of a and a center midrib of 8. The | 
was identified as 8 for two reasons: (a) There is no optical r 

to rotation in polarized light. This is characteristic of 8, while 

a’ react by sharp changes in reflectivity. The side bands do reac; 
this fashion. (b) On prolonged tempering the side bands break up 
(Fig. 4), and the midrib becomes continuous with the 8 matrix. The 
occurrence of these structures prompted a careful re-examination of 
as-quenched specimens. It was observed that on rare occasio 
needles originally form as a banded configuration (Fig. 5). 

Additional proof that the banded needles are present initial) 
in the specimens is presented in Fig. 6. This structure represents thy 
state after tempering at 700°C (1290°F) for 10 hours. The midrily js 
peppered with a fine precipitate just as the surrounding beta matrix 
This means that the center rib was nonequilibrium beta at the 
tempering temperature, i.e., it formed on quenching. If the rib had 
formed during tempering, it should be of the composition dictated 
by the equilibrium diagram for that temperature and should not 
show a precipitate. 

The a’ needles or bands on either side of the beta midrib do not 
show precipitate at any stage of tempering. Tempering must, there- 
fore, occur by a diffusion process across the a’/8 interface. Equilib- 
rium is thus obtained without the nucleation of new orientations ot 
either phase. The breakup of the alpha bands after prolonged anneal- 
ing is probably a surface tension effect. At 700°C (1290°F), there 
fore, there appear to be two mechanisms of tempering. 

At 750°C (1380°F), tempering is much accelerated. The a 
needles developing a dispersed phase disappear in less than an hour. 
The banded needles persist for somewhat longer. 

Tempering at 500°C (930°F) was extremely sluggish and the 
dispersed phase structures were too fine to resolve. 


S a 


OBSERVATIONS ON THE 6% Cr ALLOY 








Two types of a’ needles are observed in this alloy. One is a 
simple, narrow band of apparently single homogeneous orientation. 
The other is much broader and has a substructure of short fragments 
of a’ interleaving the beta matrix. Typical examples of these are 
shown in Figs. 7 and 8. 

On tempering at 700°C (1290°F), the configurations are essen- 
tially unchanged in form. The etching characteristics of the tempered 
a’ approach those of alpha. With time the structure coarsens, breaks 
up, and blends into the (a+ 8) background of the matrix. No precipi- 
tates were observed in the a’ plates. Tempering, therefore, must 
proceed by mass transfer across the a’/8 interface until equilibrium 
concentration of a is achieved. The original fine structures of the 
complex a’ shapes are more easily resolved after tempering (Fig. 9). 
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(he banded configuration of tempered a’ needles was also noted 
‘1 this alloy (Fig. 10). In some instances, multiple banded structures 
were observed (Fig. 11). The significant remark at this point is that 
despite exhaustive study of as-quenched structures, no examples were 
discovered of banded configurations in the original a’ needles. One is 
forced to the conclusion that these formed during tempering by 
oriented growth of the beta midrib or midribs within the a’ needle. 
Furthermore, there were no precipitates observed in these beta mid- 
ribs, indicating that they were of the composition characteristic of 
the tempering temperature. 

On tempering at 600°C (1110°F), below the eutectoid tempera- 
ture, irresolvable dark etching effects appear in some of the needles 
is shown in Figure 12. These might be fine particles of TiCr. but no 
positive identification could be made. 


SUMMARY 

Alpha prime needles in a 13% Mo alloy are of simple construc- 
tion. On rare occasions two needles form parallel to each other, en- 
trapping a thin layer of retained beta. Tempering occurs slowly at 
700°C (1290°F) by one of two processes. In one, a fine precipitate 
develops throughout the a’ needle which, from the fact that the 
needle ultimately blended into the matrix, was inferred to be alpha. 
In the other process, which only occurred with symmetrically banded 
«’ needles, there was a simple mass transfer across the a’/ interface 
until the a’ was diluted to equilibrium alpha. With prolonged anneal- 
ing times, surface tension effects broke up the long bands of alpha 
into small fragments. 

Alpha prime needles in the 6% Cr alloy were either of the simple 
type found in the 13% Mo alloy; or were complex, made up of short, 
almost randomly oriented platelets of a’ interleaving the beta matrix 
ina broad band. No instances of symmetrically banded needles were 
found in the as-quenched state. 

Tempering occurred most frequently by mass transfer across 
the a’/8 interfaces, yielding final structures which were essentially 
the same as the original but more clearly resolved. In a number of 
instances, tempered structures composed of two parallel bands of 
alpha bracketing a midrib of beta were noted. Since such structures 
were not observed in the as-quenched state, it is inferred that they 
formed by oriented growth of beta within the a’ needle. At 600°C 

1110°F) an irresolved dark etching effect was observed in some 
needles, but its nature could not be determined. It was not possible 
to identify the occurrence of TiCrz as a temper product. 

Raising or lowering the tempering temperature appeared to 
ence only the kinetics of the processes, but not their nature. 
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DISCUSSION 

Written Discussion: By D. N. Williams, Battelle Memorial | 
Columbus, Ohio. 

The authors, Messrs. Domagala and Rostoker have pointed out that ther 
are only three possible mechanisms which might describe the decompositio: 
alpha prime (martensite) during tempering: 

1. Precipitation of beta (or compound) with a gradual approach of the alpha 

prime matrix to an equilibrium alpha composition. 


2. Precipitation of equilibrium alpha, followed by transformation (by 
shear process?) of the increasingly alloy rich alpha prime to beta. 
3. Mass transfer of atoms across the beta-alpha prime interface. 


In their paper, and in a contemporary paper by Brotzen, et al.,? the results of 
tempering studies of three alloys are reported in which examples of each of thes 
mechanisms are reported. 

Messrs. Domagala and Rostoker found that a Ti-6Cr alloy showed Type 3 
tempering at 1290°F, with some evidence that Type 1 tempering occurred below 


1110°F. In a Ti-13Mo alloy, these authors reported that tempering occurre: 
chiefly by a Type 2 process, but occasional Type 3 tempering was also observed 
Brotzen, et al., reported that a Ti-7.5V alloy exhibited Type 1 tempering betwe 
660 and 1020°F. On first examination, these two papers would indicate that 
tempering of alpha prime is exceedingly complex and varies considerably fron 
alloy to alloy. 

Such complexity is unexpected, particularly in the case of Ti-V and Ti-M 
alloys which have been found to behave quite similarly in most other respects 
This leads one to question either the Ti-V or the Ti-Mo data, even though th 
tempering temperatures investigated for the Ti-Mo alloy, 930 to 1380°F, wer 
somewhat higher than those investigated for the Ti-V alloy. Since a Ti-13Mo 
alloy is usually assumed to be 100% beta on quenching (the Ms has been reported 
to be at room temperature at about 11.5% Mo,’ the possibility exists that th 
alpha prime needles observed in this alloy were strain-induced during sampl 
preparation. The tempering process observed in strain-induced needles might no! 
bear any relationship to that normally occurring in alpha prime formed during a 
quench. 


If the observation of Type 2 tempering in the Ti-Mo alloy is disregarded on 


2F. R. Brotzen, E. L. Harmon, and A. R. Troiano, ‘‘Nature and Decomposition Kinetics 
Alpha Prime in Titanium-Vanadium Alloys,” TRANSACTIONS, American Society for Metals, Vol. 4° 
1956, (Preprint No. 24). 

3D. J. DeLazaro, M. Hansen, R. E. Riley, and W. Rostoker, ‘‘Time-Temperature Transtorma 
tion Characteristics of Titanium-Molybdenum Alloys,”’ Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 194, 1952, p. 265. 
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umption that these needles were probably strain-induced, the tempering 
s follow a consistent pattern for all three alloys; tempering by mass 
' across the beta-alpha prime interface at high temperatures where the 
fusion rates are high, and precipitation of beta (or compound) at low tempera 
res where nucleation is rapid. Such a mechanistic picture of the tempering re 
tion would appear quite reasonable. 


Authors’ Reply 


[he major contention raised by Dr. Williams seems to be the differences in 
mpering mechanisms reported for Ti-Mo alloys in this paper and for Ti-V 
llovs suggested in the paper by Brotzen, et al. It should be noted that Brotzen’s 
paper dealt only with kinetics of tempering rather than mechanism. Their men 
tion of beta precipitation on tempering alpha prime is surmise not based on any 
xperimental evidence. 
\lpha prime needles in the 13% Mo alloy occurred during the cleaning of the 
specimens. There is probably some sort of “release of surface stress’’ origin to 
heir formation. Since they are probably compositionally identical with the quench 
martensite and they are certainly structurally the same, there is little reason to 
expect that the etch-induced a’ should temper by a different mechanism. 
lhe best evidence supporting the precipitation of alpha particles in needles 
[i-13°% Mo) during tempering is that ultimately there is a blending of the alpha 
prime needle sites into the matrix of alpha-in-beta formed during tempering of the 
beta. Restating from the text of the paper, precipitation of beta in an alpha 
matrix would not blend with the background of alpha in a beta matrix. 



























NATURE AND DECOMPOSITION KINETICS OF ALPHA 
PRIME IN TITANIUM-VANADIUM ALLOYS 


By F. R. Brotzen, E. L. HARMON AND A. R. Troan: 


Abstract 


The nature and the decomposition kinetics of marten 
sitically transformed alpha titanium (a@’) were studied 
utilizing X-ray diffraction techniques and electrical resisi 
ance and hardness measurements. 

X-ray diffraction disclosed that the c parameter of the 
a’ phase followed Vegard’s Law for compositions up to 
about 10% vanadium. Thea’ parameter varied linearly with 
composition up to about 7.5% vanadium but deviated notice 
ably for a 10% vanadium alloy. 

Supersaturation was found to increase the hardness of 
a’ only slightly. 

By correlating electrical resistance changes with the 
amount of a’ transformed, it was established that the temper- 
ing of a’ in a 7.5% vanadium-titanium alloy followed the 
same rate law as the first stage of martensite tempering in 
steel. 

The results further indicated that the precipitation of 
equilibrium beta from supersaturated alpha titanium 1s a 
diffusion controlled process with an activation energy for the 
tempering reaction of about 15,000 cal/mole. (ASM-SLA 
Classification: N9, Tt) 


ITANIUM-RICH alloys may undergo shear-type allotropic 

transformations similar to the formation of martensite in 
steel (1)'. The diffusionless nature of the transformation from the 
high temperature beta to the low temperature alpha phase precludes 
compositional changes, so that the alloy contents of matrix and pre- 
cipitate are identical. This condition leads to supersaturated trans- 
formation products, which are thermodynamically unstable. When 
these products are tempered at slightly elevated temperatures, in- 
creased diffusion makes possible an approach to equilibrium condi- 
tions. At present, little information is available on the effect of 
supersaturation upon the structure of the alpha prime phase.’ More- 


1The figures appearing in parentheses pertain to the references appended to this papet 
2The martensitically formed phase will be referred to as alpha prime. 


A paper presented before the Thirty-Seventh Annual Convention of th 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, F. R. Brotze! 
is assistant professor, Department of Mechanical Engineering, Rice Institute 
Houston, Texas; E. L. Harmon is research assistant and A. R. Troiano is pro 
fessor, Department of Metallurgical Engineering, Case Institute of Technolog) 
Cleveland. Manuscript received May 20, 1955. 


774 














TITANIUM-VANADIUM ALLOYS 7 


“J 
on 


there is only meager data on the decomposition of supersatu- 


ovel, 
ted alpha prime during tempering. 

[he present investigation of the formation and decomposition 
of alpha prime was conducted for titanium-vanadium alloys, in 


which transformations can be followed quite readily. Because of the 
mild stabilizing effect of vanadium on the high temperature beta 
ohase, temperature changes correspond to easily detectable, large 
changes in the equilibrium composition of beta, Fig. 1 (2,3). Fur- 
thermore, in the titanium-vanadium system there are no inter- 
metallic compounds which would unnecessarily complicate the 
transformation picture. 


MATERIAL 

[he alloys used for X-ray diffraction and hardness studies were 
prepared by the Research Division, New York University from 
iodide titanium and electrolytic vanadium. These alloys, containing 
from 0 to 20% vanadium, were arc-melted in an inert atmosphere, 
in lots of 20 grams each. 

The 7.5% vanadium-titanium alloy which was used for resistiv- 
ity experiments was prepared by Battelle Memorial Institute from 
iodide titanium furnished by Watertown Arsenal, and vanadium of 
99.8% purity. An 8 lb. ingot was prepared by arc-melting in an inert 
atmosphere with a tungsten electrode and water-cooled copper cru- 
cible. Following this, the ingots were remelted, forged and then 
rolled to half-inch square bars, which were subsequently grit blasted, 
pickled, and wire brushed. 


PROCEDURE 
Heat Treating Procedure—Solution treatments were conducted 
in high vacuum, resistance furnaces at pressures below 5 X10~>mm 
of mercury. Tempering treatments were carried out in a salt bath. 
[he specimens were not attacked by the salt in the temperature 
range studied (350—550°C) (660 to 1020°F). The quenching medium 
used in all cases was iced brine. 

X-ray Diffraction and Hardness Measurements —Specimens used 
for hardness measurements and X-ray diffraction studies were 
M4"X 4" Xe" in size. The thin section facilitated rapid cooling. 

A Geiger-counter spectrogoniometer was utilized for lattice 
parameter determinations. Because of the excessive broadness of the 
diffraction lines, intensities were scaled at regular angular intervals. 
The scaling results were evaluated by a modification of a method 
proposed by Finch (4). 

Electrical Resistance Measurements—Specimens used for elec- 
trical resistance determinations measured 144" Kl” Xl". The 
quenched specimens were suspended in a manner that allowed aging 
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in a salt bath and cooling to testing temperature without dis: 
ing the leads. The voltage drop across a constantan standa; 
ance, which corresponded to the current through the specin 
the voltage drop across the specimen were measured with t! 
potentiometer. The temperature was determined with 
constantan thermocouples at each end of the specimen. The | 
couple wires served also as potential leads in the measuring | 





Pietrokowsky & Duwez (Ref. 2) 
— -— Adenstedt etal (Ref. 3) 


—--—— Pietrokowsky & Duwez (Ref.2) 
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Fig. 1—Partial Titanium-Vanadium Diagram, Showing also 
M; as a Function of Vanadium Content. 





This method yielded reproducible results of relative resistance 
within about 0.05%, but did not lend itself to absolute resistivity 
measurements. 


RESULTS AND DISCUSSION 


The Nature of Alpha Prime—In titanium-vanadium alloys the 
high temperature, body-centered cubic beta phase, when rapidl) 
quenched, transforms martensitically into the close-packed hexag- 
onal alpha phase. The temperature at which this transformation 
begins, Ms, becomes lower with increasing vanadium content, Fig 
1 (1,2). Since no diffusion takes place during the martensitic process, 
the transformation product retains the original composition of the 
alloy. As illustrated by the equilibrium diagram in Fig. 1, this would 
lead to alpha solutions supersaturated in vanadium. 

The vanadium atom has a smaller volume than the titanium 
atom, so that the parameters of the alpha solution would be expected 
to decrease with higher vanadium content. X-ray diffraction results 
plotted in Fig. 2 illustrate that this is the case for equilibrium (0% V, 
1% V, and 2.5% V) and supersaturated alpha solutions. The “most 
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Fig, 2—Lattice Parameters of a’ Titanium as a Function of Vanadium Content. 
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Fig. 3—Hardness of Quenched Titanium Alloys as a Function 
of Vanadium Content. 


probable” lattice parameters given in Fig. 2 were determined by 
evaluation of broad diffraction lines, assuming a normal distribution 
ensities. The results summarized in Fig. 2 reveal that Vegard’s 
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Solution Treatment: 20min. at 975°C 
Brine Quench 





Relative Resistance, % 

















O 20 40 60 80 100 
Tempering Time, minutes 
Fig. 4—Relative Electrical Resistance as a Function of 


Time at Various Tempering Temperatures for a Quenched 7.5% 
Vanadium-Titanium Alloy. 


Law was followed quite closely by both the ¢ and the a parameters 
of the close-packed hexagonal lattice. In the highest alloy tested, 
i.e., 10% vanadium by weight, the @ parameter was larger than 
expected while the c parameter reached the value anticipated from 
Vegard’s Law. Except for the 10% vanadium alloy, the c/a rati 
was not affected by the alloy content. 

The effect of composition on the hardness of rapidly quenched 
titanium-vanadium alloys is demonstrated in Fig. 3. The martensi- 
tically formed alpha prime is not associated with a particularly high 
hardness level, as is the case in iron-carbon alloys. A sudden increase 
in hardness was noticeable when large amounts of metastable beta 
were retained during quenching. The beta area referred to in Fig. 3 
appeared to be untransformed beta, but X-ray diffraction revealed 
the presence of small amounts of the transition phase, omega, in the 
12.5%, 15% and 17.5% vanadium alloys. 


Kinetics of Alpha Prime Decomposition 
The kinetics of the decomposition of alpha prime were investi- 
gated for a 7.5% vanadium-titanium alloy. This alloy when brine- 
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Fig. 5—Rate Equation at Various Tempering Temperatures tor a Quenched 7.5% 
nadium-Titanium Alloy. 


quenched from the beta phase region appeared to consist entirely of 
pha prime. X-ray diffraction revealed no beta titanium lines. 
Tempering of the 7.5% vanadium alloy in the temperature 
range from 660 to 1020°F produced a drop in electrical resistivity, 
lig. 4. After sufficiently long holding times the resistivity curves 
leveled off, indicating that the tempering reaction had virtually 
come to an end. The resistivity at completion of the reaction de- 
creased with lower tempering temperatures. Thus, longer tempering 
times than indicated in Fig. 4 eventually showed that at lower tem- 
pering temperatures the curves leveled off more slowly but reached 
a lower final value of resistivity. Because of the difficulty in evaluat- 
ing final resistivity at lower temperatures, (660°F) was the minimum 
temperature investigated. X-ray parameter measurements disclosed 
that when the tempering reaction was completed the specimen con- 
sisted of high vanadium beta and alpha of composition lower than 
that of the original, untempered alpha prime phase. The composi- 
tions of the alpha and beta phases were in agreement with the 
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titanium-vanadium equilibrium diagram, Fig. 1, extrapolated 
tempering temperatures. 

In order to follow the tempering reaction quantitatively, it ya. 
necessary to correlate resistance changes with the amounts of ¢h, 
phases present. For this purpose, it was assumed that the fractio, 
of alpha prime transformed was proportional to the fractional chang, 
in resistivity. 

Employing this assumption, the rate equation 

df : 
—_ — cdi m 4 1 ‘ 
di Kl f\t : Equa 
where f=fraction transformed 
t=time 
K =rate constant (temperature dependent) 
m =constant 


can be written in the form 
dr _ ; 
de K(re 8) t™, Equation ? 
p ae 
where r=—— =relative resistivity 
Qa 
p = measured resistivity 
P,’ =initial resistivity 
r,,=relative resistivity after the tempering reaction was 
completed. 


Integration of Equation 2 between the boundary values of 
r=1 at t=0 
r=.r at t=t 


yields 
(r,—1) . K 7 aa 
log log =r) (m+1) log t+log (m+123 * Equation 3 
r~—| ' - 
A plot of log log a log t at a given temperature then should 


yield a straight line with slope m+l. That this is the case at all 
temperatures studied is illustrated in Fig. 5. 

The values of m and K for the various tempering temperatures 
are listed in Table I. The parameter m was independent of temper- 
ature while K, the rate constant, increased with temperature in the 
manner depicted in Fig. 6. 


Table I 


Values of m and K for Various Tempering Temperatures 
‘rw m K 
351 —0.62 0.0159 
401 —0.67 0.0417 
455 —0.68 0.0720 
476 —0.68 0.0995 
508 —0.67 0.1445 
521 —0.65 0.1980 
548 —0.65 0.2545 


Average m = —.66 
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[he average value of m (—0.66), Table I, was close to that 
btained by Roberts et al (—0.70) for the first stage of tempering 
{ martensite in steel (5). 

[hese authors interpret the constant m as being dependent only 
pon the geometry of the martensitic precipitate. This point of view 
‘< corroborated by the close-agreement of values of m in steel and 
‘itanium alloys, both of which possess acicular structures. 

lhe variation of the rate constant, K, with temperature can be 
lescribed by an Arrhenius-type plot, assuming that the activation 
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Fig. 6—Rate Constant, K, asa Function of Temperature for 
a Quenched 7.5% Vanadium-Titanium Alloy. 


energy for the tempering reaction is independent of temperature. 
Thus, log K plotted against T~ yields a linear relationship, Fig. 6. 
The activation energy obtained from the slope of this curve is ap- 
proximately 15,000 cal/mol. for the tempering of alpha prime 
titanium. 


SUMMARY AND CONCLUSIONS 


Lattice parameter determinations disclosed that the c param- 
eter of the hexagonal, supersaturated alpha lattice followed Vegard’s 
Law for compositions up to 10% vanadium. The a parameter varied 
linearly with composition up to about 7.5% vanadium, but deviated 
noticeably for the 10% vanadium alloy. 

(he hardness was mildly increased by supersaturation. 
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The kinetics of a’ decomposition were investigated fo 
vanadium alloy by observing electrical resistance changes. | 
relating the change in resistance with the amount of materia 
formed, it was established that the kinetics of a’ decomposit 
titanium were similar to those of the first stage of martensit 
pering in steel. 

The results further indicated that the precipitation of 
librium beta from supersaturated alpha titanium is a diffusio: 
trolled process with an activation energy for the tempering re: 
of about 15,000 cal/mol. 
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sPPROXIMATE PHASE RELATIONSHIPS IN THE 
riTANIUM-VANADIUM-ALUMINUM SYSTEM 
AT 1800 AND AT 1400°F 


By CHARLES B. JORDAN AND PoL DUWEz 


Abstract 

Isothermal sections of the phase equilibrium diagram of 
the titantum-vanadium-aluminum system have been approx- 
imately determined at 1800 and at 1400°F, which tempera- 
tures lie respectively above and below the allotropic trans- 
formation potnt of titanium at 1620°F. No phases have been 
found other than those already encountered in the three 
binary systems, and no features of unusual interest have 
appeared among the phase relationships. Aluminum has 
heen found to enter into solid solution in vanadium with an 
atomic size notably smaller than that to be expected on the 
hasis of Goldschmidt's rules. (ASM-SLA Classtfication: 
M24, T1, V, Al) 


INTRODUCTION 

HE recent active interest in the development of titanium has 

resulted in investigations of varying degrees of thoroughness, of 
. large number of binary titanium alloy systems, and of a somewhat 
smaller number of ternary titanium alloy systems (1).! Among the 
binary systems which have been worked out, that of titanium and 
aluminum is unique in that aluminum is the only metallic element 
which has been found to stabilize the alpha phase of titanium, that 
is, to raise the temperature of the alpha-beta transformation. The 
investigation of a ternary system composed of titanium, aluminum, 
and a third metal which is known to stabilize the beta phase of 
titanium therefore naturally suggests itself as a subject of research. 
Moreover, the titanium-aluminum system is one for which detailed 
results have been established by several groups of investigators 
2,3,4). Accordingly, the titanium-vanadium-aluminum system was 
chosen for the present investigation, vanadium being selected as the 
hird constituent since it is known to act as a beta-stabilizer for 
titanium (5), and because the complete titanium-vanadium system 
has been well established as being of a simple type (6,7). Isothermal 
sections at 1800 and at 1400°F were chosen because these tempera- 
tures lie about equally above and below the alpha-beta transforma- 

temperature of pure titanium (1620°F). 


lhe figures appearing in parentheses pertain to the references appended to this paper 


Of the authors, Charles B. Jordan is research engineer and Pol Duwez is 
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BINARY SYSTEMS 


The titanium-aluminum system has been most completely de 
termined by the work of Ogden, Maykuth, Finlay, and Jafice (4 
and by Bumps, Kessler, and Hansen (2). Although the phase dia 
grams proposed by these two groups are not in complete agreement. 
the phase boundaries at 1800 and at 1400°F, which are the on| 
features relevant to the present investigation, are not greatly dif. 
ferent. The locations of these phase boundaries are given in Table | 
Since the differences reported are within the degree of accuracy 








Table I 
Location of Phase Boundaries in the Titanium-Aluminum System 
Boundary Location (wt % Al) 
Ref.2 Ref. 4 

At 1800°F: 
Beta/alpha-plus-beta 4.9 4.3 
Alpha-plus-beta/alpha 6.2 5.6 
Alpha/alpha-plus-gamma 25 26 
Alpha-plus-gamma/gamma 35 33 
Gamma/gamma-plus-delta 45 46 
Delta 63 63 
Liquid-plus-delta/liquid * 90 

At 1400°F: 
Alpha/alpha-plus-gamma 24 26 
Alpha-plus-gamma/gamma 35 33 
Gamma/gamma-plus-delta 44 46 
Delta 63 63 
Liquid-plus-delta/liquid * 98 





*The investigation of Ref. 2 did not extend beyond 70 wt % aluminum. 


Table Il 
Location of Phase Boundaries in the Titanium-Vanadium System at 1400°F 
Boundary Location (wt % V) 
Ref. 6 Ref. 7 Ref. 8 
Alpha/alpha-plus-beta 2.5 1.2 0.5 


Alpha-plus-beta/beta 8.2 10.2 13 


sought in the ternary investigation, the points used on the ternary 
diagram are a compromise between the reported points. 

For the titanium-vanadium system, there are available the 
results of three groups of investigators (6,7,8). At 1800°F, the three 
results agree that titanium (beta phase) and vanadium form a con- 
tinuous series of solid solutions. At 1400°F, the differences between 
the positions reported in Refs. 6 and 7 for the phase boundaries, as 
shown in Table II, are again not significant with respect to the de- 
gree of accuracy aimed at in the determination of the ternary 
system. The results of Powers and Wilhelm (8) diverge from those 
of Refs. 6 and 7, but since Powers and Wilhelm, unlike the other 
investigators cited, did not use iodide titanium in the preparation 
of their specimens, their results have not been taken into account. 
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[he points used on the ternary are a compromise between those 
reported in Refs. 6 and 7. 

No earlier investigation of the vanadium-aluminum binary was 
vailable. The existence and structure of the phase VAI; had, how- 
ever, been reported (9), as had a determination of the solubility of 
vanadium in aluminum (10). 

In the titanium-aluminum system, the phases found at 1800°F 
ire (in the order in which they are encountered in going across the 
diagram from pure titanium to pure aluminum) beta, alpha, gamma, 
delta, and liquid. At 1400°F, the same system exists in the alpha, 
camma, delta, and liquid phases. The titanium-vanadium system 
consists entirely of beta phase at 1800°F, and of alpha and beta 
phases at 1400°F. A description of these phases is given in the 
ippendix of this report. 


EXPERIMENTAL PROCEDURE 

The metals used throughout this investigation were iodide ti- 
tanium from the New Jersey Zinc Company, 99.99% pure aluminum 
kindly furnished by the Aluminum Company of America, and 
vanadium bar from the Westinghouse Electric Corporation. The 
high purity of the vanadium is attested by the fact that bars initially 
about 144 inch thick were consistently reduced to a thickness of about 
0.010 inch by cold rolling, without any annealing. 

Ternary alloys of about 100 different compositions were pre- 
pared by weighing out suitable amounts of the constituent metals 
on an analytical balance so as to make the total weight of each 
specimen 3 grams. Each alloy was first arc melted by the technique 
of Schramm, Gordon, and Kaufmann (11), then sectioned, rough 
polished, and inspected for homogeneity. If no macroscopic in- 
homogeneity could be observed, the specimen was accepted as sat- 
isfactory; otherwise it was remelted until satisfactory. Under the 
latter circumstances it was occasionally felt necessary to make up a 
new specimen, because of the possibility that the composition might 
have altered significantly as a result of the losses caused by section- 
ing and repeated melting. 

When a sectioned as-melted specimen was accepted as having 
satisfactory homogeneity, both pieces were sealed in a silica tube 
which had been evacuated to a pressure not greater than 107% mm 
Hg, and heated at 1800°F for 1 week. Quenching from this heat 
treatment was then accomplished by dropping the sealed capsule 
into water and crushing it at once; the entire quenching operation 
required about 1 second. After removing any surface laver of oxide 
produced by quenching, one piece of the specimen was again sealed 
in an evacuated silica tube, heated for 2 weeks at 1400°F, and 
quenched as before. Powder for an X-ray diffraction pattern was 
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Fig. 1—Phases Found in Ti-V-Al System at 1800°F 





obtained from each portion of each specimen by filing or crushing, 
according to the ductility, and passing through a 200-mesh screen 
The screened powders were then sealed in thin-walled evacuate 
silica envelopes. The powder from that portion of the specimen 
which had been heated only 1 week at 1800°F was quenched afte: 
annealing for 1 minute at 1800°F, and the powder from the portion 
which had in addition been heated for 2 weeks at 1400°F was 
quenched after annealing 3 minutes at 1400°F. Annealing of the 
powders was carried out by suspending the sealed sample in a ver- 
tical furnace from which quenching was accomplished by dropping 
the sample beneath a simultaneously released brass weight, the 
weight serving to crush the silica tube on impact with a steel block 
in a vessel containing liquid argon. The powder enclosed in th 
silica tube was thus quenched very rapidly on contact with th 
liquid argon. Argon was used as the quenching medium because ol 
its inertness; other possible media (such as water or liquid air 
would have reacted with the hot titanium-alloy powder and caused 
serious contamination. The short annealing times were necessar\ 
because it was found that more prolonged heating caused serious 
evaporation from the powdered alloy. 
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Fig. 2—Phases Found in Ti-V-Al System at 1400°F 


X-ray diffraction patterns were made of all the powders thus 
prepared, using a powder camera of 14.32 cm diameter, copper 
radiation filtered through nickel foil, and a film arrangement of the 
Straumanis type. In addition, metallographic examinations of about 
60 of the alloys were made after both the 1800 and the 1400°F heat 
treatment. 

The nominal compositions of the alloys prepared are shown in 
Figs. 1 and 2. No further analysis of the specimens was made, either 
after arc melting or after powdering. Checks on a few samples indi- 
cated that the relative weight loss on melting was less than 1%. 

Since both of the temperatures at which this investigation was 
carried out lie above the melting point of aluminum (1220°F), a 
liquid phase is encountered near the aluminum corner of the dia- 
gram. In order to avoid the presence of such a molten phase, the 

luminum-rich portion of the diagram was omitted, the straight 
line from VAI; to TiAl; being taken as a convenient boundary. 


RESULTS 
The phases found in the various alloys are shown in Figs. 1 and 
ind phase boundaries based on these results, the previously estab- 
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Fig. 3—Approximate Phase Boundaries in Ti-V-Al System at 1800° 


lished binary diagrams, and the requirements of thermodynamics 
(12) are shown in Figs. 3 and 4. Since a precise location of the various 
features of the phase equilibria was not the aim of this investigation, 
the resulting diagrams should not be considered as more than tenta- 
tive in detail. 

The general nature of the diagrams is found to be quite similar 
at 1800 and at 1400°F. In fact, the only difference, except for a shift 
in position of the phase boundaries, is that caused by the allotropic 
transformation of titanium: at 1800°F, the beta phase is contiguous 
to the entire titanium-vanadium boundary, whereas at 1400°F the 
titanium vertex must of course be contiguous to the alpha-phase 
region. Correspondingly, the alpha-plus-beta region is adjacent to 
the outside boundary of the diagram on the titanium-aluminum edge 
at 1800°F, and on the titanium-vanadium edge at 1400°F. Aside 
from this difference, the same one-phase, two-phase, and three- 
phase fields are found at both temperatures. 

No intermediate phases are encountered in the ternary system 
other than those already known from the component binary systems. 
The compound TiAl; forms a continuous series of solid solutions 
with the compound VAI;, and the phase thus formed is that desig- 
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Fig. 4—Approximate Phase Boundaries in Ti-V-Al System at 1400°F 


nated as the delta phase in the ternary system. (This series of solid 
solutions was the closest approach made to the aluminum corner of 
the diagram, as mentioned in the preceding section of this report.) 
The other single-phase regions of the ternary are simply extensions 
of the solid solutions found in the binary systems. 

A feature of some interest is encountered in the vanadium- 
aluminum binary: aluminum enters into solid solution in vanadium 
with an atomic diameter much smaller than that with which it 
crystallizes as pure aluminum. According to Vegard’s Law (13), it 
would be expected that the lattice parameters of solid solutions of 
aluminum in vanadium should, when plotted against atomic per- 
centage of aluminum, lie on a straight line from the parameter of 
pure vanadium to the parameter which pure aluminum would have 
if crystallized in a body-centered cubic structure isomorphous with 
vanadium. In this investigation, however, it was found that although 
the lattice parameters of solutions of aluminum in vanadium lie on 
a straight line, this line does not extrapolate to the expected value 
at 100% aluminum, but rather to a markedly smaller value. The 
numerical results are given in Table III, together with similar results 
which have been reported by other investigators on the size of the 
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Table III 


Size of the Aluminum Atom in Various Solid Solutions 
Solute metal Reference Lattice parameter (A) Atomic D 
In Al In A2 In CN 12 
structure structure 

Pure aluminum 18 4.049 3.207 2.863 
Vanadium this report 3.927 3.113 2.777 60¢ 
Iron 19 3.806 3.019 2.692 61 
Chromium 20 3.915 3.104 s 2.769 GRR 
Gold 21 3.938 3.119 2.784 (K 


Underlined values of parameters have been taken directly from experimental data; di 
related CN were then calculated from these. Diameters in other CN were calculated | 
Goldschmidt 3% correction, and parameter in other structure type was calculated f: 
diameter. 
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Fig. 5—Lattice Parameters of Solid Solutions of Aluminum in 
Vanadium 
aluminum atom in solid solution with elements other than vana 
dium. Parameters taken from the reports of other workers have bee: 
extrapolated to 100° aluminum and converted from kx to A units 
lor convenient comparison, diameters are tabulated both for CN 
(coordination number) 12 and for CN 8, one value having been com 
puted from the extrapolated parameter, and the other value by 
applying the Goldschmidt (14) 3% contraction in going from CN 12 
to CN 8. All reported values have been rounded to four significant 
figures. The parameters of the solutions of aluminum in vanadium 
were obtained by the extrapolation method of Nelson and Riley (15 
applied to the X-ray patterns of the specimens which had been heat 
treated for 1 week at 1800°F subsequent to arc melting. A plot ol 
these parameters vs. composition is shown in Fig. 5. (The 1800°I 
results were chosen because they exhibited better quantitative con- 
sistency than those measured directly after arc melting or after 2 
weeks heat treatment at 1400°F; the qualitative results are, how- 
ever, clearly similar in all three cases.) A discussion of the question 
of atomic diameters in crystals, with particular reference to alu- 
minum, is given in Ref. 16. 
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Sources of Error 

[he approximate nature of the proposed phase diagrams is 
brought out by consideration of the possible errors introduced by 
the experimental procedure followed. 

First, there is the error introduced by basing the results on 
nominal compositions, which amounts to assuming that composition 
changes caused by weight losses in arc melting are negligible, and 
that the compositions of the powders used for X-ray diffraction are 
essentially the same as those of the original specimens. Since the 
total weight loss on arc melting was found to be under 1% (as men- 
tioned under “‘Experimental Procedure’’), any change in composition 
due to this cause is probably negligible compared to the other sources 
of error. There are, however, several ways (which are in practise 
very difficult or impossible to control) in which significant variations 
of composition may be introduced in the preparation of the powder 
sample finally used for X-ray diffraction (17). Unfortunately, the 
only method of avoiding such errors is to make a precise chemical 
analysis of every powder sample. Such a procedure clearly involves 
, heavy expenditure of effort which was not felt to be justified for 
the type of exploratory investigation carried out in the present work. 

Second, there is the possibility of quenching error; that is, that 
the quenching either was not sufficiently rapid to retain the high 
temperature state of the alloy, or that the quenched alloy underwent 
a change of structure at room temperature. Aside from the well- 
known transformation of beta phase to alpha phase in titanium-rich 
alloys, however, no evidence was found that such phase transitions 
had occurred in the present work. (The beta-to-alpha transforma- 
tion is readily detected by metallographic examination.) Again, the 
only way of strictly eliminating such a possible error is one which 
involves considerable experimental difficulty, namely by taking the 
X-ray patterns in a high temperature camera. 

Third, there are the inaccuracies arising from the fact that the 
X-ray patterns were often blurred to such an extent as to make their 
interpretation difficult. Thus, a phase actually present in an X-rayed 
sample may have escaped detection. In this connection, it must also 
be remembered that X-ray diffraction is inherently insensitive, and 
even in favorable circumstances (i.e. when sharp clear patterns are 
obtained) may fail to reveal minor constituents. Because of these 
possibilities, it is quite justifiable to include a few points on the 
ternary diagram in a two-phase field when only one phase was de- 
tected, or in a three-phase field when only two phases were detected, 
if such an inclusion is indicated in order to obtain consistency with 
the large majority of the data. It will be noted from a comparison of 
igs. 1 and 2 with Figs. 3 and 4 that the phase boundaries have been 

wn so as to attribute to several specimens a greater number of 
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phases than were actually detected, in accordance with th 
going reasoning. 

Finally, it can be seen from Figs. 1 and 2 that the distri} 
of the compositions investigated is such as to limit the accurac 
which the boundaries of the various regions of the diagram can } 
drawn. This spacing of the alloy compositions is of course again 
reflection of the limitations set upon the degree of accuracy 
which it was desired to carry out this investigation. 


a 


vith 


APPENDIX 


Description of Phases Found 1n the Titanium-Vanadium-Aluminum 
System 

1. The Alpha Phase 

This phase is isomorphous with the low-temperature (beloy 
1620°F) phase of titanium. It has the A3 or close-packed hexagonal 
structure with 2 atoms per unit cell, one at 000; the other at %, %, 
14. For pure titanium, the lattice constants are a=2.953 kx, c= 
4.729 kx. 
2. The Beta Phase 

This phase is isomorphous with pure vanadium and with the 
high temperature (above 1620°F) form of titanium. It has the A2 or 
body-centered cubic structure with 2 atoms per unit cell, one at 000; 


the other at 4%. For pure vanadium, the lattice constant is 
a = 3.034 kx; for pure beta-titanium, a=3.32 kx at 1652°F. 
3. The Gamma Phase 

This phase exists over an extended range of composition in the 
titanium-aluminum system; in the titanium-vanadium-aluminum 
ternary, the binary gamma phase is able to dissolve a certain amount 
of vanadium, and thus to exist over an extended area of the ternary 
diagram. In the titanium-aluminum binary, the ideal composition 
of the gamma phase is TiAl, which has the tetragonal structure of 
ordered AuCu, with titanium atoms at 000 and 440, and aluminum 
atoms at 04% and 40% (3). At the ideal TiAl composition, the 
unit cell dimensions are a= 3.997 kx, c=4.063 kx. 


4. The Delta Phase 


This phase is found in the vanadium-aluminum system at the 
composition VAl;, and in the titanium-aluminum system at the 
composition TiAl;. In both of these binary systems, the delta phase 
appears to have a sharply defined composition, in contrast with the 
variable composition found in the gamma phase. In the ternary in- 
vestigation, VAI; and TiAl; were found, as expected, to form a con- 
tinuous series of solid solutions. 
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fhe delta phase may be described (Ref. 9) on the basis of a 
bhodv-centered tetragonal lattice with unit cell dimensions for TiAl, 
of a=3.84 kx, c=8.58 kx, and for VAI; of a=3.77 kx, c=8.31 kx. 
fhe titanium (or vanadium) atoms are at 000 and 414%; the alu- 
minum atoms are at 004%; 440; 0444; 4%, 0, 34; 40%; and 0, 


4 34. 
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DISCUSSION 
Written Discussion: By W. Rostoker, Armour Research Foundat 
Illinois Institute of Technology, Chicago. 








A paper appeared last year on the binary vanadium-aluminum system 
which it is stated that an intermediate phase occurs at 56% V having the structur 
of gamma brass. Since the present authors do not indicate such a phase field 
Figs. 3 and 4, may we assume that they found no evidence for its existence? 

Would the authors have sufficient lattice parameter data to indicate th 
directions of the tie-lines in the (a+) phase fields at the two temperatur 
This information would be of considerable value in interpreting heat treatment 
response of some of the newer titanium alloys. 


Authors’ Reply 


The paper by O. N. Carlson, D. J. Kenney and H. A. Wilhelm menti 
by Dr. Rostoker appeared after our study of the ternary Ti-V-Al system was 
completed. Although we did not find a phase around 56% V in the Al-V systen 
we cannot claim that this phase does not exist, and additional work seems to b 
necessary to settle the question. 

Concerning the question of the tie-lines in the alpha+beta field, we fe 
that the number of alloys prepared for this preliminary investigation was 1 
large enough to obtain lattice parameter tie-lines with a sufficient degree of a: 
curacy. 


20. N. Carlson, D. J. Kenney, and H. A. Wilhelm, “The Aluminum-Vanadium Syst 
TRANSACTIONS, American Society for Metals, Vol. 47, 1955, p. 520. 







































ELEVATED TEMPERATURE STRENGTH OF 
SELECTED ZIRCONIUM-BASE ALLOYS 


By R. J. VAN THYNE AND D. J]. MCPHERSON 


Abstract 

Zirconium-base alloys with high strength properties at 
650 and 800°C (1200 and /470°F) were investigated. Ten- 
sile data for the wrought, arc-melted alloys were obtained at 
room temperature, 650 and 800°C (1200 and /1470°F). At 
the elevated temperatures the test specimens were protected 
from air contamination by a helium atmosphere. Alloys 
containing aluminum and/or tin appeared superior. Pre- 
liminary Zr-Ta phase relationships, unknown at the ini- 
tiation of this program, were investigated. Apparently the 
system ts of the eutectoid type. (ASM-SLA Classification: 
O23, Zr) 


NALLOYED zirconium is known to possess poor strength at 
elevated temperatures. An investigation was initiated! to 
develop zirconium-base alloys with improved strength properties at 
"650 and 800°C (1200 and 1470°F) and reasonable ductility at room 
temperature. Tensile testing was the only criterion employed for 
this initial survey. 

A limited amount of work has been expended on the develop- 
ment of zirconium-base alloys for elevated temperature use. In the 
present investigation the alloy additions were generally the metallic 
elements which stabilize alpha-zirconium. Alloys of this type may be 
expected to possess optimum high temperature properties similar to 
titanium-base alloys. The compositions reported in this paper are in 
weight percent. 


EXPERIMENTAL PROCEDURE 


Preparation of Alloys 
High purity zirconium crystal bar (Grade I) was used in pre- 
paring the alloys. Commercial grade alloy additions were employed; 
nominal purity of the metals is shown in Table I. Zirconium-base 
“pancake”’ ingots weighing 250 grams were melted in a nonconsum- 
able tungsten electrode arc furnace. The techniques were similar to 
those reported previously(1,2).2 Melting conditions were non-con- 


i 


iis work was performed under the auspices of the Argonne National Laboratory and the 
Energy Commission. 
he figures appearing in parentheses pertain to the references appended to this paper. 


4 the authors, R. J. Van Thyne is associate metallurgist and D. J. McPher 
supervisor of Nonferrous Metals Research, Armour Research Foundation of 
is Institute of Technology, Chicago. Manuscript received April 13, 1955. 
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Table I 





Alloying Additions 
Metal Form Supplier Nominal Purit 
Zirconium Crystal Bar (Obtained from Argonne 99.8 (Gr 
National Laboratory) 
Titanium Sponge E. I. DuPont de Nemours & Co 99.7+ (124 
Aluminum Sheet Aluminum Co. of America 99 
Tin Hemispherical Vulcan Detinning Co. 99.99 
Ingots 
Tantalum Sheet Fansteel Metallurgical Corp. 99.9 
Chromium Electrolytic Bureau of Mines 99 3 
Plate 


taminating as proved by the fact that no measurable hardness j 
crease was obtained upon remelting control buttons of unalloye« 
metal. Each ingot was inverted without opening the furnace and re- 
melted a number of times to insure homogeneity. The alloy charges 
and resultant ingots were weighed. Only small losses were observed. 
indicating that the actual compositions must follow the nomina| 
compositions very closely. Chemical analyses were obtained for 
few alloys containing aluminum and tin, since these appear to offer 
promise, and are presented in Table Il. The analyses compare wel! 
with the nominal compositions. 








Table Il 

Analysis of Selected Zirconium-Base Alloys 
Nominal Composition Chemical Analysis 
wt. % Al wt. % Sn wt. % Al wt. % Sn 

1.5 7 1.32 6.79 

2 7 2.18 6.82, 6.75 

1.5 10 1.39 _ 

2 10 2.25 9.79 

0 10 9.81 

3 


0 2.96 — 


Forging Practice 

A drop forge was used for fabrication and the ingots were 
heated in a gas fired furnace; heating time was always held to a 
minimum. The zirconium-base “‘pancake”’ ingots were approximatel\ 
¥g inch thick by 2% inch in diameter. In forging, these ingots 
were extended in a direction parallel with the flat surfaces. Because 
of the poor geometry, the forging temperatures reported in Tabl 
III are probably higher than those which would be required to forge 
larger ingots of favorable geometry. The preheat temperatures 
varied from 1040 to 1400°C (1900 to 2550°F) which, for many al- 
loys, represent temperatures appreciably above the 8/a + 6$ 
transus. 

With the exception of Zr-Sn alloys, heavy scaling was encoun- 
tered for the zirconium-base compositions. Early in the program it 
was found that finish forging in swaging dies formed deep seams 1” 
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Table III 
Forging Conditions for Zirconium-Base Alloys 
\lloy Approximate Forging Temperatures 
wt. % (°F) (°C) Comparative Forging Scale 
1950 1065 medium 
Zr-2 Al 2100 1150 heavy 
71-3 Al 2150 1175 very heavy 
4 Al 2200 1205 very heavy 
71-5 Al 2250 1230 very heavy 
Zr-5 Ti 2100 1150 medium 
7r-10 7 2300 1260 medium 
71-15 Ti 2300 1260 medium 
Zr-25 Ti 2300 1260 heavy 
Zr-45 Ti 2300 1260 heavy 
Zr-5 Ta 2100 1150 medium 
Zr-10 Ta 2250 1230 medium 
Zr-15 Ta 2250 1230 heavy 
Zr-20 Ta 2350 1290 heavy 
Zr-3 Sn 1900 1040 light 
Zr-7 Sn 2150 1175 light 
Zr-10 Sn 2150 1175 light 
Zr-1.5 Al-3 Sn 2150 1175 heavy 
Zr-1.5 Al-7 Sn 2350 1260 heavy 
Zr-1.5 Al-10 Sn 2300 1260 heavy 
Zr-2 Al-3 Sn 2200 1205 heavy 
Zr-2 Al-7 Sn 2300 1260 heavy 
Zr-2 Al-10 Sn 2300 1260 heavy 
Zr-2.5 Al-3 Sn 2250 1230 heavy 
Zr-3 Al-3 Sn 2350 1290 heavy 
Zr-5 Ti-3 Sn 2400 1315 very heavy 
Zr-5 Ti-7 Sn 2350 1290 heavy 
Zr-5 Ti-10 Sn 2400 1315 medium 
Zr-5 Ti-15 Sn 2550 1400 medium 
Zr-5 Ti-2 Al 2500 1370 very heavy 
Zr-5 Ti-3 Al 2500 1370 very heavy 
Zr-5 Ti-3 Sn-1 Al 2400 1315 very heavy 
Zr-§ Ti-3 Cr 2400 1315 heavy 
Zr-5 Ti-5 Ta 2400 1315 heavy 
Zr-3 Sn-2 Mo 2250 1230 light 
Zr-3 Sn-3 Cr 2300 1260 light 
Zr-3 Sn-3 Ta 2200 1205 heavy 


the surface. Therefore, the remainder of the alloys were forged only 
in open dies and better surface finish resulted. Finished rod size was 
l4 or %¥g inch diameter. The forging characteristics of the ternary 
alloys could generally be anticipated from the binary data. 


Testing Procedures 


Standard tensile specimens with a gage section of 0.252 inch 
diameter and 1 inch length were machined from the forged rods. 
The only machining difficulties were encountered with the Zr-20% 
Ta alloy. Annealing treatments were performed in precision-con- 
trolled furnaces with the samples sealed in Vycor bulbs. 

A Baldwin-Southwark tensile machine of 60,000-pound capac- 
ity was used. For both room and elevated temperature testing, a 
Baldwin-Lima-Hamilton elevated temperature, separable micro- 
former extensometer was employed. A temperature-controlled Ni- 
chrome-wound furnace was used for the elevated temperature tests. 
l(emperature measurements were made by means of thermocouples 
attached to the shoulders of the specimens. Testing was initiated 
hen a constant temperature had been achieved. Test specimens 
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were protected from contamination by sealing the furnace su 
ing the test bar and maintaining a positive pressure of he! 
limited amount of contamination occurred; however, microh 
data obtained on the cross section of a few tensile bars after 
indicated that contamination was slight and should not affect 4 
results. 





With the testing conditions employed, a strain rate of approy 
mately 0.0035 in/in/min. through the elastic portion of the stress 
strain curve resulted. Single samples were generally used so that th, 
greatest number of compositions might be tested. However. th, 
single test results appear to be reasonably accurate since consisten 
trends may be noted in the alloy systems. 





DISCUSSION OF RESULTS 
Annealing Treatments 

The zirconium-base alloys were tested after a simple heat treat 
ment consisting of an anneal at the test temperature. Previous ex 
perience with titanium-base alloys has shown that, with a duplex 
annealing treatment, appreciable room temperature ductility may 
be obtained for certain alloys that are brittle with a simple anneal! 
Thus, in the present work an alloy that may at first be discarded 
because of poor room temperature ductility may actually be accept 
able with a complex heat treatment. This project did not involv 
study of the effects of heat treatment on the properties of zirconiun 
base alloys. 

Tenstle Data 

Little information is available in the unclassified literature on 
the development of zirconium-base alloys for use at 650 to 800° 
(1200 to 1470°F). Strength properties have been investigated at 
temperatures up to 500°C (930°F) in unpublished work (3). Data 
obtained at 980 to 1205°C (1800 to 2200°F) were presented in a 
recent contribution in which the alloy additions were beta-stabiliz- 
ing (4). It is the premise of the present work that alpha alloys will 
possess the best high temperature properties for the same reasons 
that this is true with titanium-base alloys. Previous work with 
carbon-bearing zirconium-base alloys showed this to be true (5,6 

The first alloys studied were binary compositions chosen on the 
basis of phase relationships and previous work. The alloy systems 
selected were those with large solubility of the solute element in 
alpha zirconium. Although the phase relationships of the Zr-Ta sys- 
tem were not known, the alloys were investigated because of pre- 
vious data and the possibility of extensive solubility in the alpha 
phase. Alloys were produced containing up to 5% aluminum, 45°; 
titanium, 20% tantalum, and 10% tin. The phase diagrams for the 
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Table IV 
Tensile Data at Room Temperature for Zirconium-Base Alloys 
,nnealed at 650°C (1200°F) for 2 days and water quenched unless otherwise designated 


Tensile Vield Modulus « 
Alloy Strength Strength Elasticity Elonga R.A, 
vt. J (psi) (psi) psi x 10~6) tion (%) “A 
38,400 72,000 12* 42 58 
rr-? Al 92,600 $2,000 13 16 22 
7Z7r-3 Al 112,000 99,000 14 10 26 
r-4 Al 124,600 107,000 13 6 13 
7Z7r-5 Al 128,800 114.000 16 2* 5* 
Zs. Ti 52,200 33,000 9.5 42 
Zr-10 Ti 62,800 44,000 10.5 18 $/ 
7r-15 Ti 89,200 60,000 10.5 12 26 
Zr-25 Ti 122,400 104,000 12 6 10 
Z7r-45 Ti 143,600 122,000 11 6 3 
Zr-5 Ta 87,000 67,000 13 12 37 
Zr-10 Ta 128,600 106,000 13.5 2 8 
Zr-15 Ta 118,200 92,000* 13 2 4 
Zr-3 Sn 55,400 40,000 $3.5 32 53 
Zr-7 Sn 76,000 65,000 13.5 24 12 
Zr-10 Sn 95,000 75,000* 12 19 25 
Zr-1.5 Al-3 Sn 91,000 72,000 11 20 31 
Zr-1.5 Al-7 Sn 96,000 
Zr-2 Al-3 Sn 103,000 88,000 15 16 31 
Zr-2 Al-7 Sn > 100,000 
Zr-2 Al-10 Sn 105,800 86,000 15 3 7 
Zr-2.5 Al-3 Sn 110,400 92,000 13 14 30 
Zr-3 Al-3 Sn 127,200 106,000 15 10 26 
Zr-5 Ti-3 Sn 64,000 47,000 12 18 34 
Zr-5 Ti-7 Sn 92,000 77,000 12 12 27 
Zr-5 Ti-10 Sn 117,200 103,000 12 4 9 
Zr-5 Ti-2 Al 100,400 81,000 Q* 19 29 
Zr-5 Ti-3 Al 123,000 108,000 13 4 9 
Zr-5 Ti-3 Sn-1 Al 112,000 97,000 13 10 35 
Zr-5 Ti-3 Cr >93,000 84,000 14 
Zr-5 Ti-5 Ta 77,000 64,000 12 8 17 
Zr-3 Sn-2 Mo 81,200 60,000 13 14 »4 
Zr-3 Sn-3 Cr 90,800 62,000 15 4 7 
Zr-3 Sn-3 Ta 69,200 26 38 


‘Difficulties with the test but data considered valid 
+Annealed 500°C (930°F) for 3 days and water-quenched. 


/r-Al, Zr-Ti and Zr-Sn systems have been published (7,8,9). In the 
choice of alloys, an attempt was made to preserve about 10% room 
temperature tensile elongation. No emphasis was placed on oxida- 
tion resistance. 

Upon completion of tensile testing of the binary alloys at room 
temperature, 650 and 800°C (1200 and 1470°F), the data were eval- 
uated and promising ternary and quaternary alloys were prepared 
ind tested. The alloys may not necessarily represent the optima but 
were “‘educated”’ selections made within the time limit of the re- 
search project. The tensile data are presented in Tables IV to VI. 
\ll alloys were given a simple annealing treatment. Although the 
properties are generally lower than for titanium-base alloys, the 
tensile results of the zirconium-base alloys are surprisingly good for 
such high temperatures. 

[t is evident from Table IV that to retain 10°% tensile elonga- 
ion at room temperature with the indicated annealing treatment, 
the maximum binary alloy addition is about 3% aluminum, 15% 
nium, 5% tantalum, or an amount somewhat greater than 10% 
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. Table V ; 
Fensile Data at 650°C (1200°F) for Zirconium-Base Alloys 
(Annealed at 650°C (1200°F) for 2 days and water-quenched) 








Tensile Yield Modulus of 
Alloy Strength Strength Elasticity Elonga- 
(wt. %) (psi) (psi) (psi x 1076) tion 
Zr 5,800 4,700 4 60 
Stainless Steel 51,200 41,000 22 46 
(Type 347) 
Zr-2 Al 36,800 28,400 7 57 
35,800 30,000 7 58 a 
Zr-3 Al 52,000 34,000 7 32 “ 
51,600 34,000 8 49 
Zr-4 Al 56,000 36,000 6.5 58 
Zr-5 Al 52,400 31,000 6.5 72 
Zr-5 Ti 24,200 60 
Zr-5 Ti 19,700 17,400 4.5 90 ox 
Zr-10 Ti 26,800 16,600 5.5 44 ) 
Zr-15 Ti 18,400 16,000 3 78 or 
Zr-15 Ti 17,100 13,600 2 170 
Zr-25 Ti 4,400 4,000 4 >300 
Zr-45 Ti 4,200 3,200 25 >300 9) 
Zr-5 Ta 24,800 22,400 6.5 34 99 
Zr-10 Ta 30,600 27,200* 33 yg 
Zr-15 Ta 39,000 36,000 8 17 en 
Zr-20 Ta 36,400 25,000 5.5 34 0) 
Zr-3 Sn 19,600 17,800 io 46 Re 
Zr-7 Sn 34,200 29,600 9.5 44 86 
Zr-10 Sn 47,800 36,000 9.5 33 60 
Zr-1.5 Al-3 Sn 50,000 39,000 9 58 90 
Zr-1.5 Al-7 Sn 62,600 48,000 7 44 60 
Zr-1.5 Al-10 Sn 48,000 36,000 35 ss 
Zr-2 Al-3 Sn 50,000 36,000 35 Q? 
Zr-2 Al-7 Sn 68,000 50,000 8 19 1() 
Zr-2 Al-10 Sn 48,000 38,000 7 14 13 
Zr-2.5 Al-3 Sn 59,200 38,000 8 28 
Zr-3 Al-3 Sn 61,400 42,000 7 17 
Zr-5 Ti-3 Sn 22,500 20,400 6 52 ) 
Zr-5 Ti-7 Sn 37,900 34,000 45 50 RR 
Zr-5 Ti-10 Sn 47,400 34,800 5 82 3 
Zr-5 Ti-15 Sn 38,200 30,000 5 96 ) 
Zr-5 Ti-2 Al 40,000 38,000 6 65 ”) 
Zr-5 Ti-3 Al 30,400 24,000 3.5 102 ) 
Zr-5 Ti-3 Sn-1 Al 37,700 36,400 6 
Zr-§ Ti-3 Cr 30,800 20,000 1.5 46 9 
Zr-5 Ti-5 Ta 23,600 20,000 64 99 
Zr-3 Sn-2 Mo 27,600 22,000 7 30 99 
Zr-3 Sn-3 Cr 32,000 24,000* 5 ) 
Zr-3 Sn-3 Ta 32,000 26,000 6.5 18 8 


*Difficulties with the test but data considered valid. 


tin. The tensile elongation values for the ternary alloys are essen 
tially as anticipated from the binary information. 

The properties at 650°C (1200°F), illustrated in Table V, may 
be compared to those for unalloyed zirconium and type 347 stainless 
steel, which are included in the table. For example, the Zr-3% Al-3% 
Sn alloy possesses tensile properties similar to type 347 stainless 
steel and is better than unalloyed zirconium by a factor of approx- 
imately ten. Because of the promising properties, duplicate tests 
were run on the binary 2 and 3% aluminum compositions and these 
check quite well. 

At 650°C (1200°F) the alloys containing 25 and 45% titanium 
are weak because the structure is all beta at this temperature. How- 
ever, at temperatures up to 500°C (930°F), the alloys would have 
an alpha structure and be appreciably stronger. For example, a 
tensile strength of 64,600 psi and a yield strength of 54,000 psi were 
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Table VI 
Tensile Data at 800°C (1470°F) for Zirconium-Base Alloys 
(Annealed at 800°C (1470°F) for | day and water-quenched) 


Tensile Yield Modulus of Elon- 
y Strength Strength Elasticity gation R.A. 
r) (psi) (psi) (psi X 107) (%) (‘%o) 
18,000 62 99 
15,800 13,200 5 99 
3 A 25,100 19,600 3 55* 91 
int 9 3,900 2,800 3 98 
7-10 1 3,400 250 99 
75 7 7,700 4,800 3.5 48 95 
107 3,500 2,600 4* 50 93 
15 7 4,800 3,200 3.5* 77 99 
. 7,600 6,400 4 97 
S 18,000 15,800 4 70 83 
10S 27,700 24,000 4.5 74 94 
15 Al-3 Sn 23,500 21,600 6 188 84 
1.5 Al-7 Sn 24,200 19,200* 5.5 77 99 
r-1.5 Al-10 Sn 24,400 20,600 5 200 98 
» Aj-3 Sn 19,500 16,400 5 108 99 
r-2 Al-7 Sn 21,200 16,400 3.5 54 99 
Zr-2 Al-10 Sn 17,100 16,400 3 92 99 

1r-§ Ti-3 Sn-1 Al 12,200 9,200 3.5 


«Difficulties with the test but data considered valid 


obtained at 500°C (930°F) for the Zr-25% Ti composition. Tensile 
elongations of 6% were obtained for the two Zr-Ti alloys at room 
temperature. 

Additions of 5% titanium or 3% tin increased strength prop- 
erties without greatly decreasing room temperature ductility values. 
For this reason these binary alloys were taken as a base for the prep- 
aration of ternary alloys containing molybdenum, chromium and 
tantalum. The quaternary, Zr-5% Ti-3% Sn-1% Al, alloy was also 
made. However, it can be seen from the tables that these composi- 
tions do not offer special promise. In general, zirconium-base alloys 
containing aluminum and/or tin appear to have maximum strength 
properties. 

Data obtained at 800°C (1470°F) are presented in Table VI. 
The binary alloys containing titanium and tantalum are weak. At 
this temperature, the 5% titanium composition is apparently located 
in the beta field. Similar to the results at 650°C (1200°F), the zir- 
conium-base alloys containing aluminum and/or tin appear best. 


Zr-Ta Phase Relationships 


Tantalum was chosen as one of the original binary additions to 
zirconium because the possibility of extensive solubility in the alpha 
phase existed. However, no phase diagram had been determined. 
Therefore, samples of forged bars (5,10,15,20% tantalum) were an- 
nealed at 600, 800 and 1000°C (1110, 1470, 1830°F) for 3, 2 and 1 
days, respectively. The resulting metallographic data eliminate the 
possibility of extensive solubility of tantalum in alpha zirconium. 

The tentative phase relationships obtained are as follows: the 
beta phase decomposes eutectoidally and the eutectoid point is 
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located between 800 and 865°C (1470 and 1590°F) and between ¢ 
and 10° tantalum. Eutectoid decomposition was observed 

ples annealed at 800°C (1470°F) for 2 days. The maximum solibjlj;, 
in the alpha phase is less than 5% tantalum. These phase r 
ships account for the low ductility values obtained for alloy 
taining more than 5% tantalum. 


C101 


(jT 


SUMMARY 

The tensile properties of zirconium-base alloys were invest; 
gated at room temperature, 650 and 800°C (1200 and 1470° 
Tensile testing was carried out under a helium atmosphere at th 
elevated temperatures. The first phase was the preparation an 
testing of binary alloys containing up to 5% aluminum, 45° ti. 
tanium, 20% tantalum and 10% tin. The alloy additions were con- 
fined to those believed to be alpha stabilizers. All alloys were success. 
fully forged, although rather heavy scaling was observed for al 
compositions except those containing tin. After results on the aboy: 
alloys were obtained, ternary and quaternary, compositions were 
designed. An attempt was made to retain approximately 10% roon 
temperature tensile elongation. 

The tensile data obtained are promising in that the strength of 
zirconium at 650°C (1200°F) was increased tenfold by alloying to a 
strength level similar to Type 347 stainless steel. Information is pre- 
sented for a number of alloys. The optimum additions to zirconium 
for elevated temperature strength appear to be aluminum and/or 
tin. The data presented are based on a simple annealing treatment. 

The phase diagram of the Zr-Ta system was unknown. As tan- 
talum was one of the original binary additions, the phase relation- 
ships were surveyed. From the limited findings, the following tenta 
tive phase relationships were determined: the transformation tem 
perature of zirconium is lowered by tantalum additions resulting in 
a eutectoid between 865 and 800°C (1590 and 1470°F) and between 
5 and 10% tantalum. The poor ductility values observed for th 
Zr-Ta alloys may be explained by the above findings. 
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DISCUSSION 


Written Discussion: By A. H. Roberson, chief, Branch of Process Metal- 
lurgy, United States Department of the Interior, Bureau of Mines, Albany, 
Oregon. 

[he authors are to be commended for an interesting and informative paper. 

\ question is raised regarding the advisability of heating the alloys in a gas 
fired furnace, apparently without protection, prior to forging. 

[he writer and his co-workers have shown? * that when zirconium is heated 
ibove the B/a +B transus in air or several gases the surface attack becomes serious. 
his is especially true in the case of Zr+50 (atomic) or 35 (weight) Ti alloys. 
his alloy has been used as an efficient getter for oxygen, nitrogen, and water 
vapor at the Bureau of Mines laboratory in Albany, Oregon 

In contrast to air heating prior to forging, the authors were careful to mini 
mize the exposure to air during tensile testing at lower temperatures, which seems 
rather inconsistent. 

fensile properties for Zr-Ti alloys annealed at 650°C (1200°F) and water- 

enched‘ agree closely with those obtained by Bureau of Mines investigations 
when similar compositions were annealed at 950°C (1740°F) water-quenched and 


tested at room temperature. 


Authors’ Reply 


As described in the discussion by A. H. Roberson, surface attack certainly 
loes occur during forging in air. However, this contaminated surface was com- 


% inch 


pletely removed by machining, since the forged rod diameter was % or 
the tensile gage section was 0.252 inches in diameter. It would not seem incon- 
sistent to protect the finished test specimen during testing since contamination 


idversely affect the results. 
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PROGRESS IN THE DEVELOPMENT OF 
CREEP-RESISTANT ZIRCONIUM ALLOYS 


By W. CHUBB 





Abstract 


The development of creep-resistant zirconium alloys is 
described. The mechanical properties of binary alloys in 
selected alloy systems have been measured at room tempera 
ture, 260°C (500°F), and 500°C (930°F). On the basis oj 
these results, ternary alloys in the zirconium-tin-aluminum, 
zircontum-tin-molybdenum, zirconium-tin-niobium, zirco 
nium-aluminum-molybdenum, and zirconitum-aluminum- 
niobium systems were prepared and tested. Alloys of the type 
zirconitum-tin-molybdenum and ztrcontum-aluminum-nio- 
bium have been called ‘‘peritectoid-eutectoid hybrids.”’ Alloys 
of this type are relatively easy to fabricate, exhibit good 
strength and ductility at room temperature, and show prom- 
ise for the development of creep-resistant alloys at 500°C 
(930° F). (ASM-SLA Classification: Q3, Q general, Zr) 





HE HISTORY of zirconium alloys dates from 1949 when the 

U.S. Bureau of Mines published the results of a survey of zir- 
conium alloys (1).! Since that time, detailed information with respect 
to more than 25 zirconium binary constitutional diagrams has been 
published. The most important of these are the zirconium-aluminum 
(2), zirconium-chromium (3,4), zirconium-molybdenum (5), zirco- 
nium-niobium (6), zirconium-tin (7), zirconium-titanium (8), and 
zirconium-vanadium (9) systems. These constitutional diagrams are 
important in the sense that the higher strength alloys of zirconium 
are to be found in these systems, and that the useful, high-strength 
alloys of zirconium probably will contain one or more of these 
elements as alloying additions. 

Since 1949, intensive efforts have been made to develop high 
strength alloys of zirconium. Representative portions of the results 
have appeared in the literature (10,11,12,13). In general, the de- 
velopment of zirconium alloys has paralleled the development o! 
titanium alloys; the similarities between titanium and zirconium 
base alloys are more striking than the differences. 





'The figures appearing in parentheses pertain to the references appended to this paper 


Work performed under AEC Contract W-7405-eng-92. 





A paper presented before the Thirty-Seventh Annual Convention of th 
Society, held in Philadelphia, October 17—21, 1955. The author, W. Chubb, !s 
associated with Battelle Memorial Institute, Columbus, Ohio. Manuscript 
received October 27, 1954. 
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METALLURGY OF ZIRCONIUM ALLOYS 


rom room temperature to 865°C (1225°F), zirconium possesses 
_ hexagonal close-packed crystal structure; from 865°C (1225°F) to 
rhe melting point, zirconium is body-centered cubic. Solid solutions 
based on the hexagonal structure are called ‘‘alpha zirconium’; solid 
solution based on the cubic structure are called ‘beta zirconium.” 
\lloving elements which tend to raise the transformation tempera- 
ture of zirconium are called “‘peritectoid-type”’ alloying elements. 
\luminum and tin are representatives of this group. Alloying ele- 
ments which tend to lower the transformation temperature of 
virconium are called ‘“‘eutectoid-type”’ alloying elements. Chromium, 
molybdenum, niobium, tantalum, titanium, and vanadium are 
representatives of this group. Titanium is completely soluble in both 
alpha and beta zirconium, and, hence, does not exhibit a eutectoid 
reaction. Titanium can be classed with the ‘‘eutectoid”’ group only 
because of its effect on the transformation temperature. 

The transformation temperature of zirconium is to the mechan- 
ical properties of zirconium and its alloys much the same as the 
melting point of most metals is to their mechanical properties. For 
this reason, it is very important to distinguish between alloying ele- 
ments which raise this temperature and those that lower it. The 
reason for this behavior may be found in the mechanical-property 
changes that occur at the transformation temperature. Fig. 1 shows 
a hot-hardness curve for pure zirconium. The loss in hardness at the 
transformation temperature is similar to the loss of hardness occur- 
ring in melting, even though the product in this case is a solid with a 
measurable hardness. It is possible to eliminate this drop in hard- 
ness at the transformation temperature by alloying to strengthen 
the beta phase, but this fact is of little practical use because no beta 
zirconium alloys are stable at room temperature, and the alloying 
elements that preferentially strengthen the beta phase precipitate 
trom the alpha phase and tend to cause extreme brittleness at room 
temperature. 

In designing alloys for creep resistance, it is generally observed 
that the metals with the higher melting points have the best creep 
strength. In zirconium, we have a case where the apparent melting 
point, the transformation temperature, can be controlled by alloy- 
ing. On this basis, it might be expected that the ‘‘peritectoid-type’”’ 
alloying elements are more effective than “‘eutectoid-type”’ alloying 
elements in improving the creep resistance of zirconium. Among 
binary alloys of zirconium, this is indeed found to be true. 

A second general observation is that highly complex alloys tend 
to have better creep resistance than simple alloys. Unfortunately, 
the combination of aluminum and tin in a zirconium alloy results in 
such high hardness at elevated temperatures that alloys of this type 
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Fig. 1—Hardness of Iodide Zirconium at Elevated Temperatures 


developed up to the present time are quite unworkable at reasonabl 
hot working temperatures. This circumstance has led to the cd 
velopment of the “‘peritectoid-eutectoid hybrid” zirconium alloys 
In these alloys, the peritectoid-type alloying element is present to 
stabilize and strengthen the alpha-zirconium solid solution; the 
eutectoid-type alloying element is present primarily to lower th 
lower limit of the alpha-plus-beta phase region and hence reduc 
hardness at the hot rolling temperature. Secondarily, the eutectoid- 
type alloying element strengthens the alpha-zirconium solid solution, 
produces a precipitate in the microstructure, and makes the allo’ 
heat treatable. The extremely wide range of properties to be found 
among the “‘peritectoid-eutectoid hybrid’’ alloys makes them th 
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st promising zirconium alloy family developed up to the present 


FABRICATION AND TEST METHODS 
Fabricatton— The alloys described in this paper were prepared 
Foote Mineral Company, Grade I, low hafnium iodide zi 
nium. Some of the alloys were compounded by induction melting 
sraphite; others were prepared by double arc melting in a water- 
ooled copper crucible using a tungsten electrode. The alloying ele- 
ents used were commercial, high purity materials. In general, the 
luction-melted products were less ductile at room temperature 
than the arc-melted products. 

[he ingots weighing 200 to 2000 grams were hot-forged and 
lled at temperatures between 800 and 1000°C (1470 and 1830°F) 
[he hot-rolled sheet was cleaned by sandblasting and pickling. The 
ickle solution was 50% HNO; plus 2% NaF. The bright pickled 
sheet was cold-rolled as much as possible without cracking, or up to 
i limit of approximately 30%. The alloys were annealed for 3 hours 

730°C (1345°F) to reduce all alloys to the alpha-annealed condi- 
tion. The annealed sheet was cut into tensile specimens with a re- 
luced section approximately 2 K0.5 0.06 inch. 

Hot Hardness—Hardness data at elevated temperatures were 
obtained by means of hardness testing devices operating inside 
vacuum chambers. These machines are heated by commercial, re- 
sistance-type furnaces. Indentations are made by applying a dead- 
weight load of 500 to 1000 grams to a 136-degree pyramid indenter. 
By moving the specimen after each indentation, a large number of 
indentations can be made at any temperature or series of tempera- 
tures from room temperature to 1000°C (1830°F). This equipment 

s been described in greater detail elsewhere (14,15). 

[Tensile Tests—Duplicate tensile tests were made at 500°C 
930°F) in argon or helium. Tests at room temperature and 260°C 
S00°F) were made in air. A clip-on extensometer with a 1-inch gage 
ngth was used to measure strain. This extensometer utilizes SR-4 
gages on compression loops and is accurate to plus or minus 0.0001 
in./in. Tests were run using a 20,000-pound Baldwin-Southwark 
universal testing machine. The speed of travel of the head of the 
testing machine was 0.02 in./min. 

Creep Tests—Creep testing at 500°C (930°F) was performed in 

icuum creep units. In a unit of this type, a constant load is applied 

e specimen through a system of lever arms and a vacuum-tight 
bellows. Extensions are measured by means of platinum strips 
ned to the specimen. The relative movement of these strips is 
ired with an optical comparator having a sensitivity of 50 


e 


inches. Tests were designed to find the stress necessary to give 
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Fig. 2—Tensile Properties of Zirconium Alloys at Room Temperature. 


a creep rate of 0.0001% per hour. Tests showing creep rates of this 
order of magnitude were continued for 1000 hours. 
















TENSILE AND HARDNESS PROPERTIES OF BINARY ALLOYS 





To establish a sound basis for the development of creep-resistant 
zirconium alloys, it was first necessary to investigate a large number 
of binary alloys. As mentioned earlier, it was soon found that the 
alloying elements which produced the greatest strengthening effect 
in zirconium were aluminum, chromium, molybdenum, niobium, 
tin, titanium, and vanadium. The results of tests on binary zirco- 
nium alloys containing these elements are shown in Figs. 2,3,4,5, 
and 6. All compositions are given in atomic per cent. 

These results show that at low temperatures molybdenum and 
niobium strengthen zirconium more rapidly than any of the other 
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Fig. 3—Tensile Properties of Zirconium Alloys at 260°C (500°F). 


elements examined. However, at 500°C (930°F) the strengthening 
effect of molybdenum and niobium is nearly the same as that of 
iluminum and tin. These data show that the rate of decrease of 
strength with increasing temperature is greater for zirconium- 
molybdenum and zirconium-niobium alloys than for zirconium- 
iluminum and zirconium-tin alloys. Carrying this relation a step 
further, it is possible to predict that at temperatures above 500°C 
930°F), the strengthening effect of aluminum and tin is greater 
han the strengthening effect of molybdenum and niobium. That 
} 


+ 


his is true is shown by hot-hardness data, Fig. 7. 

hese results confirm the concept that the transformation 
emperature of zirconium acts toward the tensile and hardness 
properties of zirconium as if it were the melting point. The eutectoid- 
illoying elements lower the transformation temperature and 
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Fig. 4—Tensile Properties of Zirconium Alloys at 500°C (930°F) 


result in alloys that tend to soften more rapidly with increasing 
temperature than alloys formed from peritectoid-type alloying 
elements. 

Figs. 1 and 7 illustrate a related concept of importance to th 
development of creep-resistant zirconium alloys. In these plots, it 
will be noted that the portions of each curve between 25 and 400° 
(77 and 750°F) and between 600 and 800°C (1110 and 1470°F) coi 
form closely to a straight line. A short transition zone connects thes 
two straight-line portions. The point of intersection of the tw 
straight lines will be known as the “‘softening temperature”’ and wil 
be understood to refer to the entire transition zone. A similar trans! 
tion zone is found in semilogarithmic plots of tensile data versus 
temperature. This transition zone is variously known as the “‘equl- 
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5—Tensile Properties of Zirconium Alloys at Room Temperature. 


cohesive temperature,’ the “grain-boundary relaxation tempera- 
ire,’ the “lowest recrystallization temperature,” and the “upper 
temperature limit for strain hardening in creep.’’ However, these 
temperatures are definitely not the same, since they depend upon 
the condition of strain and the strain rate involved in the deter- 
mination of each. However, these temperatures are related to one 
her in that they are manifestations of the same phenomenon, 

ely the onset of increased atomic mobility such that disloca- 
tions and dislocation atmospheres may diffuse to new sites within 
me allowed by the particular test (16). Thus, the ‘‘softening 
temperature’ is the temperature below which cold working takes 
and above which hot working occurs. Since secondary creep 
are believed to represent a balance between cold working and 
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Fig. 6—Tensile Properties of Zirconium Alloys at 500°C (930°F) 


stress relief by diffusion, it follows that for temperatures within the 
transition zone, those elements that raise the “softening tempera- 
ture’’ most will reduce secondary creep rates most. As might be 
expected, all elements raise the softening temperature of zirconium, 
but Fig. 7 shows that the peritectoid-type alloying elements, 
aluminum and tin, raise it most. These data are the basis for postu- 
lating that the best creep-resistant alloys of zirconium for use in the 
temperature range 400 to 700°C (750 to 1290°F) will be based on the 
zirconium-aluminum and zirconium-tin systems. 


(CREEP PROPERTIES OF BINARY ALLOYS 


A standard for comparison purposes was established by running 
creep tests on arc-melted iodide zirconium and on arc-melted sponge 
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Fig. 7—Hardness of Binary Zirconium Alloys at Elevated Temperatures. 


zirconium. Sponge zirconium is the product of the magnesium reduc- 
tion process of the U. S. Bureau of Mines, and is essentially a zir- 
conium-oxygen alloy. This standard was the only alloy prepared 
from sponge zirconium. The results of creep tests at 500°C (930°F) 
on binary zirconium alloys are shown in Figs. 8 and 9. The data 
points for 10,000 hours are based on creep-rate data for tests of only 
1000-hour duration; and, hence, are not as reliable as the data for 
100 and 1000 hours. The alloys are compared on the basis of the 
stress and time necessary to cause 1% total deformation. 

lig. 8 shows that increasing amounts of aluminum are bene- 
hcial to the creep resistance of zirconium, and that while small 
amounts of molybdenum have a beneficial effect on the creep re- 
sistance of zirconium at 500°C (930°F), further additions of molyb- 
denum may actually decrease this benefit. Fig. 9 shows that the 
peritectoid-type alloying element, tin, is more beneficial to the creep 
resistance of zirconium than the eutectoid-type alloying elements, 
niobium, tantalum, titanium, and vanadium. 
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Fig. 8—Stress Versus Time for 1% Total Deformation at 500°C (930°F). 


TENSILE AND HARDNESS PROPERTIES OF TERNARY ALLOYS 

Long before the metallurgy of binary zirconium alloys was 
clearly understood, ternary alloys of zirconium were being prepared 
These alloys were prepared on the theory that complex alloys tend 
to have better creep resistance than simple alloys. Of the first eleve' 
ternary alloys prepared, only four were successfully fabricated 
sheet tensile specimens. One of these four was an alloy containing 
2.1 atomic % tin plus 1.7 atomic % aluminum, and it has since bee! 
determined that this composition is near the limit of fabricabilit 
this system. As a rule of thumb, it has been found that alloys with 
hardness in excess of 30 DPH at the hot-rolling temperature ar 
difficult to roll without cracking; alloys with lower hardness n 
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Fig. 9—Stress Versus Time for 1% Total Deformation at 500°C (930°F) 


crack for other reasons such as casting defects or the presence of a 
veak second phase. 

Since one of the possible applications of zirconium alloys is in 
iclear devices where they compete with the stainless steels as 
structural materials, it is important that the thermal-neutron 
bsorption cross section of zirconium alloys be kept as low as 
possible. Since chromium, tantalum, titanium, and vanadium have 
relatively high absorption cross sections as compared to aluminum, 
lybdenum, niobium, and tin, major emphasis in the development 
rary zirconium alloys has been upon alloys containing the 
elements. 
\s mentioned earlier, it soon became apparent that fabricability 
| be the limiting factor in the development of creep-resistant 
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Fig. 10—Hardness of Zirconium-Aluminum-Molybdenum and Zir- 
conium-Tin-Molybdenum Alloys at 800°C (1470°F). 


zirconium alloys. For binary and ternary alloys containing only alu- 
minum and tin, the limit of fabricability at a rolling temperature of 
800°C (1470°F) occurs at a total alloy content of about 4 atomic % 

This difficulty was partially overcome by the discovery that the 
addition of molybdenum or niobium to a zirconium-aluminum or a 
zirconium-tin alloy actually results in a ternary alloy with lower 
hardness at 800°C (1470°F). This lower hardness at 800°C (1470°! 

is caused by the appearance of beta zirconium in the structure at 
this temperature. The effect of molybdenum additions upon th 
hardness of zirconium-aluminum and zirconium-tin alloys at 800° 
(1470°F) is shown in Fig. 10. Zirconium alloys that utilize this prin- 
ciple are properly called “‘peritectoid-eutectoid hybrids.’’ These hy- 
brid alloys possess a feature in common with most other zirconium 
alloys, namely that rapidly cooled beta zirconium becomes hard and 
brittle. It follows that for maximum ductility they should be hot 
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Fig. 11—Hardness of Ternary Zirconium Alloys at Elevated Temperatures. 


rolled at as low a temperature as possible; and that higher strengths 
may be achieved by rolling or heat treating at temperatures above 
the minimum. 

Table I shows the tensile properties of typical zirconium-tin- 
iluminum, zirconium-tin-molybdenum, zirconium-tin-niobium, zir- 
conium-aluminum-molybdenum, and zirconium-aluminum-niobium 
illoys. In every case, the alloys were treated in an attempt to pro- 
duce the state of maximum ductility. These data illustrate the low 
ductility of the zirconium-tin-aluminum alloys and the comparatively 
high ductility of the ‘‘peritectoid-eutectoid hybrids.’’ For the same 
illoy content, the strength of the two types of alloys is quite similar. 
ig. 11 shows how the hot hardness of a “‘peritectoid-eutectoid 
rid” differs from the hot hardness of a straight peritectoid, zir- 
conium-tin-aluminum alloy. At 800°C (1470°F) the zirconium-tin- 

inum alloy is more than twice as hard as the zirconium-tin- 

ybdenum alloy. The zirconium-tin-aluminum alloy was hot-rolled 


it 1000°C (1830°F); the zirconium-tin-molybdenum alloy was hot 
rolled at 760°C (1400°F). 
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Table I 
Tensile Properties of Zirconium Alloys 








Test 0.2 Per Cent Elongation Total 
Alloy Analysis Temp- Offset Yield, Ultimate to Maximum Elongati 
Balance Zirconium), erature, Strength, Strength, Load in 1 Inch 
Atomic Per Cent ( psi psi %, 
3.3 Al+3.0 Sn 25 78,900 84,300 3 3 
3.3 Al+3.0 Snc 260 54,200 68,000 9 25 
3.3 Al+3.0 Sn 500 39,400 44,700 2 6 
2.5 Sn+2.0 Ali?) 25 72,100 72,600 1 3 
2.5 Sn+2.0 Al.) 260 38,300 0.3 
2.5 Sn+2.0 Al’? 500 32,300 34,400 4 4 
2.5 Sn+1.9 Al 260 45,500 52,100 9 19 
»5§ Sn+1.9 Al 500 31,400 37,700 6 
2.5 Sn+1.7 Al 25 79,400 98,100 7 14 
> 5 Sn+1.7 Al 260 54,300 68,400 5 11 
2.5 Sn+1.7 Al 500 44,200 55,100 6 8 
$8 Sn+1.3 Mod) 25 65,800 77,600 9 25 
3.8 Sn+1.3 Mo 500 32,700 42,100 7 29 
3.4 Sn+2.0 Mor 25 70,800 96,000 10 18 
3.4 Sn+2.0 Moe 260 50,700 71,800 8 16 ; 
3.4 Sn+2.0 Moc 500 39,200 54,400 11 28 11 
3.0 Sn+1.5 Mo 25 59,000 86,700 13 25 { 
3.0 Sn+1.5 Mod 260 38,700 60,900 11 26 { 
3.0 Sn+1.5 Mod 500 30,400 45,900 11 42 
3.0 Sn+1.5 Moc 25 91,400 106,000 9 13 
3.0 Sn+1.5 Mo 260 53,600 71,600 5 16 
3.0 Sn+1.5 Mo 500 38,800 53,000 6 30 14 
2.9 Sn+1.5 Mo 25 71,200 90,600 10 20 { 
2.9 Sn+1.5 Mo 500 33,600 44,400 12 44 
3.5 Sn+0.6 Nbe 25 89,000 103,800 9 18 
3.5 Sn+0.6 Nb2@ 260 61,500 77,200 5 13 
3.5 Sn+0.6 Nb? 500 40,000 55,200 12 24 
2.3 Sn+1.7 Nb? 500 33,900 45,400 6 30 10) 
6.0 Al+1.8 Mo 25 111,200 125,800 5 6 ( 
6.0 Al+1.8 Moc 500 59,200 69,100 3 30 3g 
6.0 Al+0.8 Mod 25 92,000 105,000 4 5 
6.0 Al+0.8 Moc 500 47,000 61,800 7 30 
1.7 Al+1.0 Mo@é 500 30,400 38,800 y 32 
2.3 Al+1.5 Nb@ 500 34,300 44,700 6 27 


') Arc-melted alloy 
2) Induction-melted alloy 


Table II shows how simple heat treatments affect the room 
temperature tensile properties of a “‘peritectoid-eutectoid hybrid.” 
These data show that the alloy is most ductile when its structure 
approximates an alpha-annealed, equilibrium structure. The highes' 


strength and lowest ductility is found in the alloy when it is ai 


a 
cooled from 900°C (1650°F). Lower strength is obtained in the alloy 
as water-quenched and as furnace-cooled. These data suggest that 
some relatively weak, beta zirconium is retained in the water-quenched 
alloy and that a precipitation hardening reaction proceeds in th 
material at slower cooling rates. It is obvious that transformed beta 
structures are not desirable for ductility. 
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Fig. 12—Stress Versus Time for 1% Total Deformation at 500 
930°F) 


wr ' Table II 
_ Effect of Heat Treatment on the Tensile Properties of 
Zirconium+2.9 Atomic Per Cent Tin+1.5 Atomic Per Cent Molybdenum 


0.2% Elongation Total 
Offset Yield Ultimate to Maximum Elongation Reduction 
Heat Strength, Strength, Load in 1 Inch, of Area, 
Treatment (a) psi psi ( a ' 
1 71,200 90,600 10 20 24 
: ; 89.000 103,300 3 3 2 
) 123,800 143,300 2 2 1 
i 74,900 97,600 10 12 3 


Treatment 1: Standard fabrication procedure consisting of hot roiling at 800°C (1470°F 
lling 30%, and annealing for 3 hours at 730°C 

eatment 2: Material heated for 1 hour at 900°C (1650°F) and water-quenched 

reatment 3: Material heated for 1 hour at 900°C (1650°F) and air-cooled in a Vycor capsule 
eatment 4: Material heated for 1 hour at 900°C (1650°F) and furnace-cooled at a rate ot 
per hour. 
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CREEP PROPERTIES OF TERNARY ALLOYS 

The development of creep-resistant zirconium alloys has jys; 
begun. However, zirconium alloys that will sustain a load of 10.909 
psi at 500°C (930°F) with less than 1% total deformation in 1009 
hours are no longer rare. The binary zirconium-aluminum alloys 
the zirconium-tin-aluminum alloys, and the ‘‘peritectoid-eutectoid 
hybrid”’ family are prominent among the alloys that meet this speci- 
fication. The available data for the creep resistance at 500°C (930° 
of alloys in the systems zirconium-tin-aluminum, zirconium-tin. 
molybdenum, and zirconium-tin-niobium are shown in Fig. 12. | 
comparison of Fig. 12 with Figs. 8 and 9 discloses that, except fo; 
two binary aluminum alloys, the creep resistance of the ternary 
alloys is generally superior to that of the binary alloys. These data 
suggest that alloys in the zirconium-aluminum-molybdenum and 
zirconium-aluminum-niobium systems will have even better creep 
properties than the alloys shown here. These ternary alloys will 
probably be the base for more complex alloys with still greater creep 
resistance. 








SUMMARY OF RESULTS 


The metallurgy of zirconium has been developed on the basis of 
the effect of alloying elements on the transformation temperature. 
‘‘Peritectoid-type”’ alloying elements tend to raise the transforma- 
tion temperature; ‘‘eutectoid-type”’ alloying elements tend to lower 
the transformation temperature. These effects have been used to 
explain in part the mechanical behavior of zirconium alloys. 

The various zirconium alloys systems have been investigated 
with respect to the effect of alloying elements upon tensile prop- 
erties, creep properties, and hardness. The alloy systems have been 
screened, and those systems that produce the greatest increase in 
strength in the dilute range have been selected. The mechanical 
properties of binary alloys in these systems have been measured at 
room temperature, 260 and 500°C (500 and 930°F). 

The “eutectoid-type”’ alloying elements, molybdenum, niobium, 
tantalum, and vanadium, are most effective in strengthening zirco- 
nium at temperatures below 500°C (930°F). The peritectoid-type 
alloying elements, aluminum and tin, are most effective in strength- 
ening zirconium at temperatures above 500°C (930°F). The “peri- 
tectoid-type’’ alloying elements are also most effective in improving 
the creep strength of zirconium at 500°C (930°F). 

Those ternary zirconium alloys that contain both ‘‘peritectoid”’ 
and ‘‘eutectoid-type’’ alloying elements have been called “‘peritectoid- 
eutectoid hybrids.’’ These alloys show an extremely wide range ol 
mechanical properties and are noted for the ease with which the) 
can be hot fabricated. Alloys of this type exhibit good strength and 
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tility at room temperature, and show promise for the develop- 
t of creep-resistant alloys at 500°C (930°F). 
The “‘peritectoid-eutectoid hybrids” are heat treatable, and can 


strengthened by heating into and quenching from an alpha-plus- 
beta or beta-phase field. This strengthening effect is usually asso- 
ted with a severe loss in ductility. 


References 


Cc. T. Anderson, E. T. Hayes, A. H. Roberson and W. J. Kroll, ‘‘A Preliminary 
Survey of Zirconium Alloys,’’ U. S. Bureau of Mines Report of Investi 
gation No. 4658, March 1950. 

D. J. McPherson and M. Hansen, ““The System Zirconium-Aluminum,” 
TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 354. 

E. T. Hayes, A. H. Roberson and M. H. Davies, “Zirconium-Chromium 
Phase Diagram,’’ Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 194, 1952, p. 304. 

R. F. Domagala, D. J.. McPherson and M. Hansen, ‘System Zirconium- 
Chromium,” Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 197, 1953, p. 279. 

R. F. Domagala, D. J. McPherson and M. Hansen, “Systems Zirconium- 
Molybdenum and Zirconium-Wolfram,”’ Transactions, American Institute 
of Mining and Metallurgical Engineers, Vol. 197, 1953, p. 73. 

B. A. Rogers and D. F. Atkins, “The Zirconium-Columbium Diagram,” lowa 
State College, Ames, lowa, Ames Laboratory Report ISC-500, June 29, 
1954. 

D. J. McPherson and M. Hansen, ‘‘The System Zirconium-Tin,’’ TRANSAC- 
rions, American Society for Metals, Vol. 45, 1953, p. 915. 

E. T. Hayes, A. H. Roberson and O. G. Passche, ‘The Zirconium-Titanium 
System—Constitution Diagram and Properties,’’ U. S. Bureau of Mines, 
Report of Investigation No. 4826, November 1951. 

J. T. Williams, ‘“‘The Vanadium-Zirconium Alloy System,’’ Iowa State 
College Report No. ISC-491, June 15, 1954. 


. ZIRCONIUM AND Z1IRCONIUM ALLoys, 1953, published by the American Society 


for Metals, Cleveland, Ohio. 

A. D. Schwope and W. Chubb, ‘‘Small Additions Raise Strength of Zirconium 
at Elevated Temperatures,’ Journal of Metals, Vol. 4, November 1952, 
p. 1138. 

F. B. Litton, ‘‘Ten Zirconium Alloys Evaluated,” Jron A ge, Vol. 167, April 5 
and 12, 1951, p. 95 and 112. 

J. H. Keeler, ‘‘Development of Zirconium Base Alloys,’’ General Electric 
Quarterly Technical Progress Reports, SO-2505 to SO-2515, May 1952 
to July 1954. 


. W. Chubb and G. T. Muehlenkamp, ‘‘The Effects of Chromium, Iron, and 


Nickel on the Mechanical Properties of Zirconium,’’ USAEC Document 
No. BMI-938, August 11, 1954. 

W. Chubb, “The Contribution of Crystal Structure to the Hardness of 
Metals,’’ Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 203, Jan. 1955, p. 189. 

\. D. Schwope, ‘‘Structure and Alloy Design,’” ASM TRANSACTIONS SUPPLE- 
MENT, Vol. 46A, “Relation of Properties to Microstructure,” 1954, p. 108. 


DISCUSSION 


Written Discussion: By G. L. Miller, research manager, Murex Ltd., 


nham, Essex, England. 


he only point that I have to make is to complain that Dr. Chubb has done 
t so many other investigators have done in the case of metallurgical research 
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and that is not to give full details of the materials they employed in their 
gations. 


A short time ago when I was studying the work on zirconium in prey 





for my book on this subject, I was appalled at the manner in which inves} 
proceeded to carry out research on the various aspects of zirconium, witho 
bothering to determine the purity of their basic materials. Dr. Chubb « 
least state that the zirconium employed was of the low hafnium iodide ty; 
that it was the Grade I quality supplied by the Foote Mineral Compa 
surely it would not have taken up a great deal of space to have shown th 
content of impurities. Again, he states that some of these alloys were pre; 
by melting in a graphite crucible and others by using the double arc melting tec} 
nique with a tungsten electrode, but he does not give the carbon content of 
alloy after melting in graphite or indicate whether there was any tungsten , 





tamination from the arc melting procedure. As far as the alloying element 
concerned, we are told that the elements used were commercial high purity mat 
rials. In the case of aluminum, copper, etc. this is probably sufficient but 
niobium it would have been interesting to know what the oxygen content was 
also the tantalum and titanium contents. 

[t seems to me that in an age when we know that small amounts of impuriti 
can influence the properties of alloys, it is quite wrong not to give full details 
the materials employed in the investigations. 


Written Discussion: By F. A. Crossley and R. J. Van Thyne, Armour Ry 
search Foundation, Metals Research, Chicago, Ill. 

The author has made a significant contribution to zirconium alloy metallurg\ 
At Armour Research Foundation zirconium-base alloys have also been invest 
gated. Similar to results presented here, it was found that alloys containing 
aluminum and/or tin require working at high temperatures, but it would see: 


that this is generally what we want—strength at elevated temperatures. Compos 


( c 


tions containing up to 5 wt % aluminum or 10 wt % tin were studied. The forging 
temperatures of binary and ternary alloys were from 1900 to 2200°F. 

The prediction by the author that above 500°C (930°F) the strengthening 
effects of aluminum and tin are greater than those of the beta-stabilizers is ce: 
tainly true. Our tensile data at 650 and 800°C (1470°F) demonstrate that a larg 
difference exists between the two types at the elevated temperatures. Titanium is 
also an effective addition for elevated temperature strength. At temperatures up 
to 500°C (930°F) zirconium and titanium form a continuous series of alpha solid 
solutions. However, at higher temperatures titanium is less soluble in alpha zir- 
conium because a minimum exists for the beta phase. 

Heat treatment, microstructure, creep resistance, and stability are all inter- 
related. The author gives little attention to this interrelationship. This pape 
suffers from the fact that heat treatments used for evaluating the alloys are not 
given. Microstructures produced by these heat treatments are likewise omitted 
A ternary, so-called ‘‘peritectoid-eutectoid hybrid,’’ alloy may be single phas 
alpha, alpha-beta, alpha plus compound or even more complex, depending upo 
the specific additions, the amount of each addition, and the heat treatm 
applied. Designating alloys by their structural characteristics in the temperatur 
range of usefulness would be of greater significance than the peritectoid-eutectoid 


nomenclature employed. 
The statement, ‘. . . . alloying elements that preferentially strengthe: th 
beta phase precipitate from the alpha phase. . . .,” is perhaps in need of clarifi 
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onsidering the context in which it appears. Eutectoid-type additions have 
sing solubility in alpha below the eutectoid temperature, and consequently, 
und may precipitate from the alpha phase. However, in beta alloys the 
hase may transform by several mechanisms, depending upon thermal his 
nd the kinetics of the competing reactions. These reactions are: (a) diffu- 
ss formation of alpha prime, (b) alpha rejection by nucleation and growth, 
) eutectoidal decomposition. 


Written Discussion: By J. H. Keeler, Metallurgy and Ceramics Research 


Department, General Electric Company, Schenectady, N. Y. 


Dr. Chubb has presented a large amount of information that the zirconium 
metallurgist should examine in detail. As a supplement to Dr. Chubb’s data | 


would like to add some yield strength versus composition data for zirconium 


illoys containing only small amounts of niobium or tantalum. 
Figs. 13 and 14 show that alloys containing up to about 3 atomic % niobium 
intalum showed less strengthening with a higher oxygen-nitrogen impurity 


x- High Oxygen -Nitrogen 
© - Low Oxygen - Nitrogen 





x- High Oxygen- Nitrogen 
o-Low Oxygen-Nitrogen 





O 2 4 6 O 2 4 6 
Atomic % Niobium Atomic % Tantalum 


Fig. 13—Alloys Containing Up to 3 Atomic % Niobium Showed Less Strengthening 


With a Higher Oxygen-Nitrogen Impurity Content Than With a Lower Impurity Content. 


Fig. 14—Alloys Containing Up to 3 Atomic % Tantalum Showed Less Strengthening 


With a Higher Oxygen-Nitrogen Impurity Content Than With a Lower Impurity Content 


content than with a lower impurity content. However, the higher oxygen-nitrogen 


1] 


Lilt 


obium or tantalum content was greater than 3 atomic 


ys showed about the same compositional rate of strengthening when the 


©. It is thought that an 


explanation of this behavior may be that the tantalum and niobium act as deoxi- 


lizers in the alloys with higher oxygen and nitrogen and thus do not contribute 
+} 


ieir full strengthening effect until higher compositional levels are reached. 


Author’s Reply 


lhe discussion evoked by this paper is indicative of the widespread interest 


‘irconium and zirconium alloys at the present time. This interest is stimulated 


i great extent by the growing need for neutron efficiency in thermal power 


tors. Zirconium shows considerable promise of answering this need. 


Dr. Miller is quite correct in stating that small amounts of impurities do 


ct the properties of metals, particularly zirconium, and it is quite imperative 


we know the contaminants present. However, it seemed that to list the 
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impurities in Foote, Grade 1, low hafnium iodide zirconium was somewh 
gous to listing the impurities in electrolytic copper. For the benefit 
unfamiliar with iodide zirconium, the following figures are presented as 1 
the zirconium used in these studies: 


Carbon 300 ppm 
Oxygen 200 ppm 
Nitrogen 20 ppn 
Hydrogen 40 ppm 
Iron 300 ppm 
Hafnium 200 ppm 
All Other Impurities 400 ppm 
Zirconium more than 99.8% 


The alloys used in these studies which were prepared by induction me! 
contained about 0.3 w/o carbon. This carbon was present as zirconium carbic& 
rather large particles. These particles affected ductility adversely, but show 
only a minor strengthening effect and did not obscure the effects of alloying 
other elements. 

Contamination by tungsten in the arc melting of zirconium occurs 
intermittent process, so that the tungsten occurs in the zirconium as discret 
droplets of pure tungsten or tungsten-rich alloy. The effect of these droplets , 
mechanical properties is insignificant, and an analytical figure could have litt\; 
meaning. 

The alloying elements, including niobium, were all purer than 99%. Sinc 
only about 6% alloy was used in these studies, a calculation will show that 
alloying materials could, under the worst possible circumstances, introduc 
more than 600 ppm of a single impurity. We were optimistic and felt that it was 
unnecessary to analyze for this amount of impurity. 

The author is pleased to note that the results of Crossley and Van Thyn 
agree with his own. It was reported in 1952 that titanium effectively strengthened 
zirconium at temperatures up to 700°C (1292°F). Unfortunately, titaniu 
greatly reduces the oxidation resistance of zirconium; it is difficult to hot roll suct 
alloys without prohibitive losses due to oxidation. Furthermore, the thermal 
neutron efficiency of titanium is poor, so that eventually titanium was abandoned 
in favor of molybdenum and niobium as alloying elements. 

Messrs. Crossley and Van Thyne are quite correct in stating that heat treat 
ment, microstructure, creep resistance, and stability are all inter-related. They 
have evidently failed to notice that all alloys except that listed in Table 2 wer 
prepared by cold rolling, and were annealed for 3 hours at 730°C (1345°F), fully 
230°C (445°F) above the highest tensile or creep-test temperature. This annealing 
temperature was selected as a compromise between the lowest eutectoid tempera 
ture of the alloying elements and the temperature necessary ‘to achieve recrystal 
lization in a reasonable time. Only the temperature of the zirconium-niobiun 
eutectoid is lower than 730°C (1345°F). 

Only a few of the alloys were single phase at room temperature, most co! 
tained a very fine dispersion of second phase. This latter structure was considered 
to be eminently satisfactory for maximum creep resistance. 

As Messrs. Crossley and Van Thyne indicate, the transformation of bet 
zirconium may occur in one or more of several different ways. These modes o! 
transformation are very interesting to the physical metallurgist, and they u: 
doubtedly will be described in great detail at some future date. This writer expects 
the transformation of beta zirconium to resemble in most respects the transforma 
tion of beta titanium. 





TENSILE PROPERTIES OF ZR-CR ALLOYS- 
PARTICLE-STRENGTHENING EFFECTS 


By J. H. KEELER 


Abstract 

The tensile properties of zirconitum-chromium binary 
alloys containing up to 18 atomic % chromium are reported 
for the temperature range —195 to 500°C (—319 to 930°F). 
The highest yield strength obtained at 500°C (930°F) was 
about 26,000 pst (for the 18% chromium alloy). No signifi- 
cant solid-solution hardening in alpha zirconium was ob- 
served. A linear relation between the flow stress and volume 
fraction of the compound was observed. The particle-harden- 
ing effect increased with strain in the range of true strain 
0.002 to 0.05, and made a greater total strengthening contri- 
bution at lower temperatures. The normalized (per cent) 
increase in strength was essentially independent of testing 
temperature except at the highest temperature where the 
alloys showed signs of instability. (ASM-SLA Classifica- 
tion: 027, Zr) 


INTRODUCTION 


IRCONIUM, with its low neutron absorption, high tempera- 

ture of melting, and good corrosion resistance, is of interest to 
the Atomic Energy Commission for use in reactors. It is desirable to 
raise its strength at elevated temperatures and at the same time 
maintain its low neutron absorption and good corrosion resistance as 
much as possible. Chromium is one of the alloying elements that 
might be used with zirconium because of its relatively moderate 
neutron absorption (2.9 barns) and known ability to impart elevated- 
temperature strength and oxidation resistance to other metals. 

In addition, the zirconium-chromium system is interesting 
metallurgically since it is a eutectoid system with essentially no solid 
solubility in the low temperature alpha phase. The constitution dia- 
gram for the system as determined by Domagala, McPherson, and 
Hansen (1)! is shown in Fig. 1. With no solid solubility in the hex- 
agonal close-packed alpha phase, strengthening is obtained only by 
particle hardening in alpha-annealed materials (annealed below 
835°C (1535°F) in the temperature range wherein the alpha phase of 

The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Seventh Annual Convention of the 


Society, held in Philadelphia, October 17-21, 1955. The author, J. H. Keeler, is 

sociated with the Metallurgy and Ceramics Research Department, General 
Electric Co., Research Laboratory, Schenectady. Manuscript received April 8, 
1955. : 
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zirconium is stable). The effect of compound particles on 
can thus be studied without complications by solution hard: 
An earlier survey of zirconium alloys was conducted 
Bureau of Mines using chloride-process zirconium; and th 
properties for zirconium-chromium alloys induction-melt 
graphite crucible, swaged at 850°C (1560°F) in iron sheat 
annealed were among those reported (2). Recently, zirconiu: 
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Fig. 1—Zirconium-Chromium Constitution Diagram After Domagala, McPhers 
and Hansen (1). 









containing up to about 1.5 atomic % chromium were studied b 
Chubb and Muehlenkamp (3). These alloys were made using crystal 
bar zirconium, and yield strength and ultimate tensile strength wer 
determined at room temperature and at 316°C (600°F). 





EXPERIMENTAL PROCEDURE 

The materials in this investigation were crystal-bar zirconiun 
prepared by the iodide process and electrolytic chromium. The larg 
est impurity in the zirconium was hafnium, which was less than 0.3% 
The composition of the crystal-bar zirconium obtained by spectro 
graphic analysis is given in Table I, as is the nominal analysis of th 
chromium. 

Alloy ingots weighing 100 grams were melted in a single-crucibl 
arc-melting furnace. This furnace was a conventional one using 
water-cooled copper crucible, a tungsten-tipped electrode, and ai 
atmosphere of purified argon. Although the furnace was evacuated 
to a pressure of about one micron before the argon was introduced 
the oxygen and nitrogen remaining in the chamber as well as that 
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Table I 
Composition of Melting Stock 





Crystal-bar Zirconium Electrolytic Chromium 
ement Weight Per Cent Element Weight Per Cent 
Hi 0.3 maximum ( 0.01 
Fe 0.02-0.1 O 0.2 
\] 0.005—0.02 N 0.009 
Cr 0.02-0.1 H 0.02 
Cu 0.001-0.005 Fe 0.080 
Ni 0.005—0.02 Cu 0.01 
Me 0.001—0.005 Pb 0.001 
Mo 0.01 S 0.15 
N 0.007% 

mical analysis 
YTE: Oxygen and carbon are estimated at 0.02% for the zirconium. 


.dsorbed on the charge and crucible were sufficient to contribute to 
the strengthening of the alloy. 

The oxygen content was determined by vacuum-fusion methods 
for the 3 atomic % chromium alloy. The analytical result, 0.0531 
+ ().0009 weight % oxygen for the product of this furnace, gives an 
idea of the relative amount of interstitial impurity. 

Unalloyed zirconium ingots were made to be used as zero chro- 
mium compositions in data analysis. 

The early alloy ingots, containing up to 3 atomic %% chromium, 
were alternately cold-rolled and then annealed in order to produce 
illoy sheet approximately 0.020-inch in thickness. The annealing 
was carried out in evacuated tubes of Vycor or quartz containing 
zirconium foil to take up any remaining oxygen or nitrogen. The 
high chromium alloy ingots containing 10 and 18 atomic % chro- 
mium were hot rolled at 800 to 950°C (1470 to 1740°F) in welded iron 
or stainless steel sheathes. The fabrication history of the various 
alloys is given in Table IT. 


( 


Table II 








Fabrication History of Zirconium=-Chromium Alloys 
Nom Rolling Final Annealed** Intermediate 

Melt A/o Melting Temp., Reduc- Hardness Annealing 
N Cr Furnace ie tion, % VHN Temp., °C 
556 1 S* 25 70 164 800 

578 3 S 25 60 175 800 
5029 10 S 925 90 218 

5028 18 S 925 90 231 


x 


Single hearth. 
**Hardness measurements were obtained on the sheet surface with a 5-kg load. 


Tensile specimens of the dimensions reported previously(4) 
were machined from the sheets prior to final annealing treatments. 
Unless otherwise stated, the specimens were annealed 1 hour at 
800°C (1470°F) (in the alpha region) prior to tensile testing. 
Tensile tests were conducted with Instron Tensile Testing 
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machines, described earlier (4). Load-time curves were 
automatically on a synchronously-driven chart. The rel] 
recorder chart speed to jaw speed is known, and therefore | 
axis of the chart can be converted to strain. 

Tensile tests were conducted in liquid nitrogen at 5% 
(—319°F), in air in the temperature range from 25 to 370°C (77, 
700°F), and in vacuo at 500°C (930°F). True stress versus tru: 
and logarithm true stress versus logarithm true plastic strai 
plotted for these tests. True stress at a true plastic strain of 0,00) 


Vers 


(0.2% offset yield strength), true stress at true plastic strains of ().()) 
and 0.05, tensile strength, reduction in area, and elongati 
tabulated. The strain-hardening exponent, ‘‘m,”’ from the stress 
strain relationship, ¢=Ke™, and obtained from the slope of the |og 
true stress versus log true plastic strain plot, is also listed. In thos, 
instances where the log-log plot was not a straight line, the slope y 
taken from that portion of the curve in the vicinity of the strai 
maximum load. When the log-log plot was not a straight line, ¢! 
significance of m is uncertain and so the slope da/de of the linear t: 
stress-true strain curve at e¢9=0.02 was determined to provide 
measure of the strain hardening. At least two tests were made f 
each alloy at each test condition. 

The zirconium-rich end of the zirconium-chromium systen 
eutectoid in nature, and so heat treatments patterned after thos 
used in the iron-carbon system might be considered. However, if th 
zirconium-chromium alloys are to be used at elevated temperatures 
perhaps in the neighborhood of 300 to 500°C (570 to 930°F) or eve 
higher, they would have to be stable at these temperatures. For this 
reason this investigation, with its goal a survey of the system, co 
cerned primarily alpha-annealed alloys. 


RESULTS AND DISCUSSION 

True stress-true plastic strain curves were derived from tensil 
tests of unalloyed zirconium and 1, 3, 10 and 18 atomic % chromiun 
alloys at the several test temperatures. In most instances a singl 
strain rate was used. However, in certain tests there was an | 
stantaneous positive displacement of the flow curve in the stress 
direction resulting from an instantaneous ten-fold increase in th 
strain rate. This change in strain rate was used to determine thi 
strain-rate sensitivity of the alloy under conditions which avo 
specimen-to-specimen variation. In these instances the first part 
the test, up to a true plastic strain of about 0.03 was carried out at 
strain rate of 0.009 min—. The change in stress was obtained in ps! 
and a measure of the “rate sensitivity’’ was calculated. The stress 
strain rate relation has been expressed?® as 


o=Ke | 
e,T 
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Fig. 2—Early Maximum-Load Type of Load-Elongation 


Curve Found for the Zirconium-10 chromium alloy at 500°C 
930°F 


where K is a material constant, strain and temperature are held 
constant, and n is a constant called the strain-rate exponent. The 
term “rate sensitivity’ has thus been defined (5-7) as the ratio of a 
small change in log stress to the resultant change in log rate for a 
given strain and temperature: 


n=Alog o 





Alog € 
e, I 
This rate sensitivity, n, can be obtained from a test wherein strain 
rate is changed quickly from one value to another (8) by the relation 
log So S; 


ese fs 
log €2/ € 








in which Sz is the stress obtained with strain rate €2, and S, the stress 
obtained with strain rate «€. 

Greater tendency to deviate from a straight-line relation in log 
stress-log strain plots was observed with increasing test tempera- 
ture, resulting from increasing participation of secondary reactions 
such as recovery. 

Additional evidence of instabilities in these alloys was the ob- 
servation of the early-maximum-load type of tensile curve (9) shown 
in Fig. 2, reported earlier for unalloyed zirconium (4). The early- 

aximum type of flow curve was observed for all of the alloys at 
500°C (930°F), but not at 300°C (570°F). This observation was also 
ie of unalloyed annealed zirconium. 

It is characteristic of this type of load-extension curve to reach 

early maximum load at a true plastic strain of about 0.04 to 0.09 
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Fig. 4—True Stress at ep =0.05 Versus Chromium Content at Various Test Temperaturs 









(or an elongation of approximately 4 to 9%) after which a long 
gradual falling-off of the load occurs. This latter portion of the curve 
is almost a straight line. Finally, true localized necking occurred at a 
strain 2 to 5 times that of maximum load and fracture occurred. Sev- 


eral of the tests on the zirconium-chromium alloys were stopped | 
the straight-line portion of the curve following the point of maximum 
load to see if localized necking was apparent. As was observed earlie! 
for severely cold-worked zirconium, the specimen was smooth 
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Fig. 6—Per Cent Elongation (in 2.25 inches) Versus Chromium Content at Various 
lest Temperatures. 


did not exhibit localized necking. Also, the amount of localized strain 
near the fracture area in broken specimens was too smali to account 
for the large amount of strain that followed the strain at maximum 
load. True stress versus true strain calculations for curves of this 
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Strain-Hardening Exponent Versus Chromium Content at Various Test Te! 
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Fig. 9— Rate of Strain Hardening (slope of the true stress-true strain curve) at a 
tic Strain of 0.02 Versus Chromium Content at Various Test Temperatures 


type were plotted for points beyond the maximum load since uni- 
form strain was apparently still taking place. As was true of un- 
alloyed zirconium, these curves exhibited a flattening beyond the 
maximum load, with the slope of the curve approaching zero and 
even becoming slightly negative in the case of the 10 chromium 
alloy. 

Recrystallization treatments for these alloys had been carried 
out at 800°C (1470°F) for one hour in order to obtain a fine grain size 
of about 0.005 to 0.007 mm average diameter essentially independent 
of composition. Annealing treatments at lower temperatures had not 
produced recrystallized grains in one hour. 

Summarizing the data are plots of various tensile characteristics 
versus atomic per cent chromium at various temperatures (Figs. 3 to 
9). See Table ITT. 

Since the zirconium-chromium system is one in which there is 
little or no solid solubility in the alpha phase of hexagonal-close- 
packed zirconium, the strengthening effect of second-phase particles 
can be studied without the complications of accompanying solid 
solution. The crystal structure of the second phase ZrCre, is known 

1,10,11,12) so the density of the compound and the volume frac- 
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Table III 
rensile Properties of Zirconium-Chromium Alloys 




















Test 
remp, Atomic Per Cent Chromium 
Property Cc 0 1 3 10 
195 51,000 52,000 60,500 78,100 
o at 0.002 25 35,000 36,000 34,300 47.600 
€ p (psi 300 17,500 — 19,700 20,100 
500 13,750 13,700 14,000 22,700 
195 71,700 76,900 88,500 104.000 
o at 0.02 25 42,400 45,700 52,000 63,500 
€ p (psi) 300 21,500 23,800 25,900 33,600 
500 15,700 17,900 19,800 31,900 
—195 84,000 92,100 104,200 
o at 0.05 25 49, 500 54,400 60,100 71,200 
€p (psi) 300 26,500 28,500 29,400 39,900 
500 16,700 19,400 22,100 34,000 
-195 88,500 96,600 106,300 98,100 
Ultimate tensile 25 52,000 55,300 60,100 68,500 
strength, (psi 300 29,000 30,100 38,800 
500 16,000 18,600 21,800 32,300 
—195 26.5 21 8 ) 
Elongation in 25 29.5 23 19.5 9 
2.25 inch, % 300 29 32 27.5 s 
500 63.6 51 46 15 
195 39 34 9 10.5 
Reduction in 25 63 57 53 10 () 
area, % 300 80 84 62 21 
500 87.5 78 80 44 
—195 0.196 0.184 0.164 0.127 0 
Strain-hardening 25 0.159 0.140 0.14 0.10 0 
exponent, ‘“‘m”’ 300 0.215 0.20 0.18 0.151 0.130 
500 0.076 0.074 0.10 0.067 














—195 0.007 0.008 0.008 
Rate sensitivity, 25 0.021 - - 
“— 300 0.011 - — 
500 0.048 



















do/de at 195 Zoe 8.2 8.0 

éx 0.02 25 3.6 4.2 44 4.6 

( *10°5) 300 3.2 — 2.4 4.0 5 
500 0.8 0.95 2.1 1.8 


tion of compound present can be calculated as follows. The densit 
of the compound, 7.031 grams per cubic centimeter, is calculate: 
from the relation 


p= 


N-M 
V-A 


where N is the number of molecules in a unit cell, M is the gra 
molecular weight of the compound, V is the volume of the unit cell, 
and A is Avogadro’s number. The volume fraction, f;, of compound 
present in an alloy is calculated from the relation 






{,=- ae 
+ B(gat Se) 


) 


where g, is the amount by weight of compound present, ga is th 
amount by weight of alpha-phase present, and 8 is the ratio of the 
density of the compound to the density of the alpha phase. Th 


values for g. and g, were obtained from the constitution diagram. 
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Relations between true stress and volume fraction ZrCrs for 
-ye plastic strains of 0.002 and 0.05 are shown in Figs. 10 and 11. 
‘he true stress at a true strain of 0.002 can also be considered the 
).2°% offset yield strength (Fig. 10). The straight lines through the 
lata points of the alloys intersect zero volume fraction at the same 
ress values as those obtained from tests of the unalloyed zirconium. 
This fact strongly supports the assumption in this work, based upon 
the findings of Domagala and co-workers (1) and Hayes et al (11) 
that there is very little or no solid solution of ZrCrs in alpha zircon- 
ml. 

Little attention was paid to controlling the size, shape, and dis- 
tribution of the compound particles. Attempts were made to cal- 
culate mean particle radii, interparticle distances, and other relations 
fter Fullman (13), but results indicated that the tiny particles of 
compound were not sufficiently resolved to allow accurate calcula- 
tions to be made. Photomicrographs of the alloys are shown in Fig. 
12. However, it was expected on the basis of earlier experimental 
work in the titanium-silicon system (14) that within a wide scatter 
band the data might be represented by a straight-line relation be- 
tween true stress and volume fraction compound. 

The true stress at ep =0.002 was plotted versus 1/f as suggested 
by the modified Orowan relation (discussed later in this report) and 
true stress at e,=0.05 was plotted against f*/2 as suggested by 
Fisher, Hart and Pry (15). Although the data did not clearly dis- 
tinguish between the various ways of representing the volume frac- 
tion relation, nevertheless a better straight-line correspondence was 
obtained with f than with +/f or f?/2. 

The result that the flow stress is a nearly linear function of the 
volume fraction of ZrCre, for the range of particle sizes and numbers 
of particles shown in Fig. 12 suggests that the strengthening effect in 
this system is independent of the particular sizes, shapes, and num- 
ber of particles and simply approaches the law of mixtures. This in- 
dependence is not quite true since there are small positive deviations 
trom linearity as seen in Fig. 11 for the 1 and 3% alloys with a larger 
number of smaller particles. However, large particles are essentially 
as effective in blocking dislocation motion as small particles and it is 
simply a matter of a larger volume of particles being able to hinder a 
larger number of dislocations. 


In Figs. 13 and 14, the increase in strength at various tempera- 
tures is plotted against volume fraction ZrCr. for true stress at 
strains of 0.002 and 0.05. It is apparent that the numerical increase in 
strength due to the second phase is greater at lower temperatures. 
Part of these data are replotted in Fig. 15, where it can be seen that 
‘ffectiveness of the compound particles in raising the stress level 


th 
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Fig. 11—True Stress at ep =0.05 Versus Volume Fraction ZrCr2 at Various Test Temperatures 





of the flow curve is greater at larger strains. This would be antici 
pated from theory, since the function of particles would primarily b 
associated with strain hardening by piling up dislocation loops. 

In contrast to the ahsolute increase in strength, the normalized 
or per cent increase in true stress at a given strain due to the pres- 
ence of the second phase (calculated for a 0.1 volume fraction 
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ZrCrz alloy) is largest at 500°C (930°F), where the matrix unstrength- 


ened by solution hardening is behaving as unalloyed zirconium and 
particles may be acting to inhibit recovery or recrystallization. 
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Fig. 13—Increase in True Stress at ep =0.002 (approximately the 0.2% 
stress) Versus Volume Fraction ZrCre at Various Test Temperatures. 
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Fig. 14—Increase in True Stress at ep =0.05 Versus Volume Fraction ZrCre at Various 
Test Temperatures. 
The increases at —195, 25 and 300°C (—319, 77 and 570°F) wer 
about the same (see Table IV). Similar to the absolute increase in 
strength, the normalized increase was greater at larger strains. 

The theory of Fisher, Hart and Pry (15), an extension of Oro 
wan’s concept (16) of dislocation loops left encircling precipitate par- 
ticles, suggests an appreciable hardening increment resulting fron 
strain due to back stresses from the trapped loops. The maximun 
value of the stress increment, discussed further by Hart (17), is ob 
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Table IV 
Normalized Increase in Strength of a 0.1 
Volume Fraction ZrCr2 Alloy Due to Second-phase Particles 


Test 
Temperature Per Cent Increase in True Stress at 
» "FE €p =0.002 €p =0.02 €p =0.05 
195 —319 52 65 67 
25 77 58 57 75 
300 570 40 61 60 
500 930 45 80 88 


ind, 





Increase 


O 0.02 0.04 0.06 


True Plastic Strain 


Fig. 15—Increase in True Stress Versus True Strain at 
500°C (930°F) for the Several Zirconium-Chromium Alloys 

tained only after a finite amount of strain. Where there is no effect 
on yield strength and where there are spherical particles of uniform 
size, this maximum value is the steady-state value of the stress in- 
crement necessary to continue plastic deformation once shearing of 
the particles or surrounding matrix is sufficient to balance the resist- 
ance of newly-forming loops. Hart suggests a strain of about 10% 
to be necessary to achieve this steady-state maximum. In the case of 
copper-chromium alloys the maximum increment was reached after 
about 15% (18). The strains considered in the zirconium-chromium 
alloys are only as high as 5% because of the limited ductility of alloys 
rich in chromium, and so the increment of hardening due to ZrCr, 
should not be expected to be independent of strain. A marked effect 
of alloy additions on yield strength was found, as was a tendency 
toward a maximum strengthening increment in those alloys reaching 
larger strains. It seems apparent from these results, however, that 
alloys containing large amounts of second-phase particles are going 
to show a dependence of strengthening increment upon strain since 
the ductility is limited to strains less than 10%. 


Che modified? Orowan relation, o* =Gb/r+/3f/2, was used to 
calculate the room-temperature yield stress due to particle harden- 


Using the relation from Fullman (13) for uniform spherical particles, Ns =3f/2r?, where Ns is 
ber of particles per unit area, f is the volume fraction, and r is the radius of the particles; 


relation for the average distance of a particle from nearest neighbors in a plane, D2/ ./xN, 
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ing ina 10% chromium-zirconium alloy. The shear modulus \ 19 
was taken as 2540 kg/mm’, b is the Burgers vector, r th rac 
radius of the particles, and f the volume fraction. The calculatic 
was made for the 0.104 volume fraction alloy (10 atomic re 
mium) since the particles were large enough for an estimation of ¢] 


particle radius (about 5 X10~° cm). The calculated value fo: 
900 psi, which is to be compared with the increment of i: 

stress due to particle hardening of about 13,000 and a yield s 
of the particle hardened alloy, experimentally determined as 47,600 
psi. (Since o* has been considered as an increment of strengthenin 
due to particles as well as the actual yield strength which includes 
the strengthening due to particles, both values are compar 

with the calculated o*.) 

However, the calculated value of o* was considerably less thai 
the yield stress of the unalloyed zirconium containing no ZrCry part; 
cles and was also much less than the increment of strengthening dy 
to the ZrCr, particles. Thus, the calculations from the Orowan rela 
tion are not consistent with these data. The limitations of the method 
of the Orowan Theory have been discussed by Hart (17). 


~ 


ne re 


SUMMARY AND CONCLUSIONS 


1. The tensile properties of zirconium-chromium binary alloys 
containing up to 18 atomic % chromium are given for th 
temperature range —195 to 500°C (—319 to 930°F). The highest 
vield strength obtained at 500°C (930°F) was about 26,000 psi (fo: 
the 18% chromium alloy). 

2. Stress-strain data indicate no significant solution hardening 
and thus no significant solid solubility of the compound in alpha 
zirconium in agreement with Domagala et al, (1), and Hayes and 
co-workers, (11). 

3. A linear relation between flow stress and volume fraction o! 
compound was observed, suggesting that the strengthening effect 1 
this system follows the law of mixtures. 

4. An increasing strengthening contribution by the particles ol 
the compound was found at decreasing temperature, whereas the 
contribution in a normalized sense (per cent increase in strength 
compared to the matrix without ZrCr. compound particles) was es- 
sentially constant in the temperature range where the alloys were 
stable. At the highest temperature, a greater normalized contribu- 
tion was made. 

5. The particle-hardening effect was found to increase with 
increasing strain in the range 0.002 to 0.05 true strain. 
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DISCUSSION 


Written Discussion: By W. Chubb, metallurgical enginee: 
Memorial Institute, Columbus, Ohio. 

Dr. Keeler’s results on zirconium-chromium alloys show considerab| 
from those obtained by Muehlenkamp and myself (3). In particular, I n 
Dr. Keeler gives a value of 35,000 psi for the 0.2% offset yield strengt 
melted iodide zirconium annealed at 800°C (1470°F). Our value for ar 
iodide zirconium annealed at 700°C (1290°F) was 15,000 psi. Values of 
strength of extremely pure zirconium range from 7000 to 10,000 psi 
Treco* gives 18,700 psi as the 0.2% offset yield strength of zirconium 
0.055 weight % oxygen. I wonder if Dr. Keeler can offer an explanatio 
unusually high value obtained. 

As a word of caution to anyone else desiring to roll zirconium alloy 
cans, there is a eutectic in the zirconium-iron system at 934°C (1705°F). R: 
zirconium in contact with steel near, or above 934°C (1705°F), can easily ri 
catastrophe from rapid reaction of iron and zirconium to form liquid. 


Author’s Reply 


The high value for the yield strength of unalloyed zirconium used in this 
vestigation resulted from the presence of oxygen and nitrogen impurity. TI 
alloyed zirconium was prepared by arc-melting in a conventional single heart 
furnace in the same manner that the zirconium-chromium binary alloys were pr 
pared. In the early part of this investigation when the high chromium compositions 
were melted, only this one furnace was available for melting small ingots. Later 
multihearth furnace was constructed and then ingots having the benefit of a prio. 
“setter”? melt and having a fine grain size exhibited a yield strength of 17,000 ps 
at room temperature. However, for proper interpretation and handling of results 
the zero chromium composition (or unalloyed zirconium) must be prepared i 
manner similar to that of the alloys containing chromium. 

Later test data using zirconium and zirconium-chromium alloys with lowe: 
impurity content confirmed the relatively minor strengthening effect of chromiur 
In these data, however, the general stress level was lower as a result of the lower 
impurity level. Since only the low chromium levels were re-examined and the 
row composition range does not so clearly illustrate the effect of volume fractio 
second phase, the data was omitted for sake of briefness. (A report concerning lower 
impurity level material and volume fraction second phase effects is now being 
prepared for publication.) 

If only the added strength due to chromium content is considered by sul 
tracting the strength of unalloyed zirconium from that of the alloy, the results o! 
Chubb and Muehlenkamp (3), Anderson, Hayes, Roberson, and Kroll (2), anc 
this investigation do not differ widely. 

In regard to sheath rolling, fortunately the oxide coating on the inner sur 
faces of the sheathes minimizes the metal to metal contact and bonding of th 
iron and zirconium is inhibited. 


3B. Lustman and F. Ker’e, ‘‘The Metallurgy of Zirconium,’’ published by McGraw-Hill 1955 
4**ZIRCONIUM AND ZIRCONIUM ALLoys,” 1953, published by the American Society for Met 
Cleveland. 








ZIRCONIUM-GERMANIUM ALLOY SYSTEM 


By O. N. Carson, P. E. ARMSTRONG AND H. A. WILHELM 


Abstract 

The zircontum-germanium system has been investi- 
vated by microscopic, thermal and X-ray methods. Four 
intermediate phases, Zr3;Ge, ZrsGe;, ZrGe and ZrGez have 
been proposed on the basis of microstructures and X-ray 
data. Zr;Ge undergoes a peritectic transformation at 585°C 
(2885°F), ZrGe at 2240°C (4065°F) and ZrGes at 1520°C 
(2770°F). ZrsGe; melts congruently at approximately 
300°C (4170°F). There is a eutectic at 535°C (2795°F) 
at the composition 7.7 weight per cent germanium. There is 
limited solid solubility of germanium in zirconium and 


negligible solid solubility of zirconium in germanium. 
(ASM-SLA Classification: M24, Zr, Ge) 


INTRODUCTION 
N RECENT years zirconium metal, because of its favorable 
| nuclear, mechanical and chemical properties, has assumed major 
importance as a structural material in nuclear reactors. The effect of 
alloying additions upon the mechanical properties and corrosion re- 
sistance of zirconium has therefore been of considerable interest. 
Since data regarding the fundamental properties and phase re- 
lationships with other elements are important in considering appli- 
cations of a metal, the investigation of the zirconium-germanium 
system has been undertaken. This work is a part of a research pro- 
gram on the physical metallurgy of zirconium and its alloys. Al- 
though one compound, ZrGe2, has been reported by Smithells (1),! 
no reference to any work on the phase diagram of this system has 
been found in the literature. 


EXPERIMENTAL PROCEDURES 

Materials. At the outset of this investigation the only zirconium 
readily obtainable was grade 3 crystal bar from Westinghouse 
\tomic Power Division at Pittsburgh, Pennsylvania. The surface 
hlm of corrosion product resulting from grade designation tests was 
removed by wire brushing. Later grade 1 crystal bar zirconium 
became available from the same source and this was used in most of 
the alloys investigated. 

lhe figures appearing in parentheses pertain to the references appended to this paper. 


he authors, O. N. Carlson, P. E. Armstrong and H. A. Wilhelm are asso- 
ed with Institute for Atomic Research and Department of Chemistry, lowa 
te College, Ames, Iowa. Manuscript received April 18, 1955. 
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Germanium metal in the form of irregular lumps and in ; 
form was obtained from the Belmont Smelting and Refining 
pany. According to the suppliers’ specifications the lump met 
of a 99.9% purity whereas the powder was spectrographically py, 
The powder was converted to massive form by first heating to 650% 
(1200°F) in a hydrogen atmosphere to reduce any residual oxid 
then melting under a vacuum of less than 10-4 mm of mercu: 
graphite container. This material was easily fractured into s: 
pieces for use in sample preparation. 


Vas 


a 


el 


Preparation of Alloys 

Alloys weighing 20 to 80 grams were prepared by arc meltii 
the massive metals together under a helium atmosphere, using 4 
water-cooled copper crucible and a tungsten electrode. Alloys co: 
taining greater than 80% germanium were prepared by co-melting 
in graphite in vacuo. 

Samples were carefully weighed before and after arc melting, 
the loss in weight being ascribed to volatilization of germanium. 
Chemical analyses were obtained on several of the alloys and the 
results were found to agree quite well with the compositions cal 
culated from weight losses. 


] 
A 


In the preparation of alloys containing very low percentages 
of germanium, portions of a chemically analyzed 7.7% germanium 
alloy were added to zirconium. Weight losses on alloys thus pre- 
pared were extremely small, indicating reasonable accuracy in the 
estimated compositions. Table I lists the alloys employed in this 
investigation and the composition of each. 

The analyst felt that the germanium analyses tended to be low 
while the zirconium values were considered to be more accurate. For 


Table I 





Zr-Ge Alloys Used in Investigation 
Estimated Intended Estimated 
Intended Chemical from Compo- Chemical from 
Composition Analysis Weight Loss sition Analysis Weight I 
wt. % Ge wt. wt. wt. % Ge wt. % Ge wt. wt. wt. % Ge 
% Ge %Zr % Ge %Zr 
0.17 0.17 25.0 24.0 
0.50 0.47 30.0 70.82 27.4 
0.60 0.50 32.0 30.7 
1.00 0.95 35.0 30.60 68.75 31.2 
3.0 — 37.5 35.3 
7.0 5.96 93.8 6.1 40.0 34 7 
8.0 6.0 92.3 7.7 41.0 38.5 
10.0 10.0 44.0 43.0 
12.0 12.0 46.0 45.1 
14.0 13.0 87.2 13.8 54.3 51.0 
16.0 12.5 85.0 15.0 56.0 53.3 
18.0 82.1 18.0 61.4 56.6 39.0 61.0 
18.5 15.8 70 68.1 
19.5 17.6 80 73 
20.0 17.8 83 83 
20.0 19.5 96 96 
22.0 20.4 80.5 20.2 
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this reason the compositions of most of the alloys will be referred to 
on the basis of the zirconium analysis or calculated from the weight 
loss. 

Examination of Alloys 

[he presence of peritectic reactions in the system resulted in 
nonequilibrium structures in many of the alloys as-arc-melted. 
Homogenization treatments were conducted on most of the alloys 
in this investigation, the heating being carried out either in induc- 
tion or graphite resistor furnaces in vacuo. The specimens were 
contained in a graphite crucible during this treatment. High tem- 
perature quenches were done by suspending the samples in the 
furnace with a fine tungsten wire. At the desired time, the tungsten 
wire was fused by a high electric current, dropping the sample into a 
reservoir of molten Wood’s metal while still under vacuum. 

The melting temperatures of most of the alloys in this system 
are above the range of commonly used thermocouples. Thus two 
other techniques have been employed in locating the eutectic and 
peritectic horizontals. In one method a small hole was drilled in the 
sample and the melting temperature was observed by sighting on 
the hole with an optical pyrometer during heating. The first appear- 
ance of liquid in the hole was readily detected and has been called 
the solidus temperature. The incipient melting method was used for 
temperatures around 2000°C (3630°F). This consists of heating 
small samples to various temperatures, quenching or rapidly cool- 
ing, and then examining the microstructures for evidence of partial 
melting. 

For measuring transitions occurring in the lower temperature 
range, cooling curves were run using a differential thermocouple 
circuit. This circuit consisted of a chromel-alumel thermocouple 
placed in the alloy specimen and another in a reference specimen, 
usually of pure nickel. Both the sample and the neutral body were 
heated in a resistance furnace in vacuo. A Leeds and Northrup 
Speedomax x-y recorder measured simultaneously the specimen 
temperature and the temperature difference between the two bodies. 


EXPERIMENTAL RESULTS 

On the basis of microscopic evidence, X-ray diffraction data, 
thermal analyses and melting observations, a phase diagram has 
been proposed. The proposed diagram together with a plot of the 
thermal data are shown in Fig. 1. 

Four intermediate phases have been detected in the system and 
have been assigned formulae based upon microscopic and X-ray 
data. These phases are a stable high melting compound, Zr;Ge;, and 
peritectic compounds corresponding to Zr;Ge, ZrGe and ZrGe». 
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Fig. 1—Zirconium-Germanium Phase Diagram 


The meking point of zirconium is lowered by the addition of 
germanium forming a eutectic at 1535°C (2795°F). A 1.0 wt. % 
germanium alloy contains a small but detectable amount of the 
eutectic as can be seen in Fig. 2, and a 7.7% alloy (Fig. 3) is inter- 
preted as lying very close to the eutectic composition. The peritectic 
compound, Zr3Ge, can be seen in a 13% alloy (Fig. 4) as the primary 
phase in a eutectic matrix. The peritectic nature of this phase is 
evident in an as-arc-melted 15% alloy (Fig. 5) in which Zr;Ge 
surrounds the initially precipitated crystals of Zr;Ge;. The reaction 
is ZrsGe;+melt (14% Ge)=—ZrsGe at 1585°C (2885°F). This 
reaction causes considerable difficulty in attaining complete equili- 
brium in alloys close to the theoretical composition of Zr;Ge. Fig 
6 is a micrograph of a 20.4% Ge alloy which has been annealed for 
20 hours at 1500°C (2730°F). This alloy consists principally of 
ZrsGe but contains small areas of unreacted zirconium and Zr;Ge 
The peritectic horizontal has been located at 1585°C (2885°F) by 
observed partial melting and by quenching experiments as plotted 
in Fig. 1. 
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Fig. 2—1% Ge Alloy As-Arc-Melted. Primary zirconium with eutectic along grain 
boundaries. Etchant: 2 parts HNOs, 1 part H2SOs, 1 part HF, 1 part He2O. «250. 


Fig. 3—7.7% Germanium Alloy As-Arc-Melted. Eutectic structure. Etchant: 1% HF 
in conc. HNOs. 250. 


_ Fig. 4—13% Germanium Alloy As-Arc-Melted. Primary ZrsaGe in eutectic matrix 
Etchant: 1% HF in conc. HNOs. 250. 


Fig. 5—15% Germanium Alloy As-Arc-Melted. Primary ZrsGes surrounded by peri- 
tectically formed Zr3Ge, in eutectic matrix. Etchant: 1% HF in conc. HNOs. 250. 


X-ray powder patterns of an 18% alloy have been indexed on 
the basis of a hexagonal lattice with a = 8.14 A and c=7.17 A. From 
atomic volume and density considerations the phase corresponds 
most simply to the formula Zr;Ge with 5 molecules/unit cell. 
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Fig. 6—20.4% Germanium Alloy Annealed at 1500°C (2732°F) for 20 Hours. Unreacted 
Zr (light phase) and ZrsGes (cracked phase) in matrix of Zr3Ge. Etchant: 2 parts HNOs, 1 
part H2SOs, 1 part HF, 1 part HeO. 250. 


Fig. 7—24% Germanium Alloy Annealed at 1500°C (2732°F) for 5 Hours. Primary 
ZrsGes in clear matrix of ZrsGe. Etchant: 2 parts HNOs, 1 part H2SO«, 1 part HF, 1 part 
H20. X250. 


Fig. 8—24% Germanium Alloy Annealed at 1700°C (3092°F) for 10 Minutes 
and Quenched. Primary ZrsGe in coarsened eutectic matrix. Etchant: 1% HF inconc. HNO 
«250. 


Fig. 9—27.5% Germanium Alloy Annealed at 1500°C (2732°F) for 20 Hours. Primary 
ZrsGes in ZrsGe (clear phase) matrix. Etchant: 2 parts HNOs, 1 part HeSO«, 1 part HF, 1 part 
H20. X250. 












A 24% alloy which has been annealed at 1500°C (2730°F) con- 


tains mixed crystals of Zr;Ge and Zr;Ge; as is evident from Fig. 7. 
That the ZrsGe phase of this alloy undergoes incongruent melting 
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Fig. 10—31.2% Germanium Alloy Annealed at 1350°C (2462°F) for 20 Hours. Primary 
ZrsGes with ZrsGe (dark areas) along crystal boundaries. Etchant: 2 parts HNOs, 1 part 
H2SO;, 1 part HF, 1 part H2O. 250. 





Fig. 11—35.3% Germanium Alloy Annealed at 1650°C (3002°F) for 20 Hours. Mixed 


rystals of ZrsGez3 (with cracks) in ZrGe matrix. Etchant: 2 parts HNOs, 1 part H2SOu, 1 part 
HF, 1 part HeO. 250. 


Fig. 12—43% Germanium Alloy Annealed at 1700°C (3092°F) for 1% Hours. Badly 


racked one-phase alloy of ZrGe. Etchant: 2 parts HNOs, 1 part H2SOu, 1 part HF, 1 part 
H20. 250. 


Fig. 13—53.3% Germanium Alloy Annealed at 1500°C (2732°F) for 4 Hours. Darker 
primary crystals of ZrGe in matrix of ZrGez. Etchant: 2 parts HNOs, 1 part H2SOs, 1 part 
HF, 1 part H20. 250. 


above 1585°C (2885°F) is shown by quenching the alloy from 1700°C 
3090°F) (see Fig. 8). 


Microscopic investigation has provided evidence for another 








850 TRANSACTIONS OF THE ASM 





16 17 


Fig. 14—61% Germanium Alloy Annealed at 1350°C (2462°F) for 20 Hours. Nearly 
single-phase ZrGez. Etchant: 2 parts HNOs, 1 part H2SO,:, 1 part HF, 1 part H2O. «250 


Fig. 15—81% Germanium Alloy As-Cast. ZrGeez crystals in a matrix of germanium. 
x 250. 


Fig. 16—0.5% Germanium As-Arc-Melted. Decomposed beta zirconium with no evi- 
dence of a second phase. Etchant: 2 parts HNOs, 1 part H2SO«, 1 part HF, 1 part H2O. 250 


Fig. 17—98% Germanium Alloy As-Cast. Needle-like crystals of ZrGe2 in a germaniu: 
matrix. Etchant: 1% HF in conc. HNOs. X75. 


one-phase region occurring around 32% germanium. Figs. 9 and 10 
are micrographs of a 27.5% and a 31.2% germanium alloy respec- 
tively. From this and other similar evidence the formula ZrsGe; 
(theoretical composition 32.2% Ge) has been assigned to this phase. 
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rhe compound is quite brittle and cracks upon solidification, result- 
‘ng in alloys which require very careful metallographic preparation 
‘n order to reveal their actual microstructures. Zr;Ge; melts congru- 
ently at 2300+50°C (4170+90°F). 

The 31.2% alloy was annealed at 1960°C (3550°F) and an 
X-ray powder pattern taken. This, diffraction pattern has been 
indexed as hexagonal with a=7.99 A and c=5.54 A. The formula 
7r,Ge; with 2 molecules/unit cell is in agreement with atomic vol- 
ume and density considerations. The X-ray density of 7.29 ¢./cc. 
calculated from atom weights and cell dimensions compares favor- 
ably with the measured density of 7.12 g./cc. of the 31.2% alloy. The 
volume of the unit cell, 306, AS, is only slightly smaller than the cal- 
culated cell volume of 326 A* based on atom volumes in the respec- 
tive metal lattices. This structure appears to be isomorphic to that 
of ZrsSn; as found by H. Smith (2), and to Ti;Sn;, TisGes, and Ti;Si; 
reported by Pietrokowsky and Duwez (3). 

At higher germanium compositions evidence for a third inter- 
mediate phase appears. A 35.3% Ge alloy (Fig. 11) is observed to 
contain mixed crystals of Zrs;Ge; and another equally brittle phase. 
As can be seen from Fig. 12 the 43% Ge alloy lies close to a one 
phase region. This phase has been tentatively assigned the formula 
ZrGe corresponding to 44.2% germanium. Based on incipient melt- 
ing experiments ZrGe undergoes peritectic decomposition at about 
2240°C (4065°F). These data have been plotted in Fig. 1. Efforts to 
index the complex powder pattern of this phase have been unsuc- 
cessful although the presence of such a phase has been confirmed 
by powder data. 

At higher concentrations of germanium a fourth intermetallic 
phase, ZrGes, appears. A 53.3% germanium alloy contains about 
equal quantities of the phases ZrGe and ZrGe, (see Fig. 13), whereas 
1 61% alloy consists almost entirely of ZrGe. (Fig. 14). A single 
crystal of this phase was isolated and from precession data it was 
shown to belong to the, orthorhombic 4 space group D'%,-Cmem with 
a=3.76 A. b=14.97 A and c=3.79 A. This was in agreement with 
values reported for ZrGe. by Smithells (1). J. F. Smith (4) has de- 
termined the structure for the compound from intensity data. There 
re 4 molecules/unit cell with atoms located at three four-fold po- 
sitions: 


0 7 \4 04 y 14, } oat+y, } ’ 4, l6—y, 34 


The parameters have been evaluated as follows: 


Yzr =0.106, 
Ygey, = 0.750, 
Yge;; =0.445. 
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Alloys in the composition region around ZrGe. undergo 
melting at 1520°C (2770°F) as can be seen from the data 
Fig. 1. This is interpreted as a peritectic horizontal. 

An alloy containing 81% germanium contains two 
phases as shown by Fig. 15. X-ray powder patterns taken of th; 
alloy identify the phases present as ZrGe. and germanium 
solidus in this region has been determined from cooling curve: 
temperature horizontal at 933°C (1710°F), near the melting 
of germanium. 

There appears to be some solid solubility of germanium in 7; 
conium. A 0.5% Ge alloy contains one phase as-arc-melted (see 
Fig. 16). This would indicate a maximum solid solubility at th 
1535°C (2795°F) eutectic temperature of slightly more than 0.5% 
germanium since, as was shown in Fig. 2, a 1.0% germanium allo, 
contains areas of eutectic. The 0.5% alloy after annealing at 850% 
(1560°F) for 72 hours contained only a single phase while the ev- 
tectic structure remained in the 1% alloy after the same treatment 
This indicates an alpha solid solubility of at least 0.5°% but less than 
1% germanium at the transformation temperature. 

There appears to be no solid solubility of zirconium in ger. 
manium. A 98% germanium alloy contains primary crystals of ZrGe 
in a germanium matrix (see Fig. 17). The lattice constant was de- 
termined for the germanium phase in a 78% germanium alloy and 
found to be 5.655 + 0.002 A. This when compared with the measured 
value of 5.657 +0.002 A for the germanium used in this work, indi- 
cates that there is little if any solid solubility of zirconium in ger 
manium. 


DISCUSSION OF RESULTS 
Although empirical formulae have been assigned to all four 
intermediate phases, only ZrGez has been definitely identified. Al- 
though it has been established in this investigation that a one phase 
region occurs very close to the theoretical composition of Zr;Ge, the 
structure and exact composition of this phase have not been full) 
determined. A powder pattern of the phase contains over 70 lines 
of which all but 6 or 8 can be adequately accounted for by the pro- 
posed hexagonal lattice. No intensity calculations have been made, 
however, and there is rather poor agreement between the X-ray 
density of 6.48 g./cc. and the measured density, 6.84 g./cc. 

The compound, ZrsGe;3, seems to be adequately verified by the 
X-ray and metallographic evidence presented above and by its 
apparent isomorphism to identified compounds in similar systems. 

The formula ZrGe has been tentatively assigned from micro- 
scopic evidence and also on the basis of analogous compounds ZrSi 
and ZrSn reported by Schachner (5) and by Lundin (6) respec- 
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ively. Several attempts have been made to isolate a single crystal 
of this phase. In all cases what appeared to be single crystals later 
were shown by rotation patterns to be oriented polycrystalline 
bundles. 
Che melting point of germanium was found to be quite sensitive 
to impurities and to vary from 933 to 948°C (1711 to 1740°F) for 
the germanium used in this study. In an effort to obtain a purer 
form of the metal for melting point studies C.P. GeO» was obtained 
from Fairmount Chemical Company. This was reduced with purified 
hydrogen at 650°C (1200°F) and melted in a graphite crucible under 
a high vacuum. The melting point was determined on several sam- 
ples of this material as 925+2°C (1697°F). This value is about 10 
lecrees lower than the value of 936°C (1717°F) reported by Greiner 
7) for very pure germanium and far below the older literature value 
f 958°C (1756°F) (8). The electrical resistivity of the purest ger- 
manium used by the authors was 3.2 ohm-centimeters compared to 
20 ohm-centimeters for the metal used by Greiner. A melting point 
of 936°C (1717°F) has been used in the construction of the phase 
diagram. 

Data on the zirconium transformation horizontal at 895°C 
1643°F) have been obtained from alloys prepared from grade 3 
crystal bar. This material transforms over a range of temperatures 
from 860 to 880°C (1580 to 1615°F) probably due to oxygen con- 
tamination. The authors feel that the temperature of the 895°C 
horizontal would be somewhat lower if the alloys were prepared 
from grade 1 zirconium, but would still be peritectic in nature. Be- 
cause of this degree of uncertainty in these data the phase relation- 
ships near the transformation temperature of pure zirconium have 
not been fully represented in the diagram. 


( 
{ 


SUMMARY 


An investigation of the zirconium-germanium system covering 
the complete composition range was conducted and the following 
salient features were established: 

(a) The maximum solid solubility of germanium in zir- 
conium is between 0.5 and 1.0% germanium. 

(b) A eutectic forms between zirconium and the zirconium- 
rich compound, Zr3;Ge, at 7.7% germanium. The eutectic tem- 
perature is 1535°C (2795°F). 

(c) The proposed compound, Zr;Ge at 20.9% Ge decom- 
poses peritectically at 1585°C (2885°F) according to the reac- 
tion Zr;Ge=Zr;Ge3;+melt (14% Ge). 

(d) ZrsGe; at 32.2% Ge melts congruently at 2300+50°C 
(1470+ 90°F). 
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(e) Another peritectic compound, ZrGe, has the | : 
formula ZrGe at 44.2% Ge. It decomposes at 2240°C (4:,759 
according to the reaction ZrGe=Zr;Ge;+ melt. 

(f) The fourth compound of the system, ZrGes, . 
61.4% Ge, and decomposes at 1520°C (2770°F) acco: 
the reaction ZrGe.—ZrGe+melt. 

(g) The solidus in the germanium-rich region occu 
temperature horizontal at 933°C (1711°F). 
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PHASE RELATIONS IN MG-LI-ZN ALLOYS 


sy A. F. WEINBERG, D. W. LEVINSON AND W. ROSTOKER 


Abstract 
A study was made of equilibrium phase relations in the 
system Mg-Li-Zn by the methods of metallographic thermal 
and X-ray diffraction analysis. Isothermal sections are pre- 
sented for the temperatures of 400, 300, 200 and 100°C 
(750, 570, 390 and 2/0°F). A vertical section, derived from 
the isotherms 1s also presented. 

A ternary phase of wide miscibility was identified. The 
ternary phase Mg-Li.-Zn was not found to be an equilibrium 
phase at any of the temperatures studied. (ASM-SLA 
Classification: M24, Mg, Li, Zn) 


INTRODUCTION 


HE results of an alloy development study on Mg-Li-Zn alloys 

were reported by Dow Chemical Company in 1951 (1).! In 
veneral, the alloys studied were characterized by very high com- 
pressive yield strength, but poor ductility. The high strength prop- 
erties available in this system were not stable at room temperature 
or slightly elevated temperatures. It was found that the best com- 
bination of properties at a high strength level was obtained in the 
alloy Mg-7Li-16 to 20Zn (weight %). 

Alloys of this system are age hardening. Precipitation occurs 
very rapidly upon quenching, though maximum properties are ap- 
parently not reached until several days of aging at room tempera- 
ture. It was postulated (2) that the aging mechanism is due to the 
precipitation of the ternary compound, MgLieZn. The only un- 
ambiguous evidence of this phase has been the observation of X-ray 
diffraction patterns whose lines can be indexed as a cubic lattice 
with a cell parameter of 6.70A (see Table IX). It has never been 
positively established that the X-ray pattern corresponding to what 
is called MgLisZn actually corresponds to a phase with this stoi- 
chiometry. The phase-temperature relationships for the alloy Mg- 
/Li-16Zn were reported as follows: 

Above 750°F (399°C) —two phase 

solutions. 

Between 750°F (399°C) and 300°F (149°C)—three phase— 

cubic and hexagonal solid solutions plus MgLiZn. 


cubic and hexagonal solid 





lhe figures appearing in parentheses pertain to the references appended to this paper. 


Of ‘the authors, A. F. Weinberg is with the U.S. Navy; D. W. Levinson is 
Supervis sor, Nonferrous Metallurgy Research, and W. Rostoker is supervisor, 
Physical Metallurgy Research, Armour Research Foundation, Chicago. Manu- 
script received February 10, 1955. 
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Below 300°F (149°C) —three phase—cubic and hexago: 
solution plus MgLipZn with MgLiZn often present 
not under equilibrium conditions. 


A four phase reaction was postulated at about 300°F (149% 
Further study on phase-temperature relationships y 
ducted by Jones, et al. (3). Isothermal diagrams at 700°F (371% 
and 500°F (260°C) were presented showing the extent of 
(Mg+8) and (Mg) phase fields together with the identifica 
the fields bounding the above phase fields. A feathery pre 
appearing along the boundaries of large grains of beta solid solutio, 
was found in some alloys. This was identified as MgLioZn by X-r 
diffraction. However, on the basis of the isotherms presented, thes, 
investigators concluded that MgLisZn was a nonequilibrium striy 

ture which formed from the beta during quenching. 

The aim of the present investigation was to establish the equi 
librium phase relationships more definitely by using a wider con 
position range than was formerly studied. This was done at severa 
temperatures, and special interest was shown in the attempt to find 
whether MgLinZn exists as an equilibrium structure. 


EXPERIMENTAL PROCEDURE 


Alloys for this study were prepared from high purity materials 
described in Table I. Because of the known influence of sodium on 
the mechanical properties of these alloys (4), metals and fluxes of 
the lowest possible sodium content were employed. 

The charges were melted in molybdenum crucibles. The melting 
was done under both a LiCl-LiF flux and an argon blanket in a 
vertical tube furnace. The flux composition was 3 parts LiCl, 1 part 
LiF by weight and normally amounted to about 25% of the charge 
weight. All melts were chill cast in a cast iron mold. Spectrographi 
analysis was used on several samples to determine the molybdenum 
pick-up. In all cases the tests showed no contamination. 

The nominal compositions studied are shown in graphical form 
in Fig. 1. Chemical analyses have been carried out on alloys which 


Table I 
Materials Used 





Materials Source Purity 


Lithium Maywood Chemical Co “Special grade low Na, low Cl lithium.”’ Na guarantee 
Maywood, New Jersey <0.02% and should be <0.001%. 


Magnesium Dow Chemical Co Re-distilled high purity magnesium. Total impurit 
content <0.05%. 


Zinc Merck and Co High purity. Low As, Fe, Pb. Total impurity 
Rahway, New Jersey <0.03%. 
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Fig. 1—Nominal Compositions of Mg-Li-Zn Alloys. 


appear to delineate phase boundaries and on other alloys for which 
the analyzed composition was, for one reason or another, desired. 


Generally good control of alloy composition was indicated. 


Aceti 


Modifi 


The ingots were broken or sawed into pieces suitable for heat 
treatment. The specimens were wrapped in aluminum foil, provided 


Picral (AP) 


1 acetic picral (MAP) 


l-acetic-nitric (GAN) 


Table Il 
Etchants Employed for This Study 





Composition 


10 gm citric acid 
90 ml ethanol (95%) 


Action 
8 tan to black, @ light cream, (Mg 
gray. LiZn very light gray 
4 gm picric acid 8 light brown to black, (Mg) tan, 
100 ml ethanol (95%) stains @ and LiZn 
10 ml HO 


5 ml glacial acetic acid 


10 ml AP Slower acting version of AP 
90 ml ethanol (95%) 


60 ml ethylene glycol 8 light gray to black, @ very light 
19 ml HeO 


cream, (Mg) light tan, LiZn gray 
20 ml glacial acetic acid 
1 ml con. HNOs 
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Fig. 2—Powdering Apparatus. 


with a stamped tag for identification, and were sealed in pyre 
bulbs under a partial pressure of argon. Heat treatments were con- 
ducted at temperatures of 400, 300, 200, and 100°C. Preliminary 
experiments indicated the following annealing times were sufficient 
for equilibration: 


400°C (750°F) 24 hours 
300°C (570°F) 42 hours 
200°C (390°F) 100 hours 
100°C (210°F) 310 hours 


The heat treatment schedule was: 
1. Homogenize 24 hours at 400°C (750°F). 
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Fig. 3—400°C (750°F) Isotherm for System Mg-Li-Zn. 


2. Furnace cool to annealing temperature and hold for times 
listed above. 

3. Quench to room temperature. 

Because of the possibility of destroying the desired isothermal 
equilibrium by low temperature aging, the specimens were mounted 
in a room temperature setting medium known as “Epon” manu- 
factured by Shell Oil Company. The normal polishing procedure was 
followed except that some specimens which were very reactive re- 
ceived their final polishing on a wheel on which the carrier was min- 
eral oil rather than water. Etching reagents employed in this study 
are listed in Table IT. 





Table III 


Reported Structures of Phases Occurring in the Alloys Studied 
Phase* Structure Parameter Source 
@ (MgLiZn) cubic 7.45 A (5) 
MgZn: hexagonal a=5.15A c/a=1.65 
§ (LiZn) NaTI1 (cubic) 6.20 A (S) 
MgLi2Zn cubic 6.7 A (5) 


*This terminology corresponds to that used in the isotherms presented. 
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300°C (570°F) Isotherm for System Mg-Li-Zn 


An X-ray diffraction program was conducted to supplement th 
metallographic study in order that the identification of phases i 
the system would be most positive. Specimens were prepared fron 
the heat treated samples. 

Due to the extreme reactivity of the alloys, the powdering was 
done under vacuum in the device pictured in Fig. 2. In no case was 
a stress relief annealing treatment used on these powders since it 
was found that during any such anneal there was appreciable re- 
action of the specimen with the glass capillary and distinct evidenc 
of volatilization of magnesium and lithium. Patterns were obtained 
in 14.4 cm diameter Debye-Sherrer cameras with nickel-filtered 
copper radiation. The reflections were indexed by comparison wit! 
calculated d values from the reported structures of the phases. Th 
structures and parameters of the phases previously reported ar 
given in Table III. 

To find the boundaries of the liquid fields which were present 
at some of the temperatures studied thermal analysis was used. A 
calibrated iron-constantan thermocouple, placed inside a protectiv 
molybdenum sheath, was inserted in 10 gm melts. The data wer 
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Fig. 5—200°C (390°F) Isotherm for System Mg-Li-Zn 


recorded on a Leeds and Northrup ‘‘Azar Speedomax”’ with a chart 
speed of 2 inches per minute. 


RESULTS 


Data obtained from the alloys studied are summarized in the 
isothermal diagrams, Figs. 3,4,5, and 6. These isotherms are pre- 
sented on an atomic % scale due to the great disparity in density 
of one of the components. The tie lines shown are hypothetical and 
serve only to designate two-phase fields. The solid lines drawn on 
the isotherms are believed to be accurate since they are delineated 
in most cases by special study of several critical alloys. The one 
exception is the delta field, whose miscibility was fixed by the in- 
tersection of the sides of the three phase triangle terminating at this 
phase. The dashed lines represent a best guess at the location of 
boundaries in instances in which no actual experimental alloys, or 
prior knowledge, permitted a precise location. The liquid fields 
shown in the 400°C (750°F) and the 300°C (570°F) diagrams are 
based upon cooling data. 
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Fig. 6—100°C (210°F) Isotherm for System Mg-Li-Zn. 


The phase field designations are based upon identification ot 
the phases by the metallographic techniques described in a previous 
section. Cerroboration of the metallographic interpretations was ol 
tained by analysis of X-ray diffraction powder patterns. A summar 
of the phase verification program is given in Table IV. 


Table IV 
Summary of Phase Verification Program for the Mg-Li-Zn System 
Alloy Composition 
At. % Equilibration Metal- 
Mg Li Zn Temperature °C lography X-Ray 
75 20 5 400 Mg+8-+0 Mg+8+0+ MegLirZ 
30 25 45 400 6+? 6 
35 30 35 400 8+0 B+é 
25 30 45 400 0+5 6+6 
50 35 15 400 B+0 8+0+MegLieZ: 
15 40 45 400 6+6+L 6+6+8+ MgLieZ 
40 45 15 400 B+0+L 6+6+8+MgLi:Z 
30 65 5 300 B+6 B+6 
25 25 50 300 6+65+8 6+6+8 
25 40 35 300 6+65+8 6+6+8 + MgLioZ 
25 45 30 300 6+6+ 2, 6+65+8+MegLieZ: 
30 50 20 300 6+65+8 6+6+8+MeLixZ: 
75 20 5 200 Mg+8+0 Mg+8+6+MgLieZ 
70 25 5 200 Mg+8s-+0 Mg+6+0+MgLirZ 
82.5 15 2.5 200 Mg+@ Mg+é 
75 22.5 2.5 200 Mg+8+0 Mg+6+0+MeLiZ 
15 50 35 


200 B+8 B6+3+MgLisZn 
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Fig. 7—Photomicrograph Showing the @ Phase. 


The X-ray diffraction line sequences used for identification of 
3, (Mg), the ternary intermediate phase, @ (see discussion in a later 
section of this paper), MgLieZn (Dow designation), and LiZn (8) 
ire given in Tables V, VI, VII, VIII, and LX. There was no indica- 
tion of large parameter changes in 6 and MgLi.Zn due to compo- 
sition variation. LiZn (8) exhibited a large parameter change 
between the single phase specimen examined and specimens where 
delta coexisted with one or more other phases (see Table VIII). 

The present investigation agrees with the results of Jones, et al 
as to the identification of the phase fields presented. Slight differ- 
ences are noted in the extent of the miscibility of the beta field, and 
marked differences are seen in the directions of the phase field 
boundaries. 

A phase was found to exist in many specimens whose etching 
characteristics, X-ray diffraction line sequence, and lattice param- 
eter were the same as the phase called MgLiZn. Although this phase 
exhibits a wide range of miscibility, at none of the temperatures 
examined did the field include the stoichiometric composition 
\MegLiZn. For this reason the symbolism @ has been used to designate 

TableV 
X-Ray Identification of 8 Phase 


Heat No. BB 1 


I dobs d*calc Identification 
s 2.485 2.50 (110) 

Ww 1.758 1.75 (200) 

- 1.436 1.43 (211) 

Ww 1.243 1.24 (220) 

w 1.112 1.11 (310) 

f 1.015 1.01 (222) 

Ww 0.940 0.940 (321) 

w 0.892 0.880 (400) 

w 0.829 0.830 (411/330) 
vw 0.787 0.784 (420) 


Based on BBC structure a, =3.50 A. 
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Table VI 
X-Ray Identification of (Mg) Phase 





Heat No. BB 1 
I dobs d*calc Identificati 


769 (10.0) 
567 57 (00.2) 
.435 42 (10.1) 
881 87 (10.2) 
597 58 (11.0) 
382 37 (20.0 
355 35 (11.2) 
334 32 (20.1) 
.282 .28 (00.4) 
.216 21 (20.2) 
161 .16 (11.3) 
.075 .07 (20.3) 
045 03 (00.5) 
m .024 1.01 (12.1) 
vw .000 0.998 (11.4) 
vw 0.962 0.963 (10.5) 
vw 0.824 0.821 (20.5 


Ss 
s 


nN 
~ 
wn 


s 


Ss 
Ss 
vw 
vw 
vw 
w 
Vw 


enh fe eh pe eh eh eh eh he ee et BD ND BD 
SS 1. 1, 


*Based on hexagonal structure, a =3.16 A. c/a =1.63. 


Table VII 
X-Ray Identification of 6 Phase 


Heat No. C-26 
I dobs d*cale Identification 
5 4.279 4.30 (111) 

w 2.619 2.63 (220) 

vs 2.234 2.25 (311) 

s 2.141 2.15 (222) 
.874 .86 (400) 

w 699 71 (331) 

ft 513 52 (422) 

m .426 43 (511/333) 

m 309 (440) 


ft 170 
vw 131 
w 118 
ft 071 
it .039 


(620) 
(533) 
(622) 
(444) 
(711/551) 


1 
1 
1 
1 
‘3 
vw .252 1. (531) 
1 
1 
1 
1 
1 


*Based on cubic structure, a=7.45A. Density measurements on heat D-8 (heat tre 
400°C) indicate that the unit cell contains 24 atoms. 


Table VIII 
X-Ray Identification of LiZn (5) Phase 


Heat No. J-1 
I dobs calc Identification 


ft 3.541 : (111) 
vs 2.177 : (220) 
ft 1.855 : (311) 
wm 1.538 : (400) 
ft 1.426 ; (331) 
m 1.257 (422) 
ft 1.198 (333) 
vw 1.088 (440) 


*Based on cubic structure, a =6.15A 
NOTE: This lattice parameter is based upon a binary alloy specimen. This phase in coexiste! 


with other phases exhibits a larger parameter. For example, specimen C-28 (heat treated at 400° 
has a lattice parameter 6.21 


this phase. Fig. 7 shows a microstructure of this single phase. Th: 
photograph was taken under oblique lighting conditions to show the 
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Fig. 8—Ternary Peritectic Quadrangle. 


grain boundaries. The small spheres scattered throughout are etch- 
ing effects, since the specimen had to be severely etched to bring 
out the low contrast between grains. This low contrast, even after 
heavy etching, is indicative that the specimen is single phase since 
a two phase specimen would have developed contrast between the 
grains much sooner. 


Table IX 
X-Ray Identification of MgLixZn Phase 


Heat No. C-60 
I 





dobs d* calc Identification 
vw 3.844 3.87 (111) 
vit 3.304 3.35 (200) 
Ww 2.350 2.37 (220) 
ft 1.998 2.02 (311) 
vit 1.659 1.68 (400) 
—_ -- 1.54 (331) 
vw 1.354 1.37 (422) 
ft 1.307 1.29 (333/511) 
vit 1.175 1.18 (440) 


“Based on cubic structure, a =6.70A 
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Fig. 9—Photomicrograph Showing 6+6-+-L. 
Fig. 10— Photomicrograph Showing 6+6-+-8. 
Fig. 11—Photomicrograph Showing 6+ 8. 
Fig. 12—Photomicrograph Showing @+(Mg). 


In the temperature range 300 to 400°C (570 to 750°F) a ternar' 
peritectic reaction, L+6@8+6, occurs. The temperature of this re- 
action has been set at 317+2°C by thermal analysis. The compo- 
sitions of the participating phases have been estimated from the 
300°C (570°F) isotherm. Fig. 8 shows the quadrangle corresponding 
to this invariant reaction. Fig. 9 illustrates the microstructure of a 
Mg-45Li-40Zn (at. %) alloy heat treated at 400°C (750°F) so that 
it occurs in the three-phase field (6+0@+L). The three-phase struc- 
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Fig. 13— Photomicrograph Showing @+8. 
Fig. 14—Photomicrograph Showing (Mg) +8 +48. 


ture, (6+0+8), in which this alloy exists below the ternary peritectic 
temperature was developed by annealing at 300°C (570°F) and is 
shown in Fig. 10. A specimen falling in the (6+ 8) field formed by 
the reaction is shown in Fig. 11. 

Other important characteristics of the system can be summa- 
rized as follows: 

1. The coexistence of the 6 phase with (Mg) and 8 has been es- 
tablished at all temperatures investigated. Figs. 12 and 13 show 
these two phase structures. 

2. Other phase fields established at 400°C (750°F) are (@+L) 
and the three phase fields (8+L+86) and (6+L+48). 

3. The solid solution range of 6 increases as the temperature is 
decreased. 

4. All fields present in the 300°C (570°F) isotherm remain at 
the lower temperatures with the exception of the (L+6), (6+6+L) 
and liquid fields, which disappear at 186°C (360°F), the melting 
point of lithium. Fig. 14 shows the existence of the three phases 
l(Mg)+8+6| at 300°C (570°F). 

5. The (8+6) and (8+6) fields broaden as the temperature is 
decreased, but the other fields remain essentially the same. 

6. As the temperature decreases the point of maximum zinc 
content on the trace of the surface separating the 8 and (6+6) 
elds move toward a smaller percentage of zinc. The maximum 
solubility decreases from 10 atomic % zinc at 400°C (750°F) to 5 
itomic % zine at 300°C (570°F). This trend continues as the tem- 
perature is decreased to less than 5 atomic % at 200 and 100°C 
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(390 and 210°F). The exact value of the maximum solu] 
these temperatures has not been determined. 

It should be noted that difficulty was encountered in tl 
pretation of the specimens which were heat treated at 100% 
the fineness of the structures, which is, of course, characte; 
the low annealing temperature. For this reason the 100°C is 
is more uncertain than the other isotherms. 

It can be seen from the isotherms presented that at n 
perature was the hypothetical compound MgLi.Zn observed 
lographically, and it would be expected that if it did occur 





8 CaS re ees as 


Mg-6.95 Li-14.6 Zn 


Temperature °C 





lO 20 40 
Atomic % Lithium —» 


Fig. 15—Vertical Section Through Mg-Li-Zn System 


equilibrium phase, large amounts of it would have been found in 
some of the specimens examined. Further, the metallographic data 
are self consistent without the postulate of an additional ternary 
phase. Evidence of its presence was found in many specimens by 
X-ray diffraction methods. However, in all cases where MgLioZn 
was found, it occurred in addition to the phases which were found 
metallographically. This seems to contradict the evidence of many 
investigators that metallographic examination is invariably a much 
more sensitive means of detecting small amounts of precipitate than 
is X-ray diffraction using powder methods, but is consistent with 
the general inability of metallographic methods to detect transition 
phases. 

On the basis of the isotherms presented, if MgLi,Zn were to 
form at a low temperature it would have to do so by a four-phase 
reaction. This is in agreement with the conclusions of Dow Chem- 
ical Company cited earlier. Since one of the phases participating 
in the invariant reaction would have to be liquid, according to the 
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Fig. 16—Photomicrograph of a B Alloy at 400°C (750°F). 
Fig. 17—Photomicrograph of a 8 Alloy at 300°C (570°F) 
Fig. 18—Photomicrograph of a 8 Alloy at 200°C (390°F). 
Fig. 19— Photomicrograph of a 8 Alloy at 100°C (210°F). 





isotherms presented, it was thought that this reaction should show 
as a “‘hold”’ on cooling curves. Cooling curves were therefore run on 
alloys of composition Mg-85Li-5Zn and Mg-75Li-12.5Zn (at. %). 
No “holds” were observed for either alloy. Two “breaks” were ob- 
served in each curve with the final ‘‘break’’ being such that the 
tinal slope was steeper than the previous slope. This indicates the 
completion of solidification in the alloys and eliminates the possi- 
bility of the reaction occurring at a lower temperature. 
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The evidence all points, therefore, to an agreement wit 
(6) that the hypothetical MgLi.Zn is a nonequilibrium st 
However, in disagreement with previous work, configurati: 
lar to the feathery precipitates reported were found in some 
rich specimens which were all beta at high temperatures, 
into the (8+8@) field upon cooling, and these were identifie 
lographically as being due to the form of the theta preci; 
rather than to precipitation of MgLi.Zn. In the previous \ 
identification had been done by X-ray diffraction using 
methods. In the present investigation all X-ray diffractior 
was also done by powder methods. It is also a possibility t! 
hypothetical MgLi.Zn is a metastable strain-induced phask 
oped by the powdering operation. 

Fig. 15 shows a vertical section derived from the isotherms 
It is seen that specimens quenched from beta can exist in either of 
two-phase fields, (8+6) or [(Mg)+6+6]. This seems to indicat 
that two modes of aging are possible depending upon the allo: 
composition. 


390 and 210°F). At 400°C (750°F) the specimen is all beta (th 
mottled surface of the specimen, as observed in the photograph, is 
due to the extreme severity of the reaction between beta and th 
etchant); at 300°C (570°F) there is some theta at the boundaries 


but its distribution indicates that it developed during quenching, 
signifying that the specimen was all beta at the heat treatment ten 
perature. A precipitate, identified as theta, begins to show in th 
specimen heat treated at 200°C (390°F), and the amount of pre 
cipitate is increased in the 100°C specimen. 


SUMMARY 


Isothermal sections of the magnesium-lithium-zinc system at 
400, 300, 200, and 100°C (750, 570, 390 and 210°F) have been es 
tablished by metallographic, thermal and X-ray diffraction analysis 

A ternary intermediate phase has been identified and desig- 
nated as 6. It has been shown that the phase MgLieZn could exist 
only as a nonequilibrium structure. The presence of a ternary per'- 
tectic reaction was established at 317+2°C. 

A study of the isotherms shows a decrease in the solubility o! 
zinc in the beta field with a decrease in temperature, indicating an 
amenability to age hardening. It is shown that two different agin 
mechanisms may exist as alloys, depending upon composition, and 
can go from the beta field to either the (8+8) field or the [(Mg 
8+6| field upon quenching. 
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FATIGUE AND ANISOTROPY IN COPPE, 


By M. L. EBNER AND W. A. BACKOFEN 


Abstract 


Copper of commercial purity has been found to exhibi 
mechanical anisotropy under fatigue loading which is « 
plained by postulating the presence of a fibrous structy 
of crack-ltke flaws aligned parallel to the axis of the wroug! 
bar of test material. The presence of such a structure 
counts for marked differences in the fatigue behavior 
specimens prestrained by severe unidirectional twisting ar 
also by equal amounts of twisting and untwisting. Th: 
orientation of the crack structure in the latter specimen 
was unchanged, while in the former it was reoriented in 
helical pattern at the surface of each specimen nearly per 
pendicular to the axis of the specimen. Upon testing to 
failure 1t was found that — prestrained by twisting 
in only one direction (a) fatled after fewer stress cycles 
at any stress level, (b) developed a helical, fibrous-appearing 
fracture rather than a fracture normal to the specimen axis, 
and (c) exhibited more rapid crack propagation than speci 
mens that were twisted and then untwisted. These differences 
are attributed to the crack structure, nearly perpendicular to 
the direction of the maximum tensile stress, facilitating 
the development of fatigue cracks and their rapid growth 

From established curves relating stress and cycles to 
fatlure, it is suggested that permanent damage from the 
generation of cracks comparable to the postulated micro- 
cracks may have occurred after no more than the first thirty 
per cent of the expected life of twisted and untwisted speci- 
mens. (ASM-SLA Classification: Q7, Cu) 


INTRODUCTION 
ECENT work (1,2)! has provided evidence that wrought sing! 
R phase alloys and metals of moderately high purity may exhibit 
a pronounced anisotropy in tensile fracturing characteristics because 
of an oriented and extremely fine-scale crack structure, the elements 
of which have been termed microcracks. Experiments were carried 
out with materials processed by swaging, drawing, extrusion, and 
rolling. Many of the tests involved fracturing in tension after tor- 
sional prestraining. It was found that, after an amount of twisting 


1 The | figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Seventh Annual Convention - the 
Society, held in Philadelphia, October 17-21, 1955. Of the authors, M. L. 
is a graduate student, and W. A. Backofen is assistant professor of metall 
Department of Metallurgy, Metals Processing Laboratory, iewsnaiansetis ‘tr 
stitute of Technology, Cambridge, Mass. Manuscript received April 13, 1955 
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195 FATIGUE AND ANISOTROPY IN COPPER 
which introduced a shear strain of approximately 2 or more at the 
surface of the tension specimen, tensile fracture occurred by abrupt 
separation across a helical surface after little reduction in cross- 
-ectional area and at a low value of average true fracture stress. 
However, tensile fracture following prestraining by equal amounts 
f forward and reverse torsion was of the commonly observed ductile 
C\ | re. 
The peculiar effect of torsional prestrain upon fracturing in ten- 
sion has been explained in terms of the reorientation of microcracks. 
[na heavily reduced rod, microcracks present initially or generated 
by the processing will be strongly aligned parallel to the rod axis, or 
direction of elongation. After prestraining a specimen from the rod 
by equal amounts of forward and reverse torsion, the cracks are still 
iligned parallel to the specimen axis so that a tensile load, before 
necking occurs, imposes no stress normal to the cracks, and flow 
and eventual fracture proceed in the usual way. After a critical 
mount of unidirectional twisting, however, the angle between the 
reoriented crack structure and the specimen axis along which load 
is applied has become appreciable. Then normal stresses can bring 
about the abrupt helical separation, accompanied by the drop in 
fracture stress and ductility, through growth and union of the micro- 
cracks. Such an explanation is further supported by a consistently 
accurate prediction of the angle between the axis of the specimen 
and the trace of the helical fracture in the specimen surface. This 
prediction is based on the shear strain and the assumption that the 
crack structure orientation in the twisted specimens follows the 
helical path described by a line initially parallel to the specimen axis. 

Inclusions are invariably held at least partly responsible for the 
directionality in properties relating to fracture that is commonly 
encountered in wrought metal. Very striking evidence that inclusions 
do contribute to mechanical anisotropy of the kind studied in the 
present work is provided by Ransom (3) who found that the trans- 
verse fatigue strength of vacuum-melted, essentially inclusion-free, 
SAE 4340 steel averaged 50% higher than the same property of 
commercial quality SAE 4340. However, in the vacuum-melted steel 
the ratio of transverse to longitudinal fatigue strength was only 0.86. 
Thus even when inclusion content is practically nil, some fibrous 
structure might still be regarded as contributing to an anisotropy in 
properties. Aluminum of commercial purity has also been examined 
in this respect, and Jacquesson and Laurent (4) working with rolled 
heet found a dependence of fatigue strength on direction in the plane 
of the sheet consistent with the presence of a fibrous structure. 
Therefore the evidence could reasonably be interpreted to imply 
that wrought metals of considerable purity and cleanliness are aniso- 
pic with respect to fracture in fatigue as well as in tension, and 


I 


Tr 
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that a highly oriented, fibrous and crack-like, but as yet | 
structure also contributes to this anisotropy. An interest 
detailed information about fatigue and anisotropy in pu 
prompted the work presented here. 

In studying the contribution of a crack structure to anj 
in fatigue, torsional prestraining again is a convenient way 
ducing different orientations relative to the stress axis. On 
specimens may be prestrained by severely twisting in only on 
tion; then the cracks will approach an alignment at right an; 
the specimen axis. A second set may be prestrained by equal a1 
of twisting and untwisting so that the total shear strain (fi 
plus reverse) will be the same as in the first set. Now both s 
be approximately the same with respect to hardness, yield str 
and tensile strength. Yet in the second set the crack structur 
still be aligned parallel to the specimen axis. Therefore it mig 
expected that under fatigue loading the first set will: (a) fail ai 
stress level after fewer stress cycles, (b) develop a helical fib: 
appearing fracture rather than the more common fracture norn 
to the specimen axis, and (c) exhibit more rapid crack propaga 
Such were the predictions to be investigated in the present work 


EXPERIMENTAL PROCEDURES 

Specimen Preparation— All specimens were taken from the sai 
length of cold drawn, electrolytic tough-pitch copper. The torsio: 
specimens illustrated in Fig. 1 were machined from the as-received 
stock and then annealed at 800°F (425°C) for one-half hour. Twent 
specimens were twisted so that a shear strain of 5 was introduced 
the surface of the minimum section in the fatigue specimens; anothe: 
twenty were twisted to produce a strain of 2.5 at the same locatio 
and then completely untwisted so that the specimens of each set 
underwent approximately the same amount of cold working. 

After twisting, the fatigue specimens shown in Fig. 1 were ma 
chined from the torsion bars, then polished with No. 1 emery pape 
until no machining marks were visible, next polished successivel 
with 0, 2/0, 3/0, 4/0 emery papers, and finally polished with a No. 3 
alumina suspension and broad cloth. The polishing technique, car- 
ried out as reproducibly as possible from specimen to specimen, re 
sulted in a bright, nearly metallographic surface showing a uniforn 
density of light scratch marks left by the No. 1 emery and of a depth 
about equal to that produced by prolonged polishing with 3/0 paper 
Fatigue tests were conducted with such a finish to insure a uniforn 
surface that could be described and reproduced with moderate accu- 
racy, rather than a surface resulting from longer polishing that con 
tained only a few scratches of widely varying size. It seemed reason- 
able to expect that a surface containing uniform irregularities could 
lead to more nearly reproducible results. 
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Fig. 1—Test Specimens. Method of taking fatigue specimens from 


torsion specimens is shown at bottom. All dimensions inches 


Fatigue Testing—Specimens were tested in alternating bending 
at maximum stresses of 20,000, 25,000, 30,000, and 35,000 psi at the 
top (and bottom) fiber of the minimum section. Five specimens 
from each of the two differently prestrained sets were tested at each 
of the different stress levels. Specimens were tested in groups of five 

order that the confidence limits? for the mean of the population 
of cycles to failure from which the sample was taken be as tight as 
practical for a given confidence estimate. As the number of specimens 
tested at a given stress is increased from 1 to 5 or 6, the confidence 
its for the mean of a normal population of cycles to failure, for 
perhaps 90% confidence, draw together very rapidly; further change 
eeds much more gradually as the number of test specimens in- 
ses (5). Consequently, 5 specimens were chosen as representing 
ractical number for estimating the mean of the population of 
cycles to failure from which the sample was taken. 


e confidence limits define the band or range of cycles to failure at a given stress which would 
the average of an infinite sample with a given probability (the confidence estimate). 





TRANSACTIONS OF THE ASM 


A Rayflex bending beam, resonance-type fatigue testi: 
ratus* was used in the work. Because the Rayflex machin 
porates a magnetic driving unit, it was necessary to provid 
steel chucks for holding the nonmagnetic copper specin 
cathotometer consisting of a telescope with cross-hair reticu 
vernier scale was used for measuring the deflection at the mj 
section and was mounted between the driving magnets, as 
constant vibration amplitude servocontrol. 

Calibration— By calibration, the stress corresponding to 
deflection at the minimum section was established. Part of t! 
bration was accomplished statically; the deflections at the mii 
section caused by different moments applied to the chuck-sp: 
assembly were measured with the cathotometer. From the slo 
the moment-deflection curve obtained, 


A=2.90 x10-*M Equat 


where A=half deflection, centimeters 
M =applied bending moment, inch-pounds 


rom beam theory, 
Mr, 4M | 
Omax =] = =, a= 1.94 X10°M Equat 
where M =the applied bending moment, inch-pounds 
max =the normal stress at the top fiber of the minimu 
section, psi 
ro = the radius of the minimum section, inches 
I» =the minimum section area moment of inertia ab 
the neutral axis, (inches)* 


Eliminating M between Equation 1 and Equation 2, 
Tmax = 6.67 XK 105A Equatior 3 


Fig. 2 isa plot of Equation 3 with the deflections indicated that 
correspond to the -nosen stress levels. 

Definition of Failure—Failure was considered to have occurred 
the second time the specimen-chuck assembly fell out of resonance 
after cracks became visible. Since resonance was in the audible range, 
the fall-out produced a readily detected change in pitch. Requiring 
that cracks be visible eliminated the possibility of mistaking an occa 
sional resonance fall-out, caused by drift in the electronic unit, for 
failure. Using the second fall-v illowed the first fall-out to serve 
as a warning to be ready for failure and permitted the cracks in th 
specimens to grow from about 2 to 5 mm in length when measure 
with the cathotometer as a projection at right angles to the plane o! 
bending. All crack-length measurements were made in this wa’ 


Product of Raytheon Mig. Co 
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Fig. 3—Deflection of the Minimum Section vs Time During a Typical 
Test. 


which proved to be by far the most feasible; for small cracks it yields 
i very good approximation of the arc length of the crack. 

Such a definition of failure is identical at all stress levels if the 
resonance bandwidth (the range of frequencies within which the 


Rayflex frequency and the chuck-specimen frequency will not beat) 
s also the same at all stress levels; by utilizing adjustments on the 
Rayflex control unit, the resonance bandwidth was maintained the 


e at all stress levels. 
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Fig. 3 illustrates schematically how deflection at the m 
section varied with time during a typical test. The abscissa i) 
the fractional part of the test that has elapsed. In general, th 
time was less than 5% of the testing time. The resonance f{ 
were actually as distinct as those noted in the figure, which a 
to a considerable extent for the definition of failure that was | 

Temperature Control—When testing specimens at the 
stress levels, it was found that they could become quite Wal 
creasing in temperature to perhaps 150 to 175°F. To define t} 
ditions of testing more accurately, and to keep conditions of testi; 
as nearly identical as possible at all stress levels, cool air, whi 
been passed through a solids filter, was blown on specimens test 
at the two highest levels of stress. As a result, all specimens fe! 
reasonably cool during testing and could hardly have become h 
to temperatures much above room temperature. 

Crack Growth Measurement— After the specimens had failed 
were found to contain cracks from 2 to 5 mm in projected lengt! 
further testing was carried out to measure the increase in crack 
length with additional cycles of stress. In making these measur 
ments, test conditions providing an unchanging stress system at th 
tip of the advancing crack would have been preferred. Establishing 
those conditions, however, presented a difficult problem. As a sul 
stitute, therefore, a constant deflection at the minimum section was 


imposed on all specimens. The half-value of this deflection was 0.0375 
cm, corresponding to a stress of 25,000 psi at the surface of the mini 
mum section in the absence of any crack. While in an absolute sens 
such crack growth conditions are not well defined, growth at constant 
deflection is regarded as satisfactory for examining the relative crack 
growth behavior in the differently prestrained specimens. 


EXPERIMENTAL RESULTS 

The results of the fatigue tests are presented graphically as th 
customary S-N curves in Fig. 4. Since the scale on the abscissa 11 
Fig. 4 is logarithmic, the difference in the number of cycles betwee 
the two curves at constant stress appears, at first glance, to be large! 
at higher stress levels. Actually, the difference is smaller at higher 
stresses as a careful study reveals. A visual examination of the spec 
mens tested in establishing the two curves showed that most cracks 
in the specimens prestrained by twisting and untwisting follow 
polishing scratches in the surface. In specimens prestrained by unidi 
rectional twisting, cracks were found to be oriented at 76 to 8l 
degrees to the specimen axis and appeared to be independent of th: 
polishing scratches. In addition, the number of cracks in the twistec 
and untwisted specimens averaged about 4, while in the specimens 
twisted unidirectionally 1 or perhaps 2 cracks formed on the averagt 
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les to Failure 


Photographs of completely fractured specimens prestrained in 
each of the two different ways are presented in Fig. 5. The fracture 
surfaces of the two specimens are strikingly different. In that on the 
right, which had been prestrained by twisting and untwisting, a 
crack started at the top and grew across the specimen, essentially 
perpendicular to the axis, with a straight front. In the specimen on 
the left, which had been prestrained by twisting in one direction 
only, a crack also grew inward from the surface into material where 
the twisting was less severe. However, at a distance of about 0.07 in. 
from the centerline, crack penetration ceased while the crack con- 
tinued to grow around an intact core and generate a helical fracture 
surface. The core in this specimen, like the unfractured portion of 
the other specimen, was finally broken by hand after the test had 
been carried as far as the machine would permit. Measurements 
with a toolmaker’s microscope with a magnification of 7 and % times 
showed that the average angle between the specimen axis and the 
helical fracture trace in the surface of the specimen was 77.5 degrees. 

Fig. 6 charts crack growth from failure onward for three speci- 
nens from each of the differently prestrained sets. The slope of the 
growth curve for the twisted specimens is almost 3 (actually 2.88) 
times greater than the slope for twisted and untwisted specimens. 


DISCUSSION OF RESULTS 


It is clear from Fig. 4 that specimens prestrained by twisting in 
ly one direction had shorter lives than those that had been twisted 
| untwisted. That specimens twisted unidirectionally should have 
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AARNE? OO - 
Fig. 5—Fracture Surfaces. Specimen on the right prestrained by forward and rever 


sion; that on the left by unidirectional torsion. Fracture in both cases started at t 
most distant from the reader. Approximately X1.5 


shorter life is simply explained with the concept of oriented micro 
cracks. In these specimens of shorter life, cracks at the surface wher 
the stress was highest were directed very nearly at right angles { 

the stress.axis and so hastened the onset of failure over surfaces 
defined by the orientation of the crack structure. At the highest 
stress, the average life of specimens that had been prestrained b 
unidirectional twisting was little more than 50% of the life of thos 
that had been twisted and untwisted. 

The appearance of the two fractures in Fig. 5 is also consistent 
with the explanation based upon oriented microcracks. The angle 
which the crack structure is considered to make with the axis of thi 
specimen at the specimen surface after a shear strain of 5 at th 
surface is 

¢@ = tan!y = tan'5 =78.7° 
and agrees very well with the measured angle between the fractur 
trace and specimen axis of 77.5 degrees. 

As noted above, previous work on copper showed that a shear 
strain of approximately 2 was required before the helical tensile 
fracture was encountered. The intact core in the specimen at the 
left in Fig. 5, into which the helical fracture surface did not penetrate 
and that was finally broken by hand, measured approximately 0.07 
in. in radius. Accordingly, the shear strain at the edge of the core for 
a surface shear strain of 5 and a specimen radius of 0.187 in. was 


0.07 | 
Yeore=Q 497 X5=1.9 


Thus the helical fracture in fatigue similarly has occurred only in 
material previously twisted to a shear strain greater than about 2. 

The most sensitive indication of the presence of a highly ori- 
ented microcrack structure is found in the rate of crack growth. In 
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specimens that are simply twisted, the microcracks, because of their 
orientation, should contribute directly to the growth of the fatigue 
crack; while in those that are twisted and then completely un- 
twisted, the cracks are still aligned parallel to the specimen axis and 
should have little effect on the propagation of a fatigue crack. As 
Fig. 6 shows, a crack advanced about 3 times as fast in the former 
specimens. 

The data assembled in Fig. 4 have prompted some speculation 
about when damage begins during the life of a fatigue test specimen. 
\ll evidence that has been accumulated supports the idea that at 
the surface of each fatigue specimen prestrained by twisting to a 
shear strain of 5, there is an array of extremely small flaws, crack- 
like in nature and oriented nearly at right angles to the specimen 
axis. Since the microcracks in these specimens were almost perpen- 
dicular to the maximum tensile stress, they might be expected to 
reduce the number of cycles to failure considerably. Such micro- 
‘racks were also present in specimens prestrained by twisting and 
ntwisting through a shear strain of 2.5, but then they were aligned 
arallel to the specimen axis. The latter specimens, as Fig. 4 shows, 

thstood more cycling at each stress level. It is suggested, there- 
re, that the difference in life, or number of cycles, between the two 


Set 


s of specimens at all stress levels is, to some extent, a measure of 
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the number of cycles required to generate cracks perpendi: 
the axis, comparable to the microcracks, in the twisted and u: 
specimens of longer life. Expressed as a percentage of the 

total life, this amounts to about 47 percent at the highest 
level and about 30% at the three lower levels. Dolan (6) has; 
to work of Craig and Love in which minute cracks were dete 





electron microscopy within as little as 0.1% of the normal { 
life. Therefore, as an additional suggestion prompted by that 
if approximately 30% of expected life is expended growing 
comparable to microcracks, it would certainly seem that wit 
propriate examination microcracks should be visible und 


electron microscope. 


SUMMARY AND CONCLUSIONS 


The work reported above has shown that copper of comm 
purity can be highly anisotropic with respect to its mechanical | 
havior under fatigue loading. Such behavior is considered to res 
from an extremely fine-scale, fibrous crack structure aligned pai 
to the axis of the bar from which fatigue specimens were take 

The anisotropy was established with bending-beam type tests 
on two sets of specimens after prestraining and work hardening | 
approximately the same amount; one set, however, was twisted | 
produce a shear strain of 5 at the surface of the minimum secti: 
of the fatigue specimen, while the other was twisted only to a sh 
strain of 2.5 and then completely untwisted. From tests at fo 
stress levels, it was found that specimens twisted in only one dire 
tion (a) failed after fewer cycles of stress, (b) developed a helical 
fibrous-appearing fracture rather than a fracture normal to th 
specimen axis, and (c) exhibited much more rapid crack propagatiot 
than the specimens that had been twisted and untwisted. A simpl 
explanation is found by considering that the unidirectional twisting 
had reoriented the crack structure in a helical pattern nearly pei 
pendicular to both the specimen axis and maximum tensile stress, 
and thus had facilitated the development of fatigue cracks and thei 
rapid growth. In specimens prestrained by twisting and untwisting 
the initial orientation of the crack structure parallel to the specime! 
axis was unaltered and it could not be expected, therefore, to mak 
any direct contribution to the onset of failure. It follows from thes 
observations that, in general, anisotropy in the fatigue properties o! 
wrought metal may be at least partly caused by such a crack stru‘ 
ture. 

It is suggested that the difference in life at constant stress level 
represents the number of cycles before permanent damage from th 
generation of cracks comparable to microcracks has occurred in th 
twisted and untwisted specimens. As a consequence of this sugges 
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‘on, the formation of cracks equivalent to microcracks takes place 
within approximately the first 30% of the total number of cycles 
redicted by the S-N curve. 
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THE INFLUENCE OF VIBRATION ON THI! 
SOLIDIFICATION OF AN ALUMINUM ALL<« 


By R. S. RICHARDS AND W. ROSTOKER 


Abstract 
Vibration imposed during the solidification of a 

aluminum alloy has been shown to produce grain refin 
ment, pipe suppression, suppression of columnar grai) 
growth, and elimination of dendritic grain geometries. Th 
behavior trends of various vibration parameters has bee) 
studied. Effects of melt superheat, solidification time, an 
rigidly coupled vs. impacting vibration are reported. Obse) 
vations on chemical segregation, macro- and micro-voids 
and hot tearing are made. It was shown that certain crystalli 
zation products coarsened rather than refined. A hypothesis 
to account for both effects is presented. (ASM-SLA Classi 
fication: C5, N72, Al) 


URING the past thirty years or more, the literature has co 
tained references to the subject of the solidification characte: 
istics of metals when acted upon by a vibratory motion. A critical 
review and extensive list of such references has appeared in a recent 
paper by Hiedemann (1).' The evidence has been quite positive that 
vibration can induce refinement of the as-cast grain size. The i 
formation on other effects is less well documented. 

The results of preliminary experiments on this subject were re 
ported by Berger and Rostoker (2). In this work, a series of alumi 
num-copper alloys were solidified under the influence of the rapping 
action of a pneumatic vibrator. Such a rapping device produces a 
wide spectrum of frequencies which is relatively fixed for any giver 
system, but the total impacting energy can be varied through th 
line air pressure. With this relatively crude arrangement, a number 
of interesting effects were revealed. 

Very pronounced grain refinement can be produced by vibrating 
a volume of metal during its solidification history, the degree being 
more marked at lower alloy contents. Slowly solidified ingots showed 


more grain refinement than chill cast ingots. Grain refinement de 


1The figures appearing in parentheses pertain to the references appended to this pape! 


The work herein reported represents a portion of the thesis submitted by R. S. Ric! 
the Illinois Institute of Technology for the degree of Master of Science 


Investigation performed under contract No. DA-11-022-ORD-1307 for Frankford Ars« 
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is metallurgist, Titanium Metals Corp., Henderson, Nevada, and W. Rostoke! 
supervisor, Physical Metallurgy Section, Metals Research Department, Arm 
Research Foundation of Illinois Institute of Technology, Chicago. Manuscript 
received February 16, 1955. 
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ended on impacting energy to a limit, beyond which no further 
enefit was derived. In fact, at the higher impacting energies, 
frequent hot tears were generated. 

[he application of vibration during solidification resulted in a 
yronounced suppression of columnar grain growth. In the equiaxed 
orain aggregates, there was a remarkable disappear ince of dendritic 
srowth patterns. While primarv: solid solution grains refined readily, 

imary intermediate phases and nonmetallic crystallization prod- 
iets showed little tendency to do so and in fact, often showed 
lefinite coarsening of needles and plates. 

This work has been continued to analyze more closely the effects 
noted. In particular, the nature of the vibration used was the 
subject of more detailed scrutiny. In order to accomplish this, 
equipment was used which permitted better control of pertinent 
parameters. 


MATERIAL, EQUIPMENT, AND PROCEDURES 


A single 2500-pound heat of an alloy approximately equivalent 
to Aleoa-195 was acquired. The analysis is given as follows: 


Cu. . 4.35% ye 0.41% 
a .1.28 , eee 
Fe. 0.50 Pe Reee 0.03 
ee 


Melting was performed in 100 KW, 3 KC induction melting 
furnaces using clay bonded graphite crucibles. Where necessary, 
heats of about 100 pounds were melted so that one 50-pound ingot 
could be cast with vibration and one consecutively cast without 
vibration. Except in earlier experiments, the heats were degassed 
with chlorine, the efficiency of hydrogen elimination being judged 
by a high vacuum solidification test. 

The ingot molds were of welded sheet metal construction. 
hus, the mass of the mold was small enough to have little chilling 
action on the solidifying metal. For the majority of the work, ingots 
of approximate dimensions 6 X6 X12 inch were cast. In the special 
experiments where vibration frequency was varied, the capacity of 
the vibration generators limited the ingots to about 10 pounds of 
iluminum alloy in the form of cylinders 4 inch diameter by 6 inch 
se 


igh. 

Except in the above mentioned variable frequency experiments, 
vibration was generated by a commercial electro-magnetic type of 
nit® such as is used in barrel packing or investment mold produc- 

These vibrator units are essentially electro-magnets operating 
n alternating current (60 c.p.s.). The solenoid and its core pull a 

el table down against the opposition of heavy springs. The 
rnating current sets the table in continuous vibration. The 


Manufactured by the Syntron Company, Homer City, Pa. 
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amplitude of the vibration can be varied somewhat by th 

control on the solenoid. The mold and its contents wer 
clamped to the vibrator table. This served to introduce 

narrower spectrum of frequencies than was possible with th 

device used in earlier experiments. Calibration of peak-to-p 
placements delivered by the vibrator showed that the mach 
load sensitive and that with the approximately 60 Ibs. loa 
sented by the ingot and mold, the maximum deliverable d 

ment was of the order of 0.020 inch. 

The basic table motion is sinusoidal, so that the instant 
displacement d = D sin 2rft where Dis the peak displacement, f is | 
frequency and t is time. The total vertical traverse is 2D. Velocit 
is the first time derivative of displacement: v=2zfD cos 2rt1 
peak velocity is 2mfD. Acceleration, the first time derivatiy: 
velocity, is: a=42°f?D sin 2rft and the peak acceleration is s 
4x°{?D. A power input can be computed for a rigidly coupled | 
terms of the product of the peak velocity and the mass of th¢ 
plus ingot. In all of these factors, there are only two independen 
parameters, frequency and peak-to-peak displacement. But sinc 
the mechanism by which vibration affects solidification was 
known, it was appropriate that each of these vibration parameters 
be correlated with ingot structure, particularly grain size. 

For macro-structure examination, a vertical slice fron 
center portion of each ingot was cut and machined to a good surfac 
finish for etching. Grain sizes were determined by lineal count on 
photomacrograph. Two types of porosity estimates were used. Tota 
porosity was gained from density measurements on cylinders n 
chined from identical locations within the ingot. This sort of meas 
urement was very time consuming, and because the magnitude « 
porosity was small, the copper content of each cylinder had to bi 
analyzed to apply a correction to the density measurement 
second method, estimated the volume of voids connected to th 
surface of the half-inch-thick machined slab. The connecting poros 
ity was filled by impregnation with glycerine. Weight measurements 
before and after impregnation permitted calculation of the volum 
of interconnecting voids. 


t 


Influence of Vibration Parameters on Grain Size 

In a preliminary series of experiments, 50-pound ingots poured 
at 1450°F were solidified over the range of deliverable vibratio! 
amplitudes. The correlation with resulting grain size is shown 1 
Fig. 1. These results show that vibration ‘‘intensity’’ can exert a 
profound influence on grain refinement and in limiting instances ca! 
provide grain diameter reductions of as much as 10:1. 

Although the Syntron vibrator was most practical for th 
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\jor portion of this program, it was necessary to have the use of a 
re flexible piece of equipment to provide a controlled variable 



























888 TRANSACTIONS OF THE ASM 


frequency vibration. For this purpose, the services of an MB Cs}]- 
650-pound force output, electromechanical vibration excite: 
acquired. This machine is capable of delivering frequencies fro) s 
to 2200 c.p.s. with accelerations to a 10-pound ingot of up to 15 | 

A series of 10-pound ingots were poured at 1400°F and sol; 
under five levels of acceleration at each of three frequencies, 60, 300 
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Fig. 3—Correlation of Grain Size with Vibration Fre- 
quency, Peak Acceleration and Power Input. 


and 1500 c.p.s., respectively. The results of grain size measurements 
and their correlation with various vibration parameters are sum- 
marized graphically in Figs. 2 and 3. Because grain sizes in each 
ingot often varied considerably, the results are given as bands. All 
four factors, peak-to-peak displacement, peak velocity, peak ac- 
celeration, and power input, correlate with grain size. Grain size 
versus displacement yields a simple and frequency-independent 
correlation, and since the other parameters are only derivatives, 
displacement is regarded as the fundamental property. The inde- 
pendence from frequency is an important discovery, since the large 


’3Manufactured by the MB Manufacturing Company, New Haven, Conn. 
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majority of papers on this subject infer, if not actually state, that 
high frequencies are most effective. 

There are practical reasons for selecting lower frequencies of 
vibration. The accelerations produced exert, on one half of the 
cvcle, a force tending to separate droplets of metal from the liquid 
body. Because of the nature of the acceleration formula, at the dis- 
placements necessary to yield appreciable grain refinement, the 
accelerations associated with high frequencies are too high and a 
considerable amount of metal is sprayed out of the mold. The ad- 
vantage of low frequencies over high frequencies is fortunate, since 
machinery to deliver the requisite displacements to large volumes 
of metal and heavy molds is considerably simpler in design and 
construction. 


Rigidly Coupled versus Impacting Vibration 


A direct comparison was made between the effects of vibration 
under conditions of rigid coupling (mold fixed to the table) and 
under impacting (mold resting on the table but uncoupled). Two 
ingots were poured at 1530°F and solidified one under each of the 
two types of vibration (at a setting for 3.5G acceleration with rigid 
coupling). In the case of the rigidly coupled ingot, the average 
erain size was 0.2 mm diameter, whereas in the impact ingot the 
average grain size was about 1 mm. So it would seem that both types 
of vibration can have effect but that the rigidly coupled vibration 
is the more efficient. 


Grain Size versus Melt Superheat 

With aluminum alloys, higher pouring temperatures yield 
generally larger as-cast grain sizes. On the other hand, high pouring 
temperatures are sometimes needed to insure complete filling of 
mold cavity. A series of experiments were conducted to see if by 
the use of vibration, the grain coarsening tendencies of superheating 
could be counteracted. 

Hundred pound melts were made for these tests so that a 50- 
pound vibrated and an identical unvibrated ingot could be poured 
one after the other from the same melt. Pouring temperatures 
ranged from 1225 to 1750°F. The vibrator was set to deliver 3.5G 
acceleration. The results of grain size measurements on vertical 
slices taken from each ingot are summarized in Fig. 4. It may be 
seen that whereas the unvibrated ingots showed progressively in- 
creasing grain size with increasing pouring temperature, with the 
use of vibration, this tendency is completely eradicated. 

One further point must be remarked upon. The ingot poured 
from 1750°F and solidified without vibration showed extremely 
coarse, dendritic grains. The companion ingot solidified under the 
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influence of vibration not only had a very fine grain size, but als 
the dendritic configurations were completely absent. It is a genera! 
observation that vibrated ingots showed less tendency towar 


dendritic structures under either macro- or micro-examination 


The Effect of Discontinued Vibration 

Three 50-pound ingots were poured from 1500°F. Vibration 
acceleration of 3.5G was imposed on one ingot during the period o! 
cooling to 1320°F (at which temperature the metal was still al 
liquid) and then discontinued. A second ingot was vibrated during 
the whole period of solidification. A third ingot was permitted to 
solidify under quiescent conditions entirely. The first and third 
ingots were identical, indicating that vibration of the liquid itself 
has no influence on its subsequent solidification characteristics. lt 
would appear that the vibration exercises its effect only during the 
‘‘mushy”’ stage. 


Grain Size vs Solidification Time 

The freezing time of the 50-pound ingots in the sheet metal 
molds was of the order of 15 minutes. By inserting cooling coils at the 
bottom of the ‘‘can’’ mold, the freezing time could be shortened t 
less than five minutes. Extremely slow cooling rates of the order o! 
2 hours were achieved by insulating the mold walls with one inc! 
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isbestos fiber and paper. This slow cooling rate simulates the 
conditions prevailing in the center of very large sections. Using the 
irious cooling rates, it was found that unvibrated ingots developed 
wide range of grain sizes from two centimeters for the insulated 
lds to two tenths of a millimeter for the highest cooling rates. 
nder these various cooling rate conditions, vibrated ingots (3.5G 
eleration) developed grain sizes of 0.2-0.7 mm diameter. 

The general conclusion is that vibration counteracts normal 
iin coarsening tendencies, but that conditions such as chilling, 
ich naturally reduce the grain size of the unvibrated ingots, reduce 
range over which vibration can contribute improvement. 
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Fig. 6—Correlation of Pipe Formation with Vibration Frequency, Amplitud 
and Peak Acceleration. 


Influence of Vibration on Ingot Soundness 


One can describe soundness in terms of gross external defects 
such as “‘pipe,’’ internal macro-shrinkage defects, hot tearing, micro- 
shrinkage, and gas porosity. The first three can be recog ne 
visually; the latter two can at best be estimated in terms of dens 
measurements. 

The series of 50-pound ingots poured at 1450°F with varyin 
degrees of vibration intensity (60 c.p.s.) apart from grain size trends 
showed positive evidence of elimination of ‘‘pipe’’ and other macro- 
shrinkage defects. In fact, at a displacement level of 0.018 inch (3.5 
G), pipe was completely eliminated. A comparison of vibrated and 
unvibrated ingots is shown in Fig. 5. A general decrease in macro 
shrinkage defects can easily be observed. 

The observations on pipe formation on the 10-pound ingots 
solidified under various frequencies of vibration are summarized in 
Fig. 6. Clearly, pipe suppression as grain refinement is basically 
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related to peak-to-peak displacement, but when judged in terms of 
acceleration, is definitely frequency dependent. Again practical 
considerations of producing requisite displacements dictate the use 
of lower vibration frequencies. 

It is suggested that pipe elimination results from the action of 
vibration during the ‘“‘mushy”’ stage of solidification. During this 
period, the ‘‘mush”’ is composed of an aggregate of solid grains sur- 
rounded by a liquid network. The vibration acts to segregate liquid 
from solid by packing the solid down and displacing the liquid up. 
In this way, unidirectional solidification from the bottom is simu- 
lated and pipe formation is suppressed. 

A number of the 10-pound ingots solidified under various fre- 
quencies of vibration showed considerable hot tearing. There does 
not seem to be any clear correlation with vibration parameters. At 
60 c.p.s., the ingot given vibration displacement of 0.044 inch 
showed hot tearing. At 300 c.p.s., the ingots given vibration dis- 
placements of greater than 0.0009 inch showed hot tearing. None 
of the ingots vibrated at 1500 c.p.s. showed hot tearing. 

Estimations of the volume of micro-voids (of shrinkage or gas 
origin) were made in two separate sets of experiments. From a 50- 
pound ingot series poured at various temperatures, cylinders were 

ichined from the central portions for density measurements. Each 
of the heats was degassed with chlorine prior to pouring. Density 
measurements were corrected to a common copper content‘ and the 


Measured density +(4.35 —%Cu) (0.022 gms/cc) =equivalent density at 4.35%Cu. 
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Fig. 8—Comparison of Copper 
Segregation in Vibrated (60 c.p.s., 3.5G 
Acceleration) and Unvibrated Ingots 
Poured at 1200°F 


averaged values of porosity from four positions are summarized 


Table I. 


Table I 
Average Porosities of Vibrated and Unvibrated Ingots 


Pouring % Relative 
Temperature, °F Porosity 
1500 vibrated 0.99 
unvibrated 0.72 
1415 vibrated 0.95 
unvibrated 1.09 
1320 vibrated 0.08 
unvibrated 0.53 
1225 vibrated 0.34 
unvibrated 0.66 


There does not seem to be any positive trend of superiority 0! 
inferiority in void content as a result of imposing vibration during 
solidification. 
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Fig. 9—Comparison of Copper Segregation in Vibrated 
60 c.p.s., 3.5G Acceleration) and Unvibrated Ingots Poured 
at 1750°F 


In a second set of experiments, the central vertical slices from 
the 10-pound variable frequency experiments were machined and 
polished to a surface finish suitable for macro-examination. The two 
surfaces were then vacuum impregnated with glycerine and the sur- 
face excess cleaned off. By weight gain measurements, an estimate 
could be made of void volume exposed at the surfaces. This method 
had the disadvantage of not giving an absolute value of void volume, 
but as a comparative figure it was preferable because it was able to 
make use of a large sample. The results are plotted in Fig. 7. Both 
300 and 60 c.p.s. ingots showed the same effect of a sudden upsurge 
in pore volume above a given value of vibration displacement. 


Influence of Vibration on Chemical Segregation 

Two pairs of ingots cast in the “‘superheat’’ experiments were 
lyzed for copper distribution. The two pairs represent pouring 
‘mperatures of 1200 and 1750°F, respectively. Drillings were taken 
the various positions on the central plane of the ingots as shown in 
igs. 8 and 9. An expanded scale is also utilized in Fig. 8 to show 
litional analyses taken near the surface of the ingots. These 
lyses indicate that the vibrated ingots exhibit somewhat more 

inverse segregation than do the unvibrated ingots. 


t 
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Fig. 10—Comparison of Graphite Flake Size in Grey Iron 
a) Unvibrated, (b) Vibrated. 


Discussion of the Mechanism of Grain Refinement by Vibration 


With the results herein reported and those of ref. (2), there is 
ample and sustained evidence that the as-cast size of crystallites of 
terminal solid solutions can be substantially reduced by vibration. 
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However, not all products of crystallization are so affected. In the 
revious paper (2) it was shown that certain primary solids, notably 
Si plates and FeAl; needles, actually were coarsened by the action of 
vibration. A further example of this opposite behavior is the graphite 
Jake size in cast iron. Two ingots of grey iron poured from 2625°F, 
ne vibrated, the other not, gave the microstructures in Fig. 10. A 
very pronounced coarsening of the graphite flake size can be seen. It 
should also be remarked that the dendrite size of the primary aus- 
tenite Was, in contrast, refined. 

The theory has been advanced (3) that grain refinement derives 
from fragmentation of primary crystallites, providing an artificial 
source of more nuclei. This concept, of course, cannot be reconciled 
with coarsening effects, especially when the crystallization products 
coarsened are significantly less ductile than those refined. 

There seems to be further evidence which contradicts this 
theory. Van Hook and Frulla (4) have shown that sugar solutions 
require a supersaturation of about 1.6 before homogeneous nuclea- 
tion occurs. Since the growth rate in their solutions even at very low 
supersaturations was fast, it follows that no nuclei larger than the 
critical size for stable growth were present. These authors noted that 
with supersaturations as low as 1.02, immediate nucleation and 
growth to visible size was achieved by application of vibration to the 
solution. That these solutions contained no nuclei larger than actual 
size was proven by the fact that the solutions were ‘‘practically per- 
manent,’’ that is, no nucleation was visible over long periods of time 
if the solutions were not subjected to vibration. 

It does seem, therefore, that vibration affects the rate of forma- 
tion of critical stable nuclei. The fragmentation hypothesis should 
give the wrong behavior trend in that critical stable nuclei spon- 
taneously formed would be fragmented into sizes which were un- 
stable and which would tend to disappear. 

Now suppose it is hypothesized that vibration increases the 
nucleation rate. Since the specific volume of the solid is less than of 
the liquid, the pressure wave of vibration would tend to reduce the 
size of the critical stable nucleus. By the same token, the rarefaction 
wave would increase the size. Since as far as is known the pressure 
and rarefaction cycles are identical, the only way a net gain or loss 
of total number of stable nuclei could be effected is if the rate of 
embryo formation has a peculiar dependence on the embryo size as 
exemplified in Fig. 11. Note in case I, the average of n(rcp) and 
i(rer) is greater than n(rc). Accordingly, the total number of grains 
produced in finite time is increased and a grain refinement would 
be observed. In case II, n(rcp)+n(rer) <n(rc) and the net rate of 

2 
lei formation is reduced, resulting in coarser products of crystal- 
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Fig. 11—Hypothetical Relationship Between Rate of Embryo 
Formation and the Size of the Embryo. 


lization. This sort of embryo formation rate relationship is actual: 

realized from the simple equation for the formation of a new phas 

i=C exp.—AG/kT where AG is the work of formation per unit 

volume of the new phase and is equal to 4mo(r?—2r*\ —o = inte: 
3rc/ 

facial tension; r=radius of embryo of new phase; re =critical stabk 

embryo. 

It will be noted that the integrated time during which th 
melt experiences pressure and then rarefaction is independent of 
frequency, and accordingly the modified rate of embryo formati 
should also be independent of frequency. It will be recalled that this 
was actually found to be the case. 


t 
{) 
Wil 


SUMMARY 
The application of vibration during the solidification of ai 
aluminum alloy has been shown to induce a number of important 
modifications to the as-cast structure. Chief among these ar 
pronounced refinement of grain size and an impressive reduction 
in the depth of pipe. As reported in an earlier publication on th 
work, suppression of columnar grain growth and dendritic grain 
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seometries are also encountered. These effects appear to be funda- 
mental to the solidification process and therefore should be re- 
producible on any alloy which is predominantly of the solid solution 

\ll of the effects noted are enhanced by increasing vibration 
‘intensity whether expressed in terms of peak-to-peak amplitude, 
maximum velocity, maximum acceleration, or power input. When 
orain refinement is correlated with peak-to-peak displacement there 
is no dependence on frequency within the range 60-1500 c.p.s. The 
practical upper limit to vibration intensities is set by the occur- 
rence of hot tearing and ejection of metal from the mold during 
solidification. In addition, above a certain level of vibration inten- 
sity the increase in grain refinement is relatively small. For the par- 
ticular aluminum alloy studied a peak-to-peak displacement of 
ibout 0.020 inch at 60 c.p.s. gave optimum advantageous effects 
with no deleterious hot tearing or excessive metal ejection. The 
degree of grain refinement achieved by 60 c.p.s. vibration is at least 
is considerable as claimed in any published work with ultrasonic 
frequencies. The trend of peak-to-peak displacement vs pipe sup- 
pression would indicate that it would be impractical to try to achieve 
pipe elimination with ultrasonic frequencies. From the viewpoint 
of equipment necessary, every advantage lies in the use of low 
frequency vibration machinery. 

For the particular type of vibration used, at a given power 
input, castings coupled rigidly to the machine were more effectively 
grain refined than identical castings resting in their mold unat- 
tached to the vibrator table (i.e. impact vibration). 

Vibration has influence on the cast structure only when applied 
luring the solidification period. It does not condition the liquid in 
any sense. Grain coarsening induced by high pouring temperatures 
ind slow solidification rates can be completely counteracted by 
application of vibration during solidification. 

Vibration does not seem to have a pronounced effect on micro 
porosity except at higher levels of vibration intensity, at which a 
sharp increase in void volume occurs. Vibration does appear to 
reduce the occurrence of large shrinkage defects. There is no sig- 
nificant dependence of chemical segregation on vibration. 

The fragmentation theory of grain refinement by vibration does 
not seem compatible with the experience that under certain circum- 
stances a pronounced coarsening of brittle solidification products 
can occur. An alternative hypothesis is suggested in terms of the 
pressure dependence of thermodynamic relations for nucleation. 
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DISCUSSION 

Written Discussion: By A. H. Freedman and J. F. Wallace, researc! 
sistant and associate professor of Metallurgical Engineering, Case Instit 
Technology, Cleveland. 

This paper on the influence of vibration on a solidifying metal describes 
directed investigation in a very important field in which only a small am 
information is available. It is particularly notable that the authors found, in agre: 
ment with Schmid and Roll, that grain refinement could be more easily obtain 
at lower frequencies, in contrast to the usually accepted theory that higher fr 
quencies would have more effect. 

Since it is hoped that some beneficial alterations in the mode of solidificatio 
of molten metals can be obtained by the application of vibration, it is regrett 
that no comparative mechanical properties for the vibrated and unvibrated al 
are shown. Do the authors now have any mechanical property data that 
would care to present? It is noted that at the peak-to-peak displacement whic! 
yielded maximum grain refinement, considerable porosity was obtained in tl 
vibrated metal. This increased porosity may be the result of a fine dispersement 
the shrinkage pipe throughout the ingot with a resulting deleterious influence 
mechanical properties. 

The increase in inverse segregation reported is also very interesting. It 
suggested that this effect is associated with the more extensive flow of higher 
copper liquid metal through the solid aluminum particles toward the voids caused 
by solidification contraction on the outside of the ingot as final solidification oc 
Substitution of the fine grain structure for the labyrinth of columnar dendrites 
probably facilitates this flow of high-copper molten metal. 

The hypothesis that vibration influences the nucleation rate appears to be | 
conformance with the experimental evidence. The reasons for the increase in 1] 
rate of nucleation of solid solutions and the decrease in the rate for graphite, sili 
needles, etc., however, are not immediately evident. It does appear that vibrati 
increases the nucleation rate of metals, which solidify in a dendritic manner 


t 


decreases the rate for metals such as intermetallic compounds and eutectics whic! 


: *G. Schmid, A. Roll, ‘‘The Importance of Frequency and Intensity of Vibration on Gt 
finement,”’ Zeitschrift fiir Electrochemie, Vol. 45, 1939, p. 769. 
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solidify as dendrites. Possibly additional information on the mode of nucle 
f these materials would provide an insight into this problem. 


Written Discussion: By P. R. Sperry, research metallurgist, Kaiser Alumi 
nd Chemical Corporation, Department of Metallurgical Research, Spokane, 
ngton. 

lo explain the elimination of pipe by the application of vibration during 

fication of a casting, the authors postulate a settling of the solid crystals 

the liquid matrix during the “‘mushy”’ stage. In view of the fact that thess 
ary aluminum solid crystals are impoverished in alloying elements and the 

id is correspondingly enriched, one would expect to find segregation from top 

bottom with the top being enriched in alloying element. This phenomenon 

iid lend support to the proposed explanation of pipe elimination. However, it 
; conceivable that other effects such as segregation in the liquid could mask 
the settling effect. 

[he observations concerning the influence of vibrations on microstructure 

quite interesting. The tendency toward elimination of dendritic structure of 

rimary crystals is not easily explained, but, knowing that this occurs, it is not 
surprising that coarse secondary phases were encountered. Normally during 
solidification of complex aluminum alloys, the precipitation of the primary crystals 
followed by a series of binary and possibly more complex eutectic crystalliza 
tions. These eutectics form over a temperature range and give rise to the “‘divorced”’ 
type of structure in which the intermetallic phase is not intimately connected 
vith the secondary aluminum. The latter deposits upon the primary dendrites. 
[he divorced eutectics form from the alloy enriched liquid in the dendrite inter 
tices and the intermetallic phases can develop rather coarse structures, depending 
pon the volume of liquid from which they grow and the temperature range over 
which they solidify. Frequently these coarse intermetallic phases are mistaken 
r primaries but they are distinguished by being located in the dendrite inter 
stices. If the dendrites were to be replaced by spheroidal shaped primary grains, 
is appeared to be the case when vibration was applied, it would seem that the 
eservoirs of alloy enriched liquid would be larger and would therefore promote 
arser secondary phases. Without the benefit of photomicrographs, I cannot be 
certain that this explanation is correct but it certainly seems reasonable. 


Authors’ Reply 


The authors have conducted a comparison of the tensile properties of test 
ieces machined from various positions in 50-pound ingots solidified with and 
without vibration and using various pouring temperatures. In order to minimize 
cro- and micro-voids, the ingot molds were tapered and water-cooled at the base 
and the melt was well de-gassed prior to pouring. The vibrated and comparative 
vibrated ingots were cast from the same melt in every instance. Applied vibra- 
was of the 60 cps type at 5 G acceleration. Standard 0.505 in diameter test 
imens were machined from slices taken from various horizontal planes in the 
ngots. The slices were solution treated and aged before machining. 
lhe tensile strength data are summarized in bands in Fig. 12. Overall average 
le ductilities are compared in Fig. 13. The conclusions seem to be that there is 
stematic effect on tensile strength but that there is a systematic superiority in 
le ductility evidenced by the vibrated ingots. 
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Fig. 12—Summary of Tensile Strength Data. 
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Fig. 13—Comparison of Overall Average Tensile 
Ductilities. 
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ere is not a good correlation between pipe suppression and the anomalous 

in void volume (Fig. 7). At a peak-to-peak amplitude of 10-? inches, th« 

oe suppression is as great as at an amplitude of 7 107? inches but the micro- 
ty is markedly less even than that of the unvibrated ingot. 

[he authors are not convinced that the segregation pattern in the vibrated 

sots are so markedly different from the unvibrated ingots as to warrant a special 

<planation. The authors would join Messrs. Freedman and Wallace in the opinion 

. fundamental study of the mechanism by which vibration influences the cast 

ture would be a fruitful ground for study. 

Mr. Sperry’s corrollary to the ‘“‘settling’’ hypothesis that there should also 

, vertical segregation of alloying elements seems reasonable although one 

‘t easily anticipate the magnitude of such an effect. The ingots studied in 

is program were probably too short to test this hypothesis. These short ingots 
lid show some vertical segregation of copper (Figs. 8 and 9) but the trend is oppo- 
te to what one would expect from the hypothesis. 

Mr. Sperry’s rationalization of eutectic coarsening is acceptable but thi 
roblem is still unresolved as to why intermetallic phases, when they are the 
primary crystallization products, show coarsening under vibration. Reference is 

ide to microstructures of an Al-6% Fe alloy shown in an earlier paper (2). In 


s instance the FeAl; phase is the primary crystallization product and vibration 
lefinitely causes coarsening of the needles. 














THE INTERMETALLIC PHASES IN 2024 ALUMINUM A) 1 0\ 


By Puitie R. SPERRY 


Abstract 

Aluminum alloy 2024 in the cast and wrought con 
tions was studied metallographically in order to positiv 
identify the phases and to determine their mode of occurren 
Particular attention was given to the phases due to tron a) 
manganese. The seven constituents found were CuA 
AlzCuMg, Mg.S1, Al;Cu2Fe, MnAls, FeAls, and aAl (M) 
Fe) Si. The latter three reacted with the liquid during solid 
fication or with the aluminum solid solution during subs: 
quent heating to form Al;Cu2Fe. The order of solidificatio) 
for each of the phases was established and the relationshi 
between 2024 and the Al-Cu-Fe-Mn and the Al-Cu-M¢g-Si 
alloy systems was discussed. In the wrought condition thi 
principal constituents were Al,CuMg, aAl( Mn, Fe)Si, 
Al;CusFe, and Meg.5S1, with CuAl. occurring in relatively 
minor amounts (neglecting age hardening precipitates). 


INTRODUCTION 

N spite of the numerous general descriptions of the metallograph 

of aluminum base alloys containing copper and magnesium (Du 
alumin type), details concerning the identity of certain constituent 
phases and the mode of formation of these and other constituents 
are lacking. Alloy 2024 (formerly 24S), containing nominally 4.5° 
copper and 1.5% magnesium, is foremost among these alloys i1 
strength properties. It was considered that a more complete exposi 
tion of the metallography of this important alloy would be of valu 
to producers and users alike. 

Among the noteworthy contributions to the metallography ol 
Duralumin type alloys are those of Toéllner (1),' Keller and Bos- 
sert (2), Mondolfo (3), and Phragmén (4). Agreement exists con 
cerning the presence of the phases CuAl, Al,CuMg, and Megs 
in alloy 2024 but the phases due to the presence of iron and man 
ganese need clarification. The present work is an attempt to identif 
the phases containing iron and manganese and to present additional 
data on the mode of formation and stability of all the constituents 


DESCRIPTION OF PHASES 
In cast or wrought 2024 aluminum alloy seven phases othe 


‘The figures appearing in parentheses pertain to the references appended to this paper 


The author, Philip R. Sperry, is research metallurgist, Kaiser Aluminum an 
Chemical Corporation, Department of Metallurgical Research, Spokane, Was! 
ington. Manuscript received August 15, 1955. 
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identified. 
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These were 


AbCuMeg, MgeSi, MnAle, FeAls, aAl( Mn,Fe)Si, and Al;CucFe. 


to be noted that there are four phases containing iron and 


anganese and that one of these—FeAl;—has not received prior 


nen 


tion in connection with Duralumin alloys. 
Some of the useful optical properties and the etching charac- 


‘eristics using a special phosphoric acid etchant are listed in the 
iccompanying table. Phragmén gives a more complete listing of the 


Table I 


Metallographic Characteristics of Phases in 2024 Aluminum Alloy 


Appearance before etching 


Ordinary light 


Pale pink, roughened 
by prolonged polish- 


Crossed polarizers 


Changes from orange 


to greenish blue. 


\ppearance atter etching 
1 min in 10% HsPOs, at 
120°F (50°C) 


Outlined slightly, no change in 
color 


ing Some orientations 
show little change 
CuMe Light gray, rough- All orientations Darkened slightly to markedly 
ened and tarnished change from orange depending on polish. Always 


S Bright 


by prolonged polish- 
ing 

blue, rough- 
ened, tarnished or 
pitted by prolonged 
polishing 

Very light gray, usu- 
ally not much in re- 
lief. 


to greenish blue 


Should not 
but does because ol 
roughening 


Distinct change from 
light to dark gray, 
very little color 


change 


roughe ned 


Usually retains color and shape 
but is sometimes dissolved out 


Not, or very slightly, outlined 
from aluminum, uncolored or 
sometimes light brown, 
cially near Cu-rich phases 


espe- 


Darker gray than Very slight change, Very dark brown or bluish 
any other phase in usually not detect- gray, partly dissolved. Etches 
this table, polishes in able except for lighter when enveloped’ by 
relief easily. contrast between Al;Cu2oFe 
twins on large par- 
ticles 
l(Mn,Fe)Si Light gray, shows No change Light brown and smooth to 
greatest tendency to dark brown and slightly rough 
polish in relief ened, sharply outlined 
CusFe Very light gray, just Weak but definite Outlined but not colored, sharp- 


slightly darker than 
MnAle and CuAl. 


change from light to 
dark gray. 


ly outlined from other Mn-Fe 
phases 


effects of more commonly used etchants, especially as they apply 
to the Duralumin compositions. However, the 10% phosphoric 
acid etchant employed as described in the table was found most 
useful for distinguishing the different constituents. Some of the 
characteristics of each of the phases are reviewed below. 

CuAl, (also called @ phase) —This constituent remains clear and 
white in all the common acid etchants except 25% nitric acid which 
darkens it. 


Al,CuMg (also called Al;CuesMgs, AlisCu;Mgs, Al-Cu-Meg, 


aA\l-Cu-Mg, and S phase)—AleCuMg tarnishes and roughens upon 
ionged polishing with magnesia and water and this effect causes 
itions in appearance and etching characteristics which can be 
using. Sometimes it etches darkly and other times lightly in 
phosphoric acid and other reagents. It shows marked changes in 
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color in polarized light as does CuAl, but the two are not hai 
tinguish by other means. 

Mg.Si—There is no difficulty in recognizing Mg»Si be: 
its characteristic blue color. It is best to examine for this p! 
fore etching because all acid etchants dissolve it very readil 

MnAl,—The simple designation for the binary phase 
herein in order to avoid such complex designations as (Al,Cu),(\J, 
Fe,Cu) such as was used by Phragmén (4). There is a ternary ph; 
in the aluminum-copper-iron system which is isomorphou: 
MnAl,. This ternary phase was called (Al,Cu).(Fe,Cu) by 
mén (4) and aAlCuFe by Phillips (5). MnAl¢ shows strong birefring 
ence but it differs from CuAlk and Al,.CuMg in that there is mo, 
gray and less color. 


and possibly a small amount of copper. FeAl; shows very weak 
birefringence. Before etching it has a darker gray color than any of 
the other iron-manganese constituents? and it darkens more than th 
others when etched with the phosphoric acid etchant. 

aAl(Mn,Fe)Si—This phase is basically a ternary phase, foun 
in both the aluminum-iron-silicon and the aluminum-manganese- 
silicon systems. aAl(Mn,Fe)Si apparently has a wide range of com 
position according to analyses reported in the literature. The chang 
in etching characteristics shown by this phase in the presence of 
copper indicates that it dissolves some of this element (4). Its colors, 
either before or after etching in phosphoric acid solution, are mid 
way in tone between those of FeAl; and MnAlg. aAl(Mn,Fe)Si 
shows no change in polarized light. 

Al;Cu2Fe (also called AlgCueFe, N phase, and BAlCuFe)—The 
extent to which the composition can vary is not known, and nothing 
has been done to determine if manganese or silicon are soluble in this 
constituent. Al;Cu.Fe produces a weak but observable birefringence 
The phosphoric etchant distinguishes between Al;CueFe and the 
other iron-manganese phases but it is not easy to discern it from 
CuAl. 

Many difficulties were encountered in attempting to identify 
the iron-manganese phases by etching characteristics based on pub- 
lished identification tables. It was necessary to study the phases in a 
number of high purity alloys with fewer components and to supple- 
ment this identification by X-ray diffraction of constituents sep- 
arated from 2024 or from the simpler alloys. The methods and re- 
sults are briefly described below. 

Individual intermetallic phases were concentrated by dissolv- 
ing the aluminum solid solution matrix and collecting the residue 





2The designation, ‘‘iron-manganese constituents”’ is used to include the four phases whi 
contain at least one of these two elements in major proportions. These are MnAls, FeAl, aAl- 
(Mn,Fe)Si, and Al;Cu:Fe. 
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vhich consisted essentially of constituents whose rate of solution or 
solubility in the reagent used was relatively low. The reagents and 
the methods of dissolving the matrix varied with the alloy and its 
condition. Success was had under some conditions with a solution of 
10°; hydrochloric acid and in other cases with a solution of 10 grams 
of iodine to 100 ml of methanol. A portion of each residue was ex- 
imined microscopically to ascertain that it contained a substantial 
:mount of the phase in question. The alloy compositions and condi- 
tions were chosen so that the phase to be identified was present in 
large amount and with coarse particle size. In general, only the iron- 
manganese constituents were capable of separation since all others 
were dissolved in the reagents used. When copper was present in 
the residue, it could be removed by washing with a 25% nitric acid 
solution. Further purification of the residue was effected by floating 
ff aluminum and other light contaminants in a high density liquid, 
tetrabromoethane (2.96 g/cm). 

One sample consisted of 2024 which had been remelted and re- 
solidified at a very slow rate. This produced a large quantity of 
coarse constituent resembling MnAl,. A Debye-Scherrer pattern was 
obtained which matched that of MnAlg which had been separated 
from 3003 alloy and also from a high purity aluminum-manganese 
alloy. 

A second sample of the same alloy was resolidified at a mod- 
erately fast rate to produce a cast structure similar to that of com- 
mercial direct chill ingot. Isolation of the iron-manganese phases for 
a Debye-Scherrer powder sample demonstrated that the predom- 
inant phase was aAl(Mn,Fe)Si, similar to that in 3003 alloy. 

The constituent, Al;Cu,2Fe, was not separated directly from 
2024 alloy, but from high purity alloys of aluminum, copper, and 
iron (6). After confirmation of the identity by X-ray diffraction, the 
metallographic characteristics of Al;CueFe in the high purity alloys 
were closely compared with those of the phase in 2024. This com- 
parison was made more valuable by having FeAl;, aAlCuFe (isomor- 
phous with MnAl,), and CuAl,: also present in the high purity alloy. 
lt was satisfactorily established that Al;CueFe was present in 2024. 

The quantity of FeAl; appearing in 2024 was so small that it 
could not be identified by X-ray diffraction but there was no trouble 
in proving its presence by metallographic means, especially by com- 
parison with high purity aluminum-copper-iron alloys. 

The remaining phases, CuAle, Al.CuMg, and Mg.Si, have been 
so well established as phases normally occurring in 2024 that no 
further work was considered necessary. 

The phase designated as Al-Cu-Fe-Mn, which Keiler and Bos- 
sert (2) report to be present in 2024, is uncertain as to its identity. 
Phragmén (4) pointed out that this phase was probably MnAl, con- 
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a b 
Fig. 1—High Purity Alloy, Al-4% Cu-0.5% Fe-0.6% Mn. (a) As-cast, shows MnA 
medium gray) in script and parallelogram form, and CuAls (light gray). (b) Heated at 930°] 


for 50 hours, water-quenched. MnAle has almost completely transformed to Alr;CuoF*« 
some other finely dispersed phase. 


taining iron and copper. The Al-Cu-Fe-Mn phase was included i 
the well-known table of etching characteristics of Keller and Wilcox 
(9) and was said to be based upon a high purity alloy of aluminun 
with 4.0% copper, 0.5% iron, and 0.6% manganese. For the present 
investigation this alloy was duplicated. When the alloy was solidi- 
fied at a moderate rate the constituents identified were MnA\,, 
FeAl;, Al;Cueoke, and CuAk. MnAlg was by far the most predom- 
inant of the phases containing iron and manganese. Fig. 1a shows 
this phase in two characteristic forms, script and parallelogram 
When this casting was given a homogenization heat treatment at 
930°F, most of the MnAl, transformed peritectically to Al;CusFe 
as shown in Fig. 1b. All other phases tended to disappear, either by 
solution or by reaction to form Al;CuseFe. The latter phase exhibited 
a duplex structure, suggesting that there was another equilibrium 
phase present in minute proportions. A fine unidentified precipitate 
was also found within the aluminum dendrites. From these findings 
it appears that the phase which has been designated as Al-Cu-Fe-Mn 
could be basically either MnAl, or Al;CusFe, depending upon the 
condition of the standard alloy used for its identification. It is sug- 
gested that the use of this ambiguous designation be abandoned in 
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favor of more explicit designations. It will be seen subsequently that 
in 2024 wrought products the predominant iron-manganese phases 
ire actually aAl(Mn,Fe)Si and Al;CusFe. 


(CONDITIONS FOR APPEARANCE OF PHASES 


Because much of the microstructure of wrought alloys is in- 
herited from the cast ingot, an analysis of cast microstructure 
proved to be informative. Most of the work is qualitative in nature 
but it offers a basis for further quantitative studies on this and simi- 
lar alloys. 

Initial observations concerned the significant effect of solidifica- 
tion rate on the iron-manganese constituents. An alloy of the follow- 
ing composition was allowed to solidify at various rates. 

Cu Mg Mn Fe Si 
Weight % 4.88 1.69 0.55 0.29 0.15 
A slow rate (about 6°F per minute from 1200 to 900°F) yielded 
MnAl, as the principal iron-manganese constituent. Fig. 2a shows a 
typical coarse particle. In spite of their large size, these particles 
were always located within dendrite interstices, indicating that they 
were eutectic in nature and not primary. Small quantities of FeAl, 
were also found but this phase was usually completely enveloped by 
\l,;CusFe. The MnAlg also showed evidence of reaction where it had 
remained in contact with liquid metal to form Al;CuseFe. Both of 
these features are illustrated in Fig. 2a. Al;CusFe also occurred as 
long prismatic needles where it had formed eutectically, as shown in 
Fig. 2b. The remaining structure consisted of coarse divorced CuAls, 
\MgSi in script form, and a fine aggregate of AlCuMg and CuAl. 
There were only occasional particles of aAl(Mn,Fe)Si. 

By increasing the solidification rate to about 50°F per minute 
the following changes were effected: 

1. the quantity of MnAl, decreased, 

2. the quantity of FeAl; increased, 

3. aAl(Mn,Fe)Si appeared in polygonal form closely associated 

with FeAl; (Fig. 3a), 

4. aAl(Mn,Fe)Si appeared in script-like form (Fig. 3b), and 

5. the quantity of Al;CueFe decreased. 
The remaining fine structure was essentially the same except that 
\goSi was encountered more frequently as fine particles within the 
aggregate containing Al,CuMg and CuAl rather than being in script 
iorm. 

Further increase of solidification rate to about 100°F per minute 
resulted in almost complete suppression of MnAl., FeAl;, and Al,- 
CusFe so that aAl(Mn,Fe)Si script was the only constituent to ac- 
count for the iron and manganese. 
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Fig. 2—2024 Alloy Solidified at 6°F Per Minute. (a) Shows coarse MnAle (M 
FeAl; (F) both reacting to form Al;CueFe (N). The fine eutectic contains AleCuMg (d 


and CuAls (white). X250 (b) showing the distinction between Al;CuesFe (very light gray 
and CuAle (white). HsPO,4 etch. «1000 


The predominant structure throughout an ingot is that of Fig 
3b, although areas containing FeAl; (Fig. 3a) and MnAlg (Fig. 3 
are found at intervals. Thus it is indicated that ingot solidification 
rates are in the order of magnitude of 50 to 100°F per minute within 
the solidification range for 2024 alloy, 1180 to 935°F. 

The solidification process in 2024 alloy was further elucidated 
by allowing small melts to solidify at a controlled rate to various 
temperatures within the solidification range, followed by a rapid 
quench to transform the remaining liquid into a very fine structure 
Thus, the liquid-to-solid reactions at various stages could be fol- 
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Fig. 3—Manner in Which Iron-Manganese Phases Appear in 2024 Cast 
Structures. (a) and (b) were solidified at 50°F per minute and quenched after 
solidification. (c) is from a D.C. ingot and coring is revealed by precipitation 
(a) FeAls blades (black) and aAl(Mn,Fe)Si polygons (gray with dark outlines) ; 
(b) aAl(Mn,Fe)Si script (medium gray, sharply outlined) which predominates 
in ingot structures; (c) MnAle (light gray, not outlined). HsPO; etch, «250 
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20°F per Minute 50°F per Minute 


Primary Al Dendrites 
MnAl¢ Eutectic Primary Al Dendrites 


FeAlz Eutectic 


Some MnAl¢ and FeAls Eutectic 
Some FeAl3—aAl(Mn,Fe)Si Peritect 
Large Amount of aAl(Mn, Fe)Si Eutect 


FeAlz—~ aAl(Mn,Fe)Si 
Peritectic 


aAl(Mn,Fe)Si-Alz7CueFe 
Also Al7CupFe Eutectic 


FeAl3,MnAlg and 

"| Some Al7CupFe Eutectic 
Solidification Complete Solidification Complete 
(CuAl2, AloCuMg, MgpSi) (CuAlg, AloCuMg, MgoSi) 


Fig. 4—Schematic Representation of Solidification of 2024 at Two Different Rat 
Liquid-solid reactions below 950°F could not be followed so only the reaction products ar 


given. All reactions should also include aluminum. Arrows indicate temperatures f: 
which samples were quenched. 


lowed. Fig. 4 shows schematically some typical results. The brack- 
ets represent the temperature range wherein the various reactions 
occurred. The reactions at the lower end of the solidification range 
were confined to such small temperature intervals that they could 
not be easily followed so they have been limited to a listing of the 
intermetallic phases involved. In some cases there seemed to be some 
overlapping with several reactions occurring within the same range 
This may have been due to lack of adequate control of the cooling 
rate or to inhomogeneities of composition. The important differences 
due to cooling rate are quite obvious, however. 

The effects of increased solidification rate appear to be to sup- 
press the MnAl, eutectic reaction, to promote the formation of 
aAl(Mn,Fe)Si peritectic and eutectic, and to suppress the Al;Cu.ke 
peritectic and eutectic reactions. It is not known whether these ef- 
fects are due to supercooling alone or whether they are caused b) 
changing composition relationships between solid and liquid. 

The peritectic reaction by which aAl(Mn,Fe)Si forms from 
leAl; produces an interesting and unusual structure. Fig. 3a shows 
that polygons of the new phase form at random along the FeAl! 
blades, sometimes producing strings of the aAl(Mn,Fe)Si crystals. 
These new crystals appear to grow with amazing rapidity, often con- 
suming all the FeAl; with which they are in contact. This differs 
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markedly from the usual rimming by which peritectic reactions take 
place with the customary slow rates of formation. 

The relationships among the three intermetallic phases which, 
with aluminum, make up the lowest melting eutectic structures can 
be inferred from the probable aluminum-copper-magnesium-silicon 
liquidus model. During solidification of an Al-Cu-Mg-Si alloy com- 
parable with the composition of 2024, the order of solidification fol- 
lowing precipitation of primary aluminum dendrites would be 


1. Liquid—Al+ Mg.Si 
2. Liquid—Al+ CuAl.+ Mg.Si 
3. Liquid—Al+ CuAlk + MgeSi+ AbCuMeg 


fhe temperature range over which the latter two reactions occur is 
less than 10°F. The binary and ternary eutectics solidify over a 
range of temperatures and, hence, would be the divorced type, ie, 
the intermetallic phases would be fairly coarse and separated from 
the eutectic aluminum which grows onto the primary aluminum 
dendrites. Such is the case in 2024. In 2024 the lowest melting eutec- 
tic appears to be the quaternary containing aluminum, CuAlh, 
MgSi, and AlkCuMg but its solidification temperature, 935°F, is 
about 8°F lower than that for high purity Al-Cu-Mg-Si alloys as 
determined by Crowther (10). This is undoubtedly due to the influ- 
ence of other elements in the commercial alloy. When the alloy is 
slowly solidified, very little MgeSi appears in the final eutectic, prob- 
ably because the equilibrium proportion of Mg»Si in this eutectic 
structure is very small. This lowest melting eutectic has been de- 
scribed elsewhere as the ternary forming aluminum, CuAl, and 
\lbCuMeg (3) but this eutectic cannot be obtained following solidifi- 
cation of MgeSi without circumventing the lowest melting composi- 
tion yielding aluminum+CuAl+AkhCuMg+Me.Si. Fig. 5a shows 
some of the fine MgeSi particles in the final eutectic as they appear 
after a brief reheating. The AleCuMg phase in this sample happened 
to etch lightly so that Mg.Si could be distinguished from it. 

The structure observed in laboratory produced cast samples of 
2024 has been compared with numerous commercial ingot structures 
and no discrepancies have been found. Following the interpretation 
of the cast structure, the changes accompanying reheating of an 
ingot were studied on a commercially cast alloy of the following 
composition. 

Cu Mg Mn Ke Si 
Weight % 4.90 1.40 0.70 0.30 0.15 


Reheating of the cast structure to bring about homogeneity be- 
tore hot working is common practice. This involves the solution of 
luble constituents, removal of concentration gradients in the 
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Fig. 5—Transformation of MnAle« (medium gray, not outlined) to Al;CueF¢ 
light gray, enveloping MnAl«) and Fine Dark Etching Phase in 2024 Ingot 
Heated at 930°F and Water-Quenched. (a) 1 hour; (b) 16 hours. In thelowe: 
center of (a) some fine dark particles of MgeSi can be distinguished in the 
eutectic with CuAle (white) and AleCu Mg since the latter has etched lightly 
Note the fine aggregate structure within the Al;CuoFe in (b). HsPO;s etch, 500 


matrix, and the completion of suppressed peritectic reactions. Thi 
reactions occurring at the interfaces between aluminum solid solu 
tion and the phases, FeAl;, MnAlg, or aAl(Mn,Fe)Si, are of special 
interest since they indicate that these three phases are not stable 
and that Al;CuseFe is a stable phase. This is in agreement with 
Phragmén’s predictions for 2024 (4) except that he made no mention 
of FeAl;. The absence of aAl(Mn,Fe)Si in the slowly solidified cast 
structure (Fig. 2) suggests that this is not an equilibrium phase, but 
its low reaction rate during reheating indicates a high metastabilit) 

Early and advanced stages in the transformation of MnAlg to 
Al;CusFe are shown in Figs. 5a and 5b. It can be seen that initially 





2024 ALUMINUM ALLOY 915 





b 


Fig. 6— Transition Structures in 2024 Ingot Heated at 930°F for 4 Hours 
Quenched. (a) FeAls (dark gray) transforming to Al;CueFe (light, enveloping FeAls) 
rAl(Mn,Fe)Si polygons (medium gray) show little change. (b) Eutectic AlyCuoFe 
remaining undissolved while the CuAle and AleCuMg are dissolving. HsPOs« etch, 


Water 

while 
needles 
~ 500 


the newly formed Al;CusFe is smooth and uniform but at later stages 
it incorporates a fine dark etching phase to yield an aggregate struc- 
ture. The resemblance between this and the reaction in the high 
purity Al-Cu-Fe-Mn alloy (Fig. 1b) is significant. Similar effects ob- 
tain for the transformation of FeAl; as Fig. 6a shows. It was not pos- 
sible to identify the fine constituent distributed within the Al;CueFe. 
Fig. 6b gives an indication of the low solubility of the Al;Cu.Fe 
phase. The phase which precipitated from the melt in eutectic form 
maintained its needlelike shape while the soluble constituents around 
it were dissolving and coalescing. 

Seeman, et al (7,8) have described a precipitate in reheated 
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Fig. 7—2024 Ingot Heated at 930°F for 16 Hours, Water-Quenched. The dendrit 
cipitate pattern results from precipitation of some unidentified manganese-containi: 
or phases. Etched with 1% HF for 5 seconds. 250. 


commercial ingots of Duralumin which was proved to be associat 
with the presence of manganese and was tentatively identifi 
MnAls. Fig. 7 shows a similar precipitate which appeared afte: 
heating a sample of 2024 ingot 16 hours at 930°F. In the present 
investigation the identity of the precipitate could not be estab 
lished but it can be stated that MnAl, is not a stable phase and 
hence, it is not a likely candidate. An explanation for a simil 
nonuniform precipitate distribution was given in connection wit! 
a study of 3003 aluminum alloy (11), a nonheat treatable allo 
containing about 1.2% manganese. This explanation can be applie 
with little modification to 2024 alloy. It seems unnecessary t 
postulate an undercooling and suppression of a peritectic reactior 
with regard to the precipitate, as Seeman has done, although thes 
phenomena undoubtedly occur and have other effects. 

The working processes and further thermal treatments whi 
2024 alloy undergoes before reaching its final form and temper 
continue and sometimes accelerate the metallurgical changes whic! 
start with the reheating of the ingot. Therefore, the wrought 
structure is closely allied to the reheated ingot structure wit! 
respect to the intermetallic phases which are present. 

In the wrought 2024 microstructures the principal phases ar 
AlCuMg, Mg.Si, aAl(Mn,Fe)Si, and Al;CusFe. If there are residua! 
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Fig. 8—Predominant Phases in 2024 Wrought Structures. (a) as extruded; (b) solution 


t treated. aAl(Mn,Fe)Si (dark gray) is partially rimmed by Al;CusFe (light gray) 
\l.CuMg (medium gray, mottled) is the principal precipitate phase in (a) and is not com- 
pletely dissolved in (b). HsPOs etch, «1000 


T 


particles of FeAl; and MnAl, they are quite scarce and difficult 
to identify. CuAl, cannot be recognized in the fine precipitate in 
annealed or hot worked material and is found only occasionally as 
an undissolved constituent particle. Al,CuMg predominates as 
the soluble phase. Figs. 8a and 8b show an extrusion before and 
after solution heat treating. In both photomicrographs dark etching 
aAl(Mn,Fe)Si rimmed with the light Al;Cuske is evident. The 
\bCuMg constituent is medium gray and mottled and in Fig. 8b 
it has a more rounded shape as a result of the solution process. 
\igoSi cannot be distinguished after etching, but it is present as a 
random dispersion of fairly fine particles. 

In view of the low solubility of the iron-manganese and Mg»Si 
constituents, the matrix of alloy 2024 including the more soluble 
phases can be regarded as an alloy of aluminum, copper, and mag- 
nesium as an approximation. At the solution heat treating tem- 
perature the alloy matrix lies essentially in the two-phase field, 
\l+AlCuMg. Numerous observations show that this is true even 
when the ratio, Cu:Mg, based on the overall alloy composition, is 
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high. The copper content of the matrix is undoubtedly sensi 
the quantity of Al;CueFe which has formed and the ratio of 
to magnesium in the matrix must actually be lower than th 
composition indicates. The relative proportion of aAl(M: 
to Al;CusFe in a 2024 microstructure serves as a rough index 
degree of homogenization which the alloy has undergone 
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GRAIN BOUNDARY CREEP IN ALUMINUM 
BICRYSTALS 


By F. N. RaHINEs, W. E. BonpD, AND M. A. KIsSEI 


A bstract 


Grain boundary shearing in aluminum bicrystals at 
high temperature and low tensile stress 1s found to be spas- 
modic, beginning with an induction period. Its direction de- 
pends exclusively upon that of the maximum shear stress in 
the grain boundary, but its rate depends as well upon the 
orientation reiationships of the conjugate crystals. The 
overall gliding rate is constant with the cube root of time, 
bears an Arrhenius relationship to the temperature and its 
logarithm is approximately proportional to the stress, over 
small ranges of stress. A mechanism for the _ is pro- 


posed. (ASM-SLA Classification: Q3, Q2, A 


HE gliding of metal crystals upon their mutual grain boundary 
pews first reported, for the case of y-iron, by Rosenhain and 
Humfrey (1),! who employed this observation in support of the 
amorphous cement hypothesis. Andrade (2), in his classic papers 
upon creep, ascribed to the grain boundary a capacity for viscous 
sliding, which he thought to be responsible, in part at least, for the 
uniform rate of secondary creep. Recently, there has been renewed 
and intensified interest in grain boundary gliding owing to the 
evident contribution of this mode of yielding to high temperature 
creep in structural alloys and to the fact that high temperature 
creep-rupture is commonly intergranular. A number of recent in- 
vestigations (3 to 20) have dealt with this subject, but there remain 
many unanswered questions with regard to the nature of the process. 
It has been the purpose of the present research to obtain a more de- 
tailed and quantitative view of grain boundary gliding, with the 
hope of finding clues to its mechanism. 


EXPERIMENTAL PROCEDURE 
Pure aluminum, (99.95%) was selected for these studies. An 
exhaustive spectrographic analysis,? after the fabrication of the 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
*Spectrographic analyses were kindly made for us at the Aluminum Company of America 
<esearch Laboratories, at New Kensington, Pennsylvania. 


A paper presented before the Thirty-Seventh Annual Convention of the So- 
ciety, held in Philadelphia, October 17-21, 1955. Of the authors, F. N. Rhines is 
Aluminum Company of America professor of light metals and member of the staff; 

.E. Bond and M. A. Kissel are research assistants, Metals Research Laboratory, 
Carnegie Institute of Technology, Pittsburgh. Manuscript received May 12,1955. 
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metal into test specimens, indicated that the major impuri 
copper, about 0.005%, followed by iron, chromium, silico 
magnesium, each about 0.001%, and sodium and calcium 
0.0001%. No other impurity was found present in spectros 
cally detectable amount. 


Apart from an exploratory survey, using polycrystalline ; 
num, all of the studies were made upon bicrystals having flat 
boundaries accurately oriented at 45 degrees to the tension axi 
perpendicular to the reference surface upon which all observ: 
were made. These were in the form of bars, usually about 2% i: 
long, by 38 inches wide and 56 inch thick, see Fig. 1. All but a 
few were cut from coarse-grained rolled aluminum plate, whic! 


Fig. 1—A Typical Strain-Annealed Bicrystal, With Its Grain Boundary Aligned 
Degrees to the Tension Axis, Tucker etch, X2 magnification. 


Fig. 2—Pattern of Reference Squares Su- 

perimposed Upon the Grain Boundary of an 

Aluminum Bicrystal, X30 magnification. 
been prepared by straining 1.7% in tension and annealing briefly in 
a salt bath adjusted at 659°C (1220°F). The few others were cut 
from cast bicrystals that had been made from the same metal by a 
conventional thermal gradient technique. Distorted metal was re- 
moved by alternate polishing and etching and a bright finished sur- 
face, with the grain boundary delineated as a fine line, was pro- 
duced by electropolishing. 
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Fig. 3—Schematic Plan of Measurements Made Upon a Bicrystal 
During Creep at an Elevated Temperature; the Diagonal Line Repre- 
sents the Grain Boundary Along Which Shearing is Taking Place 


A reference pattern was photoengraved upon one of the broad 
faces of each bar by a slight modification of a commercial cold-top 
process.* This involved coating the surface with a photosensitive 
material, exposure through a 133 line to the inch half tone screen, 
development to harden the exposed squares of the screen pattern, 
fixing to wash away the unexposed lines, re-electropolishing to 
“etch in” the lines and washing off the residual coating with a suit- 
able solvent. The resulting pattern of squares protruding minutely 
from the surface, appears as in Fig. 2. As a result of electropolishing, 
there remained upon the surface a fairly heavy, although trans- 
parent, oxide film, which could be largely removed with a phos- 
phoric acid solvent, but which was usually left as protection against 
further oxidation and tarnishing during subsequent testing at 
elevated temperatures. This film also served as a stress coat, which 
gave useful information. 

The testing apparatus consisted of conventional dead-weight 
loaded creep machines with resistance furnaces, open to the atmos- 
phere and provided with optical glass windows for observing the 


Either the cold-top process as supplied by the Mallinckrodt Chemical Works or an improved 


rsion that was made available through the courtesy of the American Newspapers Association 
oratories, 
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specimens. Temperatures were measured by means of t!] 
couples placed in near contact with the bicrystals at their 
boundaries. File-faced grips of light construction were used t: 
the specimens. A specially designed long focusing telescop 
both horizontal and vertical micrometer measuring scales was 
for measuring the grain boundary displacement and elongati: 

A plan of the measurements is shown schematically in | 
At a minimum of three points along the grain boundary the ho: 
tal displacement (A) of bisected reference squares was mea: 
and was averaged. Simultaneously, the elongation of each of 
two crystals was measured parallel to the stress axis, alon, 
lengths (B,) and (Be), which were initially 0.32 millimeters long. \ 
total extension (C) was measured across the grain boundary }y 
tween reference points 0.7 millimeters apart. In a few experiments, 
the vertical displacement along the grain boundary was measured 
also, using the same reference squares as for measurements (A) bu 
measuring their displacement at right angles to the spans (A). 

The conduct of the typical test consisted in placing the samp 
in the creep machine, adjusting the temperature, making an initial 
set of readings and then applying the load very gently. Another set 
of readings was made as soon after loading as possible; thereafter, 
readings were made at increasing time intervals until they wer 
spaced 24 hours apart. About 100 such tests were run for times 
ranging up to an exceptional maximum of one year. The testing 
temperatures ranged from 200 to 650°C (390 to 1200°F) and the 
stresses from 10 to 1600 psi. Nearly half of the tests were terminated 
by transgranular rupture, the rest were stopped because the refer- 
ence points had become obliterated by the fragmentation of the 
squares. 


5 


Considering the sensitivity of the measuring apparatus and the 
magnitude of the human error in locating the reference points from 
day to day, it is believed that the measurements of grain boundary) 
displacement are significant within 0.005 millimeters. This sensitiv- 
itv was of particular value in detecting irregularities in the progress 
of grain boundary gliding. Temperature readings were reliable 
within +5°C, stress measurements within 1%. The crystal orienta- 
tion, determined by the Laue back-reflection inethod was dependa 
ble within about 1 degree of arc. 


EXPERIMENTAL RESULTS 
When grain boundary creep is measured both parallel and 
transverse to the direction of loading of the bicrystal, entirely dif- 
ferent results are obtained by the two measurements. Parallel to the 
stress direction, the metal, between gage points astride the grain 
boundary, extends in a regular manner, which is not to be dis- 
tinguished from the elongation of the specimen as a whole, except 
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Fig. 4—Record of Grain Boundary Displacement and Longitudinal Extension ‘ 
l'ypical Bicrystal Tested at a Temperature of 300°C (570°F), Under a Stress of 100 psi 
The heavy solid line, passing through plotted points, represents lateral displacement at the 
rain boundary, as measured over three spans, such as A in Fig. 2, and averaged. The long 
lash line represents displacement at the grain boundary, measured parallel to the stress axis 
t one point. Total elongation and the elongation in grains 1 and 2 are expressed in percent 
nd have been measured along spans such as C, Bi and Be in Fig. 2 


in its faster rate. That is, the extension, which is rapid at first, 
eradually decelerates until a steady progress of extension is estab- 
lished at a minimum rate, see the long dash curve in Fig. 4. 

As observed transverse to the direction of loading, however, the 
onset of yielding is delayed until the termination of a more, or less, 
extended induction interval. Thereafter, an apparent shear begins 
at its maximum rate, soon declining in velocity until there is, once 
more, no perceptible yielding. Sometime later, shearing resumes at 
its original fast rate, again diminishes to zero and so on in a some- 
what irregular sequence of surges, see the curve with plotted points, 
Fig. 4. 

It is evident, at once, that the measurements made parallel to 
the applied stress do not report the lateral displacement of one grain 
with respect to the other, as they would if grain boundary displace- 
ment were a shear upon a single interface between the two grains. 
This can mean only that the lateral displacement of grains is occur- 
ring in a layer of metal of finite thickness. The layer is extending at a 
nearly constant rate in the stress direction, while yielding trans- 
versely in a sequence of surges. Although the uninterrupted rapid 
flow, parallel with the stress direction, is clearly of importance in 
iccounting for the commonly observed increase in creep rate with a 
decrease in grain size, in polycrystalline aggregates, the subject of 
ivowed interest in this paper is the lateral displacement of one grain 
with respect to its neighbor and it is apparent that this can be 
measured only transversely to the stress direction. Accordingly all 
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Fig. 5—Lateral Grain Boundary Displacement Versus Time for Three Ids 
tically Oriented Bicrystals cut from the same cast Bicrystal and identically test: 
at 300°C (570°F), Under a Stress of 400 psi. Data points, omitted to minimize « 
fusion, exhibited slightly more scatter than those shown in Fig. 4 


of the results that follow relate to measurements such as span 
Fig. 3. 


Induction Period 


The duration of the induction period varies over a broad range, 
depending upon the crystallographic relationships, the temperatur 
and the stress. Short induction periods, amounting to as little as a 
matter of minutes, are associated with large orientation differences 
between the conjugate crystals, high temperature and high stress. At 
the opposite extreme there are encountered periods as long as a 
month (in one case five months) preceding grain boundary gliding 
The onset of movement at the end of the induction period is always 
abrupt and seems in no way related to any mechanical, or thermal 
disturbance. 


Spasmodic Motion 


When the grain boundary is flat and regular, gliding begins 
simultaneously at all reference points and proceeds initially at much 
the same rate at all points. Later, and most evidently when the 
grain boundary is not flat, the surges of motion begin to appear at 
slightly different times at different reference points, and to have 
somewhat different magnitudes. With samples cut from the same 
pair of crystals and tested under identical conditions of stress and 
temperature, the surges are roughly of the same magnitude and 
duration, but are definitely not identical in either respect, Fig. 5 
In contrast with this evidence of apparent sensitivity to subtile dil- 
ferences from point to point within the crystal, however, is the fact, 
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any times verified, that the progression of the surges is insensitive 
+o external influences. During a rest period, neither a temperature 
excursion of several hundred degrees, nor a severe mechanical shock 
will initiate shearing prematurely. As an extreme example, one 
hicrvstal, during the failure of a temperature controller, melted off 
‘tits upper grip, fell three feet from the furnace, was replaced in 
the testing apparatus and continued in the rest portion of its gliding 


evcle another fortnight before lateral motion was resumed. 


Overall Rate of Gliding 


If the lateral displacement at the grain boundary is plotted asa 
function of the cube root of the time, the resulting curve, although 
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Fig. 6-——Grain Boundary Displacement at Three Temperatures, 
Under a Stress of 100 psi, Averaged to Randomize the Crystal Orienta- 


tion Effect, and Plotted as a Function of the Cube Root of the Time. 
Zero time represents the termination of the induction interval. 


undulating, approximates a straight line. The slope of this line is 
sensitive to the prevailing temperature, stress and crystallographic 
orientation relationship. Since the orientation relationships were 
different in almost all of the bicrystals used, the effects of the tem- 
perature and the stress upon the gliding rate are best compared by 
averaging, to randomize the orientation effects. Thus, in Fig. 6, are 
presented three time-displacement plots made by averaging the 
results from all bicrystals tested at a stress of 100 psi and three 
temperatures (300, 400 and 500°C) regardless of their orientations. 
The results from 28 bicrystals are represented in the curve for 300°C 
570°F), 18 in the curve for 400°C (750°F) and 6 in the curve for 
500°C (930°F). This procedure tends also to smooth the undulations 
that arise from cyclic gliding. Although none of the three curves 
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presented in Fig. 6 passes through the origin, all cross the z 
placement axis within about one hour of zero time, the latt: 
defined as the end of the induction period. 


Influence of Temperature 
If the displacement in a given time is plotted, upon a | 
mic scale, as a function of the reciprocal of the absolute tempx 
a linear plot results, Fig. 7. The points represented in this gr 
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Fig. 7—Logarithm of the Average Grain Boundary Displacement in 50 Hour 

Under a Stress of 100 psi, Plotted as a Function of the Reciprocal of the Absolut« 

Temperature 
taken (at a time of 50 hours) from the average displacement curves 
in Fig. 6. The resulting curve has the form that is typical of chen 
ical-rate processes and its slope yields a “heat of activation”’ of 
11000 +1000 calories per mole. Using measurements from this re- 
search, but a different mode of calculation, Dorn (21) has found a 
heat of activation approximating that of the self-diffusion of alumi- 
num. 

This relationship does not apply to the variation with tempera- 
ture of the displacement in each surge; there the extent of gliding 
varies directly with the temperature, see Fig. 8. Curve A in this 
figure represents the total gliding accomplished during the first 
cycle in each of four samples of nearly identical orientation, tested 
at four temperatures. Curve B represents the average of the total 
gliding, in the first cycle, of all (52) samples tested at a stress of 100 
psi. 

It has been known, since the studies of Rosenhain and Hum- 
frey (1), that grain boundary gliding does not occur at low tempera- 
ture. As the temperature of testing is lowered, the effect disappears 
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Fig. 8—Grain Boundary Displacement in the First Cycle of Gliding, Under a 
tress of 100 psi Plotted as a Function of the Temperature; Curve A Was Obtained from 
i. Series of Single Tests Made with Bicrystals With Similar Orientation Relationships 

urve B Employs Average Measurements from Bicrystals with Random Orientations. 
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Fig. 9—Stress to Produce an Average Grain Boundary Displacement of 25 


Microns, at a Temperature of 300°C (570°F), Plotted as a Function of the Loga- 
rithm of the Time. 


by an increase in the length of the induction interval, until this 
time becomes greater than the time to rupture. Since the duration 
of the induction interval is sensitive also to the crystal orientation, 
the threshold temperature for gliding varies somewhat from one 
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grain boundary to the next. In a series of studies, conducted 
constant stress of 100 psi, no gliding was developed in any bi 
tested at 200°C (390°F), while less than five percent of those 
at 300°C (570°F) failed to exhibit grain boundary displaceny 
this number decreased further as the temperature was raise: 


Influence of Stress 


The logarithm of the (average) time required to attain a dj 
placement of 25 microns at a temperature of 300°C (570° 
plotted as a function of the applied unit stress in Fig. 9. In order ¢ 
randomize the influence of orientation, averages for all bicrystals 
tested under each set of conditions were again employed; in this 
instance there were available 2 bicrystals tested at 50 psi, 28 at 100 
psi, 7 at 200 psi, and 14 at 400 psi. In the higher range, the stress js 
almost a linear function of the logarithm of the time for unit dis- 
placement, but this relationship is clearly not exact and fails alto 
gether at low stresses. No satisfactory function of proportionalit: 
between the stress and the rate of gliding has vet been identified 

From a short series of tests conducted at various temperatures, 
(300 to 650°C) and at stresses down to 10 psi, it was concluded that 
there is an orientation sensitive threshold stress, corresponding to 
the threshold temperature, below which gliding does not occu 
Again, the induction interval becomes very long. At 10 psi, no grain 
boundary shearing was observed in either of the samples tested, 
even at 650°C (1200°F), i.e., 10°C below the melting point of th 
aluminum. 





At a unit stress of 1600 psi and above it was found impractical 
to conduct the kind of fine scale measurements used in this research. 
The grain boundary gliding so merges with the general distortion 
of the crystals themselves, that it can be perceived only qualitativel 
upon a coarse scale. 


Influence of Orientation 


The direction of grain boundary gliding appears to be alto 
gether insensitive to the orientation of the conjugate crystals. Mo- 
tion is always in the direction of the maximum shear stress resolved 
into the plane of the grain boundary and increases with the magni- 
tude of the stress, as has been observed also by Chang and Grant 
(14). Where a grain boundary has complex shape, each increment of 
its area behaves according to its local orientation with respect to 
the stress axis, see Fig. 10. 

For the case of a fixed grain boundary orientation, such as was 
employed in the present investigation, the relative orientation of the 
conjugate crystals exerts a profound influence upon the rate ol 
gliding. The effect persists, apparently undiminished, moreover, 
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Fig. 10—-Varying Displacement Along a Bent Grain Bound- 
ary in Coarse-Grained Aluminum. Tested at 384°C (720°F) 
Under a Stress of 120 psi, X35 magnification 


through many cycles of motion and rest and despite considerable 
extension of the sample as a whole and obvious distortion of the 
metal in the region of the grain boundary. 

Considering the evidence that gliding occurs within a layer of 
metal, rather than upon the grain boundary as an interface, it is not 
surprising that the assumption that the rate should vary with ori- 
entation difference, in the same manner as the grain boundary en- 
ergy, should fail. This relationship was found to hold only to the 
extent that motion is slight when the angle of the boundary is small. 

If, however, the overall rate of gliding is associated with the 
angular difference between the active slip systems in the conjugate 
crystals, a fairly satisfactory correlation is obtained. This was done 
through the use of stereographic projections, by identifying in each 
crystal its most favorably oriented slip plane and slip direction. The 
ingle between the two slip directions was designated 6; that between 
the intersections made by the two slip planes in the grain boundary 
was designated w. The sum of the @ and w angles was found to vary 
almost linearly with the rate of gliding. These measurements are 
portrayed schematically in Fig. 11. 

For making comparisons among bicrystals with grain bounda- 
ries at 45 degrees to the tension axis and tested at a given tempera- 
ture and stress, it was found convenient to employ the empirical 
tormula: 


d =dit,s)(0+w)/65 
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Fig. 11—Schematic Representation of a Bicrystal; the 
Angle @ is That Between the Active Slip Directions in the Two 
Crystals; w is the Angle Between the Traces of the Two Active 
Slip Planes, Measured in the Plane of the Grain Boundary, 
Heavily Outlined. 


where d is the displacement in unit time in a bicrystal having the 
angular relationships @ and w, while d;r,s) is the observed average 
displacement (orientation randomized) for all bicrystals tested at 
temperature (T) under unit stress (S). Using this formula, the ratio 
of the predicted to the observed rate of gliding for all samples tested 
assumed a Gaussian distribution about unity with about half of the 
cases in the range 0.95 to 1.05. Occasional large deviations between 
the predicted and observed rates are to be expected, because it is 
sometimes possible for more than one slip system to be operative in 
one, or both, of the grains of the bicrystal, a condition which could 
not be dealt with by the method employed. Smaller deviations, out- 
side the range of experimental error, may perhaps be the result of the 
occasional, or localized, operation of normally inactive slip systems. 
At least a dozen other relationships were tried without further suc- 
cess and that just described is, accordingly, considered the most 
acceptable. 

Qualitatively, the step height in spasmodic gliding increases 
with the sum of the angles 6 and w. The length of the induction 
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Fig. 12 —Detail of Grain Boundary Displacement after 250 Hours at 
300°C (570°F) Under a Stress of 100 psi; the Dark, Diagonal Trace is the 
Path of Shear and the Fine, Nearly Horizontal Lines are Stress Cracks in 
the Surface Film of Aluminum Oxide, 200 magnification. 


period, however, tends to vary inversely with 6+w. The rest periods 
are so irregular in their duration that no more definite statement is 
justified than that, in a vague way, they seem also to vary inversely 
with 6 and w. 


Structural Effects 


At the lowest temperature and stress at which grain boundary 
gliding is observed, shearing appears superficially to occur upon a 
single interface, Fig. 12, although a careful examination of this pho- 
tograph shows that stress cracks in the aluminum oxide film bend 
inward toward the grain boundary, indicating diagonal shearing 
within a zone of very real thickness. 

With rising temperature, or stress, it becomes increasingly ap- 
parent that yielding along the grain boundary is distributed through 
i zone of substantial thickness, Fig. 13. Moreover, the motion con- 
tinues upon the same path in cycle after cycle of yielding. Where a 

-dge is formed at the edges of the bicrystal, by the displacement of 
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Fig. 13—Detail of Grain Boundary Displacement in 936 Hours at 300% 
570°F), Under a Stress of 200 psi; the Translation Has Been 110 Microns, Ap- 


proximately Equal to the Spacing Between Rows of Reference Squares, 200 
magnification. 


one grain with respect to the other, it is not a sharply defined ledge, 
but is curved to produce an unbroken surface from one grain to the 
other, Fig. 14. Upon the surface of this ledge, Fig. 15, the oxide is 
fragmented and generally distributed, while the metal beneath re- 
mains glassy smooth, developing no markings of any kind. This is in 
contrast with the shapes of ledges that are produced by gross trans- 
crystalline slip, Fig. 16. The latter have sharp edges and their sur- 
faces have a stepped contour, retaining no visible remnants of the 
original oxide skin of the specimen. Obviously, slip occurs as a shear 
upon a limited number of interfaces, whereas gliding is distributed 
fairly evenly through a finite thickness of metal. 

There appears qualitatively to be an inverse correlation be 
tween the thickness of the active zone and the rate of gliding at con- 
stant temperature and stress. Not only does the zone thicken as the 
gliding rate diminishes with time of testing, but it is much broader 
from the outset in those bicrystals which glide most slowly. 

Further insight into the nature of the active zone is obtained 
from grain boundary displacement measurements that were made 
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Fig. 14—Portion of a Bicrystal After 864 Hours at 400°C (750°F) Under a Stress of 100 psi; 
the Upper Diagonal Line is the Grain Boundary Upon Which Shear Occurred; Those Below are 
Traces of Gross Slip in a Direction That is Not Altogether Parallel With the Surface of Observa- 
tion; Notice That the Ledge Formed by Grain Boundary Gliding is Curved, While that Formed 
by Slip is Sharp and Flat, «5 magnification. 


after the reference points had become engulfed in this zone, Fig. 17. 
Instead of progressing regularly, the reported displacement oscil- 
lates in an irregular manner, showing that the bit of metal upon 
which the reference point is located is rotating erratically this way 
and that. While this effect is apparent during periods of gliding, it is 
perhaps most noticeable during periods of rest, when, despite the 
activity of the reference points, no net shear is recorded. The preci- 
sion of the measurements is such as to guarantee that this behavior 
is altogether real. 

A comparison of Laue X-ray photograms taken in the grain 
boundary zone and at the ledge exposed by gliding, reveals much 
more sub-grain rotation in the active zone than in the body of the 
crystal, Fig. 18. Some of the Laue pictures showed that the sub- 

rains were rotated about an octahedral axis in the parent crystal; 
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Fig. 15—Surface of a Ledge Produced by Grain 
Boundary Gliding; Light Areas are Fragments of 
the Original Oxide Skin; Dark Areas are Exposed 
Clean Metal Showing No Surface Detail; Fine 
Lines Above and Below the Ledge are Stress Cracks 
in the Oxide, X50 magnification 





Fig. 16—Detail of One Side of a Crystal in Which Gross Slip had 
Occurred; Lighter Areas are Exposed Surfaces of Slip Bands; Steps on 
Each Surface May Represent Individual Slip Planes, K15 magnifica- 
tion 





Gervais, Norton and Grant (22) report this type of rotation and also 
rotations about a |211] axis. 

If, after creep testing, the bicrystal is deeply etched, electro- 
polished and again etched to reveal the sub-grains, it is seen that 
there is a more or less sharply delineated band, along the grain 
boundary, in which the sub-grains display a somewhat less regula! 





y CREEP IN ALUMINUM BICRYSTALS 935 


60 


Uispiace 


ran 


Boundory 





Grain 


2000 4000 6000 8000 
Time, hours 


Fig. 17—Grain Boundary Displacement at 300°C (570°F) Under a Stress of 50 psi 
Showing Scatter in Successive Readings that Results When the Reference Points Are 
Engulfed by the Active Zone Along the Grain Boundary. 


pattern than elsewhere within the crystals, Fig. 19. Whether or not 
the sub-grain structure is brought out by deep etching, the active 
zone appears as a sloping terrace, joining the grains at different 
levels Gifkins (19) has reported a similar effect in Pb-T1 alloys. It 
will be observed also that the grain boundary remains sharp, pos- 
sibly because the sub-grains, though having considerable divergence 
in their orientations, have a common axis of rotation that identifies 
them with their parent crystal. The boundary is here less straight 
than it was before creep testing. Although some local shifting of the 
grain boundary was often apparent after creep testing, it always re- 
mained within the initial path of active flow and never migrated toa 
new locality, (with gliding continuing upon a new path) as has been 
reported by Chang and Grant (9) in connection with studies upon 
polycrystalline aluminum. 

Late in the creep test, rather similar structural changes become 
apparent within the bodies of the crystals. Surface rumpling, sug- 
gestive of that in the grain boundary zone, appears in ridges across 
the crystals, Fig. 20. These are probably the same as the markings 
identified as kink bands by McLean (17) and others. When the 
ridges are examined at higher magnification, Fig. 21, it is seen that 
the reference squares upon them are much more elongated in the 
direction of the applied stress, than are those in the valleys between. 


Rupture 
\ll of the bicrystals tested to failure broke transgranularly and 
usually as far from the grain boundary as circumstances would 
permit. Some time prior to rupture, it was always noticed that there 
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Fig. 18—-Laue Photograms of Bicrystals after Creep Testing at 
400°C (750°F) Under a Stress of 100 psi; (a) Representative of the Body 
of a Crystal, (b) Taken at the New Surface Exposed (as a curved ledge) 
by grain boundary gliding. 














195 CREEP IN ALUMINUM BICRYSTALS 937 





di of, i } i Hh ee 


y , Hi ! bat 
Ui Wie We 


/ 
yf H} 
MMe 
Fig. 19—Short Segment of Grain Boundary of a Sample Tested at 400°C (750°F), 


4); ih 
Under a Stress of 100 psi, Deeply Etched and Electropolished and Etched After Testing; 
Shows That the Sub-grain Structure Differs Somewhat in a Zone Along the Grain Bound- 
iry, 400 magnification. 


was an abrupt increase in the rate of extension of that grain which 
was destined to fail by necking and fracture, Fig. 4. It is noteworthy, 
first, that the increased rate was observable over a very short gage 
length adjacent to the grain boundary and often as much as an inch 
away from the fracture; second, that the new faster rate of extension 
was uniform to fracture; and third, that necking was not perceptible 
until long after the faster rate of extension had been established. 


Some General Observations 


It is to be noted that the grain boundary gliding, that has been 
described above, is always accompanied by a general creep extension 
of both crystals, this extension being at a constant rate, except 
during the first few minutes after loading and except for the rate 
increase prior to necking and rupture. No indication of the spas- 
modic shearing at the grain boundary is perceptible, either in the 
rates of extension of the individual grains, spans B, and By of Fig. 3, 
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Fig. 21—Same Sample as That Presented in Fig. 20, Showing Detail in the 
Surtace of the Crystals Adjacent to the Grain Boundary; Notice in Particular 
that Individual Reference ‘‘Squares’’ Have Been Elongated in Greatly Differing 
Amount, Especially in the Crystal on the Right, «100 magnification 


or in the rate of total extension, span C. Within the temperature 
range of active gliding the relative contribution of the grain bound- 
ary to the total extension appears almost constant; the ratio of the 
average total extension (which includes the grain boundary) to that 
of the individual grains at 300, 400 and 500°C (570, 750, and 930°F), 
respectively, was found to be: 1.65, 2.12 and 1.60. This much vari- 
ation might well be the result of there being different mixtures of ori- 
entations among the cases averaged at each temperature. 

A small number of tests, similar to those previously described, 
was made using cast instead of strain annealed bicrystals. There was 
no detectable qualitative difference in behavior, but quantitatively, 
both the general elongation of the individual crystals and gliding at 
the grain boundary proceeded at about one third the rate expected 
of strain annealed bicrystals of like 6+w value. The progress of grain 
boundary gliding in three identical bicrystal strips, cut from the 

me cast bicrystal has been shown in Fig. 5. 
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[DISCUSSION OF RESULTS 

It is altogether clear from the experimental results that 
boundary gliding is not a sliding upon the grain boundary 
interface, but is rather an erratic lateral yielding within a z | 
metal, of considerable thickness, adjacent to the grain boundary. |; 
is apparent also that the creep extension of the metal, as a \ 
must be in progress for gliding to occur. 

Thus, gliding is seen, not as an inGependent flow process 
as an aspect of high temperature plastic yielding, that develo; 
those portions of the crystal which are adjacent to the boun 

In 1926, Bailey (23) suggested that steady-state creep may }) 
the result of a balance between work hardening and softenin, 
annealing. This basic idea has been refined by Cottrell and Ayteki 
(24), among others, to describe a sequence of hardening by localized 
crystal bending and softening by polygonization, to account for th 
steady-state creep of the crystals themselves. As indicated in Figs 
20 and 21, such a process must be inhomogeneous and must result i 
localized rapid yielding from time to time, to produce an overall 
extension, mainly, as McLean has pointed out, through the mediun 
of a complex of micro-slip in particles of the dimensions of the sub 
grains. This concept of high temperature creep suggests to the 
authors the following explanation of the grain boundary gliding 
effect. 


Mechanism of Grain Boundary Gliding 


During the induction period it is presumed that slip, impinging 
upon the grain boundary, causes a localized bending of the crystals 
all across the face of the grain boundary. When sufficient energy has 
thus been stored, recovery occurs by a process such as polygoniza- 
tion. The metal in the recovered zone now forms a continuous layei 
of material that is softer than the enclosing metal and rapid yielding 
occurs, directed along the grain boundary, because this is the direc- 
tion of minimum resistance to yielding. | 

Slip through the sub-grains will restore the mechanical state 
requisite to polygonization and the process will repeat in a sequence 
of slip-recovery operations, coordinated at first with respect to their 
timing, all across the grain boundary. Because the sub-grains can 
not remain identically oriented, however, the frequency of the slip- 
recovery cycle must differ slightly from point to point along the 
grain boundary, causing a growing interference with cooperative 
vielding, as the alternations in some regions become significantly out 
of phase with the alternations in other regions. Thus, grain boundary 
gliding is expected to decelerate and ultimately to stop. 

In the rest interval that follows the sub-grains of the grain 
boundary zone may be expected to behave much like those else- 
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‘re within the crystals. They are subject to alternations of slip and 
recovery, but locally, contributing only to vielding in the direction 
of the applied stress. In the absence of coordinated lateral yielding, 
bending energy will again accumulate along the grain boundary and, 
presently, coordinated recovery and yielding, parallel to the grain 
boundary, will be resumed. 

In support of this proposal, the following evidently consistent 
observations are recalled: 


1. Gliding is spasmodic and begins only after an induction 
interval. 

2. Extension in the stress direction continues throughout 
the cvcles of gliding and rest. 

3. The direction of gliding is responsive only to the direc- 
tion of the maximum resolved shearing stress in the plane of the 
grain boundary. 

4. The cumulative rate of gliding is greater and the induc- 
tion interval shorter the larger the angle between slip systems 
in the conjugate crystals; 1.e., the more rapidly is bending 
energy expected to accumulate at the grain boundary. 

5. The logarithm of the average rate of gliding is a linear 
function of the reciprocal of the absolute temperature, as is true 
of creep extension within the crystals. 

6. Gliding does not occur below the recovery temperature 
of the metal. 

7. The onset of gliding is not induced by thermal or me- 
chanical shock. 

8. The sub-grains are rotated more in the grain boundary 
zone than elsewhere. 

9. There is evidence of turbulent motion within the grain 
boundary zone, especially during the intervals of rest from 
gliding. 

10. Gliding may occur at different times in different por- 
tions of the same grain boundary, especially where the boundary 
is not straight. 


That the overall extent of grain boundary displacement should 
be a linear function of the cube root of the time, is not an especially 
evident consequence of the mechanism that has been proposed. It 
has been noted, during the research that, qualitatively, the breadth 
of the active zone of shearing varies directly with the gliding rate. 
Perhaps the decline in the gliding rate is a result of the dispersion of 
the cooperative yielding in an ever widening zone. If this is so, the 
cube root relationship must be related to the rate of broadening of 
the active zone, but no further development of this idea can be 

fered at this time. It is worthy of comment, however, that the 
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cube root relationship applies also to the transcient creep of 
crystalline metals and has yet to be adequately explained fo 
case. 

The relationship between the stress and the overall ra 
gliding is also similar to that between stress and creep in polyei 
line aggregates. A relationship of this kind is to be expected fro: 
basic assumption of the proposed mechanism, namely, that 
mechanism of gliding is the same, except for a higher degree o 
ganization, as that of ordinary creep. 

In a process of the evident complexity of the present on 
perhaps not surprising that the “‘heat of activation” (11000 cal/n 
should not point to rate control by any single process. One of 
complexities is that the amount of the displacement in a single surg 
of gliding varies directly with the temperature, whereas gliding, as a 
whole, follows the chemical rate law. If it is true that each surge of 
gliding is terminated by the progressive disorganization of coopera 
tive yielding, this may require a rather definite number of repetitior 
of the slip-recovery cycles and the extent of shearing in one surg 
would then be controlled by the amount of slip that can take pla 
before recovery occurs in each cycle. Whether this should or sho 
not be a linear function of the temperature, can not be decided upo 
the basis of the existing knowledge of slip behavior. 


is 


\ 


Some Further Comments 


In none of the tests conducted in the present studies was ther 
encountered grain boundary migration of the kind described b 
Chang and Grant (9). Evidently migration is grain growth induced 
by the complex stresses set up in polycrystalline metals and is not ai 
essential part of the gliding process. 

That none of the bicrystals ruptured at, or near, the grain 
boundary seems to indicate that the grain boundary is not in 
herently weak. ‘Intergranular rupture” as it usually occurs in poly- 
crystalline metals may, therefore, be due to some cause other than 
inherent weakness. If, as Grant has pointed out, gliding, occurring 
upon three intersecting grain boundaries, can produce a concen- 
trated stress at the ‘‘triple point,” sufficient to initiate rupture, it is 
not necessary that the grain boundary be weak. The shortest path of 
rupture from one triple point to the next will approximate the path 
of the grain boundary and, thus, give the illusion of grain boundary 
embrittlement. 

Finally, it is interesting that a detailed examination of grain 
boundary gliding has failed to bring forth the evidence of viscous 
behavior that was postulated by Rosenhain and Humfrey, An- 
drade, and later by Ke. Neither of the major characteristics of vis 
cous behavior, namely, constancy of the rate of yielding and propor- 
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ality of the rate to the stress, is exhibited. To be sure, the com 
ent of extension parallel to the stress direction tends to assume a 
constant rate, but so also does the parallel component of yielding in 
crystalline matter away from the boundary. Thus grain bound- 
eliding can not be held responsible for steady state creep. 


SUMMARY 


\s a product of creep studies conducted upon aluminum bi- 
crystals, in the temperature range 200 to 650°C (390 to 1200°F) and 
the stress range 10 to 1600 psi, the following major characteristics of 
erain boundary gliding are reported: 

1. Gliding upon the grain boundary is spasmodic and be- 
gins with an induction period; 

2. The direction of gliding is determined by the direction 
of the maximum shear stress parallel with the grain boundary, 
and is independent of crystal orientation; 

3. The velocity of gliding increases with the sum of the 
angular difference @ (between the operative slip directions in 
the conjugate crystals) and the angular difference w (between 
the active slip planes as measured between their traces upon the 
grain boundary); 

4. The displacement rate, averaged for all orientations, is 
constant with the cube root of the time; 

5. The logarithm of the rate of gliding is a linear function 
of the reciprocal of the absolute temperature, the slope giving 
an activation energy of 11,000+1,000 calories per mole; 

6. Considering the detail of spasmodic gliding, the dis- 
placement in one cycle is a linear function of the temperature 
prevailing during the period of activity and the length of the 
rest period between cycles decreases with rising temperature; 

7. For small stress ranges, the logarithm of the time for 
unit gliding is almost proportional to the stress, but no simple 
means has been found to relate the displacement and the stress 
over large ranges; 

8. Gliding continues indefinitely in a sequence of cycles 
upon the same path, which becomes broader with time, and 
broadens the more rapidly the higher the temperature and the 
higher the stress; 


9. The active zone along the grain boundary is composed 
of sub-grains that are rotated (about a [1 10] axis, among others) 
through rather larger angles than are the sub-grains of the body 
of the crystal, the direction of rotation reversing many times 
during a single cycle; 

10. Rupture does not occur through the grain boundary in 
bicrystals, but is always transcrystalline ; 
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11. Preceding necking and rupture, the crystal tl 
destined to fail, abruptly increases its rate of extension 
faster, but constant, rate that obtains throughout that cr 

12. Cast aluminum bicrystals exhibit about one thir 
rate of extension and grain boundary gliding as do straii 
nealed bicrystals of the same analysis. 


These observations are explained by the proposal of a n 
anism of grain boundary gliding the essentials of which are: 
plastic yielding, which proceeds in a unit of metal by an alterna 
of slip and recovery, becomes a temporarily self-sustaining and 
rected shear, when a number of such units yield and recover in 
son in a physically continuous chain. The roles of the grain boundan 
are to provide a deformation barrier that initiates the process and to 
establish the direction of the chain. 
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DISCUSSION 

Written Discussion: By S. L. Couling and C. S. Roberts, Dow Chemical 
Company, Midland, Michigan. 

One of the basic differences in the deformation mechanism proposed by the 
authors and that favored by Chang and Grant (Ref. 9) hinges on the role of grain 
boundary migration in the deformation process. The authors did not observe ap- 
preciable boundary migration in any of their specimens and infer that a complex 
stress system such as that found ina polycrystalline sample is necessary for it to be 
present. Weinberg,* however, has recently creep tested tricrystals of aluminum in 
pure shear and observed extensive shearing and boundary migration, thus sup- 
porting the mechanism of Chang and Grant. Is it not possible that the failure to 
observe migration in the present research is in some way attributable to the pres- 
ence of the thick aluminum oxide layer on the bicrystals? A tightly adherent oxide 

ating might conceivably help to restrain shearing along the boundary and pre- 


F. Weinberg, ‘‘Grain Boundary Shear in Aluminum,”’ ACTA METALLURGICA, Vol. 2, 1954, p.889 
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vent migration of the boundary to a lower strain energy position. Wil 
warned against the use of oxide coated aluminum specimens in plastic defor 
studies because he observes that true deformation markings are masked ar 
ous ones obtained on straining such samples. 

Written Discussion: By H. H. Bleakney, metallurgist, Mines Bran 
partment of Mines and Technical Surveys, Ottawa, Canada. 

The question of grain boundary motion has been a vexing one ever si 
existence of grain boundaries was first recognized. Rosenhain’s amorphou 
hypothesis appeared to be a happy solution and received wide acceptanc: 
when that hypothesis was just at the point of death, Ke produced his evicd 
the viscous behavior of grain boundaries in metals;> and his arguments wi 
plausible that few rejected his thesis that it is not necessary for grain boundary 
be amorphous so long as they just behave as though they were. 

As one who has consistently rejected the concept of \ iscous erain bound 
and who has contributed some evidence® to support that objection, the wr 
this discussion warmly welcomes this contribution by Messrs. Rhines, Bond 
Kissel. In this paper they have provided the most direct evidence of the nat 
grain boundary motion as yet produced. The thorough, patient, and careful 
everywhere manifest in their discussion, thoroughly justifies the conclusion 

.a detailed examination of grain boundary gliding has failed to bring fort} 
evidence of viscous behavior that was postulated by Rosenhain and Humphi 
Andrade, and later Ke.”’ 

In the light of this evidence, it seems scarcely possible for any student of 
subject to assert the viscosity of grain boundaries as an established fact 
this discusser hopes that it will scon be recognized that grain boundaries do 
behave as though they were amorphous. 

Written Discussion: By N. J. Grant and A. R. Chaudhuri, Massach 
Institute of Technology, Cambridge, Massachusetts. 

The contents of this brief paper really do not do justice to the excellent work 
and extensive findings of the authors. The observations are very definitely a1 
portant contribution to the fast growing quantity of literature on deformatio 
mechanisms at elevated temperatures. 

It would appear, however, that caution should be exercised in the auth 
interpretations of the creep deformation in general of polycrystalline materials 
paying special attention to the process of grain boundary deformation, on th 
basis of observations confined to bicrystal test specimens. That there is little justi 
fication for such interpretations follows from a consideration of the observations 
given below. 

1. In studies with polycrystalline aluminum, Chang and Grant?-*® describe 
the cyclic nature of the elongation of localized regions. These cycles were obser, 

4G. R. Wilms, “Note on the Use of Electropolishing in the Metallographic Study of Pl 
Deformation,"’ Journal, Institute of Metals, Vol. 76, 1950, p. 629. 

5T. S. Ke, ‘““Experimental Evidence of the Viscous Behaviour of Grain Boundaries in Met 
The Physical Review, Vol. 71, 1941, p. 533 

6H. H. Bleakney, ‘‘An Evaluation of the Recovery Theory of Creep’’ Canadian Jour? 
Technology, Vol. 33, 1955, p. 556 

"7H. C. Chang and N. J. Grant, “Observations of the Creep of the Grain Boundary in Hig! 
Purity Aluminum,” Transactions, American Institute of Mining and Metallurgical Engineers, 195 
Vol. 194, p. 619 

8H. C. Chang and N. J. Grant, “‘Inhomogeneity in Creep Deformation of Coarse Gr 


High Purity Aluminum,” Transactions, American Institute of Mining and Metallurgical Engine 
1953, Vol. 197, p. 1175 
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ss small gage lengths both astride grain boundaries and in the grains forming 
boundary. The measurements in both cases were made parallel to the stress 
[he nature and the extent of the cycles, i.e., the periods of alternating elonga 
and recovery were, of course, quite different in the two cases. Observations 
h as these taken in conjunction with the observations of Rhines et al., immedi 
itely suggest that the behavior of the grains is considerably modified through the 
presence of grain boundaries and triple points located throughout a polycrystalline 
specimen. These observations also tell us that the recovery process taking place 
ig the grain boundary, as manifested by the periods of the cycles in which no 
gation takes place, is dependent to a great extent on the recovery taking place 
the grains. In short, the effects of the interaction between grains and grain 


boundaries in the resulting deformation cannot be minimized. 


2. Grain boundary migration was not noted to be an important process by the 
tuthors. On the other hand, boundary migration was found to be extremely so in 
polycrystalline aluminum specimens’:*. This difference is dependent (a) on the 
much more severe and nonhomogeneous deformation which takes place along the 
grain boundaries; (b) on the presence of the triple points. These two factors pro 
vide the driving force for the grain boundaries to move to new unstrained posi- 
tions. Such motion of grain boundaries is extremely important, along with other 
deformation and recovery mechanisms, in maintaining the condition of continuity 
{ material at the grain boundaries. It has been shown? that parting at the grain 
boundaries, i.e., intercrystalline fracture, results when this condition is not ful- 
filled. Consequently, in a polycrystalline ductile material, such as aluminum, the 
ductility is certainly due to the extensive occurrence of such processes as grain 
boundary migration. Further, the observation of a lack of grain boundary migra- 
tion in bicrystals made by Rhines and his co-workers is a special behavior rather 
than a general one. 


3. It was suggested by the authors that there are proponents of the theory 
that grain boundaries slide upon the grain boundary surface. Although we do not 
believe that the extensive literature and photomicrographic evidence, coupled 
with X-ray studies, support such a rigorous viewpoint; on the other hand, no one 
has yet been able to define the thickness of the region in which grain boundary 
sliding takes place. The thickness of this region undoubtedly is dependent on 
temperature, strain rate, grain size, and orientation of the grain boundary and its 
idjacent grains. It is no more precise to use the expression “considerable thick- 
iess,”’ since this does not define the situation any more rigorously than the unde 
hned expression “grain boundary sliding.” 

Of interest is the nature of grain boundary sliding shown in Fig. 22. Fig. 23 
shows the same structure after repolishing to re-establish the position of the grain 
boundary. Here it will be noted that sliding has taken place along a grain boundary 
but involves a severely deformed region of indeterminate thickness. This specimen 

in 80 Al—20 Zn alloy which was deformed at 500°F ina test which lasted only a 
matter of a few minutes. 


4. Regarding the authors’ proposed mechanism of deformation, relating to a 
me adjacent to the boundary in which sliding takes place, there are a number of 
xceptions which are supported by observation over a long period of time by a 


*H. C. Chang and N. J. Grant, ‘‘Mechanism of Intercrystalline Fracture,’’ Submitted, Ameri- 
Institute of Mining and Metallurgical Engineers, 1955, to be published. 
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large number of investigators. Certainly the mechanism does not appear 
to the behavior of polycrystalline materials. These items are: 

a. There is no evidence that granular slip is evident as the first st 
process of achieving grain boundary sliding. 





"93 


Fig. 22—An 80 Aluminum— 20 Zinc High Purity Alloy, Tested at 500 °F, Rupture I 
About 3 Minutes. «75 


Fig. 23—-Repolished View of Fig. 22. «150 


/ 


b. We have also observed that grain boundary sliding can even take plac 
immediately on loading of a specimen. 

c. Subgrains are not noted along grain boundary areas until after gra 
boundary sliding has taken place. 

d. Subgrain formation is readily and extensively noted after grain boundary 
sliding has taken place. 

The authors suggest that the grain boundary will not slide until after polygo: 
ization has taken place. They suggest that the polygonization process, a recover) 
process, makes the region around the grain boundary “‘soft.’’ To the contrary wi 
contend that the polygonized areas are not as readily deformed as the unpolygo 
ized areas along the grain boundaries. The completely annealed structure should 
yield more readily under stress since the entire grain is of essentially one orienta 
tion. After polygonization has occurred, the individual subgrains all show slightly 
different orientations, and as such should be more resistant to deformation. Th 
work of Parker and Hazlett,’ which showed that sub-boundaries have a strength 
ening effect, supports this argument. 

Therefore, for grain boundary sliding to take place after polygonizatio: 
would require that such deformation must wait until a more resistant grain boun 
ary region is developed. 


l0—.R. Parker and T.H. Hazlett, ‘Principles of Solution Hardening,”’ RELATION OF PROP! 
TO MICROSTRUCTURE, 1953, p. 30. Published by The American Society for Metals, Cleveland 
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ur observations indicated that grain boundary sliding is often in evidence 
efore granular slip can be seen. Furthermore, if the phenomenon of sliding shown 
1 can take place in an extremely short time test at 500°F, it is difficult to 


see where there has been adequate time for recovery, following granular slip, to 
have taken place to permit the sliding observation. 


Written Discussion: By D. McLean, Metallurgy Division, National Physi- 
cal Laboratory, Teddington, England. 

[he activation energy of 11,000 cals/mol reported in this very interesting 
paper differs rather greatly from the value of 37,000 cals/mol found by Dorn et 

> using polycrystalline aluminum. The difference may, however, be merely 
. result of different assumptions. The authors of this paper find that sliding 
(time)’s. One can then assume that the effect of temperature may be expressed 


° ge i=- 7 
sliding @ te &! 
or 


sliding a@ (te BT) 


[f the former is assumed, a plot of displacement in 50 hours against 1/T (as in 
Fig. 7) gives Q=11,000 cals/mol. If the latter is assumed, the same plot gives 
0 =3 11,000 = 33,000 cals/mol, which is quite close to the value reported by 
Dorn et al. The latter assumption was in effect made by Fazan, Sherby and 
Dorn™ in deriving a value of 40,000 cals/mol from Rhine’s previously published 
results. Such an assumption is moreover in keeping with the demonstration by 
Dorn and co-workers! that time and temperature are interchangeable in the way 
indicated by the second expression. It therefore seems that the difference between 
the activation energy now reported and the previous value may not be a real one. 

Bragg has shown" that a material with finite minimum slip distance will not 
slip below a certain critical stress. His argument does not depend on the existence 
f planes of easy glide and therefore applies to grain boundaries, provided that a 
boundary cannot slide by vanishingly small amounts. The authors’ observation 
that there is a threshold stress below which sliding does not occur suggests there- 
fore that this is so. 


Authors’ Reply 


The authors wish to thank Dr. McLean for his illuminating discussion of the 
evaluation of Q. While we had appreciated that the time variation in the rate of 
gliding is a complicating factor, we had overlooked the possibility of separating 
this factor in the manner suggested by Dr. McLean. The result adds weight to the 
mechanism proposed in the paper. It suggests a basic rate determination by a dif- 
fusion controlled process, such as recovery by polygonization, and it permits the 
isolation of the time effect as a purely geometric factor. We are disinclined, how- 
ever, to accept the proposal that the threshold stress for grain boundary gliding is 
inalogous to the critical stress for slip. The latter process is thought of as a shear 

na specific plane through the crystal, whereas grain boundary gliding is con- 
hned to no specific interface, and is, perhaps, better thought of as the periodic 


J. E. Dorn, N. P. L. Creep Conference, H. M.S. O. 1955 
B. Fazan, O. D. Sherby and J. E. Dorn, Journal of Metals, Vol. 6, 1954, p. 919 
L. W. Bragg, Symposium on Internal Stresses, Institute of Metals, 1947, p. 221. 
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organization into a direction parallel with the grain boundary of a porti 
plastic deformation that is in progress everywhere within the metal. 7 
minimum stress is not that required to induce slip upon a plane but rat 
required to sustain an alternation of slip and recovery within a special 
of metal. 

The proposal by Grant and Chaudhuri, to the effect that grain bounda 
displays essentially different characteristics in bicrystals from those obs« 
polycrystalline metal provides a welcome opportunity to remove a p 
source of misunderstanding. The essence of their proposal is that grain b« 
migration, not found in bicrystals, is an essential feature of grain bounda: 
in polycrystalline metal. There is, of course, no question that grain bo 
gliding and grain boundary migration can and commonly do occur together 
high temperature creep of polycrystalline metals. Furthermore, it is suffi 
evident both that the strain resulting from grain boundary gliding can stin 
migration and that migration displaces the site of grain boundary gliding 
is not to say, however, that either process is dependent upon the other { 
existence. The bicrystal studies stand as proof to the contrary; grain bou 
creep can, and in bicrystals does, proceed and continue indefinitely upon the 





path without the intervention of migration. It is elementary knowledge that ¢ 
boundary migration can be induced by a variety of stimuli including, for examp|k 
J ; ; » £ 


unbalanced interfacial tensions and “residual cold work.’’ The fact that gra 

boundary creep and migration do interact in polycrystalline metals, thus partiall) 
obscuring the characteristics of both processes, is a major reason for turning to t] 

bicrystal for clarification. In so doing it becomes apparent, for one thing, that t! 

earlier conclusion of Grant and co-workers (derived from studies made upon pol\ 
crystalline metals) to the effect that the capacity of the grain boundary to suppor 
shear becomes exhausted, so that gliding can resume only at a new site, must by 
quite wrong. 

While dealing with the subject of migration it is convenient to answer 
inquiry of Couling and Roberts relative to the possible effect of the Al,Os surfac: 
scale upon the incidence of grain boundary migration. That the absence of migra 
tion in the bicrystal studies is not to be associated with the presence of the oxic 
is indicated by a number of observations. Polycrystalline samples of the sam 
material, which were given the same surface treatment as the bicrystals, did 
fact, exhibit migration. Also, some aluminum alloy bicrystals, tested subsequent) 
exhibited migration, but the initial grain boundaries in these were less regular tha 
those in the high purity bicrystals. Finally, a study of the effect of thinning th 
oxide layer, by washing with a suitable solvent, produced no observable differenc 
in the creep behavior. 

Returning to the discussion of Grant and Chaudhuri, there remain further: 
differences of opinion, some of which involve simple points of fact. In the realm ol 
fact is the question whether the induction period occurs in polycrystalline alum: 
num. Our own observations, made during an orientation study that preceded th 
bicrystal measurements, revealed a delay in the beginning of grain boundary glid 
ing in polycrystalline aluminum as well as in bicrystals. That this effect has, unti! 
now, gone unreported seems to be a matter of the absence of tests suitable for its 
detection. Unfortunately most of the prior grain boundary creep measurements 
have been made parallel to the applied stress; such measurements, as have bee! 


shown in the present paper, do not report the grain boundary shear and so could 
not detect the induction period. Puttick and King made their measurements on t!! 
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ystals in a suitable direction, but imposed upon the metal such mechanical 
aints that it could have had little if any opportunity to display the natural 
icteristics of grain boundary gliding. Lest a false impression has been given 
emphasizing the occurrence of very long induction periods, however, the 
hors wish to point out that induction periods lasting less than a minute have 
found when the (@+w) angle was large and the stress and temperature high. 

Another point of fact relates to the sequential precedence of transcrystalline 
plastic deformation (presumably by slip) over grain boundary gliding. It is true 
that convincing metallographic evidence of slip, prior to grain boundary gliding, 
s often difficult to obtain. The present authors contend, however, that a perma 
ent extension of the specimen, without grain boundary yielding, is sufficient 
evidence that slip has occurred, even in the absence of visible slip traces. This kind 
f indication was always found and sometimes visible slip as well. 

Concerning the different aspects of cyclic creep it may help to point out that 
three fairly distinct interrupted yielding processes have been reported. First is 
erain boundary gliding interrupted by grain boundary migration as reported by 
Grant and co-workers; second, spasmodic grain boundary gliding upon a fixed 
ath, as reported in the present paper; and third, localized spasmodic motion over 
very short lengths within a crystal, as found by several observers including the 
discussors and the present authors. If it is appreciated that these are distinct 
processes and that they are all operative, frequently concurrently, in the same 
piece of metal, some confusion may be avoided. 

he authors fail to see any distinction between the circumstances of the 
ippearance of sub-grain rotation along the grain boundary, as described by these 
discussors and those described in the present paper. There is a clear difference, 
however, with regard to the resistance of the polygonized layer to subsequent 
deformation. Surely it cannot be doubted that the polygonized material will be 
less resistant to deformation than adjacent metal that has been cold-worked, but 
ot quite enough to cause it to polygonize! The work of Parker and co-workers 

no way argues against this assumption. 

Messers. Grant and Chaudhuri appear to have answered their own question 
with regard to the meaning of the expression ‘‘considerable thickness”’ as it refers 
to the dimensions of the active zone where grain boundary gliding occurs. The 


thickness of the zone is ‘considerable’ but, for reasons recited in part by the dis- 


issors, is not subject to precise definition. 


lhe authors thank H. H. Bleakney for his emphasis upon a point with which 
we agree wholeheartedly. 





INFLUENCE OF COLD WORK ON STRENG? 
OF STEEL AT ELEVATED TEMPERATURE 


By PAUL SHAHINIAN 


Abstract 


The effect of cold work on the high temperature proper 
tres of a quenched and tempered chromium-molybdenum 
steel was investigated by means of stress-rupture and relax- 
ation tests. The material with several levels of cold reduction 
(O, 8, 75 and 39% of cross sectional area) was tested in 
stress-rupture at 700, 800, 900 and 1000°F in the stress 
range of 45,000 to 128,000 psi, and in relaxation at 900° F 
and 80,000 pst initial stress. 

The rupture and creep strengths of the steel at 700°F 
were greatly enhanced by cold work, the improvement in- 
creasing with larger amounts of cold work. At 800 and 900° F 
the rupture and creep strengths were generally lowered by 
critical amounts of cold deformation (8 to 15%), while 
beyond the critical values increased strengths were obtained. 
An explanation for this behavior is given in terms of the 
Bauschinger effect. There was no apparent influence of 
prior deformation on rupture strength at 1O00°F; however, 
creep strength decreased generally with increasing prior 
deformation. In relaxation at 900°F residual stress was 
lowered by an increase in cold work. (ASM-SLA Classifi- 
cation: 03, Q4, 024, AY) 


INTRODUCTION 

KNOWLEDGE of the effect of metallurgical variables on the 
high temperature properties of metals is essential for the proper 
design of parts for service above room temperature. There is a 
particular need for information on the influence of cold deformation 
on the variation of strength with time of steel at elevated tempera- 
tures for the design of aircraft engine bolts. For example, the 
threads on some commercial bolts are formed by cold rolling, and it 
is not known whether this cold work is beneficial or deleterious. In 
addition to being of practical importance, the behavior of metals 

with prior cold work is of fundamental interest. 
A number of investigations have been made, particularly on 
nonferrous metals and alloys (1—8),! of the effect of cold work on 
creep resistance at high temperatures. The results of these studies 


iThe figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17-21, 1955. The author, Paul Shahinian, is 
associated with the High Temperature Alloys Branch, Metallurgy Division, Naval 
Research Laboratory, Washington, D. C. Manuscript received April 11, 1955. 
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ree, in general, that prior cold work increases creep strength; 
however, the benefit from cold work is lost at temperatures where 
rapid recovery or recrystallization occur. In the case of Monel, there 
was found to be an optimum degree of cold work for improving the 
strength at each temperature; the optimum percentage of cold work 
was noted to decrease with increasing temperature (8). A similar 
effect has been observed with stainless steel (9). The improved creep 
resistance due to cold work of a high temperature alloy, low-carbon 
N-155, was attributed (10) to internal stresses in the crystal lattice. 
Very little information is available on the effect of prior deformation 
on the creep properties of carbon and low alloy steels. In a study (11) 
on a 0.40% carbon steel in the hot-rolled condition at 600—1000°F, 
previous cold work (6 and 12% elongation) was found to lower creep 
resistance. Although the latter results are not directly comparable 
with data on other materials, there is doubt as to the effect of cold 
work on the behavior of steel at elevated temperatures. 
It was the object of this investigation to determine the influence 
of prior cold deformation on the high temperature strength of a 
chromium-molybdenum steel. Creep and rupture properties were 
evaluated by stress-rupture tests and, to a limited extent, the varia- 
tion of strength with time was determined by stress relaxation tests. 


EXPERIMENTAL PROCEDURE 

The investigation was conducted with a single bar of commer- 
cial steel of the following chemical composition: 0.389 C, 0.45% 
Mn, 1.57% Cr, 0.48% Mo, 0.70% Si, 0.008% P, 0.015% S. The 
material was received as hot-rolled 5¢-inch diameter rods and was 
heat treated prior to cold working. The treatment consisted of heat- 
ing at 1800°F for 1 hour, oil quenching, and tempering at 1200°F for 
2 hours. Several levels of cold reduction, 8, 15, and 39° of cross 
sectional area, were obtained by means of rolling. Bar sections of 
approximately 15 inches were rolled on six sides for all reductions 
except the case of the 39% reduction samples which were rolled on 
four sides. Reduction of area measurements were made on each 
specimen; the variation from the values indicated was no more than 
t+ i%,. 

Room temperature tensile tests were made on the material with 
various degrees of cold work as well as without cold work. Standard 
().357-inch diameter specimens were used except for the 39° % cold- 
worked material which permitted only a maximum specimen diam- 

eter of 0.250 inches. 

Stress-rupture tests were conducted on the steel with 0, 8, 15, 
ind 39% cold reduction at 700, 800, 900, and 1000°F in the stress 

inge of 45,000 to 128,000 psi. The specimens employed were 0.250 
ich diameter by 1.25 inch gage length and were machined from the 
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Table I 
Room Temperature Tensile Properties 
Tensile 0.2% Yield Elongatior 
Strength, psi Strength, psi / 
OY Cold work 152,000 133,600 20 
8% Cold work 149,000 127,000 19 
15% Cold work 154,500 135,000 19 
39% Cold work 166,000 153,000 18 





centers of the bars. Conventional single-lever constant-load 
rupture machines were used. Temperatures were measured 
chromel-alumel thermocouple placed in contact with the ce 
position of the specimen length; the temperatures were maint 
to within +2°F. The temperature gradient did not exceed 2°F a 
the gage length of the specimen. The specimens were held at ten 
perature for 1 hour prior to loading. Extension of the specimen was 
autographically recorded from the deflection of the loading leve; 
giving an elongation versus time curve; in addition, periodic read 
ings were taken with a dial gage. Single tests were run, generally, fo 
each condition of temperature, stress, and degree of cold work. 

A series of specimens (stress-rupture type) with various degrees 
of cold work was tested in stress relaxation at 900°F. An initial stress 
of 80,000 psi was applied and the relaxation in stress was recorded 
for 500 hours. The tests were conducted in a machine normally used 
for constant strain rate tests. In operation the tensile load is applied 
rapidly by means of a motor-driven cam to the desired load level 
the over-all strain is then held constant. A load cell placed in the grip 
system of the specimen permits the recording of the variation of load 
with time. The amount of elastic strain experienced by the loading 
members is small because of their large size. The strain in the speci 
men is constant except for possibly a minor change due to elasti 
recovery of the massive loading members. Comparison of relaxation 
curves obtained from this machine with those from a conventional 
relaxation machine showed no appreciable difference (12). After 
completion of the relaxation tests (500 hours), the specimens wer 
tested in stress-rupture at 900°F and 80,000 psi. 

Metallographic examinations and hardness measurements (cis 
cussed later) were made on the threaded and gage sections of some 
fractured specimens and on the material prior to testing. Vickers 
pyramid hardness measurements were obtained using a 5 kilogram 
load. 





RESULTS AND DISCUSSION 


The room temperature tensile properties of the quenched and 
tempered steel with various degrees of cold reduction are listed in 


Table I. A reduction in tensile strength and in 0.2% yield strength 
was observed with the 8% cold-worked material. At the higher levels 
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Fig. 1 Effect of Cold Work on 100 


Hour Rupture Strength at 700, 800, 900 
and 1000°F 


of cold work (15 and 39%), increases in tensile and yield strengths 
were obtained. Elongation and reduction of area values generally 
decreased with increasing cold work. 

The effect of prior cold deformation on high temperature prop- 
erties was evaluated in terms of rupture strength, creep strength and 
residual stress in the case of the relaxation tests. The stress to pro- 
duce a minimum creep rate of 0.5 inch per inch per 1000 hours was 
used as a measure of creep strength. Time to rupture, minimum 
creep rate, total elongation, and reduction of area data, listed in 
lable II, were obtained from the stress-rupture tests. 
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Tabie II 
Stress-Rupture Results 
Code A 0% Cold-worked 8 15% Cold-worked 
B—8% Cold-worked 1I)—39% Cold-worked 

Rupture Min. Creep Elo 
Temp. Stress Time Rate in./in gatior 
I: psi Code Hours 1000 hr Y, 
700 128,000 DDO’ 79.0 0.573 17 
125.000 \2 1.5 27.2 20 

B2 8.2 4.77 17 

2 42.9 1.0 18 

1)2 2756 0.0266 19 

120,000 \O2 23.1 1.76 18 

BO2 80.4 0.636 21 

CO2 112.3 0.49 18 

800 105,000 AOS5 9.5 5.03 23 
BOS 6.4 8.05 21 

COS5 2.3 4.95 23 

DOS 166. 0.456 22 

100,000 A5 241.1 0.197 19 

B5 34.6 1.72 22 

C5 115.7 0.57 21 

D5 649.3 0.130 22 

95,000 A7 2906 0.0262 19 

B7 608.6 0.0795 19 

C7 406.7 0.176 25 

D7 4270 0.0228 23 

900 85,000 A8& 39.3 1.23 26 
B81 26.0 2.94 28 

C8 15.4 4.84 26 

D& 84.7 1.33 29 

80,000 Al 102.5 0.67 28 

Bl 65.8 ‘25 31 

a 206.0 0.46 36 

D1 445.5 0.245 33 

AR* 50.3 0.927 18 

BR 58.5 1.18 20 

CR 74.0 0.90 21 

DR 281.0 0.317 27 

75,000 A6 419.2 0.133 29 

B6 342.0 0.246 31 

C6 347.0 0.262 36 

D6 732.6 0.128 24 

70,000 A9 1100 0.0488 a3 

BO 1120.8 0.0547 22 

C9 1352.0 0.0492 24 

D9 1193.4 0.065 25 

1000 50,000 A4 104.7 0.528 13 
B4 101.5 0.513 17 

C4 97.9 0.835 25 

D4 108.4 1.01 32 

45,000 A3 182.4 0.197 10 

B3 192.0 0.247 13 

a 176.0 0.328 14 

D3 188.3 0.354 27 


*Specimens initially tested in relaxation at 900° F—80,000 psi. 





Cold work affected the rupture strength for the steel different} 
depending on the temperature, Fig. 1. The 100-hour rupture strength 
at 700°F was greatly enhanced by prior cold work, the improvement 
increasing with larger amounts of cold work. At 800 and 900°F the 
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' e strength was generally lowered by critical amounts of cold 
a 8 and 15%), while beyond the critical values increased 
srength was obtained. The lowest 100-hour rupture strength was 
exhibited by the 8% cold-worked material. The possible severity of 
‘his detrimental effect is shown by the reduction in rupture time to 
ipproximately 15% of its original value at 800°F and 100,000 psi, 
fable Il. At 1000°F there was no apparent influence of cold work 
on rupture strength for tests of all durations as shown in Fig. 1. The 
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fe) WO oO 
On O On 


1000 hr. Rupture Strength, |OOOpsi 
N © 
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Fig. 2—Effect of Cold Work on 1000- 
Hour Rupture Strength at 800 and 900°F, 


variation of the 1000-hour rupture strength due to prior deforma- 
tion, presented in Fig. 2, was similar to that of the 100-hour rupture 
strength at 800°F; however, at 900°F a small increase in the 1000- 
hour strength with increasing cold work indicated a behavior differ- 
ing from that of the shorter time strength. Apparently the longer 
test time at 900°F alleviated the influence of the cold deformation. 

The effect of cold work on creep strength (stress for creep rate 
of 0.5 inch per inch per 1000 hours) was different at the various 
temperatures, Fig. 3. An improvement in creep strength with in- 
creasing cold work was obtained at 700°F. At 800 and 900°F the 
creep strength was lowered by 8 and 15% cold reduction; a reduc- 
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Fig. 3—Effect of Cold Work on 
Stress for Creep Rate of 0.5 in./in./1000 
Hours at 700, 800, 900 and 1000°F. 


tion of 39% raised the strength. A general decrease in creep strength 
with larger amounts of cold work was indicated at 1000°F. 

The decrease in 100-hour rupture strength with increase i 
temperature, shown in Fig. 4, is essentially linear to 900°F; beyond 
this temperature the rate of weakening is greater. The loss of 
strength due to temperature appeared to be slightly greater for the 
39% cold-worked material than for the less cold-worked material. 

There was no apparent effect of cold work on elongation at 
fracture except at 1000°F where increasing prior deformation pro- 
duced higher elongations, Fig. 5. The general level of elongation 





STEEL AT ELEVATED TEMPERATURES 959 





140 
Cold Work 

130 

120 
Ww 
QO 
O 

5 110 
O 

£100 
o 
Cc 
~ 

*- 90 
E 
= 

a 80 
_ 
ta 

£ 70 
O 
Oo 

60 

50 

40 

700 750 800 850 900 9350 1000 
Temperature °F 
Kig. 4—Effect of Temperature on 100-Hour Rupture Strength 


values was raised with increase in temperature to 900°F; at 1000°F a 
downward trend was indicated. Variation of initial stress (or time of 
test) had no apparent effect on elongations at fracture at 700 and 
800°F. However, at 900°F higher elongations were generally ob- 
tained at the two intermediate stress levels and at 1000°F smaller 
elongations were produced by the lower stresses. 

No change in reduction of area due to cold work was observed 
at 700, 800, and 900°F except for the 39% reduced material which 
generally showed lower values. At 1000°F reduction of area in- 
creased with increase in deformation. There was no significant effect 
of stress at 700 and 800°F; however, at 900 and 1000°F reduction of 
area decreased with decreasing stress. The general level of reduction 
of area values was lower at 1000°F than at the other temperatures. 

In stress relaxation tests, increased cold work produced greater 
relaxation at 900°F, Fig. 7. The decrease in residual stress (at 500 
iours) with increase in deformation of the material loaded at 900°F 
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Fig. 5—Influence of Cold Work and Stress on Elongation at Fracture at 700 

800, 900 and 1000°F 
and 80,000 psi is presented in Fig. 8. A reduction of 8% lowered th 
residual stress by a proportionately larger amount than similai 
increments at higher levels of cold work. It should be noted that 
while 39% cold work showed no decrease in creep strength compared 
to the non-cold worked material (Fig. 3), a pronounced detrimental 
effect on relaxation strength was developed. 

Stress-rupture tests at 900°F —80,000 psi of the specimens sub- 
jected to stress-relaxation for 500 hours revealed that prior relaxa- 
tion lowered rupture time and increased minimum creep rate excep! 
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Fig. 6—Influence of Cold Work and Stress on Reduction of Area at 700, 800, 
900 and 1000°F. 





for the 8°% cold-worked steel which was not materially affected, 
Fig. 9, 

Hardness measurements of fractured stress-rupture specimens, 
presented in Fig. 10, indicate generally a slight increase in hardness 
after exposure to test temperatures. Hardness, measured on the 
threaded sections of specimens, before and after tests at 700, 800 
and 900°F decreased for the 8% cold-worked material and increased 
for the materials with greater cold work. A general increase in hard- 
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Fig. 8—Effect of Cold Work on Relaxation at 900°F and 80,000 psi 
Initial Stress. 
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Fig. 9—Influence of Prior Relaxation on Rupture Time and Creep Rate at 
900°F — 80,000 psi 


ness with increasing prior cold work was observed in the gage sec- 
tions after tests at these temperatures. 

Fractured specimens which had been tested at stresses above 
70,000 psi (900°F and below) displayed necking while those tested 
below this stress level showed intergranular fractures (without neck- 
ing) except for a 39% cold-worked specimen under 50,000 psi which 
exhibited a slight neck. At 70,000 psi (900°F) either type of fracture 
occurred. 

Metallographic examination of fractured spectinens did not 
reveal any evidence of recrystallization. Coalescence of cementite 
was observed in specimens tested at the higher temperatures, par- 
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Fig. 10—Hardnesses of Stress-Rupture 
Specimens Prior to and After Tests 





ticularly in the highly cold-worked material. Intergranular oxida- 
tion was evident in the gage sections of specimens tested at 1000°F. 

The lowering of rupture strength and creep resistance at 800 
and 900°F by small amounts of prior cold deformation, is explainable 
on the basis of the Bauschinger effect. The Bauschinger effect (13 
is concerned with the change in mechanical properties on reversing 
the direction of straining. Straining in either tension or compression 
raises the ability of the metal to withstand further stressing of the 
same kind and lowers its strength to stresses of the opposite kind 
Work softening at room temperature, believed to be of this type, 
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was observed in this study, Table I. Since the final straining was 
in the same direction (tensile) with all the specimens, the differences 
ted may be related to differences in the initial stress state of the 
ind 15% cold-worked material compared to the 39% cold-worked 
naterial. According to Baldwin (14) the residual stress state resulting 
from nonpenetrating rolling (slight reductions) is different from 
that produced by penetrating (heavy) rolling. Light rolling produces 
a compressive stress at the rolled surface and a tensile stress in the 
interior whereas heavy rolling produces a tensile stress at the rolled 
surface and a compressive stress in the interior all acting in the roll- 
ing direction. Presumably the stress condition (with slight adjust- 
ments) remains after the machining of specimens. The decrease in 
room temperature yield strength of the material by 8° % cold work 
may be attributed to the Bauschinger effect. This loss in strength 
due to a critical degree of deformation appears to carry to elevated 
temperatures, in this case to 900°F, and is evident in the creep and 
rupture strengths. This seems reasonable since it has been reported 
15) that heating a 0.28% carbon steel at 750°F for 8 hours after 
prestraining did not eliminate the work softening effect. The absence 
of work softening effects in our tests at 700°F may be due to addi- 
tional cold working of the material (5—6% elongation) upon ap- 
plication of the test load. 


x 


On the basis of hardness measurements, Fig. 10, softening by 
the 8% deformation persists even after prolonged holding at 900°F ; 
however, straining appears to remove the softening. It should be 
noted that the hardness changes in the critical region were small. 
A similar behavior, work softening of a quenched and tempered 
steel, was reported by Polakowski (15) who presented the explana- 
tion that the steel in the quenched and tempered condition contains 
considerable internal stresses and consequently behaves like metals 
in which the internal stresses have been produced by cold work. It 
should therefore soften during cold working. However, the method 
of measuring this softness, indentation hardness with its complex 
mechanics, may be a factor in the behavior. Microstructure has 
been shown by Wilson (16) to influence this effect; a sorbitic struc- 
ture showed the largest softening whereas a spheroidized structure 
displayed no softening. The work softening effect observed in this 
study is probably based on the macro-residual stresses and related 
micro-stresses induced by cold work. 

The effect of cold work (39°) on relaxation strength and creep 
strength was found to be different at 900°F, the relaxation strength 
was lowered whereas the creep strength was slightly improved. This 
indicates that the steady-state creep, used as measure of creep 
trength, is not the controlling factor in relaxation. The first stage 
f{ creep is probably of more significance in estimation of relaxation 
havior, although no evidence of this was apparent in this study: 
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SUMMARY AND CONCLUSIONS 


The influence of cold work on creep, rupture and rela) 
properties of a quenched and tempered chromium-molybd 
steel was investigated. The material with 0, 8, 15, and 39° 
reduction was tested in stress-rupture at 700, 800, 900 and 100 
the stress range of 45,000 to 128,000 psi. Relaxation tests wer 
ducted at 900°F with an initial stress of 80,000 psi for 500 | 
followed by stress-rupture tests of the relaxed specimens. R 
temperature tensile properties of the unworked and worked st; 
were determined. 


a} 


From the results of this study, the following conclusions m 
drawn: 

1. The effect of cold work on the creep and rupture properties 
of chromium-molybdenum steel varies depending on temperatur 
and degree of deformation. Relaxation is affected in a different 
manner from creep. 

2. Creep strength (stress to produce creep rate of 0.5 inch pe: 
inch per 1000 hours) and 100-hour rupture strength increase with 
increasing cold work at 700°F. 

3. Creep strength and 100-hour rupture strength at 800 and 
900°F are lowered by small amounts of cold work, 8 and 15°, but 
are improved by 39% cold work. The behavior is explainable on the 
basis of the Bauschinger effect. The effect of cold work at 900°F is 
less in long time tests (1000 hours). 

4. At 1000°F there is no effect of cold work apparent on rupture 
strength; however, a decrease in creep strength is indicated with 
increasing cold work. 

5. There is no apparent effect of cold deformation on elongation 
at fracture except at 1000°F where increasing prior deformation pro 
duces higher elongation values. Reduction of area is also unaffected 
at 700, 800 and 900°F except for the 39% reduced material which is 
generally lower. At 1000°F reduction of area increases with increase 
in deformation. 

6. A decrease of residual stress in relaxation tests is obtained 
with increasing cold work at 900°F and 80,000 psi initial stress. 

7. Room temperature tensile strength, 0.2% yield strength and 
hardness are lowered slightly by 8% cold work; with greater cold 
work (15 and 39%), increases are obtained. 
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DISCUSSION 

Written Discussion: By John F. Ewing, The Babcock and Wilcox Com- 
pany, Tubular Products Division, Beaver Falls, Pa. 

The data presented in this paper regarding the relationship between cold 
work and the high temperature strength of the chromium-molybdenum alloys are 
of industrial significance. These alloys have found extensive industrial use as high 
strength structural components for process equipment capable of severe service at 
elevated temperatures and pressures. 

It is frequently necessary to place certain fabricated components into service 

the cold-worked condition due to the impossibility of heat treatment after cold 


brication because of section size or critical alignment requirements. The results 
| discussion of these experimental data have stressed the influence of cold work 
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on the 100 and 1000-hour creep-rupture strengths at several temperatu 
industrial applications are concerned with long time service in excess ¢ 
hours. Since it might be advisable to consider cold work effects in thi 
structural components for high temperature service the authors are a 
their comments regarding possible influences of cold work on the relatiy 
time strength properties (in excess of 10,000 hours) of the chromium-moly 
alloys as a function of temperature. The rather pronounced decrease in t] ry 
hour creep-rupture strength as the temperature is increased suggests str 
instabilities from cold deformation that might easily reduce the long-timy 


rupture strengths, at least at the higher operating temperatures. 


Written Discussion: By W. Lee Williams, metallurgist, U. S. Nay 
gineering Experiment Station, Annapolis, Maryland. 

This is an interesting paper, in that it extends our knowledge of th 
of cold work on elevated temperature properties to yet another mate: 
time, a high temperature bolting steel. The matter is of practical as well 
demic interest. The cold straightening of bars from which bolt studs are ma 
fairly common practice. In addition, more and more bolts are being roll thr 
and the effects of such operations on high temperature properties have b 
some concern. 

My main criticism of this paper is the ease with which one can be mi 
making practical interpretations of the data. The following points in part 
might be mentioned: 

(a) The author determined the effect of cold work on creep rate on th 
of a minimum creep rate of 0.5 in./in./1000 hours (0.05% per hour). Th: 
nothing wrong with this, but it should be pointed out that conclusions regardi 
the effect of cold work at such a high creep rate might not apply at much low 
creep rates, say on the order of 0.0001% per hour or 0.00001% per hour. Yer 
the lower rates are the ones which would normally be used in the design of a high 
temperature bolt connection, at least if no relaxation data were availabk 


which to base the design. Thus, I think the test program would have been of 
greater value if actual creep tests had been performed at practical creep rat 
levels. 


(b) For a number of years, it has been common practice in our laboratory 
make time-extension plots of our stress-rupture tests. We have found that m 
mum creep rate cannot be measured with any degree of accuracy unless the curv 
exhibits a distinct second stage. This is seldom the case, in our experience, if th 
rupture time is less than about 250 to 500 hours. At shorter rupture times, the 
first and second stages of creep are passed so quickly as to have little meaning and 
to defy precision measurements. It is noted from a comparison of Figs. 1 and 3 
that the stress for a minimum creep rate of 0.5 in./in./1000 hours coincides almost 
exactly in most cases with the stress for 100 hours rupture. I would interpret thi 
to mean that the creep rate measurements relied heavily on rupture tests of quit 
short duration. I wonder, therefore, how realistic are the relatively minor changes 
in creep rate which the author attributes to the cold work. I especially wonder 1! 
the declining creep rate curve plotted for the 1000°F tests is sufficiently reliable | 
warrant the author’s conclusion No. 4. 

(c) The author determined the effect of cold work on the 900°F stress relaxa 
tion resistance by starting his tests at an initial stress of 80,000 psi. This is a! 
extremely high initial stress, amounting to the stress for 100-hour rupture lift 
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Ordinarily, stress relaxation tests are started at lower stresses corresponding to 
expected to be used in actual bolting applications. If more realistic starting 
ses are not used, One may get an erroneous impression of the holding power 
ts made of the material. 
For example, Robinson? reported on the 900°F relaxation properties of a 
ir material, DM-45 steel (0.459,C, 1.26°7.Cr, 0.57°%Mo), as follows: 
Initial stress 38540 psi 
Residual stress at 1000 hr. 15850 psi 
d) Had the author’s stress relaxation tests been started at a lower initial 
ss, the creep of the material would have been at a lower rate. Thus, for the 
1e reason as pointed out in (a) above, the effects of cold work might not have 
so noticeable. Tests conducted in our own laboratory would tend to sub 
tiate this. We made relaxation tests on full threaded bolt studs machined 
from a single bar of steel containing 0.33° C, 1.60°>Cr and 0.50°,Mo. Part of the 
lts studs had cut threads. The others had cold-rolled threads. Results showed no 
leleterious effects of the thread rolling, as follows: 


Table Ill 

Test Type Initial Final Length of 
perature of Stress, Stress, Test, 

F Threads psi psi hours 
850 Machined 30,000 18,500 260 
850 Rolled 30,000 19,600 167 
950 Machined 30,000 14,200 208 
950 Rolled 30,000 15,000 144 


Author’s Reply 


lhe author appreciates the comments of Messers. Williams and Ewing. 

Although it would have been of value if some tests had been run at lower creep 
rates as suggested by Mr. Williams, it was not the intent of this investigation to 
irnish design data, but rather to provide information on the influence of a 
metallurgical variable that could be used in connection with design data. 

Comparing the effect of cold work on the basis of stress for a creep rate of 
0.5inch / inch/1000 hour does not mean, of course, that lower creep rates were not 
obtained. This rate which is an approximate mean value was selected so that a 
comparison of the effect of cold work at all four temperatures could be made on 
the same basis without extrapolation. In addition, this permitted a comparison of 
the variation of creep rate with the variation of rupture life in the same stress 
range. 

The point raised by Mr. Williams that the effect of cold work at high creep 
rates might not apply at lower creep rates, is confirmed by the data in Table II. 
in this respect the behavior at 800°F was different from that at 900°F. At 900°F 
the increase in creep rate due to small amounts of cold work is evident at the high, 
but not at low creep rates. In the tests at 800°F, the increase in creep rate is pres- 

t in the creep rate range of approximately 0.5%/hour to0.0025%/hour and the 
ignitude of the change is not less at the lower creep rates. I see no reason, there- 
re, to expect the behavior to change in going to a creep rate level of 0.0001% 


?E. L. Robinson, ‘‘High Temperature Bolting Materials,’’ Proceedings, American Society for 
sting Materials, Vol. 48, p. 214. 
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In regard to the reliability of creep rate measurements and the mag 
the effect, the data, shown in Table II, are quite consistent and the ch 
creep rates are large in comparison to inaccuracies of measurement that « 
expect. The tests run at 800°F and 95,000 psi with rupture times in the 
400 to 4270 hours show that 15% cold work raised the creep rate to 7 ti; 
of the unworked material. At 1000°F, two series of tests show an increas: 
creep rate of the highly cold-worked material to approximately twice tha 
unworked material; and this change is consistent with elongation-at 
values. Conclusion No. 4 which is based on this appears justified. 

The rather high initial stress for the relaxation tests was used in 
compare relaxation and creep in the same stress range. What the effect w 
at lower stresses, I do not know. While the data presented by Mr. William 
practical significance in the evaluation of bolts with cut and cold-rolled t} 
| wonder if they are comparable with our data since only the surface of th 
were cold worked. 

In regard to the discussion of Mr. Ewing, we do not have any informa 
the effect of cold work on the strength properties for times of 10,000 hou 
longer. It, of course, would be rather dangerous to extrapolate the presente: 
because of the presence of cold work which promotes structural instabilitic 
strengthening effect of cold work becomes less as service temperature is raise 
also as time is increased. At the higher temperatures it has been observed o1 





materials that creep-rupture strengths, as a result of structural changes 
lowered to values below those of the unworked material. It is quite likely, as Mi 
Ewing suggests, that long-time strengths of cold worked materials might b 
reduced sharply at temperatures lower than those indicated by shorter time 

For the chromium-molybdenum steel used in this study, the temperature mig} 
be in the region of 900°F. Another type of deleterious effect, the lowering of creep 
rupture strength by small amounts of cold rolling, might occur at even lower 
peratures. The results of this study indicate that the effect would probably b 
evident in long-time strengths at 800°F; and it would not be surprising to find tha 
it also occurs in very long-time tests at 700°F. 





NOTCH DUCTILE HIGH STRENGTH NODULAR 
IRONS 


By G. A. SANDOoOz, H. F. BisHop, W. S. PELLINI 


Abstract 

Ferritized nodular tron may be reheated to intercritical 
temperatures (1400 to 1550° F depending on composition) to 
develop quasi-equilibrium mixtures of untransformed ferrite 
and austenite. Water quenching and /200°F tempering of 
the partially austenitized material results in desirable com- 
binations of high tensile strength and good notch ductility. 
Tensile strengths of 90,000 psi may be developed with notch 
ductility properties equivalent to the ferritized 60,000 psi 
grades. The quenched and tempered irons show greatly 
superior notch ductility compared to pearlitic grades of equal 
strength. (ASM-SLA Classtfication: Q23, CI) 


INTRODUCTION 


T IS generally considered that the matrices of flake and nodular 

irons respond to heat treatment in the same manner as steels 
of equivalent alloy composition. Unfortunately, the presence of 
the graphite phase results in a high carbon saturation of the 
austenite during the usual austenitizing treatments, with the result 
that the transformations correspond to those of hypereutectoid 
steels. This simple picture must be modified somewhat in considera- 
tion of the fact that graphite rejection of existing flake or nodules 
may occur during slow cooling to eutectoid temperatures. If such 
rejection is accomplished, the transformations correspond to those 
expected of eutectoid steels. 

By proper choice of cooling rates and of cooling delays at 
critical temperatures, it is possible to produce irons which vary from 
completely pearlitic to completely ferritic matrices. The ferritic 
malleable and nodular irons are characterized by relatively high 
ductility and low strength while the pearlitic grades are compara- 
tively stronger but less ductile. Quenching treatments, such as 
applied in flame and induction hardening, develop very high hard- 
ness and strength, but at the expense of ductility. 

In the case of alloy steels, high strength combined with high 
tensile and notch ductility is developed by quenching and tempering 
treatments, however, this combination is possible because the car- 


A paper presented before the Thirty-Seventh Annual Convention of the 
ciety, held in Philadelphia, October 17-21, 1955. The authors, G. A. Sandoz, 
Ht. F. Bishop and W. S. Pellini, are associated with the Metal Processing Branch, 
Metallurgy Division, Naval Research Laboratory, Washington, D. C. Manuscript 

eived February 9, 1955. 
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bon content is controlled to certain maximum levels. It 
known that carbon in excess of approximately 0.40% is 
sirable; accordingly, high strength engineering steels usua 
kept at or below this carbon level. 

The problem of developing heat treatments which should 
in ultra high strength nodular irons of good notch ducti 
basically one of controlling the carbon content of the auste: 
within desired limits by means of suitable austenitizing proc 
The desired carbon level presumably is the same as that wh 
ordinarily specified for the case of steels. This investigatio: 
concerned initially with determining the feasibility of su 
approach. The ultimate aim was the development of new classes 
of nodular irons featuring high strengths combined with good note! 
ductility. 





NotcH DuctTiLity CONSIDERATIONS 

It is generally recognized that notch ductility is an important 
consideration in the choice of engineering materials. In the presenc 
of crack-like defects and of design notches, ferrous metals may fai 
in a brittle manner and without the prior deformation predicted }: 
tensile ductility tests. Temperature is an important factor in th 
development of brittle fracture. It is well established, for example 
that rolled mild steels of the tonnage plate variety develop brittk 
failures at temperatures of freezing and lower:but not at summer 
temperatures (1,2).' Fig. 1 illustrates the general effect of tempera- 
ture on the behavior of steels and nodular irons in sharp crack tests 
conducted by the authors (3,4). The Te (critical temperature) point 
is established by a realistic test procedure which consists of dete: 
mining the temperature below which deformation is not possible in 
the presence of a sharp crack defect, and the specimen fails in a 
brittle manner. The test specimens (1” X34" X14” plates) are of 
sufficient size to be considered representative of service parts. The 
sharp notch is developed by a bead of highly brittle, hard surfacing 
weld which cracks when a load is applied by the impact of a falling 
weight. Details of the ‘““Drop-Weight Test’’ were provided in pre- 
vious reports (1,2,3,4). The critical temperature, Tc, is best de- 
scribed by the term “‘nil ductility transition,” i.e., the temperature 
of transition to essentially no ductility (%EL=O in the presence 
of a sharp crack). In relation to the test the term used is drop-weight 
transition, or ““D.W.T.” 

It is of interest to summarize the position of structural steels 
and nodular irons of various types with respect to tensile strength 
and notch ductility as measured by the drop-weight test, Fig. 2. The 
range of temperatures of the various “‘blocks’’ represent the D.W.T. 


1The figures appearing in parentheses pertain to the references appended to this paper 
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Fig. 1—Characteristic Behavior of Steels and Nodular Irons in Sharp 
Crack Tests. Within a narrow temperature interval the notch ductility of 
the metal falls to nil values. 


temperatures obtained for tests of a large number of samples of the 
specified material. The drop-weight test predicts that brittle fracture 
at winter temperatures is possible for rolled mild steels containing 
notch defects. This is in agreement with actual service failure data. 
Cast steels are essentially equivalent to rolled steels in strength 
and notch ductility. The relative position of various nodular irons 
with respect to notch ductility and tensile properties is evident from 
the figure and does not require further discussion. Several desirable 
aims in the improvement of nodular irons may be deduced from 
these data, for example: 

(a) Development of irons featuring tensile strengths equal to 
the pearlitic types but with notch ductility equal to ferritic grades. 
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Kig. 2—Comparison of Steels and Various Nodular Irons with Respect t 


fensile Properties and Notch Ductility as Measured by the Drop-weight Test 


(b) Development of alloyed nodular irons with strength and 
notch ductility approaching quenched and tempered steels. 

Item (a) is considered to be achieved in the present investi- 
gation while item (b) is a subject of continued investigation. 


PRELIMINARY STUDIES 


Heat treating procedures for developing nodular irons with ten 
sile strengths in excess of 100,000 psi have been reported by Rehde: 
(5). These methods involve quenching from high austenitizing 
temperatures, 1.e., initiating quenching with the matrix structures 
composed of high carbon austenite and dispersed nodules of 
graphite. Irons quenched in this manner and tempered to a tensile 
strength of 100,000 psi exhibit a tensile elongation of about 10°, 
However, similar irons prepared at this Laboratory have proven to 
be brittle to very high temperatures (usually higher than 200°! | 
when subjected to the notch test. It was considered that quenching 
from within the critical temperature range might provide contro! 
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Fig. 3—Variation of ‘“‘As quenched” Hard- 


ness with Austenitizing Time and Temperature 
for Irons of Various Silicon Contents. 


over the carbon content of the austenite developed within a matrix 
of untransformed ferrite. 

The critical temperature range of nodular iron is raised and 
broadened with increasing silicon content. However, the informa- 
tion in the literature as to the exact limits of the range is too sketchy 
to be directly applicable to the treatment of specific irons. In order 
to establish the required data, three ferritized irons of the same 
composition except for silicon level were selected for study, Table 1. 


Table I 
Ferritized Irons 
Heat No CY Si% Mn% PY 
15 2.94 2.24 0.31 0.03 
16 2.94 2.55 0.31 0.03 
54 2.98 3.24 0.26 0.03 


Samples (1-inch cubes) of these irons were heated for a series of times 
temperatures which were expected to lie in or border the critical 
temperature range, and then quenched in water. Brinell hardness 
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Fig. 4—Variation of Hardness with Austenitizing Time and Temperature for In 
Various Silicon Contents, ‘‘As quenched”’ and After Tempering 1 Hour at 1200°F 


was determined for the as-quenched condition and after tempering | 
hour at 1200°F. Time at temperature was established by a thermo 
couple welded to the bottom of a small hole drilled to the center of 
one of the specimens. 

The variation of as-quenched hardness with time, at tempera 
tures of 1465, 1510 and 1560°F for the three silicon levels, are shown 
in Fig. 3; Fig. 4 presents the data for the individual irons and in 
cludes the hardness after tempering. It may be observed that afte: 
four hours at temperature there is little further rise in as-quenched 
hardness. This indicates that carbon saturation is essentially estab- 
lished during the 4-hour holding period. The saturation hardness 
level is increased rapidly with increasing temperature in the 100°! 
range selected (1465 to 1560°F) and with decreasing silicon for an) 
given temperature. 

Fig. 5 shows a typical example of the changes in microstructure 
with time, for the case of the 2.55% silicon iron heated at 1510°F 
It is observed that in the early stages of austenitization the austen- 
ite forms first along the grain boundaries and certain preferred crys- 
tallographic planes.? With increasing time the austenitic areas (ob- 
served as martensite in the photomicrographs of quenched speci- 
mens) enlarge until a final saturation structure is approached. In th 
example of Fig. 5 the saturation structure was essentially estab- 
lished after 3 hours at temperature, as shown by the similarity of 
structures representing the 3 and 8-hour treatments. 

The effect of silicon level on the maximum amount of austenite 
formed after 8 hours at 1465, 1510 and 1560°F may be observed in 


2Extremely rapid rates of heating, as with flame or induction heating, result in different 
of microstructures. These structures are adequately described in the literature (6). 
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Fig. 5—Effect of Holding Time at 1510°F on the Microstructure and Hardness of a 2.55% 
Si Iron. Original magnification 100 reduced \ in reproduction. 
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in reproduction 


lig. 6. These structures cover a hardness range from a maximun 
535 BHN for the 2.24% silicon iron heated at 1560°F to a minimum 
of 187 BHN for the 3.24% silicon iron heated at 1465°F. These data 
illustrate that increasing the silicon content raises the critical tem- 
perature range so that higher temperatures are required to produce 
a given amount of austenite. The ‘‘as-quenched”’ hardness varies 
directly with the amount of austenite present at the quenching 
temperature. For example, essentially equivalent microstructure 
and hardness are produced with the 2.24% silicon iron quenched 
from 1465°F as with the 3.24% silicon iron quenched from 1510°F. 

Heat treatment guides are provided in Figs. 7 and 8; Fig. 7 
relates maximum “‘as-quenched”’ hardness and hardness after tem- 
pering at 1200°F for 1 hour, to the austenitizing temperatures. Fig 
8 provides similar information in relation to silicon contents. 
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Fig. 7—Effects of Silicon Content and Austenitizing Tem 
perature on the Saturation Hardness of Quenched and of 
Quenched and Tempered Nodular Irons 


CORRELATION OF TENSILE PROPERTIES WITH NotTcH DUCTILITY 
To investigate the combinations of tensile properties and notch 
ductility which could be obtained with nodular irons quenched from 
within the critical temperature range, three irons of the analyses 
shown in Table Il were cast as 1”X3'%"X14" drop-weight test 
specimens. 


Table Il 
Nodular Irons 
Heat No CY Si% Mn% PY Cr& Ni‘ 
55 3.12 2.38 0.39 0.008 
56 2.86 2.04 0.35 0.018 
59 2.80 1.98 0.32 0.005 0.014 »2 


he irons were made in a 300-pound basic induction furnace from 
\rmco iron melting stock. Nodulization was accomplished by the 
addition of 0.25% magnesium, as a ferrosilicon—magnesium alloy, 
to the ladle during tapping; 0.10% silicon as 50% ferrosilicon was 
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Fig. 8—Effect of Silicon Content on the Satura- 
tion Hardness Established for Three Quenching 
Temperatures. 






added for secondary innoculation. The casting temperature was 
approximately 2500°F. Two of the irons, 55 and 56 were unalloyed 
and of similar composition except for silicon content; iron 59 was 
alloyed with 2.19% nickel. All of the irons were annealed to give an 
initial ferritized structure. 

Specimens of iron 55 and 56 were heated to a range of tempera- 
tures between 1450 and 1550°F and specimens of iron 59 in the 
range of 1400-1500°F, spanning the critical temperature range for 
these materials. For convenience, the specimens were held at tem- 
perature for 15 hours prior to quenching in water, although, as 
described previously, approximately 4 hours would have sufficed to 
establish near-saturation conditions. Little distortion and no crack- 
ing resulted from water quenching because the untransformed fer- 
rite served to accommodate the quenching stresses. Specimens 
quenched from above the critical temperature range did develop 
quench cracks. After quenching, all specimens were subsequently 
tempered for one hour at 1200°F. Drop-weight test transition tem- 
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peratures were determined for each composition and heat trea 
Tensile tests, hardness tests, and microstructural examinatio1 
conducted with material removed from the center section 
broken drop-weight test specimens. 

Typical microstructures of the heat treated materials a: 
sented in Fig. 9, for iron 55. The microstructures differ from 
shown previously in Figs. 5 and 6 in that the areas of carbon so 
have been darkened as a result of tempering. 

Fig. 10 summarizes the tensile, hardness, notch ductilit: 
combined carbon content data of the three irons as a funct 
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Fig. 10—Summary Data 


quenching temperature. As the temperature of quenching is in- 
creased to 1500°F, the yield strength, tensile strength, hardness, and 
combined carbon contents increase, while the tensile ductility prop 
erties decrease. Quenching the un-alloyed irons, 55 and 56, from 
above 1500°F results in no further change in tensile ductility but 
causes a decrease in tensile strength, hardness, and combined carbon 
content following tempering; however, the yield strength continues 
to rise. 

The decrease in hardness and tensile strength of material 
quenched from above 1500°F is attributed to the precipitation of 
graphite during tempering at 1200°F, as illustrated by the decrease 
in combined carbon and by the appearance of fine graphite particles 
throughout the microstructure, Fig. 9f. Precipitated graphite par- 
ticles did not appear when lower quenching temperatures were used, 
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ties 


probably because of lower carbon content of the resulting marten- 
site pools. The appearance of graphite during tempering in the range 
of 1200°F in nodular irons quenched from above the critical temper- 
ature range has been observed by Rehder (5). 

Occasional small patches of fine pearlite were observed at the 
center of the 1-inch thick drop-weight test specimens of irons 55 and 
56. Such borderline hardenability was not exhibited by iron 59 con- 
taining 2.19% nickel. For unalloyed irons, these data should be 
considered applicable for plate sections which do not exceed 1 inch 
thickness and for bar sections which do not exceed approximately 
2 inch thickness. 

The drop-weight test transition temperatures of the three irons 
show that notch ductility is essentially the same as that of the fer- 
ritized irons when quenching temperatures are low. A steady rise 
in D.W.T. temperature, indicating gradual loss of notch ductility, 
occurs as quenching temperatures are increased to 1500°F for the 
unalloyed irons and 1450°F for the 2% nickel iron. Quenching from 
above these temperatures results in an abrupt rise in the D.W.T., 
indicating that the irons become highly notch brittle. In terms of 
microstructures, the embrittlement occurs at the point where the 
areas of carbon solution enlarge sufficiently to eliminate free ferrite. 
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With respect to tensile properties, the sharp loss in notch duc 
occurs at about the 100,000 psi to 110,000 psi range. 

The intermediate range of quenching temperatures offe: 
best combinations of tensile properties and notch ductility. 
tensile strengths of the irons may be raised to approximately 90,000 
psi with corresponding D.W.T. of approximately 60°F for th 
alloyed irons and 40°F for the alloyed iron, i.e., essentially equ 
rolled mild steel, of 60,000 psi tensile strength, Fig. 2. In compa 
pearlitic irons of 90,000 psi tensile strength level have D.W.T. | 
peratures of approximately +180°F. 

Comparisons of the notch ductility of quenched and tempered 
nodular irons with irons strengthened by the presence of pearlit 
resulting from an arrested anneal or by increased silicon content a) 
shown in Fig. 11. The figure presents the D.W.T. temperatures of a 
number of pearlitic and quenched and tempered irons as related to 
tensile and yield strengths. The convergence of the average lines 
indicates that the low strength level is attained only by achieving a 
common ferritized condition. It is noted that as tensile strength 
increases, the heat treated irons develop lower D.W.T. tempera 
tures (better notch ductility) than the pearlitic irons and that this 
advantage increases with increasing strength. In general, an im 
provement of 50 to 100°F in the notch ductility transition is indi 
cated. The heat treated irons also displav superior notch ductility for 
a given vield strength level. 


SUMMARY AND CONCLUSIONS 


Conventional austenitization treatments of nodular irons de 
velop high carbon austenites which preclude the obtaining of ductile 
material by quenching and tempering. This limitation is due to the 
inherent brittleness of the high carbon transformation products. 
The use of partial austenitization treatments, involving holding in 
intercritical temperature ranges, provides a means of controlling the 
carbon content of the austenite. The combinations of tensile prop- 
erties and notch ductility which may be obtained by controlled 
partial austenitization, water quenching, and 1200°F tempering of 
various nodular irons were investigated. 

The principal conclusions of this investigation are as follows: 

(a) Ferritized nodular irons reheated to temperatures in the 
range of 1400 to 1550°F for periods of approximately four hours, 
develop quasi-equilibrium austenite—ferrite aggregate structures. 

(b) The amount of austenite developed at quasi-equilibrium in- 
creases with increasing temperature in the intercritical range and 
with decreasing silicon at any given intercritical temperature. The 
austenitization changes are such as to permit practical control based 
on guide charts. 
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(c) The partially austenitized nodular irons may be quenched 
and tempered to develop tensile strengths in the order of 90,000 psi 
with notch ductility properties equivalent to the 60,000 psi ferritized 
material. The pearlitic nodular irons of 90,000 psi tensile strength 
show greatly inferior notch ductility in comparison to the quenched 
and tempered irons. 

(d) Heat treatment to tensile strengths in excess of 100,000 psi 
results in an abrupt loss of notch ductility. The higher strength 
materials are inferior to the pearlitic 90,000 psi grades in this 
respect. 

(e) The hardenability of unalloyed nodular irons is sufficient 
to develop the described properties in 1-inch plate sections and 2- 
inch rounds. At these limits, traces of pearlite are developed at the 
center of the sections. The limits may be raised by alloying to in- 
crease hardenability. 

(f) The presence of untransformed ferrite permits water quench- 
ing without cracking or warping. In contrast, fully austenitized 
material is known to crack easily on water quenching. 


ACKNOWLEDGMENTS 


This investigation is part of a broad program of studies relative 
to the notch ductility of cast materials, conducted at the request of 
Mr. George Sorkin, Code 343, Bureau of Ships. 


References 
1. W.S. Pellini, “Evaluation and Significance of Charpy Tests,’’ American So- 
ciety for Testing Materials, Publication #158, Symposium on the Effect of 
Temperature on the Brittle Behavior of Metals, 1954. 
P. P. Puzak, M. E. Schuster and W. S. Pellini, ‘Crack Starter Tests of Ship 
Fracture and Project Steels,”’ Welding Journal, October 1954. 
3. W. S. Pellini, G. Sandoz and H. F. Bishop, ‘‘Notch Ductility of Nodular 
Iron,’’ TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 418. 
1. G. A. Sandoz, H. F. Bishop and W. S. Pellini, ‘Notch Ductility of Nodular 
Irons,’’ Foundry, September 1954, p. 114. 
5. J. E. Rehder, “Quench-Temper Treatment Improves Nodular Irons,” Jron 
Age, January 17, 1952. 
6. E. P. Rowady, W. J. Murphy and J. F. Libsch, ‘‘Hardening Characteristics of 
Induction Heated Ductile Iron,’’ Transactions, American Foundrymen’s 
Society, Vol. 61, 1953, p. 422. 





DEFORMATION AND FRACTURE MECHANISMS © 
POLYCRYSTALLINE MAGNESIUM AT LOW 
TEMPERATURES 


By F. E. HAuser, P. R. LANDON AND J. E. Dorn 


Abstract 

The objective of this investigation was the determination 
of the deformation mechanisms in magnesium at low tem- 
perature by metallographic and X-ray techniques. Basal 
slip was found to be the main mechanism of deformation 
with duplex slip becoming more predominant as the tem- 
perature was decreased. Grain boundary shearing was found 
to be rare at the low temperature compared with that observed 
at room temperature. The appearance of twins and small 
angle boundaries was unchanged by lowering the test tem pera- 
ture. The fracture at low temperature was mainly intergran- 
ular with some complex transcrystalline modes. (ASM-SLA 
Classification: 024, 026, Mg) 


INTRODUCTION 

ANY extensive investigations have been directed toward 
M uncovering the basic mechanisms of deformation and frac- 
turing, in anticipation that such knowledge might prove useful in 
attempts to improve the properties of metals. In order to simplify 
analyses, most of such basic investigations have emphasized the 
elucidation of the behavior of metallic monocrystals under simple 
states of stress. And in view of the definitive correlations that have 
been uncovered between the structure and the mechanisms of defor- 
mation and fracturing of metallic monocrystals, the virtue of this 
approach is well established. The ultimate objective of all such 
investigations, however, is the complete rationalization of the com- 
plex behavior of polycrystalline aggregates. Several important inves- 
tigations have been made in an effort to deduce the plastic behavior 
of polycrystalline aggregates from singular knowledge of the defor- 
mation mechanisms in metallic monocrystals. From his interesting 
experiments on the deformation of symmetrically disoriented bi 
crystals of Sn(1),! Chalmers found that the increase in the stress 
necessary to cause slip with increasing disorientation of the two 
grains of the bicrystal was exclusively ascribable to orientation 
differences; this suggested that the grain boundary per se had no 








1The figures appearing in parentheses pertain to the references appended to this paper 
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efiect on the plastic properties. The same assumption was introduced 
in Taylor’s remarkable attempt to estimate the plastic properties 
of polycrystalline aggregates of aluminum from the known {111} 

110> mechanics of slip in single crystals (2). In order to preserve 
continuity across grain boundaries Taylor assumed that each grain 
of the polycrystalline aggregate underwent similar macroscopic 
deformations. Consequently he deduced that, in general, at least 
five mechanisms of deformation would be operative in a single grain; 
the five operative mechanisms for any specific grain orientation 
were taken to be those of the total of twelve which required the 
least strain energy. Furthermore, Taylor assumed that the critical 
resolved shear stress law for slip was unmodified by the incidence 
of the assumed multiplex slip. In this way he found that the calcu- 
ated stress-strain curve deduced from the behavior of monocrystals 
agreed well with an experimental stress-strain curve obtained from a 
andomly oriented polycrystalline aggregate. 

Despite the success achieved by Taylor’s challenging problem, 
nuch doubt yet persists as to whether it is possible to calculate 
he plastic properties of polycrystalline aggregates solely from a 
knowledge of the behavior of monocrystals or whether indeed other 
ypes of auxiliary data, not currently available, are yet required. 
These seeds of doubt arise because, as is well known, the stress 





necessary to induce plastic deformation increases with decreasing 
grain size whereas neither Chalmers’ experiments nor Taylor’s 
analyses reveal or consider the origin of this apparent anomaly. 
Furthermore, as has been shown by Barrett and Levenson (3), 
only about 50% of the grains are reoriented in the manner required 
by Taylor’s analysis, suggesting that the well-known incidence of 
deformation banding might not constitute a disposable variable 
in a complete analysis of the problem. The occurrence of various 
types of low angle boundaries, accommodation kinks and grain 
boundary shearing during plastic deformation of polycrystalline 
aggregates undoubtedly complicates the problem of attempting to 
predict polycrystalline data exclusively from idealized simple single 
crystal behavior. Furthermore, as will be demonstrated in the text 
of this report, auxiliary mechanisms of deformation, not easily 
obtainable by single crystal studies, might also intrude upon defor- 
mation of polycrystalline aggregates. 

The investigations recorded here were initiated in an attempt 
to uncover the various complex mechanisms of deformation that 
polycrystalline aggregates of metals might undertake. High purity 
magnesium was selected for study, not only because of the ex- 
tensive interest in this light weight metal but particularly because 
the limited number of deformation mechanisms exhibited by single 
crystals of magnesium suggests that auxiliary factors should enter 
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prominently in the deformation of polycrystalline aggregat 
magnesium. Detailed studies of the deformation and fract 
characteristics of large grained polycrystalline aggregates of 
nesium at atmospheric temperature have already been pres: 
in an earlier report (4). In the present report these studies have 
extended to subatmospheric temperatures down to the boiling p 
of liquid nitrogen, 78°KK. Special emphasis was placed on poss 
differences in the mechanisms of deformation and fracturing 
tained with a decrease in test temperature. 


EXPERIMENTAL PROCEDURES 

All specimens were prepared from the same stock of high pu: 
magnesium? (99.97% Mg) extrusions used in the previously report: 
investigation (4). Specimens were machined from the original 0.75 
inch wide 0.100 inch thick extrusions to provide tensile bars having 
a parallel 2-inch gage length and a width of 0.375 inch. The surface 
of each specimen was hand polished to remove the die markings 
following which each specimen was given a grain coarsening anneal 
for 3 hours at 575°C (1060°F) in dilute SO, atmosphere. This 
treatment yielded a mean grain diameter of about 1.0 mm, deemed 
large enough for easy metallographic observation. 

After the annealing treatment each specimen was _ polished 
electrolytically in an ethyl alcohol solution containing 37.5% ortho 
phosphoric acid using 1.5 volts and 20 ma per dm’. Following the 
electrolytic polish, specimens were etched in an aqueous solution 
containing 10% citric acid. 





In order to provide a simple method of detecting and analyzing 
grain boundary shearing several specimens were scribed with a 
ruling machine which provided a 0.02 inch square grid. The identi- 
fication of the various crystallographic planes leading to deforma 
tion traces on the polished surface was accomplished by determining 
the orientations of a large number of grains using microbeam back 
reflection Laue techniques. A few specimens were prepared with 
“U”’ shaped notches in the gage section in order to localize frac- 
turing in the region of several grains of known orientations. 

The prepared specimens were pulled in a tensile testing machine 


7 
] 


at a constant strain rate of 1% per minute in the following media: 


Liquid nitrogen ( 78°K) 
Dry ice-isopentane mixture (195°K) 
Ice-water mixture (273°K) 
Air (298°K) 


METALLOGRAPHIC OBSERVATIONS AND DISCUSSIONS 


Slip. In the previous investigation it was shown that pol) 
crystalline aggregates of magnesium slip exclusively by the {0001| 


2Supplied by courtesy of The Dow Chemical Company 
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2110> forms at atmospheric temperatures of about 298°K. Such 
basal slip was also found to be operative at 195°K and 78°K in the 
present investigation. In fact no significant differences were de- 
tected in either the spacing of the slip bands or in the extent of 
basal slip as a function of temperature over the range from 78°K 
to 298°K. | 

Whereas slip at 298°KK was exclusively basal, there was exten- 
sive evidence of duplex slip at 78°IKK and 195°K. A typical example 
of such duplex slip is shown in Fig. 1. Since duplex slip of this kind 
cannot arise from basal slip alone, it is evident that a new slip 
mechanism becomes operative upon deformation of polycrystalline 
aggregates of magnesium at subatmospheric temperatures. 

In an attempt to identify the operative slip mechanisms at 
78°KX, the orientations of 15 different grains that exhibited duplex 
slip were determined by means of the Laue microbeam_back- 
reflection technique. In each of the 15 grains the predominant set 
of slip bands was identified as arising from slip on the basal plane 
{0001}. In 12 of the grains the second and minor set of slip bands 
was Clearly identified as arising from slip on the prismatic planes 
of the form {1100}. In the remaining three grains that were an- 
alyzed, however, the traces of the second set of slip bands differed 
by a few degrees from the orientations suggested by prismatic 
slip. Although these slip bands might have arisen from slip on 
the {1012}, {1011}, {1122} or the {1100} planes respectively, their 
exact origin could not be definitely established. 

Several factors suggest that basal slip is more pronounced than 
prismatic slip. While in most cases the traces of the basal slip were 
uniformly distributed throughout any one grain, the traces of the 
prismatic slip were visible only in parts of the grain such as near 
corners or reentrant angles. In addition, the occurrence of prismatic 
slip also seemed to be restricted to near cracks or other stress con- 
centrators such as notches. Thus the appearance of duplex slip 
seems to be stimulated by complex local stress concentrations within 
the specimen. 

Additional evidence as to the complex stress pattern near areas 
of duplex slip was obtained in an attempt to determine the critical 
resolved shear stress for prismatic slip. In the previous report (4) 
it was shown that the average critical resolved shear stress law 
for the onset of basal slip was obeyed within a broad scatter range 
by each individual grain in a polycrystalline aggregate. But in 
the present investigation the critical resolved shear stress for the 
occurrence of prismatic slip at the low temperatures was found 
to be completely random. Consequently the occurrence of duplex 
slip seems to be due to the localized inhomogeneous stressing caused 
by the various constraints imposed on a grain by its neighbors. 
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Fig. 1—Basal and Duplex Slip at 78°K. 100. 


As will be described more fully in a later paragraph of this re- 
port, grain boundary shearing was indeed rarely observed following 
deformation at 78°K, whereas it was quite prevalent upon deforma- 
tion at atmospheric temperature. This suggests that the highly 
localized stresses, which are required to preserve continuity of 
deformation across the grain boundaries, are relieved at atmospheric 
temperatures by grain boundary shearing. But at lower tempera- 
tures, where grain boundary shearing is much less facile, the local 
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Fig. 2—Duplex Pencil Slip at 78°K. 100. 





Fig. 3—Duplex Pencil Slip at 78°K. Detail of Fig. 2. 500. Reduced 60% in Repro- 
duction. 
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Fig. 4— Duplex Pencil Slip at 195°K. 100. Reduced 20% in Reproduction. 


stresses are not so relieved and therefore induce the auxiliary pris- 
matic slip. 

The metallographic appearance of the observed duplex slip 
took several forms. Fig. 1 illustrates independent duplex slip on 
two planes. The direction and amount of secondary slip is inde- 
pendent of the basal slip. Figs. 2 and 3 illustrate the appearance of 
duplex ‘‘pencil slip’’ (5), where slip occurs simultaneously on two 
planes in the same direction by nearly equal amounts. The smal! 
steps of each of the two slip systems is shown in what appears to be 
a third slip plane trace marked A in Fig. 2. Observations of the 
specimen at higher magnification, however, illustrate that the trace 
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Fig. 5—Duplex Pencil Slip at 195°K. Detail of Fig. 4. «500. 


\ is actually made up of short traces on basal and prism planes as 
shown in Fig. 3. Many similar apparently ‘‘noncrystallographic’”’ 
slip traces were resolved as duplex pencil slip at high magnification. 
Another interesting example of duplex pencil slip is shown at 
various magnifications in Figs. 4,5 and 6, where the duplex slip 
took place at a reentrant angle of the grain boundary. At low mag- 
nification (Fig. 4) the slip traces have a crack like noncrystallo- 
graphic appearance, but at higher magnifications (Figs. 5 and 6) 
the combination basal and prism slip mechanism becomes apparent. 
In Fig. 6 the relatively large pencil slip offset is illustrated by 
focusing on the upper and lower plane of polish respectively next 
to one of the cliff-like traces. Such large local strains are probably 
induced by the high local stresses due to the complicated con- 
straints imposed by neighboring grains. 
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Fig. 6—Duplex Pencil Slip at 195°K. Detail of Fig. 4 and 5. 2000. Reduced 30% i: 
Reproduction. 





Fig. 7—Pencil Slip Through a Twin at 78°K. 250. 
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Fig. 8 Secondary Slip Mechanism Operating in Corner of Grain. Simple Duplex Slip 
Pencil Slip and Apparent NonCrystallographic Slip at 78°K. 250. Reduced 55°% in 
reproduction 








Fig. 9—NonCrystallographic Small Angle Boundary at 78°K. 100. 
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Fig. 10—Grain Boundary Shear at 78°K. 100. Reduced 50% in reproductio1 


The high incidence of pencil slip involving both the basal plan 
{0001} and the prismatic plane {1100} strongly suggests that both 
planes slip along their common <2110> direction. 

In Fig. 7 is shown an interesting example of a more complex 
phenomenon than the more common type of pencil slip. Distinctly 
identical slip bands can be seen to traverse the original grain and 
its twin. A preliminary examination might suggest that these slip 
bands formed some time before twinning had occurred and were 
merely sheared over in the twin as a result of the twinning process. 
But the shear strain is much greater than that which occurs upon 
twinning of magnesium. Furthermore the slip bands follow th 
traces of the basal plane in both the original grain and in the twin. 
Consequently the concept that slip preceded twinning cannot be 
valid. This anomaly can be rationalized by assuming that twinning 
preceded slip and that slip took place simultaneously on the basal 
planes of both the twin and its parent grain. This is feasible because 
the basal planes of the twin and of the original grain intersect along 
a common <2110> slip direction. In this way, pencil slip of this 
second type can take place in close-packed hexagonal systems. The 
visualization of how pencil slip of the second type might take 
place in terms of a dislocation model presents a challenging problem. 

To summarize the appearance of slip at low temperatures Fig 
8 has been included. It illustrates all the different types of slip 
observed in magnesium at 78°K. 

Twinning. As in the previous room temperature investigation, 
all twins obtained upon deformation at low temperatures formed 
along {1012} planes. The number of twins and the general micro- 
scopic appearance of each twin was not altered by the lowering 
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Fig. 11—Intergranular Crack at 78°K. 100. Reduced 25% in Reproduction. 





of the test temperature; and the accommodation boundaries had the 
same sharp small angle ridge along {1010} plane traces as was 
recorded in the previous report. 

An interesting observation as to the rate of growth of twins was 
made during a test designed to reveal the onset of duplex slip at 
78°KK. A specimen was pulled at a rate of 0.019%/min. while under 
microscopic observation (X50) through a window in the Dewar 
flask containing the liquid nitrogen. It was noted the growth of 
twins in magnesium proceeded at what appeared to be a uniform 
rate on loading. This observation appears to be contrary to that 
{ Thompson and Millard (6) on Cd who described the growth of 
twins as occurring by discontinuous jerks. Of course these small 
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Fig. 12—Spur of a Transgranular Crack at 78°K. 100. Reduced 40% in Reproductior 


steps might occur at such a rapid rate as to give the impression of 
a continuous rate of growth at low power observation. 

On unloading of magnesium specimens following a tensile test 
some twins gradually diminished in width, leaving only a fine trace 
behind. If slip had occurred within the twin the slip traces remained 
on the surface outlining the former twin boundary envelope (Center 
of Fig. 4). On reloading other twins seemed to grow in preference 
to the previously activated twins. This factor undoubtedly plays a 
role during fatigue testing of Mg. 


NONCRYSTALLOGRAPHIC SMALL ANGLE BOUNDARIES 


The number and general appearance of the small angle bound 
aries formed during deformation appeared to be the same at the 
low temperatures as those previously studied at room temperature. 
This indicates that the mobility of dislocations even at 78°K is 
sufficient to permit the formation of vertical arrays of like disloca- 
tions into sharp small angle boundaries. It might be expected that 
due to the slow rate of diffusion at the low temperatures more small 
angle boundaries would have the rounded appearance of that shown 
in Fig. 7. But most boundaries had the appearance illustrated by 
Fig. 9, indicating a very sharp and precise vertical stacking of like 
dislocations. 

In Fig. 9 an example is presented of a low angle boundary 
traversing a twin; the boundary exhibits a well-defined offset on the 
opposite sides of the twin which might be ascribable to differences 
in the rate of migration of the branches of the boundary on each 
side of the twin. Furthermore each of the offset low angle bound- 
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aries in the grain exhibit fainter extensions into the twinned r 
Grain Boundary Shear. The phenomenon of grain bou 
shearing which is usually associated with high temperature: 
mation, had been observed to be quite prevalent upon deform 
of Mg at room temperature (4). At low temperatures, however 
occurrence of this deformation mechanism is quite rare; but 
10 illustrates one of the few cases detected in magnesium at 7 
This figure also shows the complex accommodation kinking at 
triple point induced by grain boundary shearing. The high st 
concentration and the high local strain at such triple points m 
lead to local cracking such as described in the next section. 

Fracture. As at room temperature many cracks were visi 
throughout the tensile specimens at low temperature even bef 
the final failure. The length of these preliminary part intergranular, 
part transgranular openings rarely exceeded one grain diamete: 
Fig. 11 shows a predominantly intergranular crack while Fig. 12 
shows the spur of a transgranular crack. These cracks either caus 
high local strains in their vicinity or are the result of large strains 
due to stress concentrations. Because several spur cracks such as 
shown in Figs. 11 and 12 usually accompany these local separations 
the point of origin of the rupture cannot easily be determined 
Furthermore the high local deformation encountered in the region 
of local fracturing makes the crystallographic identification of possi- 
ble shear or cleavage planes very difficult. 

Fig. 13 was included in this report to illustrate the complexity of 
the final failure at 78°K. The fracture is partially intercrystalline 
and partially transcrystalline. Pieces of the opposite grain occasional- 
ly adhere to one side of the failure. One section of the failure seems 
to follow a’prismatic trace. Although many and interesting details 
can be noted, it is difficult at present to draw definitive conclusions 
regarding the nature of fracturing from metallographic analysis 
alone. 


CONCLUSIONS 


1. Basal slip of the form {0001} <2110> is the major deforma- 
tion mechanism of polycrystalline magnesium from 298°K to 78°K. 

2. Whereas grain boundary shearing is quite prevalent at 298° 
its incidence is rare at 78°K. 

3. But as the incidence of grain boundary shearing decreases 
with a decrease in the temperature for deformation, the incidence of 
prismatic slip of the form {1100} <2110> increases. 

4. These and other related observations suggest that highly 
localized stresses are relieved by grain boundary shearing at 298° 
whereas they cause prismatic slip at lower temperatures wher 
grain boundary shearing is rare. 
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5. Pencil slip occurs at the lower temperatures by the conjugate 
mechanisms on planes {0001} and {1100} along their common 
2110> direction. 


6. Twinning takes place by shear parallel to the {1012} planes 
in the <1011> direction over temperature range from 298°K to 
78°K. ' 

7. Fracturing occurred by intergranular and transcrystalline 
modes from 298°K to 78°K. The mechanism of transcrystalline 
fracture was not identifiable as cleavage along the {0001} planes. 
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DISCUSSION 

Written Discussion: By R. W. Guard, General Electric Research Labora- 
tory, Schenectady, New York. 

When a random polycrystalline metal is deformed, the stresses at any point 
in the interior will not be the same as the gross macroscopic stress. Would the 
authors explain how the resolved shear stresses for prismatic slip were calculated 
without knowing the complex stress pattern which surely exists at grain corners 
and boundaries? If it were possible to determine the actual stress in the region 
where prismatic slip systems were active, the calculations of critical stress for 
yielding on these systems might not show the random behavior observed by the 
authors. In this same regard, were any local strain measurements made except for 
grain boundary shearing? 

In the case where nonbasal slip is observed there are two alternate explana- 
tions for its occurrence: 

1. The resolved shear stress on the basal plane is so smail that other slip 

systems operate first. 

2. The conditions of strain prohibit basal slip by preventing the concomitant 

rotation. 
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[n their observations did the authors observe whether prismatic slip occurrs 
at grain corners and boundaries or was also observed in the center of grain 
there any tendency for nonbasal slip to occur only at large overall strains 
it also observed at small strains. 

It does not seem necessary to postulate that dislocations have sufficis 
bility at 78°K to move into small angle boundaries. The dislocations cou 
localized into walls by the sharp stress gradient at a grain corner such as | 
This explanation is more in agreement with the noncrystallographic nature 
boundary. 


Authors’ Reply 


lhe authors wish to thank Mr. Guard for his discussion of this paper. 


Resolved shear stresses for prismatic slip were calculated assuming a un 





stress field. This assumption had been shown to be approximately correct 
determining the onset of basal slip in magnesium in a previous paper (4). S 
the appearance of prismatic slip was highly localized and did not occur at a cri 
resolved average shear stress, the conclusions were that the stress pattern mu 
greatly distorted locally. Except for grain boundary shear measurements no lo 
strain determinations were attempted. 

In all cases basal slip was observed together with prismatic slip. Therefore th: 
second explanation Mr. Guard offers for the occurrence of nonbasal slip nam« 
that the constraint of basal slip induces secondary slip seems to be the correct on 
Prismatic slip was observed not only at grain boundaries but occasionally in smal 
localized regions within the grains as revealed in Fig. 1. These regions of cours: 
could be near a grain boundary below the plane of polish. 

The authors agree with Mr. Guard that sharp stress gradients could caus: 
small angle boundaries without dislocation climb. Then the motion of thes 
boundaries as documented in the previous report (4) is probably due to the 


gradual change in stress pattern on stressing. 





DEFORMATION OF BERYLLIUM 
SINGLE CRYSTALS AT 25 TO 500°C 


By H. T. LEE AND R. M. Brick 


Abstract 


Compression tests at room temperature, 300°C, and 
500°C have been conducted on single crystals of beryllium 
for various orientations. 

Part I includes experimental observations of the study. 
Slip and twinning elements were determined from surface 
markings by microscopic examinations and by X-ray 
analyses. The operative slip planes at temperatures of 25, 
300, and 500°C were established as (000/) and | 10/0}; the 
single twinning plane as |/0/2}. Cleavage planes were found 
to be either (OO00/) or {7120}. Deformation and kink bands 
were also observed. A peculiar type of macroscopic band 
was found present in several specimens with a particular 
ortentation and an explanation accounting for its formation 
is given. Measurement of the displacement of cracks across 
slip bands has led to an evaluation of the local strains re- 
sulting from basal slipasacompartson to the average shear. 
A selection rule based on an extension of LeChatelier’s 
princtple is advanced for the choice of active twinning 
planes from the total ones available. 

Part II consists of some crystallographic analyses re- 
garding to twinning and slip. A mathematical relationship 
is given to describe the atomic movements in twinning of 
close-packed hexagonal metals. Factors of periodicity and 
crystallographic shear are also considered as affecting the 
selection of slip and twinning elements. (ASM-SLA Classi- 
fication: Q24, M26, Be) 


PART I—EXPERIMENTAL OBSERVATIONS 
OF BERYLLIUM SINGLE CRYSTALS UNDER (COMPRESSION 


‘_o. involved in the production of beryllium 
single crystals (1—6)! of reasonable size and purity have thus far 
made it impossible to conduct an extensive study of the plastic be- 
havior of this metal. 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


*This paper is taken from a dissertation submitted by H. T. Lee to the faculty of the Graduate 

School of the University of Pennsylvania in partial fulfillment of the requirements for the Ph.D 

gree. The work has been carried out under Contract ONR-24908 with the office of Naval Re 
irch, U. S. Navy 


A paper presented before the Thirty-Seventh Annual Convention of the 
Society, held in Philadelphia, October 17-21, 1955. The authors, H. T. Lee and 
k. M. Brick, were associated with the School of Metallurgical Engineering, 
University of Pennsylvania, Philadelphia when this work was accomplished. R.M. 
Brick is presently Director of Metallurgy, Central Research and Engineering 
Division, Continental Can Co., Chicago. Manuscript received December 27, 1954. 
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In 1928, Mathewson and Phillips (7) established the sli; 
twinning planes of beryllium as (0001) and (1012) respectivel: 
authors used polycrystalline specimens cut so as to expose tw 
faces at right angles. No work on the plastic behavior of ber, 
single crystals has been reported. 





PREPARATION OF SPECIMENS 

Two beryllium ingots 4 inches in diameter and approximately 6 

inches in length were supplied by Dr. Kaufmann of M.I.T. T 

ingots were coarse-grained, with no more than six grains over 
cross section. The material was over 99.8% pure. 


Cy 


it 


Slices 34 inch in thickness were first cut across the ingots 
means of an abrasive wheel. After the individual orientations had 
been determined for the grains in a particular slice, compression 
pieces were cut from it with the aid of a high speed water spraye 
glass cut-off wheel. A goniometer stage in front of the blade per 
mitted the slice to be fed into the wheel at different angles. In this 
way, the desired orientations could be obtained without much dif- 
ficulty. These pieces, about % inch cubes, were carefully hand 
ground to three sets of parallel surfaces. Due to the extreme brittle- 
ness of beryllium, even careful hand grinding almost invariably 
caused cracks to form along the sharp edges of the specimen. Corners 
were also very easily chipped. This was particularly true for speci- 
mens with basal plane inclined about 45 degrees to the compression 
surfaces. Cracks at the edges of the specimen were rounded off down 
to their base and grindings again proceeded on the relevant surfaces 
When the grinding proved to be too vigorous for a particular case, 
the specimen was transferred to a finer grade of polishing paper. This 
tedious process was continued until a geometrically perfect specimen 
was obtained. 

Specimens were polished on 240, 400, 600 papers, followed by a 
deep etching with Tucker’s reagent to check the possible presence of 
grain boundaries on any of the six surfaces. After a repolishing of 
the specimens on 600 paper they were then annealed at 1000°C 
(1830°F) for 1 hour in vacuum. The annealing treatment eliminated 
surface twins and insured a comparable initial condition for all the 
testing specimens. 


} 


After annealing, all 6 surfaces of each specimen were given a 
final metallographic polish. The 4 vertical ones were prepared for 
subsequent microscopic examination and the two compression sur- 
faces were polished to insure smoothness and minimize friction. 

The dimensions of all specimens are given in Table I. Specimens 
numbered less than 100 were obtained from one ingot. Those num- 
bered higher than 100 were obtained from a second ingot. 
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Table I 
Testing Conditions of Specimens 
cimen Temper- 6(1) (2) % Red. Initial Dimensions (in.) 
lumber ature (°C) Thickness Area 
Le 2 25 4 86, 87, 89 0 0.1138 0.2895 X0.2875 
ea 4 25 1 89, 89, 89 Fract. 0.1751 0.3355 K0.3358 
é 5 25 1 89, 89, 89 Fract. 0.1431 0.3055 X0.3048 
1 300 2 88, 89, 90 Fract. 0.1718 0.3239 X0.3231 
2A 500 4 86, 87, 89 Fract. 0.1100 0.2865 X0.2828 
Be- 9 25 49.5 42, 64, 73 12.70 0.1650 0.3291 X0.3212 
Be- 11 25 50 40, 63, 73 3.62 0.1079 0.3104 K0.3136 
Be-109 25 38 53, 62, 66 2.37 0.1604 0.4051 0.4030 
Be-113 25 57 SS, Dz, #4 2.35 0.1403 0.4152 K0.4286 
Be-141 25 43 47, 70, 71 3.60 0.2674 ).5020 K0.5110 
Be-153 25 38 52, 67, 77 6.10 0.1067 0.2943 0.2944 
Be- 12 300 49 42, 62, 74 5.50 0.1180 0.3193 X0.3180 
Be-110 300 40 52, 64, 79 3.30 0.1299 0.3219 X0.3220 
Be-120 300 44 46, 65, 7 4.95 0.1931 0.5295 X0.5290 
Be-142 300 45 45, 69, 70 2.75 0.2831 0.4341 K0.4342 
Be-146 300 47 43, 68, 70 5.07 0.2851 0.3538 X0.3515 v 
Be-147 300 44 51, 55, 87 4.80 0.2206 0.4265 «0.4247 
Be-121 500 45 45, 64,7 1.60 0.1908 0.5370 X0.5391 
Be-143 500 44 46, 70, 70 4.70 0.2390 0.4037 «0.4108 
Be-144 500 44 46, 68, 71 1.40 0.3053 0.4476 X0.4717 
Be-145 500 45 45, 68, 70 2.11 0.2753 0.4220 *0.4312 
Be-149 25 22 69, 73, 86 20.30 0.1677 0.3960 K0.3945 
Be-159 5 23 67, 72, 88 10.50 0.1570 0.2920 0.3131 
Be- 14 300 18 74, 75, 88 1.20 0.1828 0.3720 *0.3705 
Be-148 500 24 68, 70, 88 1.08 0.1950 0.3966 *0.3972 
Be 3 25 82 8, 60, 62 10.90 0.1503 0.2871 X0.2867 
Be 6 25 83 6, 60, 60 3.86 0.1631 0.3419 *0.3424 
Be- 7 25 88 20, 40, 80 1.04 0.1541 0.2498 0.2505 
Be- 22 300 88 10, 50, 70 1.80 0.0890 0.2845 X0.2856 
Be-151 300 7 5. 57, 63 2.66 0.1615 0.3188 K0.3190 
Be-150 500 88 4, 57, 63 2.74 0.2189 0.4241 0.4182 
fe- 8 25 65 33, 50, 77 2.10 0.1342 0.2953 X0.2988 
Be-155 25 66 37, 38, 89 8.30 0.1085 0.3978 X0.3966 
Be-157 25 65 35, 41, 86 8.27 0.1016 0.3821 0.3850 
3e-101 300 65 30, 48, 79 4.71 0.1485 0.3315 X0.3320 
Be-117 300 72 20, 59, 65 0.31 0.1598 0.3790 X0.3770 
3e-118 300 70 20, 61, 63 0.95 0.1770 0.3871 X0.3888 
3e-152 300 66 25, 60, 65 3.50 0.2392 0.3605 X0.3644 
se-156 500 66.5 35, 40, 88 10.60 0.1190 0.2728 X0.2605 


1) Angle between compression axis and pole of basal plane. 
2) Angles between compression axis and the three close packed directions in (0001). 


Compression Procedure 


The compression unit consisted of a cylindrical hardened steel 
plunger, an anvil and a container. One end of the plunger was 
machined to a half sphere to match the depression on a compression 
plate which was firmly bolted to the cross-head of a Southwark- 
Emery hydraulic machine. The other end was highly polished and 
faced parallelly the similarly polished surface of the anvil. Compres- 
sions were carried out in a series of steps with frequent lubrication. 
or the runs at temperatures above atmospheric, the compression 
unit was put in a nichrome wound furnace with a controller to main- 
tain the desired temperature. 

Tests were carried at three temperatures: 25, 300, and 500°C. 
At both room temp. and 300°C, Silicone DC 200 oil was used for 
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lubrication; and at 500°C Houghton’s Mar-Temp salt was 
These served the double purpose of lubricating the compressio: 
faces and protecting the specimens from being exposed to ai: 
compression unit was first brought up to temperature and ¢| 
specimen was then put in. Owing to the extremely small mass of 
specimen as compared to that of the compression unit, temper: 
equilibrium was reached very rapidly. 

Strain was measured by a microformer type extensomet« 
tached across the stationary and movable posts of the tes 
machine. A lever combination connected to the plunger of the mi 
former enabled several different magnifications of the head mo 
ment. Throughout the test a constant rate of head movement of 
0.002 inch per minute was maintained. 

Both strain and load were recorded autographically. Prioi 
each test a blank run was made so that the deformation of 
equipment might be evaluated. 

Orientation of specimens was determined by the conventional! 
Laue back-reflection method. To correlate the microscopic examina 
tion with the X-ray pattern, a special goniometer was constructed 
Angular directions of the slip and twin traces as measured unde 
microscope on each vertical surface were always plotted stereo 
graphically to the same reference plane of the original X-ray pattern 


RESULTS AND DISCUSSION 


Original orientations of the 39 specimens studied are shown in 
lig. 1. The conventional method of orientation notation is adhered 
to; that is, the pole of the basal plane (0001) has been rotated to th 
center of the primitive circle, and the position of the compression 
axis of each specimen is represented by a cross in the basic triangle 
formed by the poles of three planes (0001), (1010), and (1120). The 
three triangles show the three groups of specimens compressed at 
25, 300, and 500°C respectively. 

A complete tabulated summary of the experimental conditions 
in these tests is given in Table I. The angles fixing the position of the 
compression axis are given as @ and X, where @ is the angle between 
the compression axis and the pole of the basal plane, and \ the angles 
between the three poles of {1120} planes and that of the compression 
surface. 

Results of the investigation may be divided into the following 
groups according to the initial orientation of the specimens: 


A. ORIENTATIONS WITH BASAL PLANE NEARLY 
PARALLEL TO THE COMPRESSION SURFACE 


This group of specimens included Be-4, Be-5, Be-1, and Be-2, all 
possessing a 6 value smaller than 5 degrees. The first two were com- 
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Fig. 1—Orientation of Specimens Prior to Test 


pressed at room temperature, and the last two, Be-1 and Be-2, were 
tested at 300 and 500°C respectively. 

The room temperature specimens behaved almost completely 
elastically. Loading was accomplished in three steps: 2790 lbs. 
23,600 Ibs., and 26,500 lbs. Measurements after the first and second 
compressions did not reveal any change of dimensions from the orig- 
inal. No slip lines or twin traces were observed. The autographic 
curve was straight without any bend-point or change of slope prior to 
fracture. Fracture of the room temperature specimens occurred in 
such a way that the original specimens suddenly were pulverized into 
numerous fine particles. In both cases, fracture occurred at a stress 
of 285,000 psi. 

Two of the small pieces were large enough to show that the 
main fracture had been along a plane 45 degrees to the compression 
surface. X-ray and microscopic examinations established that the 


| 


basal plane and all three sets of {1120} planes also acted as cleavage 
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Fig. 2—Laue Pattern of Be-5 Before Compression, 


_ Fig. 3—Laue Pattern of Be-5 After Compression Taken Perpendicular to an (0001 
Cleavage Face. 
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Table Il 
Fracture Data of Beryllium Compressed Perpendicularly to Basal Plane 


Energy Prior to 


Specimen Fracture Stress Fracture 
Number 6 Temperature Ibs./in.2) in-lbs./cu. in 
Be-4 is 2eU 285,000 39,900 
Be-5 1 25°C 285,000 38,800 
Be-1 Zz 300°C 215,000 18,000 
Be-2A 4° 500°C 227,000 29,900 


planes. The orientation of the crystal apparently was in such an 
unfavorable position for either slip or twinning, that only elastic de- 
formation was allowed. Gradually the elastic energy stored in the 
specimen built up until it reached the limit that could be sustained 
by the lattice, followed by fracture. The availability of four cleavage 
planes made it possible for the specimen to break into many fine 
pieces. 

X-ray patterns (Figs. 2 and 3) show the difference between the 
original and the fractured states. One interesting aspect was that 
asterism only developed along two of the three (1120) zones.. No 
single rotation or bending axis could account for such an effect. A 
distortion like this could very well be introduced by the {1120} 
cleavages. The broken concentric rings in Fig. 3 were identified as 
the {1014} reflections from the small twins. 

Specimens compressed at higher temperatures behaved simi- 
larly, except that the final breakages did not result in such small 
pieces. Also, at 500°C (930°F) the autographic curve indicated a 
levelling off just before fracture was reached. 

The fracture stress and energy stored prior to fracture for Be-1 
and Be-2 are also given in Table II. Increase in these values at 
500°C (930°F) as compared to those at 300°C (570°F) may be 
ascribed to the increased strain and resultant hardening of Be at 
500°C (930°F). 


B. ORIENTATIONS WITH BASAL PLANE AT 45 DEGREES 


This group included 16 specimens with @ values ranging from 
38 to 57 degrees, although the majority of them had the basal plane 
inclined to the compression surface only +2 from 45 degrees. De- 
formation of these specimens was predominantly by basal slip with 
one of the <1120> axes as the direction of the glide. 

The (0001) slip lines were straight when no deformation bands 
were present, and when they were away from inclusions. A typical 
state is represented by Fig. 4. At some locations in a later stage of 
deformation, the slip lines often formed as clusters which would 
produce an abrupt off-set at the free surface of the specimen and a 
basal fracture would thus be initiated. This situation is shown by 
Figs. 5 and 6. 
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Fig. 4— Basal Slip Lines on Be-11 Strained at 25°C; (0001) 50 Degrees from Stress Axis 
< 200 

Fig. 5—Cluster of Basal Slip Lines on Be-9, Strained at 25°C; (0001) 50 Degrees fro 
Stress Axis. X 300 


When the slip lines approached a surface, Fig. 7, they were bent 
in such a way as to be as nearly perpendicular to the surface as pos 
sible. This often caused some tear-lines near the compression surface. 
Furthermore, owing to the extra energy required to break through a 
solid surface, the slip lines frequently stopped before they could 
penetrate through. The strain hardening near the surface due to 
lattice bending tended to make the density of slip lines decrease as 
they were approaching the end. 

Deformation bands appeared in many of the specimens. The 
bands invariably were parallel to the plane of restriction, i.e., the 
compression surface. 

Basal Slip, Room Temperature vs. High Temperature—An im- 
portant difference seemed apparent between 500°C (930°F) speci- 
mens and those tested at room temperature and 300°C (570°F). 
Crystals compressed at the latter two temperatures did not reveal an 
appreciable change of slip line spacing, although the 300°C (570°F 
specimens did infrequently show a tendency for branching of slip 
lines. However, the 500°C (930°F) specimens exhibited an obvious 
increase of slip line spacing as compared to both room temperature 
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Fig. 6—Crack at Terminus of Cluster of Slip Lines of Be-9 at Side Surface. « 200 


Fig. 7— Basal Slip Lines on Be-11 at Compression Surface (Top). Crystal strained at 
25°C... X 200 


and 300°C (570°F). A comparison of Fig. 4 and 9 clearly demon- 
strates this point. Both specimens, in this case, had nearly the same 
orientation and amount of reduction. Basal slip lines at 500°C 
930°F) were also wavy and often branched in various directions to 
form an intricate network. 

Evidence seemed to indicate that upon deformation at 500°C 
(930°F), the crystal became considerably more imperfect. Laue 
photograms, e.g., Fig. 10, showed differences of mosaic orientations 
often amounting to over 2 degrees. This was in contrast with the 
X-ray pattern obtained from specimens after being compressed at 
room temperature and 300°C (570°C) for a comparable amount of 
reduction, Fig. 11. This increased imperfectness seemed to appre- 
ciably strengthen the crystal at 500°C (930°F) and to account for 
the waviness and branching of the slip lines. The same change was 
also manifest in the autographic load-reduction curves obtained at 
different temperatures. While curves at both room temperature and 
300°C (570°F) generally possessed a sharp bend-point, the 500°C 
930°F) curves always had only a gradual bend and this occurred at 
a higher resolved shear stress. 











1012 TRANSACTIONS OF THE ASM 


é 3 v 


* 





4 ; ' ™ — . 
~ an \ 

. +% ‘| . 
P A - 
8 at a’ Q 

Fig. 8—Displacement of Scratches by Basal Slip in Crystal Be-9, Deformed at 25 
< 2000 

Fig. 9—Slip Lines on Crystal Be-145 Deformed at 500°C. K 200 
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Critical Resolved Shear Stress—By utilizing the bend-point of 
the autographic curves, an attempt was made to determine the 
critical resolved shear stress of beryllium at the three temperatures 
studied. Table III summarizes the results. 

It is seen that within the limit of accuracy (a 2-degree difference of 
both 6 and \ would throw the value off 10%) the critical resolved 
shear stress of beryllium at 300°C (570°F) as determined was 
practically the same as that at room temperature. Values at 500°C 


Table III 





Specimen Temperature,°C a) d(2) Te) psi 
Be- 9 25 49.5° 41.5° 4420 
Be- 8 25 65° a5" 4120 
Be- 11 25 50° 41° 4980 Ave. =4600 
Be-141 25 43° 47° 4180 
Be-153 25 38° 52° 5320 
Be-142 300 45° 45° 3910 
Be-147 300 44° Sr° 4370 Ave. =4060 
Be-146 300 47° 43° 3910 
Be-143 500 44° 46° 6630 
Be-144 500 44° 46° 6220 Ave. =6460 
Be-145 500 45° 45° 6530 


() Angle between compression axis and basal plane. 
(2) Angle between compression axis and active slip direction. 
(3) Resolved shear stress at initial yielding of crystal. 
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Fig. 10—Laue Photogram of Crystal Be-145 After Deformation at 500°C; 
Mosaic Structure Developed Upon Deformation. 





Fig. 11—Laue Photogram of Crystal Be-141, of Same Orientation and 
Equivalent Deformation as Above but Strained at 25°C. 
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(930°F) were considerably higher. This abnormal condition has 
observed by Miller and Milligan (22) in single crystals of silve: 
aluminum, and was believed to be caused by the increase of t| 
ness of oxide film with increasing temperature (23). It is quite | 
able that in the present case of beryllium, the presence of oxide 
might also account partly for the increase of critical reso 
shear stress at 500°C (930°F). However, it is believed that 
rather drastic difference in slip behavior as shown in the last se 
would constitute a more important factor in contributing to s 
increase. In view of these two factors, it is doubtful that the va! 
given in Table III for 500°C (930°F) could be regarded as the “‘tri 
critical resolved shear stress for beryllium, although the thre 
specimens tested at this temperature appeared to be in a seemin; 
comparable state at the moment when the bend point occurred. 

Rotation of Slip Plane—Owing to the restriction of the t 
compression surfaces, the lattice of the crystal was forced to gra 
ually rotate in such a way that the slip plane would approach pa: 
lelism to the compression surface. 

The familiar sine law takes either of the following forms: 


CS 


1, sin x, 1, SIN Xo 


== x = Equation 1 
1, sinaA, 1 


“sin x1 


where lo and 1; are the initial and final thicknesses, yo and x; ar 
the initial and final angles between the slip plane and compression 
axis and «x and \; the equivalent angles between the slip direction 
and compression axis. 

X-ray patterns of Be-9 before and after a 12.7% reduction gav 
experimental A; and x; as 50 and 49 degrees respectively. By using 
the above equations, the corresponding calculated values were 
49°21’ and 48°2’. The agreement indicates that the geometrical 
dimensions of the specimens in the present studies were satisfactory 

Analyses of the asterism of the specimens after basal slip also 
established <1010> as the rotational axis. This is the direction in 
the slip plane and perpendicular to the slip direction as had been 
observed by many workers on other close-packed hexagonal metals 

Overall versus Local Shear Strain— Both the autographic curves 
and micrometer measurements give only an overall reduction of 
thickness, which in turn yielded an average value of resolved shea 
strain along the slip plane. 

The relationship between the crystallographic glide strain, a, the 
initial and the final orientations and the initial and final thick 
nesses of the specimen after a certain amount of reduction, is pre 
sented by the following equation, adapted from Schmid and Boas 
(21) to the present case of compression: 


a = —=—— (cos A. — +d? — sin? A,) == cos \,.—d cos A;) Equation 2 
+= sin Xo (co v . ) sin — 1) 1 
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here xo =angle between slip plane and compression axis before reduction. 
\, =angle between slip direction and compression axis before and after 
luction. 


a ratio of reduced thickness to the initial. 

Applying this expression to Be-9 after a 12.7% 
d=0.873, xo=40.5°, Ayo = 41.5°, A, = 49.59), 
was found to be 0.28. 

An attempt was made to compare the local shear strains with 
this theoretical value. The scratches shown in Figs. 5 and 8 were 
used for this purpose. It is seen that an originally straight and con- 
tinuous scratch was broken into steps after deformation. By measur- 
ing the displacements of the steps and the distance within which the 
displacements occurred, a value of shear strain can be calculated 
when other pertinent information was known. For specimen Be-9 
and the particular plane of observation of Figs. 5 and 8, the crystal- 
lographic glide strain calculated within a long range is 0.27, which 
is practically the same as obtained theoretically from Equation 2. 
However, in more confined localities, the value varies from 0.14 to 
(.96. The latter value, more than three times higher than the aver- 
age, is obtained within the cluster shown in Fig. 5. 


reduction 
the plastic shear strain 


C, ORIENTATIONS WITH BASAL PLANE AT APPROXIMATELY 25° 

Four specimens, Be-149 (22°), Be-159 (23°), Be-14 (18°), and 
Be-148 (24°) were included in this group. The plastic behavior of 
these specimens may be described as intermediate between the two 
groups just discussed. No sharp bend point could be detected in the 
autographic load-reduction curves at any of the temperatures, al- 
though slip lines were observed in every case. At room temperature 
and 300°C (570°F) the lines were straight, while at 500°C (930°F) 
they were forked and wavy, and comparatively much more widely, 
spaced. 

Deformation of these specimens seemed to be confined to the 
regions near to the compression surface. In all cases, there was a di- 
agonal macroscopic band present in the central portion of the speci- 
men faces, see Fig. 12. 

Formation of these bands seemed to indicate that the length of 
the glide direction played an important part during slip. The orien- 
tation of this group of specimens was such that a single basal plane 
ran from one specimen edge to another edge diagonally opposite to 
it, and the projection of the glide direction to the compression plane 
was approximately parallel to the other set of edges of the com- 
pression surface. As a consequence, there was a gradual difference of 
length of slip direction from one slip plane to the next. For example, 
plane A’ B’ C’ D’ in Fig. 12 obviously possesses a much shorter 
length of slip direction than the plane A B C D does. Slip would thus 
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likely prefer those planes near the corners first and then shift 
gradually inward as the previous planes strain-hardened and cease 
to operate further. The cumulative effect of the gradual transfer of 
slip planes in operation consequently resulted in the split of the two 
halves of the crystal and a band at the central portion was thus pro 
duced. This cumulative effect is believed also to account for the ab 
sence of bend-points in the autographic load-reduction curves. In 
view of the absence of a sharp boundary and also the absence of a 
sudden drop of load, the bands in the present case were not con 
sidered to be kink bands. 


[D. ORIENTATIONS WITH BASAL PLANE CLOSELY PARALLEL TO 
THE COMPRESSION AXIS 

The study of this orientation included six specimens whose @ 
values ranged from 82 to 88 degrees. Deformation of these speci- 
mens was predominantly by twinning. Two sets of branching and 
wavy slip lines were also abundant at all temperatures, particularl 

at 500°C (930°F). They were identified as {1010} prismatic slip. 
The {1010} slip lines were in most cases so wavy as to make it 
difficult to get any consistent angular measurements, (see Fig. 18). 
Nevertheless, their general direction invariably came close to a 
{1010} plane when plotted stereographically. In some areas the 
lines were fairly straight, Fig. 13, and measurements of angles from 
more than one face established their crystallographic habit with 
certainty. Quite frequently the {1010} slip lines passed through the 
twins with a slight bend.. This was because the basal plane of the 
twins, determined by the orientation relationship of twinning, was 
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Fig. 13—(1010) Slip Lines in Crystal Be-151, Compressed Parallel to (0001) Plane at 
300°C. « 200. 


Fig. 14—A Zone of Be-6 Showing Only (1012) Twins. After compression parallel to 
(0001) plane at 25°C. 100. 

not more than 8 degrees from the corresponding {1010} planes of the 

matrix. 

Twins were very abundant in this group of specimens. They ap- 
peared as minute diamond shaped islands, lenses, thin lamellae, or 
heavy bands running across the entire crystal, Fig. 14. Angular 
measurements have been made in every case, and no twinning plane 
other than {1012} was ever observed. 

Load reduction curves of these specimens bore no sharp bend- 
point at room temperature and 300°C (570°F). No distinct twinning 
clicks were heard. However, at 500°C (930°F) the curves showed 
abrupt drops, Fig. 15, and the twinning clicks were so loud as to be 
easily mistaken as fracturing. It is believed that the decrease of sur- 
face energy at this temperature permitted the twins to penetrate 
through to the specimen surface with comparatively greater ease. 
At room temperature and 300°C (570°F) the twins were frequently 
restricted within the body of the specimen, and distortion of the 
lattice was gradually built up at the ends of the twins. This would 
prevent an effective relaxation of load. While the number of twins at 
500°C (930°F) did not show any increase—in fact, it appeared to 
be even less for the same reduction—the twins themselves always 
appeared as continuous heavy bands at this temperature. Owing to 
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Fig. 15—Load— Deformation Graph for Crys 
tal Be-156, Compressive Stress Axis 66 Degrees 
from (0001) Pole; Deformed at 500°C 





the large offset associated with them, these twins could be readil 
seen without resorting to the use of polarized light. 

Aside from the microscopic measurements of the angular rela 
tionship of the twin bands, X-rays were also used to identify the 
crystallographic behavior of the twins. By assuming {1012} as the 
twinning planes and <1011> the twinning direction, the six new 
positions of (0001) poles after twinning could be located stereograph 
ically as indicated. The X-ray beam was then directed in such a wa\ 
that it was approximately perpendicular to one of the new (0001 
planes, i.e., (0001),;. The Laue pattern thus obtained disclosed a 
distinct 6-fold symmetry, indicating that the assumption was valid 

Selection of Twinning Planes—Compression tests of specimens 
where twinning had been the significant deformation process also 
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Fig. 16—Position of Compression Axis Governing Extension or 
Contraction ot Crystal 
A—1, 2, 3, 4,5, 6, Extension; B—3, 4, 5, 6, Extension; 1, 2, Contraction; 
C—5, 6, Extension; 1, 2, 3, 4, Contraction; D—1, 2, 3, 4, 5, 6, Con- 
traction 


furnished some interesting observations relative to the selection of 
twinning planes. The basic problem is to determine which of the 
various twinning planes should be operative and what is the factor 
governing this selection. 

Tentative answers to this question have been provided by a 
number of workers. Gough (25) in 1933 observed that twinning in 
zinc crystals took place on the two pairs of planes that did not con- 
tain the direction of slip. Andrade and Hutchings (26) in 1935 stated, 
for the twinning of mercury, ‘““The operative planes are those for 
which the intersection with the glide plane makes an angle as near 90 
degrees as is geometrically possible with the glide direction.”’ 
Bakarian and Mathewson (27) modified this statement for mag- 
nesium as follows: “The operative pair of planes is the pair for 
which the intersections with the slip plane makes an angle as near 
90 degrees as is geometrically possible with the projection of the 
compression axis in the same plane.” 

These statements describe a geometrical factor which governs 
the selection of twinning planes. All of the three rules require that 
the twinning planes should operate in pairs. Results of the present 
investigation found all the rules satisfactory. 
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Specimen Edge 


Fig. 17—Orientation of Be-7, Deformed at 25°C. I, II, III, IV, V, VI {1012} Poles 


However, a more fundamental approach may be provided b: 
simply extending the LeChatelier’s principle to this particula: 
problem of twinning, viz—that phenomenon will occur which most 
reduces the energy (elastic) of the system. Depending upon the 
orientation of the crystal in relation to the axis of loading, twinning 
on some of the {1012} planes will lead to an extension of the speci- 
men, while the others will lead to a reduction of specimen length 
The diagram in Fig. 16 shows this relationship as adapted from 
Schmid (21) to the present case of beryllium. Location of the stress 
axis in one or another of the triangles A, B, C or D, determines 
which of the six {1012} planes may lead to extension or contraction 
as noted in the caption. By following LeChatelier’s principle, it is 
natural that in the case of compression, those planes which could 
lead to the reduction of specimen thickness should be the active 
ones and those which lead to an extension should not. 

Quantitatively, when the orientation of the crystal is known, 
the amount of reduction of thickness of the specimen as any one of 
the six {1012} planes functions can be calculated by the aid of the 
following equation (21): 
oe /1+2S Sin x* cos d* S? Sin x* Equation 4 
Where, 1., 11; being the initial and final thicknesses; 

x* =the angle between compression axis and the twinning plane; 
\* =the angle between compression axis and the twinning direction. 
and s, the twinning shear. 
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sy comparing the calculated values of percent reduction for all six 
1012} planes, it is possible to find which of them offers the most 
effective contraction and consequently, the particular planes most 
ikely to be active could be predicted. 

This rule has been put to test for all the beryllium specimens 
with profuse twinning, and found to be satisfactory in every case. 
Space does not allow the inclusion of all the data. The result from 
Be-7 may serve to illustrate the observations. 

The orientation of Be-7 (Fig. 17) was such that all six {1012} 
planes would lead to contraction. However, the amount of reduction 
was different for different planes as shown in Table IV. 


Table IV 
Reduction of Thickness from Twinning on Each of the (1012) planes, Be-7 


cos 0’ cos r? 


1012} x* * 11/lo “ Reduction cos 8’ cos \’ cos 6 cos X 
I 44° 46° 0.916 8.4 0.173 5.28 
II 40° 41° 0.916 8.4 0.187 5.70 
III a7" 63° 0.962 3.8 0.493 15.00 
IV 24° 61° 0.965 3.5 0.482 14.70 
V 45° 76° 0.987 1.3 0.321 9.80 
VI 12° 74° 0.987 1.3 0.321 9.80 


(S =0.186 for Be) 


Planes I and II offered the greatest reduction, 8.4%; as compared 
to 3.8, 3.5 and 1.3% for the others. As a result, twinning should be 
expected to operate on these two planes in preference to the rest. 
Subsequent microscopic and stereographic analysis verified this ex- 
pectation. At a reduction of 1.04%, twins were found only along 
these two planes. It is interesting to note, as the last two columns of 
Table IV indicate, that the ratio cos 6’ cos \’/ cos 8 cos X was by no 
means a deciding factor in the selection of twinning planes. Planes 
II] and IV, though having a ratio as high as 15 in comparison with 
5-6 of I and II, did not operate. In other words, the selection of 
twinning planes was not governed by the relative effectiveness for 
subsequent basal slip within the twins. 

A quantitative study to determine how the amount of reduc- 
tion introduced by each twinning plane would affect the thickness 
and degree of abundance of the twins has been inconclusive. There 
seemed no such dependence. Also, inconclusive results seemed to 
indicate there was no shift to new sets of twinning planes upon 
further deformation. 


E. ORIENTATIONS WITH @ AROUND 65° 


This group consisted eight specimens with @ vaiues ranging be- 
tween 65 and 72 degrees. Their plastic behavior was somewhat simi- 
lar to the group of specimens with the basal plane nearly perpendic- 
ular to the compression surface. The differences were, (a) for this 
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Fig. 18 1010) Slip Lines in Crystal Be-152, Deformed at 300°C. «100 
Fig. 19—Kink Band, Basal Slip Lines (Fine, Straight) and (1010) Slip Lines in Crysta 
Be-152, Deformed at 300°C. «150 


group of specimens, basal slip was more prevalent, (b) {1012 
twinning was less pronounced, as compared to the preceding group. 

The presence of all the features in more or less equal prevalence 
made the appearance of the deformed surface very complex. De 
formation was by no means homogeneous and no sharp bend points 
occurred with the load-reduction curves. The {1010} slip lines in 
these specimens remained wavy, especially near the specimen o1 
twin surfaces and were complicated frequently by the formation of 
tear lines associated with the emergence of twins, Fig. 18. Basal 
slip was no longer confined merely to the regions near the compres- 
sion surface. 

Fig. 19 shows an interesting kink band where the sharp bound 
ary is Clearly seen. Basal slip lines changed direction and were sym- 
metrically oriented across the boundary. A difference in density of 
slip lines is also apparent on the two sides, the less dense halve being 
the one adjacent to the compression surface. The specimen of this 
micrograph, Be-152, had a large thickness. Friction of the com 
pression surface and the tendency for bending were increased. The 
kink band formed under this favorable circumstance. 
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Fig. 20— Macrograph of Crystal Be-NT2, Deformed Until a Crack 
Formed. Note crack changing path to follow a twin boundary. «10 


Ik, CLEAVAGE AND BRITTLENESS OF BERYLLIUM 

In all the groups of specimens considered above, cracks occa- 
sionally appeared. They were generally short in length and num- 
bered not more than four or five in an entire specimen. Examination 
of the direction of the cracks disclosed they were either along the 
basal plane or {1120}; planes. Close examination of the fractures re- 
vealed that the basal cleavage was always flat while the {1120} 
cleavages were curved. 

The area surrounding a crack in another specimen is shown in 
Fig. 20. A Laue pattern obtained by directing the X-ray beam upon 
the crack showed the separation of spots, Fig. 21, and the line of 
separation followed the hyperbola of one of the <1120> zones. It 
may also be pointed out that, as shown in Fig. 20, the cracks seemed 
to follow closely the twin boundaries as did the edges produced by 
chipping. This appears to be an indication that the {1120} cleavages 
might be initiated by the presence of the weakness of twin surfaces. 
It should be noted that the twinning direction in (1012), i.e. [1011], 
is also shared by (1210), and the two planes, (1012) and (1210), 
are perpendicular to each other. Thus a twin along (1012) would 
transmit its maximum strain on the plane (1210), creating localities 
of high stress concentration. 

The brittleness of beryllium has long been an interesting sub- 
ject. Sloman (1) attributed it to the presence of oxide films. Gold 
(15) observed fine particles in the slip bands of beryllium when 
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Fig. 21—Laue Taken with Beam Directed at Crack of Specimen in Fig. 20 
Crack caused separation of spots and the line of separation of spots follows a 
1120) zone. 


examining a cleaved surface of a single crystal. The nature of the 
particles was not identified but they were conceived to be the BeO 
phase as proposed by Sloman. The present investigation offers no 
affirmation or disproof of this concept. However, examinations of 
the compressed specimens and also specimens such as Be-NT2 
(Fig. 21) appeared to afford some additional causes for the brittk 
behavior of beryllium. The availability of many cleavage planes, 
the aid to fracture offered by twinning and the inclusions all seem 
to be acting in concerted moves to contribute to the brittleness of 
beryllium. 


SUMMARY OF RESULTS OF EXPERIMENTAL WORK 

1. Beryllium single crystals with a square cross section were 
studied under compression. The results indicate that slip on the 
basal plane and {1010} planes in the original material, twinning on 
the {1012} planes, slip on the basal plane of twinned regions, and 
cleavages along (0001) and {1120} planes were the only mechanisms 
operating at room temperature, 300, and 500°C (570 and 930°F). 
The relative prevalence of these several mechanisms has been classi- 
fied into five groups of orientation. 
2. Secondary deformation features such as deformation bands 
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and kink bands were also observed when the strain was inhomo- 
ceneous. A peculiar type of band resulting from the change of length 
of slip direction from plane to plane was found in some specimens 
with particular orientations. 

3. The critical resolved shear stress for basal slip of beryllium 
has been determined at 25, 300, and 500°C (77, 570, 930°F). 

4. Basal slip lines generally were found to be straight at room 
temperature and 300°C (570°F). {1010} slip lines always appeared 
wavy and forked at all temperatures. 

5. By measuring the displacement of scratches, local shear 
strains have been calculated and compared to the average. 

6. Stored elastic energy prior to fracture for several specimens 
which suffered little deformation before breakage has been calcu- 
lated. 

7. As an application of LeChatelier’s principle, a selection rule 
voverning the selection of {1012} planes for twinning has been 
given. The rule was found to hold for beryllium crystals under 
compression. 


PART II—ANALYsIs OF ATOMIC MOVEMENTS IN 
MECHANICAL TWINNING OF METALS AND EVOLUTION OF 
FACTORS AFFECTING TWINNING 
A. Twinning of HCP Metals 

Twinning is generally described as a process of homogeneous 
shear, where all atoms involved translate in a common plane and a 
common direction. The displacement of a particular layer of atoms 
is proportional to its distance from the twinning plane. However, 
this simple picture is believed only exactly applicable to the cubic 
structures. As pointed out by Mathewson in 1928 (29), for hep 
metals only one fourth of the atoms follow the restrictions of a 
homogeneous shear whereas the rest move irregularly. 

1948 Barrett (30) deduced the movements of the atoms during 
twinning in HCP metals. Four possibilities were suggested. It was 
pointed out that the postulated atomic movements differed mark- 
edly from the ones in cubic structures. Barrett also suggested that 
the difference ‘‘seemed to account for the fact that hexagonal 
metals form obvious deformation twins while FCC metals do not.”’ 

In general, previous work has led to the conclusion that the 
mechanism of twinning of HCP metals is quite different from that 
of cubic structures. However, since twinning is a fundamental 
mechanism of plastic deformation, it is not too unreasonable to 
think that this mechanism should not change basically with change 
of the crystal lattice. Twinning systems of HCP metals have often 
been described by the use of two undistorted planes (21). This 
picture of two undistorted planes is derived from the assumption 
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Fig. 22 Lett) A HCP Unit Cell 


Fig. 23 Right) Projection of the Unit Cell on (1210) 


of homogeneous shear. With this picture it is possible to calculat 
the amount of shear and the change of thickness of specimen as 
related to twinning. Work by Bakarian and Mathewson (27) on 
magnesium showed clearly that the calculations by the aid of 
Schmid’s formulas derived from the assumption of homogeneous 
shear agreed very well with experimental results. Part I of th 
present investigation has also offered such agreement in the casi 
of beryllium. 

These thoughts lead to the suggestion that the twinning mech 
anism of HCP metals may very well be similar to a homogeneous 
shear even if it is not exactly so. If this is true, it may be said that 
the twinning mechanism of HCP metals is not too different from 
that of cubic metals. 

For most HCP metals, twinning occurs on the {1012} planes 
Fig. 22 shows a unit cell of HCP structure; the (1012) plane is 
shown as marked. In order to show correctly the atomic movements 
with respect to the twinning plane, the arrangement of the atoms 
in a (1210) plane which is perpendicular to the twinning plane and 
contains the twinning direction (shearing direction) has to be 
examined. Fig. 23 shows such a plane, the open and solid circles 
represent two different layers of atoms, a/2 apart. The (1012 
plane is here shown perpendicular to the paper. The intersection of 
(1012) and (1210) is [1011] which is the twinning direction. 

Fig. 24 is a repetition of the unit cells as projected on the 
(1210) plane. Open and solid circles represent two layers of atoms 
in the matrix. Open and solid half circles represent atoms of the 
corresponding layers in the twin. 

During the process of twinning, atoms represented by open 
circles move to the sites of open half circles, and solid circles move to 
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Fig. 24—Atomic Movements in Twinning of HCP Metals 


solid half circles. It will be noted, in doing so, the atoms in two original 


11010} planes of /3a/6 apart merge into a single plane of (0001) 
of the twin. The angle between the basal plane of the matrix and 
that of the twin is 26, where @ is the angle between (0001) and the 
twinning plane (1012). 

Examination of the atoms close to the twinning plane shows 
that their movements are truly complex. However, when planes 
farther away from the twin boundary are examined, it will be found 
the vectors of the atomic movements gradually rotate counter 
clockwise, towards parallelism of the (1012) plane. The farther the 
atoms are from the twin boundary, the closer their: movements 
approach to parallel to the twinning plane and direction. 

It is possible to select a pair of axes and assign coordinates 
to positions of all atoms, before and after twinning, in terms of 
functions of the lattice parameters a and c. From the initial co- 
ordinates of an atom and the final coordinates of the same atom 
ifter twinning, the direction of the movement of this atom in the 
process of twinning, can easily be calculated. 
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Angular Direction of The Atomic Movements. 


Take row A for example, in Fig. 25 with X; and Y; as th 
coordinates. The initial ordinates of the atoms in this row can be 
expressed by a simple function nac, where nq is an integer repre- 
senting the distance of a given atom from the origin in terms of 
interatomic distances along this row. The abcissa is zero. Afte: 
twinning, these atoms assume new coordinates which may be rep- 

n 


n - , 
resented as (> v3a cos20, > V3a sin26) with respect to the same 


axes, where n is the number of atomic distances from the origin 

along the newly formed (0001) plane of the twin, i.e., AA’ in Fig. 25 
The direction of movements of the atoms in row A can, there- 

fore, be formulated as: 

n 


2+/3a sin26—nac 


tan@, = Equation 5 


narv/3a cos@ 
Notice that for row A, n=2n,. Equation (1) can thus be simplified to the 
form: 
tané, = tan26— 
, /3a cos26 
C 


Vv 3a 
/ 2 1 
tané, = tand| ) 


Simplifying further, tan@, = tané 


tan@é = 


This relation shows 6,4 =9; i.e., all the atoms in row A move 
parallel to the twinning plane and twinning direction when the} 
are transferred from matrix to twin positions. 








BERYLLIUM SINGLE CRYSTALS 1029 


When the same procedure is followed for rows B,C, and D, 
is found that the direction of movements of atoms in these three 
vs is not constant. Their movements can be shown as follows: 


; ‘ 3+(c/a)? 
Cotéz = Cotée « 1 — rs = Equation 6 
3(np +1) 13 (C/a)*| 


; ; nc+2/3 
Cotéc = Cotée —— = . ‘i 
(Sa? —C?) Equation 7 
Net 2(3a2 ~ C2) 
‘ ; Np +a?/(3a? —C?) 
Cotép = ( ae C?/3(3a2—C?) Equation 8 
) ™ « a/c — 


In all cases, as np, Nc, Or Np—-~:; Op, Ac, Op 8. This shows 
that the further away the atoms are from the interface, the more 
nearly their movements approach parallelism to the twinning plane 
and direction. By plotting the cotangent of 6g, 6c, and @p against 
Np, Nc, Np correspondingly, for beryllium which has parameters a 

2.2871 A, c=3.5860A, it is found that as either of the three n- 
values reaches 100, the corresponding 4x, 9c, or 9p will be all within 
1 degree of 0. 

In a HCP metal, a twin is generally much more than 100 
atomic layers thick. For this reason, the twinning mechanism of a 
HCP metal, though not exactly a process of homogeneous shear, 
can rather safely be regarded as such in essence. Calculations based 
on this assumption, therefore, agree with experimental results. 
This analysis seems to bring the picture of twinning of HCP 
metals somewhat closer to that of the cubic structures. 

The comparatively high strain of twin boundaries of HCP 
metals and the large number of atoms required to move approxi- 
mately parallel to the twinning plane to offset the irregular move- 
ments of the atoms near the interface, all require the twins to be 
large in size in order to be stable enough to exist. This corresponds 
with the general observations of twinning in hexagonal metals. 

It is not suggested here that the above derived process should 
be considered as the actual mechanism of twinning in HCP metals. 
Rather it merely serves as an explanation of the fact that for 
ordinary purposes, twinning of HCP metals can be treated as a 
homogeneous shearing process. 


B. Factor of Periodicity 


The foregoing analysis deals with only a particular crystal 
structure, where the twinning elements are experimentally deter- 
mined. To further extend the analysis of the problem of twinning 
to other structures, a more general picture may be considered. 

Fig. 26 shows strings of atoms put together in a two dimen- 
sional way. These arrangements of atoms can also be regarded as 
being the cross-sections of a certain crystal lattices. 
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Fig. 26A— Periodicity—1 Crystal Shear—a/d; Slip 
Fig. 26B— Periodicity—2 Crystal Shear—a/d; Slip 
Fig. 26C— Periodicity 3 Crystal Shear—x/d, Twinning 


It is immediately seen that there is no possibility of twinning 
in the first two cases, whereas the third arrangement does offer 
the possibility of twinning, as well as the possibility of slip. This 
situation can be described from several approaches. It could be 
said that the geometry in the first two cases does not allow twinning 
while in the third it does. In this way, one may call it a geometrical 
factor which governs whether slip or twinning should occur in a 
particular system. It could also be said that in the first two cases, 
part of the crystal is already a twin of the rest in that a mirro1 
image is present. In the third case, however, parts of the crystal 
on two sides of the horizontal plane are not mirror images of each 
other. Therefore this plane offers the possibility of being used as a 
twinning plane. From this point of view, a similarity between slip 
and twinning is noticed. Both processes will offer in the end the 
symmetry of twins. The difference is, a slip plane has this property 
of symmetry all the time, before as well as after twinning; and a 
twinning plane has this property of symmetry only after being used 
as such. 


A third way to describe it, is by examining the periodicity of 
the plane in consideration. By periodicity is meant the period 
through which the plane directly repeats itself. To assign a periodic 
itv, one simply draws a line through an atom perpendicular to thi 
plane in question to find out how often this line passes through 
another atom in a similar plane. In the first case, Fig. 26A, obvious!) 
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the periodicity is 1; in the second case, 2; and the third case, 3. 
Only when the periodicity is 3 or larger can twinning occur. Other- 
wise, only slip is possible. In the light of the factor of periodicity, 
slip may be regarded as a special case of twinning where the periodic- 
ity is smaller than 3. Across a slip plane every layer of atoms 
constitutes a twin. Therefore, the two twins will be indistinguishable, 
or perfectly identical; since the atoms at the interface do not 
change their neighbors and no boundary could be detected. It is 
only when the periodicity reaches 3 or larger that a crystallographi- 
cally distinguishable boundary can exist. Thus, twin of a periodicity 
of 1 is a slip; twin of a periodicity of 2 is also a slip; and twin of a 
periodicity of 3 or larger will be a true twin in its conventional 
sense. Very likely, the larger the periodicity of the twin, e.g., 
Fig. 27, the thicker the twin and the more stable the twin boundary 
will be. 

Figs. 28 and 29, show two possible twinning systems for BCC 
metals. The twinning system (112) [111], Fig. 28, possesses a 
periodicity of 3. For such a periodicity, three layers of atoms will 
be enough to create a twin of distinguishable boundaries, although 
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such a twin may properly be called a fault. On every third | 
within the twin, the atoms move a whole interatomic distan¢ 
an integral multiple. A simple equation may describe su 
condition as: 

ka 


tané =- 
pd 


Equatic 


where p is periodicity, k is a constant representing the numbe: 
interatomic distances through which atoms of the pth layer tr: 


> 
. 
* 

\ 


Fig. 28—BCC—{112} <111> Twinning 
System Plane of Projection—{110}; Periodicity 
3; Crystal shear 2/2 


late, a is the interatomic distance in the plane, d is the interplan 
spacing and tané@ is the twinning shear. In this particular case, | 
equals 3 and k equals 1. 

For this type of twinning, which is exactly represented as 
process of homogeneous shear, p and k in this equation must b: 
integers, and k is not always 1. It could be shown, when a particulai 
shear direction is chosen, k and p may be related in such a manne: 
as to give the following ratios: 


k/p=1/3, 2/4, 3/5, 4/6, 5/7, 6/8, 7/9, etc. Equation 10 


For all cases where p>5, the shear direction may be reversed 
so as to give the smaller strain. Thus modified, the above series 
will then take the form: 


k/p=1/3, 2/4, 2/5, 2/6, 2/7, 2/8, 2/9, etc. Equation 11 


Fig. 27 is a hypothetical case illustrating twinning of a periodic 
ity of 7. When the shear direction is chosen as shown in the left 
side of the drawing, the k/p must be 5/7, and the shear, 5a/7d 
This will be the case of Equation 10. The reversed direction, show! 
in the right side of the drawing, will give a k/p of 2/7, and a twinning 
shear of only 2a/7d. This will be the case of Equation 11. Obviousl; 
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the latter direction should be chosen in calculating the twinning 
shear strain. 

It will be noted that the ratios in Equation 11 are not all in 
their simplest forms. The denominators are maintained as the same 
integers as p’s are. While the ratio of 2/4 may as well be written 
as ly, a periodicity of 2 nevertheless, will not produce a twin. Thus 
by maintaining the form 2/4 it will be clear the periodicity must be 
4 in order to produce such a twin, which in its thinnest form has 
only two layers of atoms. 

Generally speaking, the larger the periodicity the thicker will 
be the smallest possible twins. However, a closer examination will 
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Fig. 29—BCC —{111} <112> 

I'winning System Plane of Projection 

(110) Periodicity —3:; Crystal shear 

aw es 
show Equation 11 may be broken into two parts. For all ratios 
where the denominators are odd, the denominators or periodicities 
will represent the number of atomic layers required to form a 
“unit twin.” For all cases where the denominators are even, the 
denominators or periodicities represent the doubles of such layers. 
Also, as seen from Equation 11, the larger the periodicity the 
smaller will be the twinning shear, provided a/d is constant. 
Thus, the thicker a ‘‘unit twin,” the more easily it will be formed. 
For cubic metals the symmetry does not allow high periodicity 
systems. {112} or {111} twinsare all of a periodicity of 3. Twins of 
such systems could occur in very few atomic layers and unless they 
are piled up in the right sequence for a very long range, the twins 
are likely to be so thin as to be hardly noticeable. It seems, as long 
as the twinning satisfies Equation 9, the same thing would prevail 
in all metals. 

The {1012} twinning of HCP metals can not satisfy Equation 
9. In the first place, the (1012) planes are not evenly spaced. In the 
second place, no definite value can be assigned for p in this case. 
It may be noticed from Fig. 24 that when a line is drawn perpendicu- 
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lar to the (1012) plane through an atom no other atoms are 

The periodicity may be said to be infinity. A (1012) twin, there! 
can not exist in only a few layers of atoms, according to Equa 
9. Instead, the movements of the atoms can only be expresse 
Kquations 5,6,7, and 8, as previously described. The large perio 
ity, associated with a large number of layers of atoms necessa 
form a twin and a small twinning shear, may be an explanation 
the readiness of formation of large mechanical twins in HCP met 

{1012} twinning of beryllium has a shear of 0.186 based on 
assumption of homogeneous shear. Substituting this shea 
Equation 9, it is found the periodicity for {1012} twinning 
beryllium is equivalent to about 129. While this value by 
means describes the exact nature of twinning of beryllium, 1 
argument remains that twins thinner than this number of aton 
layers are not likely to exist and twinning over several hundr 
lavers of atoms can be treated as a homogeneous shear for purposes 
of making related calculations. 

It should be noted that the above analysis is solely based on 
crystallographic aspects and no energy considerations entered. 
Creation of twin interfaces is associated with an increase of surface 
energy which must be overcome by the decrease of elastic strain 
energy by twinning. No computations of this nature have yet been 
successfully made. 





C. Factor of Crystallographic Shear 

In a crystal lattice, there are obviously many more than on 
type of plane which may possess a periodicity of 3 or larger. All of 
these planes have the possibility of serving as twinning elements 
Yet, in reality, only a few of them are found to be the twinning 
planes. Therefore, a second factor affecting the selection of one 
particular system as favorable from among a number of possibilities, 
has to be introduced. 

Theories of plastic flow propose various atomic movements to 
account for particular deformations. However, the net or gross 
displacements of the atoms to account for the deformation are 
generally quite simple. In either twinning or slip, when an atom is 
transferred from the initial to the end position, a crystallographic 
shear—the ratio of the displacement of an atom to its distance from 
either the twinning plane or the plane of slip—is accomplished. In 
Figures 26A and 26B, the atoms all move one whole interatomic 
distance during slip and the crystallographic shear is hence a/d. 
In Fig. 26C, the displacement is only a fraction of the interatomic 
distance and the crystallographic shear is x/d. 

When the atomic displacement is large while the interplanar 
spacing is small, the crystallographic shear will be high and vice 
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versa. The smaller the crystallographic shear, the more easily will 
an atom move owing to the fact that the travel of the atom is 
relatively short and its bond to the neighboring layers is relatively 
weak. This is equivalent to the general statement that slip prefers 
to occur in a close packed plane and along a close-packed direction 

Examination of Fig. 28 will show the {112} <111> system of 
BCC metals has a periodicity of 3, and the atomic movement for 
twinning along such a system demands a crystallographic shear of 
0.707. However, the {112} <111> is not the only system which 
could offer twinning in BCC metals. Fig. 29 shows another possi- 
bility where the twinning plane is {111} and the direction <112>. 
The periodicity of this system {111} <112>, is also 3, but the 
crystallographic shear required for twinning along it is now 2.828. 
This value of shear is four times as large as that of the previous one. 
For this reason it should be expected that twinning of BCC metals 
would occur in the {112} <111> system rather than in {111} 
<112>. The observed Neumann bands in a—Fe verify this point. 


SUMMARY 

1. From purely a crystallographic basis, a mathematical for- 
mulation of the atomic movements in the twinning of hexagonal 
close packed metals has been proposed. This serves as a means to 
describe the transferring of atoms from matrix to the twinned 
positions. Orderliness to a certain extent could be assigned to the 
atomic movements. 

2. The factor of planar periodicity has been introduced in an 
examination of the crystallography of slip and twinning in general, 
and based on this factor, a comparison of the two processes has been 
discussed. 

3. An evaluation has been made of the factor of crystallographic 
shear as related to the selection of twinning and slip elements. 
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DISCUSSION 


Written Discussion: By C. Elbaum, Department of Metallurgy, University 
of Toronto. 

Frank and Thompson? have recently pointed out that the criterion used by 
the authors in determining whether, for a particular orientation of the crystal with 
respect to the axis of loading, any of the possible twinning systems will lead to a 
contraction or an extension of the specimen is incomplete. This criterion is appli 
cable only in the case of total conversion of a crystal into its twin. In the case of 
thin twin laminae, the orientation diagram should be appropriately modified. 
Frank and Thompson treated the case of zinc in detail. For beryllium, the modi- 


fication should be even more significant, because of the higher twinning shear 
(0.199 for beryllium as compared to 0.139 for zinc). 


Detailed data, in agreement with the criterion used, are given for specimen 
Be-7. In this case, the orientation of the specimen is such that the proposed 
modification does not apply. However, some of the specimens among the group 
having an angle 6 of about 65% might be within the regions of orientations for 
which the modification was proposed. 


?F. C. Frank and N. Thompson, ‘ 


On Deformation by Twinning,’ ACTA METALLURGICA, Vol.3 
January, 1955, p. 30 





